









TRANSACTIONS 


American Society for Metals 





VOL. XLIV 


TECHNICAL PROGRAM AND REPORTS OF OFFICERS 
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OR purposes of record and for the benefit of members who were 

not in attendance at the Thirty-third Annual Convention of the 
Society and the first World Metallurgical Congress, held in Detroit, 
October 13 to 19, 1951, the Programs of the Technical Papers 
and Educational Lectures together with the Reports of Officers for 
1951 are herewith published in full. 


TECHNICAL PAPERS PROGRAM 
Seminar on Metal Interfaces 


Saturday, October 13 
Ballroom, Statler Hotel, 9:30 A.M. 


Theoretical Considerations 
Chairman: R. M. Brick, University of Pennsylvania 

Atomistic Theory of Metallic Surfaces, by Conyers Herring, Bell Telephone 
Laboratories. 

Theory of Internal Boundaries, by Harvey Brooks, Cruft Laboratory, Harvard 
University. 

Grain Shapes and Other Metallurgical Applications of Topology, by Cyril 
Stanley Smith, Director of Institute for the Study of Metals, University 
of Chicago. 


Ballroom, Statler Hotel, 2:00 P.M. 


Interfacial Energies 
Chairman: Bruce Chalmers, University of Toronto 

Measurement of Solid-Liquid and Solid-Gas Interfacial Energies, by Harry 

Udin, Department of Metallurgy, Massachusetts Institute of Technology. 
Measurement of Solid-Solid Interfacial Energies, by James B. Hess, Kaiser 

Aluminum and Chemical Corp., Spokane, Wash. 
Energies and Structure of Grain Boundaries, by Karl T. Aust, Kaiser Alumi- 

num and Chemical Corp., and Bruce Chalmers, University of Toronto. 


Sunday, October 14 


Ballroom, Statler Hotel, 9:30 A.M. 


.* Movements of Interfaces 
Chairman: J. E. Burke, General Electric Co. 
Kinetics of Recrystallization, by David Harker, Director of Protein Structure 
Project, Brooklyn Polytechnic Institute. 
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Interfacial Movements During Recrystallization, by Paul A. Beck, Chairman, 
Department of Metallurgy, University of Illinois. 

Interfacial Movements During Grain Growth, by Robert L. Fullman, Research 
Laboratory, General Electric Company. 

Relative Interfacial Movements, by Arthur S. Nowick, Department of Metal- 
lurgy, Yale University. 


Wayne Room, Statler Hotel, 2:00 P.M. 


Effects of Interfaces 
Chairman: M. Gensamer, Columbia University 

Phase Transformations at Interfaces, by Alfred H. Geisler, Research Labora- 
tory, General Electric Company. 

Mechanical Property Effects of Interfaces, by Bruce Chalmers, Department of 
Metallurgical Engineering, University of Toronto. 

Phenomena at Surfaces, by Herbert H. Uhlig, Department of Metallurgy, 
Massachusetts Institute of Technology. 


WORLD METAL RESOURCES 
Opening Session of World Metallurgical Congress 


Sunday, October 14 
Ballroom, Hotel Statler, 8:00 P.M. 


Presiding: Zay Jeffries, Director-General, World Metallurgical Congress 

Raw Materials for Defense Metals in the Free World, by James Boyd, Admin- 
istrator of Defense Minerals, Department of the Interior, U. S. A. 

Metals for Defense in the ECA Countries, by Pierre Van der Rest, General 
Manager, Belgian Blast Furnace and ‘Steelworks Association. 

Metals for Defense in the Non-ECA Countries of the Free World, by Clyde 
Williams, Director, Battelle Memorial Institute, Columbus, Ohio. 

Defense Metal Conservation and Substitution, by K. P. Harten, Executive 
Secretary of Vereins Deutscher Ejisenhiittenleute (the German Iron and 
Steel Institute). 


ASM — WMC TECHNICAL SESSIONS 


Monday, October 15 
Ballroom, Statler Hotel, 9:30 A.M. 


Constitution Diagrams 
Co-Chairmen: F. N. Rhines, Carnegie Institute of Technology 
C. H. Samans, Standard Oil Co. (Indiana) 

Constitution and Properties of Cobalt-Iron-Vanadium Alloys, by D. L. Martin 
and A. H. Geisler, General Electric Research Laboratories, Schenectady, 
N. Y. 

Phase Relationships in the Iron-Chromium-Vanadium System, by Howard 
Martens, Research Engineer, and Pol Duwez, Associate Professor of Me- 
chanical Engineering and Chief of Materials Section, Jet Propulsion Labo- 
ratory, California Institute of Technology, Pasadena. 

A Partial Titanium-Chromium Phase Diagram and the Crystal Structure of 
TiCrs, by Pol Duwez, Associate Professor of Mechanical Engineering and 
Chief of Materials Section, and Jack L. Taylor, Research Engineer, Jet 
Propulsion Laboratory, California ee of Technology, Pasadena. 

The Titartium-Silicon System, by M. Hansen, Supervisor, and H. D. Kessler 
and D. J. McPherson, Research Metallurgists, Nonferrous Metals Re- 
search, Armour Research oe Chicago. 

The Indium- Antimony System, by, T. S. Liu, Teaching Fellow, and E. A. 
Peretti, Professor of Metallurgy, University of Notre Dame, Notre Dame, 
Ind. 
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Wayne Room, Statler Hotel, 9:30 A.M. 


Melting and Refining 
Co-Chairmen: C. H. Herty, Bethlehem Steel Corp. 
A. B. Wilder, United States Steel Co. 


A Proposed Steelmaking Process, by A. Reggiore, Vice-President, Societa 


Italiana Ernesto Breda, Milan, .Italy. 


A New Process for Direct Reduction of Iron Pyrites, by A. Scortecci and 


M. Scortecci, Finsider Metallurgical Institute, Genoa, Italy 


A Rapid Analytical Method for Hydrogen in Steel, by Y. Ishihara, Chief of 


Steelmaking Dept., and S. Sawa, Experimental Laboratory, Japan Special 
Steel Co., Tokyo, Japan. 
Basic Bessemer Steel With Low Nitrogen and Phosphorus, by P. Coheur, 
Director, Centre National de Recherches Metallurgiques, Liege, Belgium. 
Phosphorus Deoxidation of Molten Copper, by W. A. Baker, Research Man- 
ager, British Non-Ferrous Metals Research Association, London, England. 


Room 1, Building M, Fair Grounds, 2:00 P.M. 
Diffusion 
Co-Chairmen: C. E. Birchenall, Carnegie Institute of Technology 
J. E. Burke, General Electric Company 

Interstitial Diffusion, by A. G. Guy, Associate Professor of Mechanical Engi- 
neering, University of North Carolina, Raleigh, N. C. 

The Carbonitriding of Carbon and Alloy Steels, by H. C. Fiedler, M. B. Bever 
and C. F. Floe, Department of Metallurgy, Massachusetts Institute of 
Technology, Cambridge. 

Chromium Diffusivity in Alpha Cobalt-Chromium Solid Solutions, by John W. 
Weeton, Research Metallurgist, Lewis Flight Propulsion Laboratory, Na- 
tional Advisory Committee for Aeronautics, Cleveland. 

Anisothermal Diffusion of Carbon in Austenite, by J. E. Black, Captain, Ord- 
nance Department, U. S. Army, Detroit Arsenal, and G. E. Doan, Profes- 
sor and Head, Department of Metallurgical Engineering, Lehigh Univer- 
sity, Bethlehem, Pa. 


Tuesday, October 16 
Ballroom, Statler Hotel, 9:30 A.M. 


High-Temperature Phases 


Co-Chairmen: H. C. Cross, Battelle Memorial Institute 
J. J. Kanter, Crane Co. 

The Formation of Sigma Phase in 13 to 16% Chromium Steels, by H. S. Link 
and P. V. Marshall, U. S. Steel Co., Research & Development Laboratory, 
Pittsburgh. 

Electrolytic Etching—The Sigma Phase Steels, by John J. Gilman, Crucible 
Steel Co. of America, Research Laboratory, Harrison, N. J. 

Phase Changes Associated With Sigma Formation in 18-8-3- 1 Chromium- 
Nickel-Molybdenum-Titanium Steel, by K. W. Bowen and T. P. Hoar, 
Department of Metallurgy, University of Cambridge, England. 

C omposition Limits of Sigma Formation in Nickel-Chromium Steels at 1200 °F 
(650°C), by M. E. Nicholson, Assistant Professor, Institute for the Study 
of Metals, University of Chicago, c. ee Samans, Associate Director, 
Materials Division, Standard Oil Co. (Indiana), Chicago, and F. J. Short- 
sleeve, Research Assistant, Case Institute of Technology, Cleveland. 

Ferrite Formation Associated With Carbide Precipitation in 18 Cr—8 Ni Aus- 
tenitic Stainless Steel, by E. J. Dulis and G. V. Smith, Research Labora- 
tory, U. S. Steel Co., Kearny, N. J. 


Wayne Room, Hotel Statler, 9:30 A.M. 


Mechanical Metallurgy 


Co-Chairmen: N. P. Goss, Cold Metal Products Co. 
V. N. Krivobok, International Nickel Co. 


The Determination of Flow Stress From a Tensile Specimen, by E. R. Mar- 
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shall, Instructor of Metallurgy, and M. C. Shaw, Associate Professor of 
Mechanical Engineering, Massachusetts Institute of Technology, Cambridge. 

Plastic Deformation of Zinc Bicrystals, by T. Kawada, Government Mechanical 

boratory, Ministry of International Trade and Industry, Tokyo, Japan. 

The Mechanical Properties of Iron and Some Iron Alloys of High Purity, by 
W. P. Rees, Senior Principal Scientific Officer, National Physical Labo- 
ratory, Middlesex, England. 

Crystal Orientation in Cold-Rolled Silicon Steel Sheet, by I. Gokyu, Assistant 
Professor of Physical Metallurgy, and H. Abe, Department of Metallurgy, 
Tokyo University, Japan. 

Delayed Yield in Annealed Steels of Very Low Carbon and Nitrogen Content, 
by D. S. Wood, Assistant Professor, and D. S. Clark, Associate Professor, 
or of Mechanical Engineering, California Institute of Technology, 

asadena. 


Building M, Fair Grounds, 2:00 P.M. 


High-Temperature Alloys 


Co-Chairmen: F. B. Foley, International Nickel Co. 
Russell Franks, Union Carbide & Carbon Corp. 

Cast Heat Resistant Alloys of the 21% Chromium, 9% Nickel Type, by How- 
ard S. Avery, Research Metallurgist, Charles R. Wilks, Metallurgist, and 
John A. Fellows, Research Metallurgist, American Brake Shoe Co.., 
Mahwah, N. J. 

Influence of Extended Time on Creep and Rupture Strength of 16-25-6 Alloy, 
by C. L. Clark and M. Fleischmann, Metallurgical Engineers, Steel & Tube 
Division, Timken Roller Bearing Co., Canton, Ohio, and J. W. Freeman, 
Research Engineer, Engineering Research Institute, University of Michi- 
gan, Ann Arbor. 

Isothermal Transformation, Hardening and Tempering of 12% Chromium Steel, 
by R. L. Rickett, Research Laboratory, U. S. Steel Co., Kearny, N. J., 
W. F. White and C. S. Walton, U. S. Steel Co., Pittsburgh, and J. C 
Butler, South Works, U. S. Steel Co., South Chicago. 

Cladding of Molybdenum for Service in Air at Elevated Temperature, by W. 
L. Bruckart, Research Engineer, and R. I. Jaffee, Supervisor in Non- 
ferrous Physical Metallurgy, Battelle Memorial Institute, Columbus, Ohio. 


Wednesday, October 17 
Ballroom, Statler Hotel, 9:30 A.M. 


ASM Annual Meeting 
Edward DeMille Campbell Memorial Lecture 
Chairman: S. L. Hoyt, Battelle Memorial Institute 


A Metallurgist Looks at Fracture, by C. H. Lorig, Assistant Director, Battelle 
Memorial Institute. 


Room 1, Building M, Fair Grounds, 2:00 P.M. 


Embrittlement 


Co-Chairmen: W. E. Bancroft, Pratt & Whitney Div. 
C. A. Zapffe, Consultant, Baltimore 

Effects of Decomposition of Retained Austenite During Tempering on Notch 
Toughness and Tensile Properties, by E. F. Bailey and W. J. Harris, Jr., 
Ferrous Alloys Branch, Naval Research Laboratory, Washington, D. C. 

Comparison of the Effects of Alloying Elements on the Lower and Upper 
Transition Temperatures in Pearlitic Steel, by J. A. Rinebolt and W. J. 
Harris, Jr., Ferrous Alloys Branch, Naval Research Laboratory, Wash- 
ington, D. 7 

Effect of Retained Austenite Upon Mechanical Properties, by L. S. Castleman, 
Atomic Power Div., Westinghouse Electric Corp., Pittsburgh, B. L. Aver- 
bach, Assistant Professor of Physjcal Metallurgy, and Morris Cohen, Pro- 
fessor of Physical Metallurgy, Massachusetts Institute of Technology, 
Cambridge. 
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Some X-Ray Diffraction and Electron-Microscope Observations on Temper- 
Brittle Steels, by S. R. Maloof, Research Metallurgist, Springfield Arm- 
ory, Springfield, Mass. 


Thursday, October 18 
Room 2, Building M, Fair Grounds, 9:30 A.M. 


Mechanical Metallurgy 


Co-Chairmen: W. T. Lankford, United States Steel Co. 
E. J. Ripling, Case Institute of Technology 


Strain Aging Effects, by J. D. Lubahn, Metallurgy and Ceramics Divisions, 
Research Laboratory, General Electric Company, Schenectady, N. Y. 
Fatigue Strength of Large, Notched Steel Bars Surface Hardened by Gas 
Heating and by Induction Heating, by S. L. Case, J. M. Berry and H. J. 

Grover, Battelle Memorial Institute, Columbus, Ohio. 

Deep Drawing Limits for Rectangular Boxes, by T. Ishikawa, Managing Di- 
rector, Nippon Aluminum Mfg. Co., Osaka, ‘Japan. 

Elimination of Yield Point Phenomena by Temper Rolling and Roller Leveling, 
by N. H. Polakowski, University College, Swansea, England. 

Effect of High Heating Rate on Some Elevated-Temperature Tensile Proper- 
ties of Metals, by W. K. Smith, Metallurgist, C. C. Woolsey, Metallurgist, 
and W. O. Wetmore, Head, Metallurgy Branch, U. S. Naval Ordnance 
Test Station, China Lake, Calif. 


Room 1, Building M, Fair Grounds, 9:30 A.M. 


High-Temperature Phases 


Co-Chairmen: Morris Cohen, Massachusetts Institute of Technology 
V. H. Patterson, Climax Molybdenum Co. 


An Interpretation of the Hysteresis Loops in As and A, Transformations of 
Pure Iron, by Kotaro Honda and Mizuho Sato, Honda Laboratory, Sci- 
entific Research Institute, Tokyo, Japan. 

Magnetic Property Changes in Iron-Molybdenum Alloys During Aging, by T. 
Mishima, Professor of Physical Metallurgy, R. Hasiziti, Assistant Pro- 
fessor of Physical Metallurgy, and Y. Kamura, Graduate Student, Uni- 
versity of Tokyo, Tokyo, Japan. 

Age Hardening, by Y. Mishima, Tokyo, Japan. 

Carbide Reactions in High-Temperature Alloys, by J. R. Lane, Naval Research 
Laboratory, Washington, D. C., and N. J. Grant, Associate Professor of 
Metallurgy, Massachusetts Institute of Technology, Cambridge. 

The Allotropy of Cobalt, by A. G. Metcalfe, Research Metallurgist, Deloro 
Smelting & Refining Co., Deloro, Ont., Canada. 


Room 1, Building M, Fair Grounds, 2:00 P.M. 


Heat Treatment 


Co-Chairmen: M. F. Judkins, Firth Sterling Steel & Carbide Co. 
P. R. Wray, U. S. Steel Co. 


Stress-Induced Transformation of Retained Austenite in Hardened Steel, by 
B. L. Averbach, S. G. Lorris and Morris Cohen, Department of Metal- 
lurgy, Massachusetts Institute of Technology, Cambridge. 

An Investigation of the Quenching Characteristics of a Salt Bath, by M. J. 
Sinnott, Associate Professor of Chemical and Metallurgical Engineering, 
and J. C. Shyne, Graduate Student, Department of Metallurgical Engi- 
neering, University of Michigan, Ann Arbor. 

Limitations of the End-Quench Hardenability Test, by A. R. Troiano, Profes- 
sor of Physical Metallurgy, and L. J. Klinger, Senior Research Associate, 
Case Institute of Technology, Cleveland. 

A Correlation of End-Quenched Test Bars and Rounds in Terms of Hardness 
and Cooling Characteristics, by E. W. Weinman, Research Metallurgist, 
R. W. Thomson, Assistant Head, and A. L. Boegehold, Head, Department 
of Metallurgy, General Motors Corp., Research Laboratories Division, 

Detroit. 
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Friday, October 19 
Building M, Fair Grounds, 9:30 A.M. 


Physical Metallurgy 
Co-Chairmen: Victor Crosby, Climax Molybdenum Co. 
C. K. Donoho, American Cast Iron Pipe Co. 

Particle Size Analysis of Metal Powders, by C. C. Gregg and Bernard Kopel- 
man, Sylvania Electric Products, Inc., Bayside, N. Y. 

Interrelation of Mechanical Properties, Casting Size, and Microstructure of 
Ductile Cast Iron, by R. W. Kraft and R. A. Flinn, Metallurgy Depart- 
ment, American Brake Shoe Co., Mahwah, N. J. 

Gas Evolution from Gray Cast Iron During Enameling, by L. F. Porter, Re- 
search Metallurgist, and P. C. Rosenthal, Professor of Metallurgy, Depart- 
ment of Mining and Metallurgy, University of Wisconsin, Madison. 

Aluminum —-6% Magnesium Wrought Alloys for Elevated-Temperature Service, 
by K. Grube, Research Engineer, and L. W. Eastwood, Supervisor, Non- 
ferrous Metallurgy, Battelle Memorial Institute, Columbus, Ohio. 

A Study of the Microhardness of the Major Carbides in Some High Speed 
Steels, by P. Leckie-Ewing, Metallurgist, Union Twist Drill Co., Butter- 
field Division, Rock Island, Que., Canada. 


ASM EDUCATIONAL LECTURES 
Residual Stress Measurements 
A four-lecture series presented Monday and Tuesday evenings, October 15 
and 16, 1951. 
Origin, Nature and Effects of Residual Stresses, by R. G. Treuting, Bell Tele- 
phone Laboratories. 
Measurements of Residual Stresses, by J. J. Lynch, Case Institute of Tech- 
nology. 
Residual Stress States Produced in Metals by Various Processes, by H. B. 
Wishart, U. S. Steel Co. 
Relief and Redistribution of Residual Stresses in Metals, by D. G. Richards, 
United Aircraft Corp. 
Principles of Heat Treatment 


By M. A. Grossmann 
Director of Research, United States Steel Co., Pittsburgh 


A lecture series presented on Tuesday and Wednesday, October 16 and 
17, 1952. 
1. Hardening. 2. Hardenability and Quenching. 3. Isothermal Diagrams and 


Martensite. 4. Tempering. 5. Grain Size. 6. Hardness, Strength and 
Toughness. 


ANNUAL MEETING OF 
AMERICAN SOCIETY FOR METALS 


Detroit, Wednesday, October 17, 1951—9:30 A.M. 


The annual meeting was called to order by President Walter E. 
Jominy. The first order of business was the President’s address ; 
the second was the report of the Treasurer ; the third was the report 
of the Secretary ; and the fourth was the election of officers. Each of 
the reports is published in full-on the following pages. The report 
of the election of officers appears on page 21. 
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PRESIDENT’S ADDRESS 


ANNUAL ADDRESS OF THE PRESIDENT 
WALTER E. Jominy, President 
Thirty-third Annual Meeting, Detroit, October 17, 1951 


EW experiences that come to any man are as pleasant and satis- 

fying as the privilege I have had in serving as President of the 
American Society for Metals. In traveling through our country 
attending chapter meetings, as well as regional and national meetings, 
[ have been constantly impressed with the high caliber of the people 
who compose our Society. I have been genuinely inspired by this 
experience. ; 

A little over a year ago the Board of Trustees suggested that the 
President limit his chapter visits to about 25 in order to lighten his 
load. In compliance with this suggestion, I visited 27 chapters dur- 
ing the past year and attended two regional meetings in addition to 
the Western Metal Congress. This has been a pleasant experience 
which brought me close to chapter officers and executive committees. 
I found inspiration in their sincerity of purpose and devotion to the 
Society's interests. Chapter meetings are the backbone of our Society 
and it is gratifying to find them in such capable hands. 

Members of the Board of Trustees visited 17 chapters, and I 
want to thank them for their help in speaking at the National Off- 
cers’ Night meetings of these chapters. I would also like to thank 
the Board of Trustees for their stimulating ideas and help in con- 
ducting the affairs of the Society. 

The Board of Trustees has had five meetings during the year. 
Some of the important matters which they considered included finan- 
cial and investment problems and means of bettering the services of 
the National Office to the members through the chapters. Of the 
former you will hear more from the Treasurer and I will merely 
say we are in good financial condition. In studying means of improv- 
ing our services, many matters were considered. A national com- 
mittee was appointed to investigate ways of improving chapter meet- 
ings and of attracting large attendances. As a result of the recom- 
mendations of this committee, the Board of Trustees has requested 
several meetings next year at which representatives of the Board of 
Trustees will meet with the Chairman and Vice-Chairman of chap- 
ters in a chosen district to discuss chapter problems. In addition, 
the national trustees have considered carefully the matter of giving 
more attention to junior members. To help these young men in 
obtaining their first professional position and also to help industry 
find suitable men for its needs, we published this year pictures and 
qualifications of all junior members obtaining degrees in metallurgy. 

To encourage teachers of metallurgical subjects the Trustees 
have created a teaching award of $2000 for teachers adjudged worthy 
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by reason of their teaching performance. This will be called the 
American Society for Metals’ Teaching Award in Metallurgy and 
is intended for younger men. The Trustees also decided to publish 
some of our technical books with paper bindings for distribution to 
junior members at a decided reduction in price. 

To help chapters holding regional meetings defray the higher 
costs of printing and other attendant financial requirements for hold- 
ing these meetings, it has been decided to increase the contribution 
of the National office to $300. Three or more chapters must partici- 
pate in the regional meeting to be eligible for this contribution. 

To stimulate educational meetings which have been of so much 
value to many chapters, the Trustees have decided to contribute $100 
to any chapter giving an educational course of not less than three 
lectures. 

After long study and deliberation the Trustees have decided to 
sponsor a new Journal of the Science of Metals. Other societies will 
be invited to help make this Journal international in scope. It will 
carry articles on theoretical and advanced metallurgy for which there 
seems to be no present outlet. Articles published will be similar to 
those presented at the Seminar meetings of the Metal Congress. It is 
anticipated at this time that the Journal of the Science of Metals will 
be sent only to those members of our Society who request the publi- 
cation and who are willing to pay a subscription fee. 

The Society received notice this year that its income tax exemp- 
tion was being reconsidered by the Income Tax Bureau. A new tax 
law has been enacted which gives the Income Tax Bureau the author- 
ity to review the income of tax-exempt bodies each year. We have 
been informed that this matter will now come up each year in accord- 
ance with the new tax law. Representation has been made to them 
that we are an educational society, pointing out our past performance 
and submitting our proposed future plans. No decision has been 
reached as yet and of course careful consideration has been given to 
this matter by the Trustees. 

The highlight of this year is the World Metallurgical Congress. 
Many people have contributed their efforts to make this meeting a 
success. This is the first time the metal men of the free world have 
come together to exchange ideas and attempt a better understanding 
of one another’s problems. This World Congress was conceived 
last year and I am happy that it occurred during my term of office. 
The outstanding people who have come great distances to attend this 
Congress have by their presence and contributions given this Con- 
gress much to be proud of. The American Society for Metals is 
proud to have sponsored this meeting and we sincerely hope it will 
not be the last. 

This year we have planned-a mid-winter meeting at Pittsburgh 
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to take care of the papers which could not be fitted into the program 
of this Metal Congress. Your Publications Committee had the extra 
task of choosing which papers should be given at Detroit and which 
should be deferred until mid-winter. This was arranged by group- 
ing papers of common subjects and deciding which subjects were 
most suitable for each meeting. The mid-winter meeting has been 
planned for January 31 and February 1, 1952. There will be no 
exposition at Pittsburgh, so that those who attend can give full atten- 
tion to the papers and discussions. 

The Western Metal Congress was held the week of March 17, 
1951, in Oakland, California. A number of panel discussions were 
featured at this meeting. Panels on steel substitutions and metals for 
high temperature application were well attended. Papers on many 
subjects, including wear and corrosion resistance, as well as metals 
for high temperature applications, were presented. A great deal of 
interest was shown in the exposition. 

During the present period of military preparation, our Society 
has been anxious to help our Government whenever it could. The 
men who compose our organization are essential to the manufacture 
of munitions, tanks, armor plate, aircraft, warships, and other mate- 
riel. Among our membership are men skilled in the application, 
processing, and fabrication of the materials from which these mech- 
anisms are manufactured. Our offer to help has been accepted by the 
Metallurgical Advisory Board who assigned several mechanisms 
used by the Navy for our study and for recommendations of mate- 
rials and processing. We immediately appointed a President’s Panel 
composed of 54 men recommended by the chapters from which com- 
mittees have been appointed for specific jobs. Taylor Lyman of our 
central office has been assigned to act as Secretary of these commit- 
tees. One of these committees has already made definite recom- 
mendations which were received with enthusiasm. We expect to 
extend further help as requested. 

I should like to express a word of appreciation to Elmer Gam- 
meter and Tom Digges who are retiring members of the Board of 
Trustees. They accepted willingly every job assigned them and con- 
tributed real help. 

It is customary for the President’s report to record the awards 
given at the last convention. In Chicago in 1950 the President’s 
Medal was awarded to Dr. H. K. Work of New York University. 
The Sauveur Award was presented to Clarence E. Sims of Battelle 
Memorial Institute, and the Howe Award to W. O. Binder, C. M. 
Brown and Russell Franks, all from Union Carbide and Carbon 
Corporation. The Award for Advancement of Research was made 
to Charles E. Wilson, President of the General Motors Corporation. 
Professor Axel Hultgren of Sweden was elected an honorary mem- 
ber of the Society. 
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[ wish to extend on behalf of the Board of Trustees our thanks 
for their fine cooperation to the participating societies: The American 
Institute of Mining and Metallurgical Engineers, The American 
Welding Society, The Society for Non-Destructive Testing and the 
Special Libraries Association. Their programs have contributed 
much to the success of this Congress. 

In closing, I should like to repeat that it has been a pleasure to 
serve our Society. I am greatly indebted to our efficient and well- 
integrated National office staff and especially to our outstanding sec- 
retary, Bill Eisenman. They have had a tremendous load to carry 
because of the World Metallurgical Congress and the other new ac- 
tivities introduced this year. They have accomplished their tasks well. 


TREASURER’S REPORT 
Ratpu L. Witson, Treasurer 


Your Society has again had a very satisfactory year of opera- 
tions. A condensed balance sheet presenting the financial position 
of the Society at August 31, 1951, which is the last day of the fiscal 
year, is as follows: 


ASSETS August 31, 1951 
Tr ee ee ee, i oe oa $ 255,625.99 
memes” 3... FRSC STE Ose Rs. SR eK Rei 1,723,039.05 
Cash surrender value of life insurance ........ 74,822.76 
Reeuthe GEOG ... cicirscnric Lencnnretsones 91,169.36 
Pr °. ccc Ee ike cae cat ck eeate wat Be 143,439.80 
Cer Beets i ORR et a Rabeeioekc 41,393.15 
Rant ebtetes itt, cuditicinhs ih am plinite bees ene nes 54,270.74 
Office furniture, fixtures and equipment ......... 55,791.32 
Derred charwes ou. 7 Oe OO aE Pe 78,052.97 


$2,517,605.14 








LIABILITIES, RESERVES AND SURPLUS 


Dene | a iid > din ch Aas ee Man bed 06> $ 89,185.30 
Income appropriated for educational purposes ... 90,770.51 
GUS Cee e hic ccs s Ww ec CR ME Leia Gs oe CaN 221,489.50 
a Renta a iis i's od tis i vided RE ie VA 337,622.21 
EE Fi cid cMie de pabns iRan «4 aes donne saan 1,778,537.62 


$2,517,605.14 


Carrying value of all securities now amounts to $1,723,039.05, 
an increase of $272,371.74. This increase has come mostly from 
purchase of short-term securities, some of which will mature this 
year. It does not represent an appreciation in the dollar value of 
investments. Cash has decreased by $46,092.28, which was due to 
keeping available funds as fully invested as possible while maintaining 
adequate amounts for current needs. 

There has been no fundamental change in the investment policy 
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for the portfclio of securities within the past year. The additions 
to the portfolio followed the same pattern of distribution with respect 
to bonds and common stocks that had been approved by the Board 
of Trustees the year before. In all matters pertaining to investments, 
the Society follows the recommendations of the Cleveland Trust 
Company as Agent, with whom members of the Finance Committee 
and the Board of Trustees have meetings several times a year to 
review the status of the ASM portfolio. 

The distribution of securities in the portfolio by classes is now 


as follows: . ee 
Carrying Amount 





SECURITIES August 31, 1951 Per Cent 
U. S. Government Bonds ........ $1,125,934.13 65.7 
Canadian Government Bonds .... 19,228.00 1.1 
Public Utility Bonds ............ 37,046.38 2.1 
ee . weabicaee 10,071.99 ee Nee 
UN oan ¥ ed $1,192,280.50 69.5 
Cs PE i chan ee $ 462,475.11 26.9 
PS I oo oc ue hes eee ne 18,694.32 SU fens 
edi sc cactan $ 481,169.43 8.0 
Land Trust Certificates ......... 42,018.10 2.5 
pf ae ar $1,715,468.03 100.0 


The market value of all the securities on August 31, 1951, was 
approximately $1,979,178.38 including accrued interest on bonds. 
Stocks were about 38% of the total. Dividends and interest earned 
amounted to $71,375.08 or 4.16% based on the carrying value as 
compared to 3.92% for last year. The somewhat larger proportion 
of stocks and the increase in yield both reflect the conservative change 
in the relative holdings of bonds and stocks made the year before. 

Total income and expense for the year ending August 31, 1951, 


were. RS: oe ee og was aa $1,052,082.84 
ee. kis wwdslne ae ame __ 946,775.61 

ee Re eA TER $ 105,307.23 

Appropriated for educational purposes... _ 90,770.51 
Unappropriated net income ........ $ 14,536.72 


The income dollar of the Society may be divided as follows to 
indicate the sources of income and the various expenditures. 


Where it came from Where it went 

METAL PROGRESS ......... 36¢ METAL PROGRESS ......... 32¢ 
Metal Expositions ........ 24 Metal Expositions ........ 19 
Membership Dues ........ 20 Dues Returned to Chapters. 8 
Book Publishing .......... 7 Books and Misc. Mdse. .... 6 
Interest and Dividends .... 7 Membership Expense ..... 4 
MetTALS HANDBOOK ....... 2 MetaLts HANDBOOK ....... 2 
Metats Review .......... 2 MeTALs REVIEW .......... 5 
po eee ] TRANSACTIONS ........... 4 
“100 Educational Projects ...... 8 

General Administration ... 11 


Added to Surplus ......... 
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AUDITED BALANCE SHEET 
AMERICAN SOCIETY FOR METALS—August 31, 1951 


ASSETS 
EE ated cnc ccedecceccue eb CaeEs ate R as sts Os 


SECURITIES (approximate market or redemption 
prices aggregate $1,979. 178.38) 

Bonds, stocks, land trust certificates—at cost.. 

Meownee antec. 44 ene) enn deadatewie ée 


CASH SURRENDER VALUE OF LIFE INSURANCE 


ACCOUNTS RECEIVABLE 
Pe DS | on. 6 0.0 6.0.44 aaee oo ee Sune On's $27,648.58 
National Metal Exposition—Detroit—Oct., 1951 48,198.50 
Miscellaneous 17,322.28 $ 


$1,715,468.03 
7,571.02 


ee ee ee ee) 


93,169.36 


Less allowance for doubtful accounts 2,000.00 


INVENTORIES—at cost or lower 
Bound and unbound publications, books, paper 
| Sear SS. yee ee 


$ 149,439.80 
Less allowance for obsolescence 


Sativa ie ann « As 6,000.00 
OTHER ASSETS 
Cash advance from Economic Cooperation Admin- 
istration of U. S. Government for expenses in 
connection with World Metallurgical Congress $ 
Officers, employees, and sundry accounts 
and deposits 


25,437.41 
15,955.74 


er 


REAL ESTATE (at cost less allowances 
for depreciation) 


Ce ee ee es | 


OFFICE FURNITURE, FIXTURES, AND EQUIPMENT 
(at cost less allowances for depreciation) 


DEFERRED CHARGES 
Prepaid exposition expenses: 
National Metal Exposition—Detroit—Oct., 1951 
Prepaid sundry expenses 
Prepaid insurance 


65,548.92 
9,062.96 
3,441.09 


LIABILITIES, RESERVES, AND SURPLUS 
LIABILITIES 
_ Accounts payable: 


For purchases, expenses, etc. ............... $57,085.26 
Payroll taxes and taxes withheld from 
GUIS x Sih iit es el nn ea ooh 0 ea eee ee 3,646.39 
For apportionment of dues to local chapters .. 3,016.24 $ 63,747.89 
Advance from Economic Cooperation Administra- 
tion of U. S. Government for expenses in con- 
nection with World Metallurgical Congress ... 25,437.41 
INCOME APPROPRIATED FOR 
EDUCATIONAL PURPOSES ....ccs--cses- 
RESERVES 
ee ee. SAME a occa wens 0 ks 0d0gee $ 86,489.50 
Or  COUUNORS ESCs bc FEES ie ko dive oo EDS 60,000.00 
For dues paid in advance ....cccccsvccsccseces 50,000.00 
Campbell Memorial lecture fund .............. 15,000.00 
H. BT I EINE. vo. c''oca » 0 nave bid dws binges 5,000.00 
Sauveur achievement award .............+22- 5,000.00 
DEFERRED INCOME 
National Metal Exposition—Detroit—Oct., 1951 $ 336,350.00 
NS Yn cin nc SiR ae 0. 0 HORE es O06 cae 1,272.21 
SURPLUS 
Balance at September 1, 1950 ...............-. $1,764,000.90 
Add unappropriated net income for the year .. 


14,536.72 


df —_—_—_— 


$2,517,605.14 


Vol. 


44 


$ 255,625.99 


1,723,039.05 
74,822.76 


91,169.36 


143,439.80 


41,393.15 


54,270.74 


55,791.32 


78,052.97 


$ 89,185.30 


90,770.51 


221,489.50 


337,622.21 


1,778,537.62 


$2,517,605.14 
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AUDITED INCOME AND EXPENSE STATEMENT 
AMERICAN SOCIETY FOR METALS 
Year ended August 31, 1951 





INCOME 
Merat Procress—monthly publication ................2.000-- $ 414,662.70 
I Sn a ER Sas tees shige i 278,379.26 
Ee, oak ode Ma das bet eS OR Eas cabAws esbcdebwees 132,471.99 
eens Seem. Setevent ware... iinadh > s 4:00 Es 0-4 b% owt Gd 4 71,375.80 
NN a ie eee goers RRL as ssn veg bs oes MR OED OO 60,514.05 
AIRE PEEARS -TEAMDROOR CI. in ieo5k 0 bois 60 bb eke be Sewdtiaws 32,870.75 
Metats Revi—ew—monthly publication .............eeeeeeees 30,979.35 
SUES a ox a bb. 0k os cages ewes o'o dau swe we wa bwk owe 8,933.76 
SE, Sy uk Oak bo gidae Ae ee cRiee take © cee * wate 8,553.29 
SE So ees REUSE 2 ale bi edo hiekes cscs ee 6,373.98 
a a eT Fae oi 4,555.22 
Increment in cash value and dividends on life insurance ...... 1,853.80 
Se ie eo od ew o bebe wa E Ew vista we 324.42 
Se ee ee er Ck, Cc aha cs eeu becuse eseconecce 234.47 
cc sks bed wae abe Sub ois ee ae $1,052,082.84 
EXPENSES 
MetaL Procress—monthly publication ................eee08: $ 372,921.85 
National Metal Exposition—Chicago—October, 1950 ......... 155,666.25 
Western Metal Show—Oakland—March, 1951 ............... 52,600.67 
Ee  hdle ys 5254S sb hidd in WE bS tie Soh vcblcdeddermcees 51,607.72 
Metats Revirew—monthly publication ................ee0e8- 50,900.91 
PS oie Oia red 0 Bic bas ccebs aeecwe cinabiccioces 44,680.42 
IG tok th ake ce es bls igtinmedeuath ost eve wele.* 43,894.30 
PRES id 5 oak ok ce t's ak inc deed valee Vadehs sesberes 40,799.28 
Fe I in ini kb wn 60 Kee ema ae ce wb weniivcn 25,942.97 
I a re a, css Slee ale w age 0S © O08. 0:08 25,748.00 
Headquarters ........, ai a a he oie bi righ had lw pec tae « 24,484.86 
ee ee. . a's wake eae sine ved ebe sos th 17,250.42 
World Bietatmsemical Comeress onc. cc icc evel ce ws ceevess 9,965.43 
a i aia sas ols dial wih 00> 9:9 6,310.80 
re EN i ad ice wb weds ease vc dee waees 5,411.94 
a se eas, wiih ede ew ew ule a o4 5,209.15 
I rs es tt eae a ee i be he bee becvuaee 4,374.49 
I ED a a a hg ecg hS simi ia aids wale ie ace. anes 4.6 3,317.14 
et OS otis ccc we ewh ta vob ses c'sb es ses 2,147.87 
I a a ia ae a 866.86 
Research and educational contribution .................ee4+- 750.00 
MIND sng Mas gh eit Sickie i'd Mian + 6S b'b'e » ced bute Ww mln ld 0 beware 641.69 
Ul ie ee a a la uss haem bd we ie, maa lea a 520.00 
ME SS ola ik COED Ua cons bos 6 Whee Eh bbe Owes > i wee oles 291.54 
Metallurgical Advisory Board .........-..---ssseeeeeeeeees 264.06 
Cooperation with government bureaus ...............00e0085 206.99 
a PI Gr okks |, oc. oda watolc We GORENG bE shade els lebest $ 946,775.61 


Ss R's 9.0 4.9 eis cob 44-08 R ne EROS Oo 0 es o> ...+2+9 105,307.23 


Income eqgucastetes for educational purposes—as authorized by 
oar 


the of Trustees ($101,000.00) less $10,229.49 in- 
cluded in above expenses 


eck is eer secctareealeet ves 90,770.51 
UNAPPROPRIATED NET INCOME. 2... cc ccc ecwsnnss $ 14,536.72 
Board of Trustees, October 1, 1951 


American Society for Metals, Cleveland, Ohio. 

We have examined the balance sheet of American Society for Metals as of 
August 31, 1951, and the related statements of income and expenses and surplus 
for the year then ended. Our examination was made in accordance with gen- 
erally accepted auditing standards, and accordingly included such tests of the 
accounting records and such other auditing procedures as we considered nec- 
essary in the circumstances. 

In our opinion, the accompanying balance sheet and statement of income 
and expenses present fairly the financial position of American Society for Met- 
als at August 31, 1951, ‘and the results of its operations for the year then ended, 
in conformity with generally accepted accounting principles applied on a basis 
consistent with that of the preceding year. 


ERNST & ERNST 
Certified Public Accountants 
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In the description of the various expenditures, the item called 
Educational Projects appears for the first time in the annual report. 
Included here are appropriated but unexpended funds for the new 
Journal of the Science of Metals, Committees to work with the Metal- 
lurgical Advisory Board of the National Academy of’ Sciences, the 
new ASM Teaching Awards in Metallurgy, additional chapter educa- 
tional activities and an appropriation of $25,000 for the World Met- 
allurgical Congress. There will undoubtedly be a further large sum 
of money expended in the present fiscal year to cover the final 
expenses of the World Metallurgical Congress. 

Dues paid by members are still the largest source of net income 
to the Society. Gross income from dues was $225,311.06 of which 
$93,243.02 was returned to the local Chapters. The combined assets 
of the Chapters have risen to about $219,000, which is an increase 
of approximately $14,000 over the previous year. This augurs well 
for the ability of the local groups to carry out their usual programs 
of activities. Including the sums returned to the Chapters, the Society 
has spent $47 per member to cover all the services provided in the 
fiscal year just ended. 

Next to the dues paid by members, dividends and interest earned 
on investments have this year for the first time exceeded the net 
income from other sources. However, the Chicago and Oakland 
Metal Expositions were not far behind. For Mrtat Proaress, 
excess of income over expense was up to $41,740.85 from $29,269.26 
the year before. TRANSACTIONS and Metats REviEw, which ar« 
not self-supporting, were distributed at a net cost to the Society of 
$31,865.52 and $19,921.56, respectively. 

The Metats HANppook reserve, to be used for the publication 
of the next revision, was increased by $19,350 during the year, bring- 
ing the total amount to $86,489.50. 

It seems proper to recognize that the successful operation of the 
Society year after year is a tribute to the good management of Sec- 
retary Eisenman. Your Treasurer would like also to acknowledge 
the kindly assistance he has received from many associates during 
his term of office. Particular thanks are due to Secretary Eisenman, 
Assistant Treasurer A. A. Hess, Messrs. W. W. Horner and A. W. 
Marten of the Cleveland Trust Company, fellow members of the 
Finance Committee and the Board of Trustees. 


ANNUAL REPORT OF THE SECRETARY 
W. H. ErseEnMAN, Secretary 


This is the thirty-third time that I have presented the annual 
Secretary's report, and I hope I will have the pleasure of presenting 
thirty-three more Secretary’s reports. 


nf a oe 
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The American Society for Metals on October 1, 1951, had a 
total membership of 20,254. Of this number 17,177 or 84.8% were 
regular members, 1830 or 9% were sustaining members, 1159 or 
5.7% weré junior members. There were 52 honorary and life mem- 
bers and 36 on the free (armed services) list. 


Facts ABouTt THE SOCIETY 


I would like to take a few minutes now to remind you of a few 
facts about the American Society for Metals. 

It is 38 years old and has expanded from 12 members to over 
20,000. 

60% of its members are interested in fabrication of metals and 
25% are interested in production of ferrous and nonferrous metals, 
and 15% in education and research. It is the largest group of metal 
engineers in the world. 

The Society has 79 chapters in the United States and Canada 
which hold more than 500 meetings a year with an annual attendance 
of 50,000. More than 16,000 members and nonmembers are annually 
enrolled in the educational lectures presented by the chapters. 

An average of 40% of the dues collected (about $85,000 per 
year) is allocated to the chapters for local activities. 

The Society publishes and distributes free to members the 
Metats HANDBOOK, recognized as the bible of the metals industry, 
the last edition of which cost a quarter of a million dollars. 

It publishes and distributes free to members the monthly Mera 
Procress, acknowledged as the engineering magazine of the metals 
industry. 

It publishes the monthly Metrats Review, which contains the 
most timely abstracting service of metals engineering, scientific and 
industrial literature, totaling more than 10,000 items per year. 

It publishes TRANSACTIONS, which contains all the technical 
papers and discussions presented at its annual convention. 

It collected, edited, printed, and distributed, in 1949, over 100 
million pages of engineering and research information on the subject 
of metals. 

The Society serves as a no-cost medium to bring asimbers in 
_ontact with prospective employers. 

It distributes annually many thousands of free booklets and over 
40,000 leaflets describing “your career in metallurgy”. 

It is the largest publisher of books fer the metals industry in 
the world. 

It owns and operates the National Metal Exposition, the largest 
annual industrial exposition-held in America. 

It conducts a biennial Western Metal Congress and Western 
Metal Exposition on the Pacific Coast. 
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The Society expends $47.00 per year on each member. It has 
not increased its annual dues of $10.00 during its entire existence. 

It has an annual budget of approximately one million dollars. 

The Society received the Distinguished Service Award from the 
Ordnance Department in recognition of its services in World War II. 

It now acts as consultant on conservation of strategic materials 
to the United States Navy. 

The Metallurgical Advisory Board has nominated the ASM as 
its agency for getting its information to the American metallurgical 
profession. 

TRANSACTIONS 


Since the last National Metal Congress, Vol. 43 and Vol. 43A 
of the TRANSACTIONS were published and distributed to the member- 
ship in April 1951. Vol. 43 totals 1245 pages and constitutes 51 
articles with their discussions. It contains all of the papers pre- 
sented at the October 1950 Convention held in Chicago, together with 
interim papers received during the year. The president, secretary 
and treasurer’s reports for 1950 and other current items of record 
were included in Vol. 43, together with a report of the Convention. 

Vol. 43A contains the 12 papers (240 pages) presented at the 
seminar on “Atom Movements” held on Saturday and Sunday, 
October 21 and 22, 1950, during the National Metal Congress and 
Exposition, Chicago. This seminar was sponsored by the American 
Society for Metals, the subject being selected by a committee ap- 
pointed by the Board of Trustees. The personnel of this committee 
was: Clarence Zener, Chairman; J. B. Austin, R. M. Brick, M. 
Cohen, M. Gensamer, J. H. Hollomon, L. R. Jackson, L. K. Jetter 
and Don McCutcheon. The preparation and coordination of the 


series of subjects and solicitation of speakers were carried on by 
J. H. Hollomon. 


PUBLICATIONS COMMITTEE 


Eighteen persons constitute the membership of the Publications 
Committee for 1951, under the chairmanship of W. A. Pennington, 
Chief Chemist and Metallurgist, Carrier Corp., Syracuse. The mem- 
bers of the Committee and their Chapter affiliation are: W. M. 
Baldwin, Jr., Cleveland; W. E. Bancroft, Hartford; J. A. Bennett, 
Washington; Edgar Brooker, Los Angeles; C. L. Clark, Canton- 
Massillon; C. K. Donoho, Birmingham; A. J. Herzig, Detroit; E. I. 
Larsen, Indianapolis; W. E. Mahin, Chicago; E. M. Mahla, Phila- 
delphia; F. T. McGuire, Tri-City; M. E. Merchant, Cincinnati; 
G. C. Riegel, Peoria; G. A. Roberts, Pittsburgh; C. H. Samans, 
Calumet ; L. P. Tarasov, Worcester; and Ray T. Bayless, Secretary, 
Cleveland. ti 

During the year the Committee has reviewed 66 papers. Of 
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this number 36 were approved for presentation at this Convention 
and publication in TRANSACTIONS, and were prepared in preprint 
form. Fourteen papers were not approved for publication in TRANs- 
ACTIONS. Fourteen papers were not scheduled for this Convention 
but deferred for consideration for the mid-winter meeting of the Soci- 
ety to be held in Pittsburgh on January 31 and February 1, 1952. 
Thirteen papers are now in the process of review. 

The Publications Committee held one formal meeting on June 6 
and 7, 1951, at which time the final arrangements for the technical 
program at this Convention were made. 


EDUCATIONAL COM MITTEE 


The Educational Committee for the year 1951 was composed of 
the following personnel: Karl L. Fetters, Mahoning Valley, Chair- 
man; M. J. Day, Pittsburgh; H. Y. Humnsicker, Cleveland; N. J. 
Grant, Boston; I. R. Kramer, Washington; C. L. Lewis, Texas; 
Ray McBrian, Rocky Mountain; F. G. Tatnall, Philadelphia; R. F. 
Thomson, Detroit; and Ray T. Bayless, Secretary, Cleveland. 

This Committee did not hold a formal meeting during 1951 inas- 
much as the educational lecture courses for the 1951 Convention 


were selected and planned by the 1950 Committee. These lectures 
are: 


1. “Residual Stress Measurements’’—Four-lecture series by: 


R. G. Treuting, Bell Telephone Laboratories 
J. J. Lynch, American Tank & Fabricating Co. 
H. B. Wishart, Gary Works, U. S. Steel Co. 
D. G. Richards, United Aircraft Corp. 
2. “Principles of Heat Treatment’—Three-lecture series by: 


M. A. Grossmann, U. S. Steel Co. 


The color, sound, 16-mm film entitled “The Heat Treatment 
of Steel” is still in the process of preparation. 


ApvIsoRY COMMITTEE ON METALLURGICAL EDUCATION 


The members of the Advisory Committee on Metallurgical Edu- 
cation are as follows: M. A. Hunter, Eastern New York, Chairman; 
Alfred Bornemann, New Jersey; John Chipman, Boston; D. S. 
Eppelsheimer, Missouri School of Mines ;. James Gregg, Lehigh Val- 
ley; F. M. Klayer, Louisville; V. N. Krivobok, New York; C. K. 
Lockwood, Montreal; W. O. Philbrook, Pittsburgh; J. W. W. Sul- 
livan, New York; and E. C. Wright, Birmingham. 

This Committee recommended that the Board establish teaching 
awards for teachers of metallurgy; collect information about summer 
work from schools and industry and distribute this information; and 


publish paper-bound editions of technical books at reduced prices for 
students. 
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METAL PROGRESS 


Editorial’ pages printed by Mertrat Procress in fiscal 1951 
totaled 66514, about 6% more than the average for the preceding 
three years. 

Advertising ‘patronage (1307 pages) showed a gratifying im- 
provement over the preceding year, and this advancing trend seems 
clearly indicated in the recent month-by-month records. At the start 
of this fiscal year;' Taylor Lyman, who had been Associate Editor, 
was transferred to the business side of the magazine, with the title 
of Publisher, and the duty of correlating and promoting the solicita- 
tion of advertising. His field staff was also increased to five men. 

On the editorial side, John Parina, Jr., was appointed Associate 
Editor to fill the vacancy caused by Mr. Lyman’s transfer. 

The high typographical and pictorial quality constantly main- 
tained by Metat ProGRess was recognized by the “certificate of 
excellence’ awarded last fall by the American Institute of Graphic 
Arts. The name Metat Procress appropriately describes certain 
trends in the reading pages. Thus, the Editor, Ernest E. Thum, 
has devoted considerable attention to the rarer metals, such as tita- 
nium and molybdenum, now assuming commercial importance in 
their own right rather than as alloying ingredients. Emphasis has 
also been placed on such important materials as the stainless steels 
and alloys for ultra high temperature service. Finally, timely and 
authoritative articles have been printed on conservation of strategic 
metals and the boron steels. 

We regret to have to record the untimely death of Adolph 
Bregman, one of our consulting editors. His frequent articles on the 
cleaning and finishing of metals have constituted a notable series. 


METALS REVIEW 


Metats Review published a total of 583 pages during the 12 
months from October 1950 through September 1951. Of this total, 
180 pages, or 31%, were devoted to reports of local chapter meetings, 
activities of members, and actions of the national organization. The 
ASM Review of Current Metal Literature accounted for 327 pages, 
or 56% of the total. 

A new service of the American Society for Metals was inaugu- 
rated in the February issue of Metats Review. This is a “Junior 
Members’ Placement Service”, which listed the qualifications and 
photographs of some 300 junior members of the ASM who were 
graduating in February or June (or were candidates for advanced 
degrees) in the field of metallurgy. This service met with a highly 
favorable and enthusiastic reception from both the junior mem- 
bers themselves and from prospective employers. The Board of 
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Trustees has decided to continue this placement service for gradu- 


ating metallurgists as an annual feature in the February issue of 
MetALs REVIEW. 


MetTaAts HANDBOOK 


Although the Merats HanpBook Committee has been inactive 
during the past year, the Society has undertaken other technical com- 
mittee work relating to the defense production effort, and this activ- 
ity has been supervised by the HaNnpsBook editor. In collaboration 
with the Metallurgical Advisory Board in Washington, R. F. Mehl, 
chairman, the ASM has formed two committees to advise Govern- 
ment agencies on conservation of metal. 

A committee concerned with certain Naval ordnance components 
has the following members: G. C. Riegel, chairman; Muir L. Frey, 
John M. Hodge, L. E. Simon, and David Zuege. 

Another ASM advisory committee is dealing with metal appli- 
cation problems in Navy diesel equipment. Under the chairmanship 
of E. H. Stilwill, this committee has membership as follows: T. E. 


Eagan, V. E. Hense, H. C. Knapp, H. H. Lurie, and Robert 
Sergeson. 


Books 


During the past year, a total of 21,097 books published by the 
Society was sold to members and others. This figure includes 1707 
copies of the 1948 Mretats Hanppook. 


During this period 7 titles were added to the publication list. 
These are: 


Transactions of the ASM, Vol. 43 

Atom Movements—Seminar by 13 authors 

High Temperature Properties of Metals—By 6 authors 
Interpretation of Tests and Correlation with Service—By 6 authors 
Nature of Metals—Techbook by B. A. Rogers 

Review of Metal Literature—Vol. 7 

Story of Metals—Techbook by J. W. W. Sullivan 


ry . e e . . 
The following titles are now in preparation: 


Cast Bronze—By Harold J. Roast 

Revision of Principles of Heat Treatment—By M. A. Grossmann 
Elements of Hardenability—By M. A. Grossmann 

Proceedings of the 1951 World Metallurgical Congress 

Residual Stress Measurements—By 4 authors 

Atmosphere Heat Treatment of Steel—By Floyd E. Harris 


PREPRINTS 


Thirty-seven’ papers were prepared in preprint form and dis- 
tributed to those members of the Society who requested them. The 
total number of pages for the 1951 preprints is 679. A total of 45,000 
preprint copies was distributed free to the membership. 


etl 
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The papers to be presented at the Mid-Winter meeting are now 
available as preprints and may be secured by members on request. 


SEMINAR ON METAL INTERFACES 


The Seminar on Metal Interfaces this year was an outstanding 
success. It was divided into four important and interesting sessions 
with the meeting room filled to capacity. This interest is a great 
compliment to the Committee and the seminar speakers and assures 
a continuance of this important annual event. 

One of the papers presented on the Seminar, i.e., “Grain Shapes 
and Other Metallurgical Applications of Topology” by Cyril Stanley 
Smith, was prepared in preprint form and distributed to those mem- 
bers requesting it. 

The Committee on arrangements consisted of the following per- 
sonnel: J. H. Hollomon, Eastern New York, Chairman; J. B. 
Austin, New York; R. M. Brick, Philadelphia, Coordinator of the 
Seminar; L. K. Jetter, Oak Ridge ; Don McCutcheon, Detroit ; Oscar 
Marske, Washington; Morris Cohen, Boston; M. Gensamer, New 
York; L. R. Jackson, Columbus; E. R. Parker, Golden Gate; and 
Clarence Zener, Chicago. 


METAL CONGRESS 


The Metal Congress, as you may well know, is a meeting of 
four national technical societies: the American Welding Society, 
Metals Division of American Institute of Mining and Metallurgical 
Engineers, Society for Non-Destructive Testing, and the American 
Society for Metals. 

All have prepared and are presenting meeting programs of the 
highest order. 

This Metal Congress has been an annual event for the past 25 
years, and has met with approval by the members of the different 
societies, many of those activities cutting directly across the work 
of the meetings, since it concentrates into a five-day period an oppor- 
tunity to contact fellow-engineers and to attend sessions of particular 
interest. 


NATIONAL METAL EXPOSITION 


It has been 13 years since the Metal Exposition has been in 
Detroit, which is a very good exposition city. There are 402 exhib- 
itors, including 60 from overseas. The exposition is occupying 10 
buildings, six and one-half acres. 


Wortp METALLURGICAL CONGRESS 


The President has made,mention of the World Metallurgical 
Congress, the Treasurer has made mention of the World Metal- 
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lurgical Congress, so it seems no more than fitting that I should 
make some mention of it also. I wish, however, to address my 
remarks not to our Overseas conferees, but to the American mem- 
bers of the ASM. 

You have from the very beginning of the planning and the com- 
pletion of arrangements for this Congress given it your wholehearted 
support and cooperation. You have praised its purposes and have 
acknowledged the helpfulness that could come to all of us through 
this interchange of ideas and experiences. 

It has been the privilege of many of you to receive some of our 
Overseas conferees in your own plants, and to a man they have 
reported the tremendous cordiality of your reception. 

The response to the invitation of the Board of Trustees to some 
500 members to become American conferees was instantaneous and 
heart-warming. By your actions here, the ASM members have 
demonstrated beyond all doubt that they welcome the responsibility 
as the sole sponsor of this World Metallurgical Congress. 

The conferees from abroad will long remember the firm hand 
of friendship and the warm words of greeting that you ASMers have 
extended to them, and at the same time I am confident that there will 
long remain in your mind a feeling of great joy that it was your 
privilege to play an important part in helping to forge the founda- 
tions of lasting friendship among the metal scientists of the free world. 

A complete record of the World Metallurgical Congress is con- 


tained in a separate book published by the American Society for 
Metals. 


ELECTION OF OFFICERS 


PRESIDENT, JOMINY: We will now proceed with the election of 
officers. Complying with the constitution I appointed in March 1951 
the following nominating committee, selected from the list of candi- 
dates suggested by the eligible chapters prior to March 1, 1951: 


Karl L. Fetters, Chairman—Mahoning Valley Chapter 


S. R. Prance, Dayton Chapter R. B. Schenck, Saginaw Valley 

J. C. Neemes, Jr., Northwest Chapter Chapter 

F. T. McGuire, Tri-City Chapter M. L. Frey, Milwaukee Chapter 
George M. Enos, Purdue Chapter F. M. Walters, Los Alamos Chapter 
L. P. Tarasov, Worcester Chapter 


The Committee met in Chicago on May 17, 1951, and made the 
following nominations for the following offices: 


For PRESIDENT 
John Chipman, Head, Department of Metallurgy, 
Massachusetts Institute of Technology, Cambridge—1 year. 


For Vice-PRESIDENT 
i Ralph L. Wilson, Director of Metallurgy, 
Timken Steel & Tube Div., Timken Roller Bearing Co., Canton—1 year. 
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For TRUSTEES 
George A. Roberts, Chief Metallurgist, Vanadium-Alloys Steel Co. 
Latrobe—2 years. 
J. B. Johnson, Chief of Materials Div., Wright-Patterson Air Force Base, 
Dayton—2 years. 


For TREASURER 
Ralph L. Dowdell, Head, Department of Metallurgy, University of Minnesota, 
Minneapolis—2 years. 

I have been informed by the Secretary that no additional nomi- 
nations were received prior to July 15, 1950, for any of the vacancies 
appearing on the Board of Trustees. Consequently, the nominations 
were closed. I now call upon the Secretary to carry out the provi- 
sions of the constitution in respect to the election of officers. 

SECRETARY EISENMAN: Conforming with the provisions and 
requirements of the constitution of the American Society for Metals, 
I hereby cast the unanimous vote of the members for the election of 
the aforenamed candidates who were nominated May 17, 1951. 

PRESIDENT JoMINy: I hereby declare the nominees as duly 
elected to their respective offices. 

President Jominy then introduced the newly-elected officers, and 
President-Elect Chipman gave a few words of acceptance. 

PRESIDENT JOMINY: Has anyone present anything to bring 
before this meeting for the good of the Society? If not, a motion to 
adjourn is in order. 

President Jominy then introduced Dr. S. L. Hoyt of Battelle 
Memorial Institute, chairman of the Campbell Memorial Lecture 
meeting, who in turn introduced the lecturer, Dr. C. H. Lorig, 
Battelle Memorial Institute, who then presented his lecture entitled 
“A Metallurgist Looks at Fracture”. This is published in full begin- 
ning on page 30 of this volume of TRANSACTIONS. 


ASM ANNUAL DINNER 
Detroit — October 18, 1951 


On Thursday evening, October 18, members and guests assem- 
bled in the Ballroom and the Wayne Room of the Hotel Statler for 
the Annual Dinner of the Society.- The attendance was in excess 
of 600. 

Those persons seated at the speakers’ table were: O. W. 
McMullan, Bower Roller Bearing Co., Detroit—Chairman, Detroit 
Chapter, ASM; J. B.- Johnson, Wright-Patterson Air Force Base, 
Dayton—Trustee-Elect, ASM ; George A. Roberts, Vanadium-Alloys 
Steel Corp., Latrobe—Trustee-Elect, ASM; W. E. Thomas, Mag- 
naflux Corp., Chicago—President, Society for Non-Destructive Test- 
ing; Ralph L. Dowdell, Unversity of Minnesota, Minneapolis— 
Treasurer-Elect, ASM; Thomas G. Digges, National Bureau of 
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Standards, Washington—Trustee, ASM; Ralph L. Wilson, Timken 
Roller Bearing Co., Canton—Treasurer, and Vice-President-Elect, 
ASM; C. H. Lorig, Battelle Memorial Institute, Columbus—1951 
Campbell Memorial Lecturer; Paul D. Merica, International Nickel - 
Co., New York City—Recipient, 1951 ASM Gold Medal; A. E. 
White, University of Michigan, Ann Arbor—A Founder Member 
and Past-President of ASM; John Chipman, Massachusetts Institute 
of Technology, Cambridge—Vice-President, and President-Elect, 
ASM; J. O. Christianson, University of Minnesota, School of Agri- 
culture, St. Paul—Principal Speaker ; W. E. Jominy, Chrysler Corp., 
Detroit—President of ASM; W. P. Woodside, Park Chemical Co., 
Detroit—A Founder Member and Past-President, ASM; G. A. 
Price, Westinghouse Electric Corp., Pittsburgh—Recipient of 1951 
ASM Medal for the Advancement of Research; A. H. d’Arcambal, 
Pratt & Whitney Co., Hartford—Past-President, ASM ; Zay Jeffries, 
Pittsfield, Mass——Honorary Member and Past-President of ASM 
and Director-General of the World Metallurgical Congress; Robert 
F. Mehl, Carnegie Institute of Technology, Pittsburgh—Recipient 
of 1951 Sauveur Achievement Award; A. E. Focke, General Electric 
Co., Oak Ridge—Recipient of 1951 ASM Past-President’s Medal; 
Elmer Gammeter, Globe Steel Tubes Co., Milwaukee—Trustee, 
ASM; B. J. Lazan, University of Minnesota, Minneapolis—Recipi- 
ent of 1951 Howe Medal; J. B. Austin, U.-S. Steel Co., Kearny, 
N. J.—Trustee, ASM; J. T. MacKenzie, American Cast Iron Pipe 
Co., Birmingham—Trustee, ASM; R. F. Thomson, General Motors 
Corp., Detroit—Secretary-Treasurer, ASM; W. H. Eisenman— 
Founder Member and Secretary, ASM. 


Presentation of President's Medal 


The annual presentation of the President’s Medal was made by 
W. E. Jominy to A. E. Focke, the thirtieth president, who served 
the Society so ably in 1950. 


Presentation of Howe Medal 


In honor of Dr. Henry Marion Howe, the distinguished scien- 
tist, often called the dean of American metallurgists, the Board of 
Trustees in 1922 established the first of its medals. The rules 
governing the award of this medal make the provision that it be 
awarded to the author or authors of the paper judged of highest 
merit, presented before the ASM and published during any one year 
in the TRANSACTIONS of the Society. 

The 1951 award was made to the author of the paper entitled 
“A Study With New Equipment of the Effects of Fatigué “Stress on 
the Damping Capacity and Elasticity of Mild Steel’? which was pub- 
lished in Vol. 42 of Transactions, 1950, page 499. The author 
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who was honored is B. J. Lazan. He was presented with a certifi- 
cate, a gold medal and a bronze replica. 


Edward deMille Campbell Memorial Lecture 


In 1926 the Society established the Edward deMille Campbell 
Memorial Lecture and each year since that time has invited a dis- 
tinguished scientist to present this lecture. The 1951 lecturer was 
Dr. Clarence H. Lorig, Assistant Director, Battelle Memorial Insti- 
tute, and to commemorate this lecture a scroll certifying to that event 
was presented to Dr. Lorig. 


Albert Sauveur Achievement Award 


In 1934 the Board of Trustees established an award consisting 
of a metal plaque and certificate in honor of Dr. Albert Sauveur, 
distinguished metallurgist and for many years an honorary member 
of the ASM. The purpose of this award is to recognize a metal- 
lurgical achievement which has stood the test of time and stimulated 
others along similar lines to the extent that a marked basic advance 
has been made in the metal arts and sciences. The 1951 candidate 
was Robert F. Mehl, Head, Department of Metallurgy, Carnegie 
Institute of Technology, who was presented by Dr. Zay Jeffries, 
following the reading of the citation of Dr. Mehl’s accomplishments. 
President Jominy then conferred the award. The citation and 
presentation follows : 


“The past presidents of the American Society for Metals 
have unanimously recommended Robert F. Mehl as the recipient 
of the Sauveur Achievement Award for 1951. The purpose of 
the award is to recognize pioneering achievements which have 
stimulated organized research along similar lines to such an 
extent that a marked basic advance has been made in metal- 
lurgical knowledge. 

“The significant achievements of Dr. Mehl are based on 
research begun at Harvard in 1922, continued at the Naval Re- 
search Laboratory in 1927, at the laboratories of the American 
Rolling Mill Co. in 1931 and at Carnegie Institute of Tech- 
nology in 1932. At Carnegie the work has continued under his 
directorship of the Metals Research Laboratory up to the pres- 
ent time. 

“On such subjects as diffusion in the solid state, crystal 
structure of metals and alloys, alloy constitution and age hard- 
ening, Dr. Mehl’s achievements have stimulated much organized 
work resulting in the enrichment of metallurgical knowledge. 

“Mr. President, on behalf of the past presidents of this 
Society it gives me great pleasure to present Dr. Robert F. 
Mehl.” 
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Conferring of the ASM Medal for the Advancement of Research 


The 1951 ASM Medal for the Advancement of Research was 
awarded to Gwilym A. Price, President, Westinghouse Electric | 
Corp., in recognition of his consistent sponsorship, foresight, and 
influence in financing and prosecuting metallurgical research, which 
have helped substantially to advance the arts and sciences relating 
to metals. 

In presenting Mr. Price, A. H. d’Arcambal read the citation 
engrossed on the scroll which accompanies the medal. President 
Jominy then conferred the award. The citation is: 


“Westinghouse Electric Corporation’s research policies 
were established by the founder, George Westinghouse, as early 
as 1903 when he organized a separate department to study the 
problems of the young electrical industry. Thirteen years later 
a building designed solely for research was erected, and in it 
has been assembled a unique metallurgical research pilot plant, 
so completely equipped that full-scale production of a newly 
perfected alloy can be instituted with a minimum of delay. 

“Westinghouse metallurgical research has centered upon 
many special alloys for electrical equipment. Their common 
characteristic is that they depend upon the latest discoveries of 
metallurgical science and the most exacting modern fabrication 
techniques. Notable special-purpose alloys devised by the lab- 
oratory staff include strong conductors, weight-saving electrical 
alloys for motors and transformers, bi-metals for thermostats, 
special alloys for magnetic amplifiers and electron tubes, heat 
and corrosion-resistant metals of high strength for steam tur- 
bines and jet engines. 

“Gwilym A. Price, Westinghouse executive since 1943 
and President since 1946, has done more than merely maintain 
at full efficiency these resources in men and equipment. In his 
term of office he has approved a 100% increase in fundamental, 
long-term research. His belief that a store of ideas and facts 
is. priceless, though unpredictable in application, is soundly 
based on such historic grounds as these: 

“When American scientists first turned their attention to 
the military aspects of nuclear fission, there existed only a few 
grams of pure metallic uranium made by a process devised in 
Westinghouse laboratories without any idea of commercializa- 
tion. This small-scale process was perfected and the necessary 
plant promptly provided, and it produced the metal needed for 
innumerable physical and chemical investigations, and within a 
year delivered the six tons of uranium needed for the first 
atomic pile. 
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“The American Society for Metals, in awarding its Medal 
for the Advancement of Research to Gwilym A. Price, recog- 
nizes his essential role in the encouragement and promotion of 
science in the service of the Nation.” 


Conferring of Gold Medal of ASM 


The Gold Medal of the ASM, established in 1943, recognizes 
the recipient for outstanding metallurgical knowledge and great ver- 
satility in the application of science to the metal industry, as well as 
exceptional ability in the diagnosis and solution of diversified metal- 
lurgical problems. Dr. A. E. White presented Paul D. Merica, 
Executive Vice-President, International Nickel Company, as the can- 
didate for the 1951 award. In presenting him, Dr. White read the 
citation engrossed on the scroll which accompanies the medal. Presi- 
dent Jominy then conferred the medal award upon Dr. Merica. The 
citation is as follows: 


“There are outstanding metallurgists, and there are also 
notable business executives, but rare indeed is the combination 
of scientific ability and commercial leadership possessed by the 
1951 recipient of the Gold Medal of the American Society for 
Metals—Paul Dyer Merica, Executive Vice-President, The 
International Nickel Company of Canada, Limited. 

“As one of the scientists to join the new Division of Metal- 
lurgy at the National Bureau of Standards in 1914, Dr. 
Merica’s work was centered around the development of light 
alloys for aircraft construction. One result of these researches 
was a scientific paper on the “Heat Treatment of Duralumin”’ 
which became the nucleus of the development of the light, 
strong alloys of aluminum now widely used in airplane con- 
struction. 

“Indeed, his fundamental theory of hardening by dispersed, 
submicroscopic particles of a minor constituent has been shown 
to have almost universal application, and prepared the way for 
many commercial alloys of great importance—not the least of 
these being the strong nickel and copper-nickel alloys formu- 
lated under his direction in the development and research de- 
partment of International Nickel. 

“In his thirty years with The International Nickel Com- 
pany his record of accomplishments has warranted a steady 
increase in responsibility, culminating in his election as Execu- 
tive Vice-President. in 1949. Within the first ten years and 
after an outstanding record as Director of Research, he became 
Technical Assistant to the President, and the problems before 
him assumed internationat proportions as the company steadily 
increased its mining and world-wide markets. As head of 
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International Nickel’s Development and Research, Dr. Merica 
grew with the company and kept abreast of metallurgical prog- 
ress throughout the world. 


“His leadership and support of research in the fields of — 


ferrous and nonferrous metallurgy, and his ability to tie 
research with practice, have received world-wide recognition in 
the form of the James Douglas medal, the John Fritz medal, 
the Institute of Metals medal, the Franklin Institute medal. 
To these is now added the Gold Medal of the American Society 
for Metals, to Paul Dyer Merica—eminent metallurgist and 
investigator, inspiring leader and industrial executive, whose 
talents and activities have contributed to the welfare of man- 
kind.” 
Address of the Evening 


President Jominy then presented Dr. J. O. Christianson, Super- 
intendent, School of Agriculture, University of Minnesota, who was 
the main speaker of the evening. The title of his talk was “Redis- 
covering America’. 


Dedication of William Park Woodside Plaque 


On Sunday afternoon, October 14, 1951, in Detroit, William 
Park Woodside, pioneer heat treater and venerable founder member 
of the American Society for Metals, was present at a ceremony 
dedicating a plaque in his honor. The plaque was installed on a wall 
of the Robinson Furniture Co. building, site of the first meeting of 
the Steel Treaters Club, forerunner of American Society for Metals, 
in 1913. Following is the full text of remarks by ASM President 
Walter E. Jominy, at the dedication. Also present were the other 
two living founder members, W. H. Eisenman, secretary of ASM, 
and A. E. White, its first president. 

“This is the site of the first meeting of the American Soci- 
ety for Metals in 1913. Here men of vision with a desire to 
help one another and to forward the knowledge of metallurgy 
came together. They perhaps did not realize that so much good, 
so much help to others in their profession, so much help to man- 
kind and a free world would develop from their early efforts. 

“To Bill Woodside must be given the credit for gathering 
together this group of men. Many others gave freely of their 
time and energy and because of their wise planning a society 
was founded which has continued to grow and, what is more 
important, continued in their high ideals. 

“These men were pioneers. Many of them were hardening- 
room foremen in the automotive industry, and methods of heat 
treatment used in their various shops were carefully guarded 
secrets. Some processes had come down to them from earlier 
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generations of metal workers, some had been discovered by acci- 
dent, and others had been developed experimentally. 

“Each of these craftsmen knew one or more phases of heat 
treating well. Now they pooled their knowledge. As a result, 
all of the shops represented gained important trade information 
and the motoring public benefited because of improved manu- 
facturing processes. 

“The original name selected by the founders was the Steel 
Treaters Club. In 1915 technical members were admitted and 
the name was changed to the Steel Treating Research Club of 
Detroit. Later, executives also joined and, by the time the 
United States entered World War I, it performed an important 
function as a meeting ground for representatives of government 
and industry to discuss mutual problems. 

“The remainder of the story is more familiar. The society 
began to grow and its interests were expanded to include all 
phases of metallurgy. In 1933 the present name was adopted. 
From that small group of 20, as the original nucleus, has come 
the present Society with some 20,000 members. 

“Those of us who have followed these early founders have 
benefited much from the society which they formed. Our com- 
munity and our country have also gained much from knowledge 
that has been disseminated through the society. 

“We are therefore proud to place this plaque in respect to 
those who founded and carried forward the American Society 
for Metals.” 


TECHNICAL PAPERS PROGRAM OF THE ASM 
MIDWINTER MEETING, WILLIAM PENN HOTEL, 
PITTSBURGH, THURSDAY, JANUARY 31, AND 
FRIDAY, FEBRUARY I, 1952 


All of the papers presented at the Midwinter Meeting are pub- 
lished in full in this volume of TRANSACTIONS, with the exception of 
the paper by T. E. Piper entitled “The Effects of High Temperatures 
and Oxidation Atmospheres Upon Inconel’. 


Thursday, January 31, 1952 
Titanium and Titanium Alloys 


Co-Chairmen: B. W. Gonser, Battelle Memorial Institute 
T. E. Piper, Northrop Aircraft, Inc. 


The Titanium-Vanadium System, by H. K. Adenstedt, J. R. Pequignot. and 
J. M. Raymer, Wright-Patterson Air Force Base, Dayton. 
The Systems Titanium-Chromium and Titaniuwm- Iron, by R. J. Van Thyne, 
H. D. Kessler and M. Hansen, Armour Research Foundation, Chicago. 
The Scaling of Titanium in Air, by P. H. Morton and W. M. Baldwin, Jr., 
Case Institute of Technology, Cleveland. 

Gamma Loop Studies in the Iron-Titanium, Iron-Chromium and Iron-Titanium- 
Chromium Systems, by W. P. Roe and W. P. Fishel, Vanderbilt Univer- 
sity, Nashville, Tenn. 
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Embrittlement 


Co-Chairmen: B. R. Queneau, United States Steel Co. 
C. D. Starr, University of California 

Overcoming Rheotropic Brittleness: Precompression vs. Pretension, by E. J. 
Ripling and W. M. Baldwin, Jr., Case Institute of Technology, Cleveland. 

Temper Embrittlement in Plain Carbon Steels, by J. L. Libsch, Lehigh Uni- 
versity and Lepel High Frequency Labs., Inc., New York; A. E. Powers, 
General Electric Co., Schenectady, and Gopalkrishna Bhat, Lehigh Uni- 
versity, Bethlehem, Pa. 

The Rate of Pickling Test for Tin-Plate Steels and Its Metallurgical Signifi- 
cance, by E. L. Koehler, Armour Research Foundation, Chicago. 

The Embrittlement of Pure Iron in Wet and Dry Hydrogen, by James K. 
Stanley, Standard Oil Co., Chicago. 

The Initiation of Plastic Strain in Plain Carbon Steels, by C. S. Roberts, Dow 
Chemical Co., Midland, Mich.; R. C. Carruthers, American Brake Shoe 
Co., Mahwah, N. J., and B. L. Averbach, Massachusetts Institute of Tech- 
nology, Cambridge. 


High Temperatures and Oxidation 
Co-Chairmen: A. W. F. Green, General Motors Co. 
H. C. Knerr, Metlab Co. 

A Recording Dilatometer for High Temperatures, by W. R. Apblett and W. S. 
Pellini, Naval Research Laboratory, Washington, D. C. 

Accelerated Oxidation of Metals at High Temperatures, by A. Brasunas, Oak 
Ridge National Laboratory, Oak Ridge Tenn., and N. J. Grant, Massa- 
chusetts Institute of Technology, Cambridge. 

The Effects of High Temperatures and Oxidation Atmospheres Upon Inconel, 
by T. E. Piper, Northrop Aircraft, Inc., Hawthorne, Calif. 


Friday, February 1, 1952 
Nonferrous Alloys 


Co-Chairmen: J. B. Johnson, Wright-Patterson Air Force Base 
R. L. Templin, Aluminum Company of America 


The Fatigue Properties . Some Binary ee Solid Solutions of Aluminum, 
by J. W. Riches, O. D. Sherby and J. E. Dorn, University of California, 
Berkeley. 

The Functions of Alloying Elements in the Creep Resistance of Alpha Solid 
Solutions of Aluminum, by A. T. Robinson, T. E. Tietz and J. E. Dorn, 
University of California, Berkeley. 

Influence of Grain Size on Work Hardening and Fatigue Characteristics of 
Alpha Brass, by G. N. Sinclair and W. J. Craig, University of Illinois, 
Urbana. 

Physical, Thermal and Electrical Properties of Hafnium and High Purity Zir- 
conium, by H. K. Adenstedt, Wright-Patterson Air Force Base, Dayton. 


Transformations and Grain Growth 


Co-Chairmen: R. H. Aborn, United States Steel Co. 
A. J. Herzig, Climax Molybdenum Co. 

An Electrical Resistance Apparatus for Studying Transformations in Mctals— 
Its Application to Transformations in Stainless Steel, by W. H. Colner, 
Armour Research Foundation, and Otto Zmeskal, Illinois Institute of 
Technology, Chicago. 

The Solubility of Carbon in Molten Iron and in Iron-Silicon and Iron-Manga- 
os Alloys, by John Chipman, R. M. Alfred, L. W. Gott, R. B. Small, 

M. Wilson, C. N. Thomson, D. L. Guernsey, J. C. Fulton, Massachu- 
a Institute of ‘Fechnology, Cambridge. 

Grain Growth in High Purity Tron, by George Wiener, Westinghouse Electric 
Corp., E. Pittsburgh. 

Recrystallisation and Grain Growth of Nickel, by G. W. Wensch, Fansteel 
Metallurgical Corp., N. Chicago, and H. L. Walker, University of Illinois, 
Urbana. 











A METALLURGIST LOOKS AT FRACTURE 
(1951 Edward deMille Campbell Memorial Lecture) 


By C. H. Lorie 


AY I express my appreciation for the honor to be invited to 

give this twenty-sixth Edward deMille Campbell Lecture. 
Professor Campbell was universally loved by everyone who came to 
know him. I am grateful for the opportunity to pay tribute to his 
memory and his work. 

Professor Campbell, during his 30 years of research, covered 
a number of subjects of interest to us today. Perhaps his most 
important contributions stemmed from his belief that the chemical 
nature of metals was the most important single factor determining 
their mechanical properties. He applied the principles and techniques 
of physical chemistry to metallurgy. As a result, we know more 
about the constitution and mechanical behavior of metals. We are 
deeply indebted to him. 

Since Professor Campbell’s time, we have learned much about 
the mechanical behavior of metals. Physical metallurgy, metallog- 
raphy, mechanics, physical chemistry, and physics have all forged 
ahead. One important reason for this progress has been the closer 
association of workers in these fields. But we have no more than 
crossed the threshold of cooperation. One of the chief points of my 
lecture is that we are still far from a unified understanding of metal 
behavior. 

It is not news to you, who are metallurgists, that metals are 
neither homogeneous nor isotropic. You are well aware of the fact 
that they are not uniform in composition and structure and that their 
properties are different with differences in direction and sign of 
stress. 

At the same time, it is not news to you that most of our current 
theories of flow and fracture of metals are based on assumptions that 
metals are homogeneous and isotropic. This is the approach of most 
physicists. To a great extent, in the study of fracture in metals, they 
have taken over. And we all recognize the great value of their work. 

Still, we know the assumptions that have been made are at 
variance with the true nature of metals. And if we are to improve 
our predictions of metal fracture, we must make use of a clearer 
picture of the fundamental nature of metals. 

This is the Twenty-sixth Edward deMille Campbell Memorial Lecture, 
presented by C. H. Lorig, assistant director, Battelle Memorial Institute, 


Columbus, Ohio. The lecture was presented October 17, 1951, during the 
Thirty-third Annual Convention ofthe Society, held in Detroit. 
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The engineer is awaiting this clearer picture. The problems 
linked with fracture are of great importance to him. He is con- 
stantly concerned with metals which must support loads without 
appreciable flow—and certainly without fracture. He must use the 
right metal in the right spot and he needs to know more about the 
circumstances that determine fracture. 

Before we are able to put together our pieces of information 
into a consistent and satisfying picture, we need to know much more 
about metals. Still, in recent years we have been fortunate in that 
the research in various fields has been building toward that important 
clearer picture. 

Two decidedly different approaches have been taken in the 
development of our present theories of the behavior of metals under 
stress. In one, we have aimed to link up atomic structure with 
metal behavior; in the other, we have formulated theories on metal 
behavior from empirical mathematical relationships which idealize 
what we have observed about metals. 

The most recent and, potentially, the most important concept 
growing out of the first approach, that of linking up atomic structure 
with metal behavior, is the existence of a particular kind of lattice 
defect known as a dislocation. Sully (1)* has defined dislocations 
simply as defects in the periodicity of the atomic lattice, and added 
that the theory of dislocations suggests a mode of movement in 
which atomic forces are overcome only a few at a time. 

Although the concept of a dislocation was utilized earlier in 
theories of mechanical hysteresis and crystal growth (2, 3), it was 
not until 1934 (4, 5, 6) that the idea of dislocations was introduced 
to explain the mechanisms of slip, creep, and other aspects of plastic 
deformation. It postulated that plastic deformation resulted from the 
movement of dislocations through crystals. Such movement was 
cited to account for the discrepancy between the theoretically esti- 
mated and the low observed value for the strength of real crystals. 

Present opinion seems to favor the belief that dislocations orig- 
inate during the formation of the crystals and as a result of external 
stresses of sufficient magnitude to cause plastic deformation. It is 
difficult, however, to visualize the pattern of dislocations in actual 
metal lattices. They are too small to be observed by current tech- 
niques, so that evidence of their existence must still be indirect. In 
spite of these limitations, coupled with the fact that the theory of 
dislocations is still in an early stage of development, present indica- 
tions are that the concept of dislocations is basic to our understanding 
of the mechanics of, atomic movements involved in plastic deforma- 
tion. Metallurgists should profit by utilizing this concept for a better 
understanding of the mechanism of plastic deformation. 

Our theories growing out of the second approach, that of ex- 


1The figures appearing in parentheses pertain to the references appended to this lecture. 
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pressing the observed behavior of metals through mathematical rela- 
tionships, were formulated to explain the reactions of metals to stress, 
strain, and other changing conditions. The concept that has received 
most attention with regard to metals was that of flow and fracture 
strength suggested by Ludwik (7). He assumed that the mechanical 
behavior of a metal was determined by two basic functions which 
relate the flow stress and the fracture stress to strain. He further 
assumed that the flow stress increased more rapidly with strain than 
did the fracture stress. His concept has been used successfully to 
depict graphically the conditions assumed to exist when flow and 
fracture take place, and to explain notch brittleness and the effect 
of temperature on the transition from ductile to brittle fracture in 
steels. Ludwik was aware that his hypothesis also applied to the 
effect of strain rate on this transition, but it was left to others (8) 
to develop the relationship. 

Ludwik’s theory encompasses solely the applied stress system 
and the effective properties of the material which control flow and 
fracture. For that reason, it does not explain the fundamental dif- 
ference in the types of fractures for brittle and ductile materials nor 
does it lead to an understanding of fracture mechanisms. Ludwik 
dealt only with the conditions of stress for flow and fracture. If we 
are to deal with fracture mechanisms, then it is necessary to utilize 
another approach, such as the one I will discuss later. 

Griffith (9), in describing fracture phenomena in glass, used 
with good success the assumption that very small cracks or other 
flaws were present in glass around which arise large stress concen- 
trations. This assumption was presumed to account for the low 
observed tensile strength of glass, as compared with the theoretically 
estimated maximum stress that interatomic forces can resist. The 
Griffith microscopic crack theory, which postulates perfectly elastic 
behavior of materials, has not been fruitful in attempts to extend it 
to metals. In an extension of work on this theory, Zener and Hollo- 
mon (10) pointed out it was unnecessary to assume cracks in the 
metal prior to stress to explain why metals fracture at stress values 
so much below the theoretical strength. | 

There are a number of theories that explain the ability of a 
material to resist flow and fracture, but none of these apply univer- 
sally. Designers and engineers have a satisfactory basis of design 
for simpler stress systems. They can design for ductile materials ; 
they can also design for brittle materials such as cast iron and con- 
crete. They do not have, however, a sound basis of design for 
nominally ductile materials, such as ship plate, when they behave 
in a brittle manner. Instead of plastic flow, here the safe limit is 
governed by unpredictable fracture. There are none of the danger 
signals that always appear when materials behave in a ductile manner 
that precede such fracture. For that reason, we need to perfect our 
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understanding of fracture so that the brittle type of failure of ductile 
metals can also be predicted. 

In this lecture, [ shall discuss the fracture aspect of metal be- 
havior mainly from the point of view of the metallurgist. I wish to 
review some of the important facts he has found from looking 
through his microscope. Since time will not permit, it is not my 
intention to discuss equally important information brought forth in 
the fields of mechanics and atomic physics. 

What then does the metallurgist see through his microscope? 
If metals are not homogeneous, what is their nature? We know a 
few facts, at least. The microscope shows us clearly that metals are 
heterogeneous. They consist of vast aggregates of crystals in which 
there are grain boundaries, segregations of impurities, internal de- 
fects and, often, dissimilar phases. These facts about the nature of 
metals introduce many opportunities for anisotropic behavior in 
fracturing. 

The original theory of flow of metals by Ewing and Rosenhain 
(11), in which they conceived that slip occurred along glide planes 
of the grains, was based on the assumption of anisotropy. But any 
theory of metal behavior, if it is to be all-inclusive, in addition to 
slip on glide planes, must also deal with the effects which certain 
anisotropic microstructural features have on the properties of metals. 
These features are equally as important as atomic and other fine- 
scale phenomena. If we want to bridge the gap between what we 
know and what we do not know about metal behavior, all of these 
phenomena must dovetail into the picture. 

It becomes important, then, to recognize that microstructural 
heterogeneity in metals is responsible for several kinds of processes 
that may lead to fracture. Let us consider some of the actual work 
done on this problem. I would like to cite a number of examples. 
The first is a general one showing that fracture is closely related 
to the structure as we see it through the microscope. 

A few years ago Wells and Mehl (12) observed that tensile-test 
specimens for even the highest quality gun steels, which generally 
broke with a cup and cone fracture, occasionally displayed an angular 
fracture. They concluded that the occurrence of angular fracture 
depended largely on the orientation of the dendritic pattern in the 
structure of the steels. 

By using specimens with different angles between the longi- 
tudinal axis and the flowline direction to test the steels, Welis. and 
Mehl also examined the directionality factor in relation to strength 
and ductility. They. found that neither the tensile nor the yield 
strength was structure-sensitive, i.e., these properties were independ- 
ent of flowline direction. However, ductility, which they expressed 
in reduction-of-area values, was sensitive to variations in structure. 
This is illustrated in Fig. 1 reproduced from results of their work. 
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Here we see that the average variations in reduction-of-area values 
were quite small for small angles but increased with larger angles, 
becoming very large when the angles exceeded 50 degrees. The 
tensile and yield strengths, shown by the two horizontal bands toward 
the top of the figure, were not affected. 

Because the tensile and yield strengths were not sensitive to 
flowline directionality, we can interpret the results to mean that the 
steels were isotropic with respect to flow stress. On the other hand, 
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Fig. 1—Effect of Flowline Directionality Factor on the Mechanical Prop- 
erties of a Steel Specimen. (Wells and Mehl, Ref. 12) 


because the ductility was sensitive to flow directionality, the steels 
were interpreted to be anisotropic with respect to fracture stress. 
This is a general example. We can now give several examples 
where fracture is related to specific structural features in metals. It 
should be realized that only a few of our earlier investigations were 
designed to focus attention on the microstructural features of fracture 
behavior. We have, however, paid some attention to the part played 
by grain boundaries. Their importance is nicely illustrated by the 
behavior of carbon and low alloy steels under loads at elevated tem- 
peratures. Below a certain-‘softening” temperature, characteristic 
of such steels, grain boundaries tend to act as strong, rigid material 
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and fracture occurs through the crystals regardless of the rate of 
strain. But above this “softening” temperature, grain boundaries 
show all the characteristics of a viscous material and fracture occurs 
through them, becoming intergranular. 

The viscous character of grain boundaries in metals at elevated 
temperatures is strikingly demonstrated by the decay of torsional 
oscillations in internal friction tests. When such tests aré made over 
a range of temperature, the results can be plotted as a curve like the 
one shown in Fig. 2, obtained at Battelle on molybdenum annealed 
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Fig. 2—Effect of Temperature on Internal Friction of a Molybdenum 
Specimen Annealed for 1 Hour at 4100 °F (2260 °C). 


for 1 hour at 4100°F (2260°C). The peak in the curve in the 
neighborhood of 1600°F (870°C) can be interpreted in terms of 
the “softening” temperature. At this temperature the shear stress 
relaxes during each oscillation, but not completely, so that there is 
some dissipation of energy. This accounts for the high internal 
friction. The temperature is not fixed, but shifts to lower or higher 
values with lower or higher frequencies of oscillation. 

An important factor in the behavior of metal in the region of 
the “softening” temperature is, therefore, the rate of strain. The 
work of Rosenhain and Humfrey (13) and, later, of Miller, Smith 
and Kehl (14) gives support to this. Both groups of investigators 
found that at high strain rates the grains elongate and fracture 
occurs on planes through the crystals and is, therefore, transgranular. 
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At low strain rates, both recrystallization of the metal and relaxation 
of shear stresses across grain boundaries were sufficiently rapid to 
keep pace with the rate of strain. When that happens, the grains 
do not elongate, and fracture becomes intergranular, since it occurs 
by separations on grain surfaces. 

In 1948, Zener (15) described the conditions which lead to 
cracking when grain boundaries behave in a viscous manner. He 
pointed out that as the shear stress across grain boundaries relaxes, 
the corners where three grains meet become sites for intense con- 
centration of hydrostatic tension. The tension is not relieved by 
plastic deformation. Its intensity increases as the shear stress across 
grain boundaries continues to relax. Finally, the theoretical fracture 
stress is reached and cracking follows. 

Both the experimental and theoretical work covering the behav- 
ior of grain boundaries was recently reviewed by King and Chalmers 
(16). They emphasized the need for correlating the properties of 
grain boundaries with the interaction between neighboring grains. 

Somewhat earlier, Chalmers (17) studied this problem. He 
did this by determining the variation in yield stress in tension for 
specimens of tin containing two crystals of different orientations. 
The relative orientation of the two crystals is illustrated in the sketch 
shown in Fig. 3. The boundary between the crystals was longitudi- 
nal and contained the axis of the specimen. Both crystals were 
similar in orientation relative to the specimen axis. Growth of the 
crystals was so controlled that at their boundary one crystal was 
the mirror image of the other; that is, if we took one crystal and 
rotated it through an angle about the specimen axis, it would bring 
it into coincidence with the other crystal. 

On testing a number of specimens covering a wide range of 
values for angle ¢, Chalmers found that the yield stress increased 
linearly with the angle, becoming a maximum at 90 degrees. This 
maximum value was approximately 60% more than the value obtained 
on a single crystal of tin of similar orientation relative to the stress. 
From this, Chalmers concluded that the change in yield stress could 
not be attributed to the grain boundary directly, but must come from 
the mutual interference of the grains because of their orientation. 

Morrison (18) also pointed out that yielding is intimately asso- 
ciated with interactions of crystals. He attributed the difference in 
character of yielding between thin-walled and solid specimens of 
mild steel to a progressive change from single-crystal, stress-strain 
characteristics for the thin-walled specimens to the normal character- 
istics of polycrystalline material for the solid specimens: The yield 
stress attained in the thin-walled tubes was little more than. half that 
of solid specimens. 

Additional insight into the anisotropic behavior of metals was 
had from the work of Boas and Honeycombe (19, 20), who investi- 
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gated the effect in pure metals of internal stresses that resulted from 
anisotropic expansion. The noncubic metals tin, zinc, and cadmium, 
after a number of cycles of heating over a short range of temperature, 
began to show plastic deformation and thermal cracking at interfaces 
between crystals of different orientations. The cause of the plastic 
deformation and thermal cracking was ascribed to anisotropy in the 
thermal expansion characteristics of these noncubic metals. This 
view appeared to have been amply supported by evidence that the 
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Fig. 3—Sketch to Represent Orientation of Two Crystals of Tin in Type of 


Specimens Used by Chalmers (17) to Study the Interaction of Neighboring 
Grains on Properties of Grain Boundaries. 


cubic metal, lead, regardless of its orientation, and the noncubic 
metals with their crystals in preferred orientation showed few signs 
of plastic deformation and no thermal cracking under the same cyclic 
thermal treatment. 

I remarked earlier, in commenting on the work by Wells and 
Mehl (12), that, based on flowline directionality effects, gun steels 
could be interpreted to be anisotropic from the standpoint of fracture 
stress, and isotropic from the standpoint of flow stress. A somewhat 
analogous situation was described by Hollomon (21), who made a 
comparison of the fracture-stress curves of a group of steels having 
different structures but similar flow-stress curves. Hollomon. sum- 
marized his resuits by superimposing the curves on the same graph, 
as in Fig. 4. It shows that, after the first small amount of strain, 
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the fracture stress of tempered martensitic steels is highest, that of 
bainitic steels is intermediate, and that of pearlitic steels is lowest. 
Hollomon’s work suggests that metals with structures comprising 
two or more metallographic: constituents must be anisotropic, and 
that they are capable of having’ more than one fracture strength. 
Fracture should: start at the point in the metal where the fracture 
strength is first exceeded by the normal stress. Conceivably, this 
could be either at a grain boundary, at a defect, within any of the 
microconstituents, or along an interface of a microconstituent. 
Clearly, there is no single unique fracture strength for a metal. 
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Fig. 4—Fracture-Stress Curves of Steels Having Different Structures 
but the Same Flow-Stress Curve. (Hollomon, Ref. 21) 


The recent work by Bruckner (22), at the University of Illinois, 
on the micromechanism of fracture shows that fracture can originate 
within a metal when the fracture strength of a constituent is exceeded. 
His work dealt with the micromechanism of fracture in rimmed, in 
semikilled, and in killed steels. He found that the process of fracture 
in pearlite under tensile impact began in one or more of the carbide 
lamellae. This is illustrated in the photomicrograph of Fig. 5 which 
he provided. The dark parallel markings in certain pearlite areas 
are fractures through successive carbide lamellae. These tiny cracks 
may be linked by propagation through the intervening ferrite in the 
pearlite until the fracture traverses a portion or all of the pearlite 
grain. 

Bruckner also observed-Mnicrofractures in the carbide which par- 
tially outlined some of the ferrite grains. The fractures appear as 
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Fig. 5—Microfractures in Pearlite. (Bruckner, Ref. 
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dark markings crossing the carbides, as shown in the photomicro- 
graph of Fig. 6. The tiny cracks in the carbide particles tend to 
parallel one another in a direction about 45 degrees to the direction 
of the maximum stress. Ultimately, the microcracks may extend 
into the ferrite to influence the fracture behavior ot the steels. 

When fractures which began in the pearlite extended into the 
ferrite matrices, the ferrite in the rimmed and _ semikilled steels 
tended to show brittle behavior; whereas the ferrite in the killed 
steels was ductile. In the rimmed and semikilled steels, the fractures 
in the ferrite were associated with mechanical twinning and narrow, 
highly distorted areas along which separation occurred. In the 
killed steels, the sharp notches provided by fracture in the pearlite 
tended to enlarge into internal cavities or holes, instead of developing 
cracks within the ferrite matrix. The ferrite fractured only after 
considerable shear. This difference in fracture behavior of the ferrite 
suggests that fracture was occurring above the ductile-to-brittle 
transition-temperature range in the killed steels, but was occurring 
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Fig. 6—Microfractures in Iron Carbide Outlining Ferrite Grains. (Bruckner, Ref. 22) 


below this transition in the rimmed and semikilled steels. The sig- 
nificance of Bruckner’s research lies in the fact that it describes the 
independent behavior of each microconstituent and its interactions 
with others. Bruckner’s results confirmed conclusions drawn earlier 
by Zener and Hollomon (23) that cracks can originate within brittle 
constituents in metals when the fracture strengths of the brittle con- 
stituents are exceeded. 

I want to cite two other exainples where fracture seems to have 
been preceded by tiny cracks that originated within one of the micro- 
constituents in the metal. One example is the work of Swift (24), 
who prestrained specimens of mild steel in torsion, and then pulled 
them in a tensile machine. He observed that the prior twisting, if 
sufficiently severe, lowered the ductility and consequently the frac- 
ture strength. If the specimens were twisted and then untwisted 
before pulling, their ductility was restored. 

To explain the weaknessdeveloped by twisting, Gensamer (25) 
suggested, as one possibility, that minute cracks developed within the 
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metal during twisting. These tiny cracks were thought to form along 
planes of maximum normal stress. During twisting, they tend to 
become oriented at right angles to the applied stress in the tensile 
test, causing fracture to be brittle. By untwisting the specimens, it 
was thought that the cracks would line up parallel to the applied 
tensile stress, so that their effect on ductility would be small. Gen- 
samer added, however, that the hypothesis may not be borne out by 
facts. 

The other example is the work of Shaler and Backofen (26), 
who conducted similar twisting experiments on oxygen-free, high 
conductivity copper and obtained results identical to those of Swift. 
They interpreted their results by assuming that submicroscopic flaws 
originated in the material either during mechanical working or 
during solidification. Such flaws were considered to be distributed 
on planes that parallel the direction of the flow during mechanical 
working. This direction was also the general direction of the axis 
along which the stress was applied. 

According to the reasoning of Shaler and Backofen, the flaws 
became oriented about helical planes, the positions of which were 
determined by the extent of the twisting. When the flaw density was 
sufficiently high, and the flaws, as a result of twisting, tended to 
become oriented normal to the applied stress, brittle fracture in the 
tensile test occurred by separation across a plane in the approximate 
position of the helical planes. The initial harmless orientation of the 
flaws was believed to be restored by untwisting the specimens. 

All these studies make it clear not only that metals are hetero- 
geneous, but that it is important to consider them so in predicting 
fracture. The grain boundaries, the segregation of impurities, inter- 
nal defects, and dissimilar phases open up mariy opportunities for 
anisotropic behavior in fracturing. If we accept the premise that 
fracture in metals and alloys must follow discontinuities in the 
structure, then there are six possible paths along which fractures can 
proceed. They are: (a) along grain boundaries, (2) along boundaries 
between dissimilar phases, (c) across grains of the matrix on pre- 
ferred planes, (d) across a compound or minor phase on preferred 
planes, (e) along flaws in the metal aggregate, and (f) combinations 
of the above. 

These assumed paths of fracture then agree with the common 
practice of classifying completely ductile fractures in metals as shear, 
and completely brittle fractures as either intergranular or trans- 
granular. There is a tendency to classify fractures from their general 
appearance alone. A similarity of appearance, however, does not 
necessarily indicate ‘similarity of origin. Fractures of different origin 
start by different mechanisms. Once started, they can propagate, 
however, in much the same manner, so that their over-all appear- 
ance may seem similar. Fracture appearance alone can, therefore, 
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be misleading. From what we now know about fractures in metals, 
it would seem better if we classified fractures from the standpoint 
of their origin as well as appearance. 

Let us look a bit closer at the origin and paths of fracture ob- 
served in metals. We know that below their “softening” temperature, 
pure metals fracture rarely, if ever, along grain boundaries. In fact, 
the cohesive or fracture strength across grain boundaries is thought 
to be so much higher than the strength across preferred planes that 
fracture always begins within the grains. But many commercial 
metals below their “softening” temperature fracture in grain bound- 
ary regions. Such fractures are classified as intergranular. A care- 
ful study with a microscope often shows the presence of nonmetallic 
impurities or various microconstituents in the boundaries. These 
materials tend to lower the strength in grain boundary regions. They 
can cause fracture to start in these regions and may even cause 
metals to be brittle. When grain boundary constituents are present, 
fracture does not necessarily originate or follow along the grain 
boundaries. More often fracture originates within or at interfaces 
of grain boundary constituents, and then propagates by following 
interfaces or preferred planes of these constituents. If we want to 
be precise in describing the appearance of such fractures, perhaps we 
should use the term “pseudo-intergranular” ; however, in this lecture, 
I shall continue to refer to them as intergranular. 

Some excellent examples of fractures resulting from grain 
boundary constituents were obtained in a study of intergranular 
fractures in cast steels (27). A fracture of this type only slightly 
enlarged is shown in the photograph of Fig. 7. The general impres- 
sion obtained on looking at such fractures is that the fracture path 
followed grain surfaces. If we should look at the fracture through 
the microscope we shall see that it does not follow the grain surfaces 
but, instead, follows across or along interfaces of grain boundary 
constituents and, to some extent, through the matrix. 

It is not necessary for grain boundary constituents to be brittle 
for them to cause fractures to be intergranular. One cast steel, for 
example, showing intergranular fracture had ;thin networks of ferrite 
at grain boundaries of an otherwise fully martensitic matrix. The 
structure of this steel is shown in the photomicrograph of Fig. 8. 
When this steel fractured, the path of the fracture was through the 
ferrite networks, making it appear intergranular. A heat treatment 
which removed the ferrite networks altered the type of fracture and 
made it transgranular. 

Grossmann (28), who investigated the toughness of hardened 
steels, had also observed that fractures could occur along ferrite net- 
works. He found that small amounts of ferrite, as little as 2 to 5% 
of the total microstructure, when located in grain boundaries, led to 
brittleness. He also found fhat at least 30 to 50% of the micro- 
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Fig. 7—Photograph Showing Intergranular Type of Fracture in Cast Steel. 
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structure must be ferrite before the soft ferritic regions were ductile 
and the steels became tough in the notched-bar impact test. To 
explain the behavior, Grossmann suggested that the embrittling effect 
of ferrite came about as a result of its low fracture strength and its 
inability to flow under the multiaxial state of stress imposed on it 
by the surrounding hard masses of martensite. 

We are all familiar with the more general case where inter- 
granular fracture is associated with thin films or minute precipitates 





Fig. 8—Photomicrograph of the As-Cast Structure of a Cast Steel Showing Ferrite 
Networks in Grain Boundaries. 


of brittle grain boundary material. An example is given in the pan- 
oramic view shown in Fig. 9, obtained by matching a series of photo- 
micrographs of the path of fracture in a cast steel” containing eutectic- 
type sulphide inclusions. Toward the left side of the fracture, the 
crack is fairly wide and continuous. It becomes intermittent near its 
end, indicating that fracture had progressed by forming a series of 
short cracks initiated by stress at the sulphide inclusions. These 
short cracks then grew until a single continuous crack was formed. 
The fracture path was either through the brittle sulphide or at the 
boundary between the sulphide and the matrix. 

Another typical case is the fracture of cast steels having an 





*Specimen supplied by R. J. Wilcox, Michigan Steel Casting Company, Detroit. 
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Fig. 10—Photomicrograph of Cast Steel Showing Aluminum Nitride Needles Grow- 


ing Out From an Original Austenite Grain Boundary Into the Matrix on Preferred 
Planes. 


excess of aluminum nitride precipitated in regions formerly occupied 
by the boundaries of primary austenite grains. 

When the aluminum nitride formed a nearly continuous network, 
fractures followed the coarse network. This was so, even after a heat 
treatment that removed the as-cast structure and refined the grain. 
The network was not affected by the heat treatment. Fracture con- 
tinued to occur through it. Now, the microscope showed the steels 
to be fine-grained after heat treatment. The fractures, on the other 
hand, made the steels appear very coarse-grained. 

When the amount of aluminum nitride was too small to form 
continuous networks, the nitride precipitated at the grain boundaries | 
of the austenite, but grew into the matrix as needles along preferred 
planes. Such a distribution of aluminum nitride is shown in the 
photomicrograph of Fig. 10. ‘The needles are parallel, growing out 
from an original austenite grain boundary, the approximate position 
of which has been added in the photomicrograph of Fig. 11. When 
specimens with this distribution of aluminum nitride failed, the 
fractures were made up of a series of very small step-like separations 
that roughly follow the general contour of the primary austenite 
grain boundary. A trace of a typical fracture path has been added 
in the photomicrograph of Fig. 12. Macroscopically, such a fracture 
appears intergranular. In reality, it is made up of a series of trans- 
granular fractures that cross the matrix between the aluminum nitride 
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Fig. 11—Same Area as That Shown in Fig. 10 With the Approximate Position of 
the Austenite Grain Boundary Added. 


needles. These tiny transgranular fractures are then joined by cracks 
both through and along interfaces of the needles. 

I hope by this time I have made the point that we are on un- 
certain ground when we think of a metal as having only one fracture 
strength. The fact is that we must think, rather, in terms of a frac- 
ture strength for each constituent in a metal. 

And let us remember that the problem is still more complicated 
than that. For we must consider also the effects of structure, tem- 
perature, composition, strain rate, and stress system on fracture. 
Work now in progress at Battelle on arc-melted molybdenum has 
given us some helpful data. Molybdenum proved to be extremely 
sensitive to minor changes in these factors. Its fracture demonstrated 
a pattern of behavior that is apparently characteristic of many metals. 

The arc-melted molybdenum® used initially was of commercial 
quality containing 0.03% carbon. The carbon was chiefly in the 
form of carbide particles within the grains and at grain boundaries. 
The grains of the as-cast molybdenum were elongated and oriented 
with their long axes substantially parallel. Anisotropy within the 
structure was further enhanced by the fact that, on solidifying, a 
major crystallographic axis in each grain was formed parallel to its 


long axis. Some.of these structural features are shown in a sketch, 


ane, ina obtained from Climax Molybdenum Company, weighed 56 pounds and was 
4 inches in diameter and 13 inches in length. 
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Fig. 12—Same Area as That Shown in Figs. 10 and 11, With a Trace of a Typical 
Fracture Path Added. 


Fig. 13, of a vertical section through an ingot. It was easy to obtain 
small specimens from such a section in which the angle, 6, between 
the major axis of the grains and the direction of the maximum fiber 
stress in a bend test ranged from 0 to 90 degrees. 

At room temperature and at a constant slow deflection rate, the 
molybdenum failed in a bend test with a type of fracture that was 
dependent on grain orientation. For values of angle @ of less than 
35 degrees, fracture was by cleavage but was preceded by some 
plastic deformation. The photograph in Fig. 14 is of a broken bend 
specimen with grains oriented at an angle somewhat less than 35 
degrees. It shows that fracture occurred perpendicular to the grain 
boundaries and not on planes where normal stress was maximum. 
Grain orientation in such specimens had, therefore, a greater effect 
on crack propagation than did stress concentration. 

When angle 6 was 35 degrees, or larger, fracture occurred at 
considerably lower loads with no visible plastic deformation. The 
fractures invariably originated in regions near grain boundaries, but 
were propagated both in these regions and along preferred planes 
in the matrix. Fracture occurred by more than one process, and the 
fracture surface was a mixture of the intergranular and trans- 
granular types. 

These bend tests were detailed enough to show that grain orien- 
tation influenced greatly the amount of plastic flow before fracture. 
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Fig. 13—A Vertical Section of an Arc-Cast Molybdenum Ingot With the Orientation 
of Grains in Bend-Test Specimens Indicated. 





Fig. 14—Photograph of Broken Bend Specimen of aa With Angle @ Less 
Than 35 Degrees, Showing Fracture Perpendicular to the Grain Boundaries and Not on 
Planes Where Normal, Stress Is Maximum. 


Information was then obtained on the effects of temperature, the 
degree of purity of the molybdenum, and the rate of strain. 
Bend specimens of commercial molybdenum of two grain orien- 
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tations were used in studying the effect of temperature. In one 
group of specimens, the grains were oriented longitudinally; in the 
other, they were oriented transversely to the direction of the prin- 
cipal stress. Except for temperature, the conditions of the tests were 
the same as those mentioned earlier. 

At testing temperatures below —22°F (—30°C), the longi- 
tudinally oriented specimens fractured abruptly without visible signs 
of ductility. As the testing temperature increased, however, such 
specimens withstood increasing amounts of plastic deformation, and 
at 200 °F (93°C), they bent through 90 degrees without breaking. 

Let us contrast this behavior with the behavior of specimens 
with grains oriented transversely. The latter were ductile only when 
the test temperature was above 150°F (66°C). They fractured 
with no visible plastic flow at lower temperatures. These differences 
in behavior of specimens of different grain orientations made it 
apparent that fracture was extremely sensitive both to orientation 
of the grains and to the test temperature. 

In studying the effect of composition on fracture behavior of 
molybdenum, we were concerned, in particular, with the impurities, 
carbon and oxygen. Specimens were obtained from several ingots 
specially prepared by repeatedly melting in a vacuum-are furnace 
(29) to insure high purity. The ingots contained about 0.002% 
carbon and about 0.0002% oxygen. No carbides could be detected 
in the microstructure. 

This highly purified metal showed excellent bend ductility at 
room temperature, even when the grains were oriented transversely. 
Some specimens with this grain orientation were so ductile they bent 
through an angle of 90 degrees without breaking. Under similar 
test conditions, as I mentioned earlier, specimens of commercial 
molybdenum with this grain orientation were extremely brittle. 

Sufficient data were obtained in our studies to show the effect 
of temperature and strain rate on the transition from ductile to brittle 
behavior. Transition curves for four groups of specimens represent- 
ing both commercial and high purity molybdenum of two grain orien- 
tations are shown in the graph of Fig. 15. It was prepared by 
plotting the logarithm of the deflection rate, or the approximate strain 
rate, with respect to the reciprocal of absolute temperature. The 
criterion for ductility was a visible display of a permanent bend angle. 
The transition curve for each group of specimens was a straight line 
sloping in the direction of higher transition temperatures for higher 
rates of strain. In the area below its curve, each group of specimens 
was ductile; in the area above its curve, each group was brittle. In 
both types of molybdenum, the transition temperatures were different 
for specimens with grains oriented longitudinally than for specimens 
with grains oriented transvérsely. The transitions were at much 
lower temperatures for the high purity molybdenum. These tran- 
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Fig. 15—Plot of Boundaries Between Ductile and Brittle Behavior of Commercial 
and High Purity As-Cast Molybdenum Specimens. 


sitions were clearly a function of grain orientation, temperature, 
strain rate, and composition of the molybdenum. 

In the conduct of our studies on commercial molybdenum, we 
observed that the path of intergranular-type fractures often followed 
along cracks at the interfaces of carbides. A succession of such 
cracks is shown in the photomicrograph in Fig. 16. If allowed to 
grow, these cracks lead to intergranular fracture. When fractures 
were of this type, only an occasional carbide particle was ruptured 
internally. 

Carbide particles in molybdenum do, however, rupture internally. 
A specimen with grains oriented transversely, for example, was 
examined after it was bent at 600°F (315°C). Although the 
specimen had not fractured, the molybdenum carbides at grain 
boundaries were extensively ruptured, as shown in Fig. 17. The 
direction of these internal ruptures or cracks followed a fairly definite 
pattern within the carbide. On the tension side of the bend speci- 
mens, they were almost without exception perpendicular to the plane 
of maximum normal stress. On the compression side, most of the 
cracks were parallel to the plane of maximum normal stress. Cer- 
tainly these microfractures are similar to those which Bruckner (22) 
found in carbides in various classes of steels that he examined. 

In citing the above examples, I feel we have demonstrated that 
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Fig. 16—Microfractures Along Interfaces of Carbides in Molybdenum Specimens 
Which Fractured Intergranularly. 
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Fig. 17—-Internal Ruptures in Molybdenum Carbide at Grain Boundaries of a 
Sbochnth That Was Bent but Not Broken. 
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microstructural features in metals are not only important but are 
directly responsible for several kinds of processes than can lead to 
fracture. From what we have observed, we can now conceive a 
general picture of the fracture problem. 

In sharp focus in the background is the significant fact that all 
metals are heterogeneous and rarely do they show isotropic behavior. 
For that reason, any concept of fracture of metals based on the 
assumption of isotropy is not adequate. Of course, I do not want 
to discount the fact that the assumption of isotropy has been close 
enough to the truth for many situations, especially in engineering 
design. I want to suggest, however, the need for utilizing the more 


realistic concept of anisotropy, at léast more so than is usually done. 


Because of anisotropy, the various fracture processes in metals 
ought to be defined in terms of critical stresses for failure by shear, 
by cleavage on crystallographic planes, or by separation on grain or 
phase surfaces. Fracture, then, should not be considered an isolated 
event (30) ; rather, it becomes the end point of a number of possible 
events which take place as the load on a metal increases. 

We have seen, from some of the examples cited, that fracture in 
some metals, to an important extent, depends on the condition of 
boundaries between grains and on the nature of microconstituents at 
grain surfaces. It does not necessarily follow that cracks in such 
microconstituents will cause metals to be brittle. Whether such tiny 
cracks can propagate by a brittle mechanism will depend largely on 
the ability of the supporting matrix to deform and thereby reduce 
the stress concentrations about such cracks. A matrix with sufficient 
ductility should be able to accept a crack within itself or in another 
phase without that crack serving as the trigger for cataclysmic frac- 
ture. But if the ductility of the matrix is low, such a crack can cause 
cataclysmic fracture. 

Since I have titled this lecture “A Metallurgist Looks at Frac- 
ture”, it seems but fair to tell you what appears to stand out as 
essential elements in a more complete theory of the fracture behavior 
of metals, at least from the viewpoint of the metallurgist. 

In the first place, inasmuch as the interrelationships between 
structural features of metal and crack origin and propagation are so 
complex, we should not expect to find simple physical and mathe- 
matical relationships by which to develop our concepts. Instead, we 
must realize we are dealing with a highly complex problem in which 
the number of variables that must be considered simultaneously is 
large. 

Then, there is the inescapable conclusion that, even though 
ordinary mechanical’ properties do not always disclose the fact, metals 
have more than oné fracture strength, so that fracture mechanisms 
cannot be defined in terms of a single fracture strength. If we 
should merely assert that fracture comes about as soon as the normal 
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stress exceeds the fracture strength, such a statement is an over- 
simplification and fails to take into account the importance of micro- 
structural anisotropy, among other things. 

By accepting the proposition that a metal has more than one 
fracture strength, it should be possible for us to extend the concept 
of flow and fracture strengths, first introduced by Ludwik (7), by 
including relations among all flow and fracture strengths that are 
common to a metal. This would seem desirable in an effort to 
predict, or at least account for, the behavior of the metal under 
various stress systems. Such an extension of Ludwik’s concept 
would take into account the individual values for the fracture 
strengths at grain surfaces, at phase interfaces, and at crystallo- 
graphic planes. Further, it would recognize the need for evaluating 
the effects of temperature, strain rate, composition, and stress system 
on each of the fracture strengths that contribute to the fracture 
behavior of a metal. It would even go so far as to suggest that 
there is a particular flow strength for each constituent in a metal and 
that through a mechanism of interactions, flow in one constituent 
may affect flow in other constituents to the extent that the stress 
system is changed. So, the value of the concept of multiple flow and 
fracture strengths would seem to come from the possibilities it offers 
in relating fracture of metals to the crystallographic, mechanical, and 
microstructural features. 

We can sum up the situation on fracture by paraphrasing a 
statement made by Professor Campbell 37 years ago on the status 
of our theory on the constitution of steel (31). By the simple act 
of substituting “fracture” or “metals” for the word “steel” his re- 
marks then become: 


“To anyone who has paid much attention to the 
historical development of research on ‘fracture’ it must 
be evident that any theory of ‘fracture’ sufficiently com- 
prehensive to include all the known facts concerning the 
‘fracture’ behavior of ‘metals’, and to serve as a basis for 
future experimental work, must be a composite conception 
representing the accumulated experiences and ideas of a 
large number of research workers.......... 

“It is, therefore, to be hoped that before long a 
theory of ‘fracture’ broad enough to include a reasonable 
explanation of all the known facts concerning the ‘fracture’ 
behavior of ‘metals’ and not contrary to any known facts 
may be worked out.” 

This paraphrase of Professor Campbell’s remarks emphasizes the 
basic point on which we have been focusing our attention today. The 
need for a concept of multiple fracture strength stems from the fact 
that metals are physical entities and behave as such. The premise 
of absolute homogeneity and isotropy, on which all current theories 
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are based, is contrary to known facts about metals. These theories 
must be broadened to include a reasonable explanation of all facts 
observed by a metallurgist when he looks at fracture. 


ACKNOWLEDGMENT 


I wish to express my sincere gratitude to Robert M. Parke, 
Roland B. Fischer, J. Harry Jackson, Arthur R. Elsea, K. Scott 
Edwards, Samuel L. Case, Samuel E. Hoyt, and Lloyd R. Jackson 
for their help in planning and directing the experimental program, 
for their constructive advice and thoughtful suggestions, and for the 
constant and sympathetic encouragement and criticisms they rendered 
during the preparation of the manuscript. I am greatly indebted to 
a host of others on the Staff of Battelle Institute for their generous 
contributions of data and stimulating discussion which, made the 
preparation of the manuscript possible. To Prof. W. H. Bruckner 
for providing prints of microfractures, I am deeply appreciative. 
Grateful acknowledgment is also made to the Office of Naval Re- 
search for permission to use certain data on molybdenum and to 
Battelle Institute for its generous support of this undertaking. 


References 


1. A. H. Sully, “Metallic Creep and Creep Resistant Alloys” 
Publishers, Inc., 1949, 278 pages, p. 80 


2. L. Prandtl, “Hypothetical Model for the Kinetic Theory of Solid Bodies”, 


Zeitschrift fiir angewandte Mathematik und Mechanik, Vol. 8, 1928, 
p. 85-106. 


Ulrich Dehlinger, “Theory of Recrystallization of Pure Metals” 
der Physik, Vol. 2, 1929, p. 749-793. 


4. G. I. Taylor, “The Mechanism of Plastic Deformation of Crystals”, Pro- 
ceedings, Royal Society, London, Vol. 145, 1934, p. 362-388. 
E. Orowan, “Plasticity of Crystals”, Zeitschrift fiir Physik, Vol. 89, 1934, 
p. 605-659. 
6. M. Polanyi, “Lattice Distortion Which Originates Plastic Flow”, Zeit- 
schrift fiir Physik, Vol. 89, 1934, p. 660-662. 


P. Ludwik, “Elements of Technological Mechanics’, 1909, 57 pages, Julius 
Springer, Berlin. 


C. Zener and J. H. Hollomon, “Effect of Strain Rate on the Plastic Flow 
of Steel”, Journal of Applied Physics, Vol. 15, 1944, p. 22-23. 


A. A. Griffith, “Theory of Rupture’, Proceedings, First International Con- 
gress of Applied Mechanics, Delft, 1924, p. 55. 


10. C. Zener and J. H. Hollomon, “Plastic Flow and Rupture of Metals’, 
TRANSACTIONS, American Society for Metals, Vol. 33, 1944,-p. 163-235. 


. J. A. Ewing and W. Rosenhain, “Crystalline Structure of Metals”, Pro- 
ceedings, Royal Society, Vol. 65, 1899, p. 85-90. 


12. Cyril Wells and ‘Robert F. Mehl, “Transverse Mechanical Properties in 
TRANSACTIONS, American 


, Interscience 


, Annalen 


a 


a | 


Heat Treated Wrought Steel Products”, 
Society for Metals, Vol. 41, 1949, p. 715- 818. 


W. Rosenhain and J. C. W. Humfrey, “The Tenacity, Deformation, and 


Fracture of Soft Steel at High Temperatures”, Journal, Iron and Steel 
Institute, Vol. 87, 1913, p. 219-314. 








ae 


56 


14. 


15. 


16. 


17. 


18. 


19, 


20. 


21. 


22. 


23. 
24. 


25. 


oly 


27. 


28. 


30. 


31. 


TRANSACTIONS OF THE A.S.M. Vol. 44 


R. F. Miller, G. V. Smith and G. L. Kehl, “Influence of Strain Rate on 
Strength and Type of Failure of Carbon-Molybdenum Steel at 850, 
1000, and 1100 °F”, Transactions, American Society for Metals, Vol. 
31, 1943, p. 817-848. 


C. Zener, “Fracturing of Metals”, American Society for Metals, 1948, 311 
pages, Chapter on “The Micro-Mechanism of Fracture”, p. 7 

R. King and Bruce Chalmers, Chapter 3, “Progress in Metal Physics”, 
Vol. 1. Edited by Bruce Chalmers, Interscience Publishers, Inc., 1949, 

. 401 pages. : 

B. Chalmers, “The Influence of the Difference in Orientation of Two 
Crystals on the Mechanical Effect of Their Boundary”, Proceedings, 
Royal Society, Vol. 162, 1937, p. 120-127. 


J. L. M. Morrison, “The Yield of Mild Steel With Particular Reference 
to the Effect of Size of Specimen”, Proceedings, Institute of Mechan- 
ical Engineers, Vol. 142, 1939, p. 193-223. 

W. Boas and R. W. K. Honeycombe, “The Plastic Deformation of Non- 
Cubic Metals by Heating and Cooling”, Proceedings, Royal Society, 
Vol. 186, 1946, p. 57-71. 

W. Boas and R. W. K. Honeycombe, “The Anisotropy of Thermal Expan- 
sion as a Cause of Deformation in Metals and Alloys”, Proceedings, 
Royal Society, Vol. 188, 1947, p. 427-439. 

J. H. Hollomon, “The Problem of Fracture”, A Report of the Welding 
Research Council, American Welding Society, 1946, 92 pages. 

W. H. Bruckner, “The Micro-Mechanism of Fracture in the Tension- 
Impact Test”, Welding Journal, Research Supplement, Vol. 29, 1950, 
p. 467s-476s. : 

C. Zener and J. H. Hollomon, “Plastic Flow and Rupture of Metals”, 
TRANSACTIONS, American Society for Metals, Vol. 33, 1944, p. 163-235. 

J. W. Swift, “Tensional Effects of Torsional Overstrain in Mild Steel’, 
Journal, Iron and Steel Institute, Vol. 139, 1939, p. 191-211. 

M. Gensamer, “Strength of Metals Under Combined Stresses”, American 
Society for Metals, 1941, 106 pages, p. 74-75. 

A. J. Shaler and W. A. Backofen, “The Ductile Fracture of Metals, The 
Tensile Fracture of Copper Prestrained in Torsion”, Technical Report 
No. 1, May 15, 1950, Prepared for Office of Naval Research, Contract 
N54ori-07841, Project No. Nro31-356, Massachusetts Institute of 
Technology. 

C. H. Lorig and A. R. Elsea, “Occurrence of Intergranular Fracture in 
Cast Steels”, Transactions, American Foundrymen’s Society, Vol. 55, 


1947, p. 160-174. 

M. A. Grossmann, “Toughness and Fracture of Hardened Steels”, Trans- 
actions, American Institute of Mining and Metallurgical Engineers, 
Iron and Steel Division, Vol. 167, 1946, p. 39-79. 

G. W. P. Rengstorff and R. B. Fischer, “Cast Molybdenum of High 
Purity”, Battelle Memorial Institute, Manuscript prepared for future 
publication. 

E. Orowan, “Fracture and Strength of Solids”, Reports on Progress in 
Physics, The Physical Society, London, Vol. 12, 1948-49, 382 pages, 
p. 185-232. 

Edward D. Campbell, “A Contribution to the Theory of Hardening and 


the Constitution of Steel”, Journal, Iron and Steel Institute, Vol. 90, 
Part II, 1914, p. 1-16. 





CAST HEAT RESISTANT ALLOYS OF THE 
21% CHROMIUM-9% NICKEL TYPE 


By Howarp S. Avery, CHARLES R. WILKs AND JoHN A. FELLows 


Abstract 


The characteristics of cast 21% chromium — 9% nickel 
(“HF”-type) alloys intended for 1200 to 1600 °F (650 to 
780 °C) service are reported in detail with data covering 
room temperature mechanical properties as-cast and after 
aging at 1400 °F (760 °C); creep and creep-rupture prop- 
erties from 1200 to 1600°F (650 to 780°C); magnetic 
permeability after various thermal treatments; behavior in 
hindered thermal contraction; resistance to oxidation at 
elevated temperatures; hot hardness variation with tem- 
perature ; influences of thermal history on structure; and 
miscellaneous physical properties such as density, melting 
point, modulus of elasticity, and coefficients of thermal 
expansion. 

Comparisons with cast 26% chromium —12% nickel 
(“HH”-type) alloys show superior aged ductility with 
equivalent creep strength and satisfactory oxidation resist- 
ance for 21% chromium—9% nickel up to 1600 °F 
(870 °C). 


ASTINGS with a nominal composition of 21% chromium and 
9% nickel (Alloy Casting Institute designation “HF”) have 
been produced regularly, though in small volume, for years. The 
American Manganese Steel Division of American Brake Shoe Co., 


as one example, listed more than fifteen years ago a specification 
labelled “F-8” as follows: 


Jo C % Mn % Si % Cr % Ni 
0.35 max. 1.00 max. 1.50 max. 20.0-22.0 8.0-10.0 


The midpoint of this occasioned the use of the symbols ‘21-9” 
as a.convenient abbreviation which has persisted even though current 
specifications of chromium: nickel ratios no longer exactly conform. 


For simplicity the term will be used as a contraction in referring to 


this general type of alloy. 

This grade probably would have become more popular as an 
intermediate temperature alloy except for the mistaken assumption 
that its properties were inferior to those of the 26% chromium — 
_ _A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. Of the authors, Howard S. 
Avery is research metallurgist, Charles R. Wilks is metallurgist, and John A. 


Fellows is research metallurgist, American Brake Shoe Co., Mahwah, N. J. 
Manuscript received April 9, 1951. 
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12% nickel (Class “HH”). This undoubtedly arose from an arbi- 
trary postulate that its high temperature strength was similar to that 
of the wrought materials such as AISI Type 304 Stainless. Such low 
carbon alloys, thoroughly investigated throughout a broad tempera- 
ture range (1, 2),’ had been recognized as definitely lower in creep 
strength than cast grades such as 26% chromium-— 12% nickel 
(HH) and 16% chromium — 35% nickel (HT) as shown in Fig. 1. 

A second reason cited in explaining the lack of exploitation for 
intermediate temperature zones (1200 to 1600°F) (650 to 870 °C) 


425 540 650 760 870 980 ‘°C 
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Limiting Creep Stress - 1000 psi 
( for 0.0001%/Hr Min. Rate) 





800 1000 1200 1400 i600 1800 
Temperature -°F 
Fig. 1—Effect of Temperature on the Creep Strength 
of Wrought 18% Chromium — 8% Nickel and of Cast 26% 


Chromium -12% Nickel and 16% Chromium - 35% 
Nickel Alloys. 


was the fear that oil refinery castings, identical in design and appear- 
ance with those made of 26-12, would be misplaced in a high temper- 
ature zone of the furnace. The material was, however, a standard 
item in oil refinery specifications as early as 1938 as shown by the 
M. W. Kellogg Co. requirements listed in Table I. As will be 
shown, the strength levels thus stipulated were far short of the actual 
properties obtainable with appropriate adjustments in composition 
and the general appraisal of the alloy was such that no thorough 
investigation of creep strength had been promoted prior to World 
War II. 

With the scarcity in alloying elements created by the production 
program of the second World War, an active interest was generated 
in all means of conserving these strategic materials, especially by the 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Table | 


M. W. Kellogg Co. Specification 10-38 (As Revised 7-25-38) 
Heat Resisting Castings for Refinery Service 


a 


Grade C 
Chemical g : 4 
Composition: C% Mn% Si% Cr% Ni% N% 
* 0.50 to 1.25 0.25 to 1.75 19.0 to 23.0 7.0 to 10.0 * 
Properties After Aging 1400°F Yield Strength Tensile Strength Elongation in 
(760°C)—24 Hrs.-Furnace Cool psi psi 2 Inches, % 
30,000 min. 70,000 min. 3.0 min, 
Temp. Creep Strength 
_ psi 
Limiting Creep 1200 (650°C) 6,000 
Stresses fora 1300 (705 °C) 3,850 
Strain Rate of 1400 (760°C) 2,500 
0.0001 % per Hr. 1500 (815°C) 2,150 
1600 (870°C) 1,800 





*Carbon and nitrogen to be specified within a 0.10% range by the manufacturer. 


substitution where possible of compositions of intermediate properties 
for the standard commercial grades. As a part of this development 
program the Metallurgical Department of American Brake Shoe Co. 
undertook in 1942 a survey of 21% chromium—9% nickel creep 
strength values. This work was reported in 1945 under National 
Research Council Project 84-A (3) in which certain attractive but 
previously unappreciated aspects of the material were emphasized 
as being of commercial interest. Condensations of these data have 
been incorporated in recent summaries of heat resistant alloy prop- 
erties under the HF designation (2, 14, 15). 

Since that time there has developed a new interest in the alloy 
and additional testing has been completed to outline more fully its 
expected properties. The recurrence of scarcities of strategic mate- 
rials in recent months has given a renewed importance to alloys of 
this type. The old and the new data have, therefore, been sum- 
marized and comparisons have been provided with the properties of 
the better known 26% chromium — 12% nickel grade. 


SELECTION OF COMPOSITIONS 


To survey a chemical analysis range within which six elements 
operate as independent variables may entail the production and test- 
ing of a large number of compositions. Fortunately for the purposes 
of this work previous experience (4) with the 26% chromium — 12% 
nickel alloy had clarified certain of the influences and interactions of 
the several elements. Carbon, nitrogen and nickel stabilize austenite 
and in general contribute to improved creep strength. Chromium 
and silicon may produce ferrite which reduces high temperature 
strength and increases ductility; or they may promote the develop- 
ment of the brittle, undesirable sigma phase, thereby lowering duc- 
tility. Manganese within normal ranges is relatively neutral and is 
not considered a potent factor. 
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The five important elements thus operate together to produce a 
phase formation tendency herein termed the “austenite balance”. If 
this operation is toward one extreme, the austenite, while still the 
dominant phase, may have appreciable quantities of ferrite associated 
with it. If the swing in “balance” is in the other direction, only 
stable austenite and excess carbides are to be expected. In border- 
line compositions, measurements of magnetic permeability are, there- 
fore, valuable in the detection and estimation of the ferrite present 
and thus provide indices of austenite stability in exploring composi- 
tion changes designed for the complete suppression of ferrite. 

Carbon also plays an important role through the fashion in which 
the complex carbides are rejected from the austenite matrix either 
during solidification or as the result of heat treatment. Massive, 
isolated carbides or clusters of nodular carbides distributed in a 
dendritic pattern have relatively little effect on strength or ductility. 
Carbides precipitated as an extremely fine dispersion make an impor- 
tant contribution to creep strength. In many cases, however, the 
excess carbides appear as chains, films or similar configurations fol- 
lowing the austenite grain boundaries. In such instances the lower- 
ing of ductility is marked and, if the segregation is serious, both 
strength and ductility may be drastically reduced. 

With the aid of this background, a knowledge of practical 
foundry chemical limits was employed to define the ranges in compo- 
sition within which the five elements would be skewed to provide 
the maximum swing in properties to be expected. This, as has been 
indicated, was accompanied by combining the maximum carbon, ni- 
trogen and nickel with minimum chromium and silicon for the high 
strength, low hot ductility extreme and conversely the minimum car- 
bon, nitrogen, and nickel with maximum chromium and silicon to 
define the low creep strength, high ductility limit. 

After initial trials of this nature were completed, additional 
heats were added to extend the swing in*composition to bracket what 
appeared to be an optimum range of properties. The total assortment 
of chemical compositions thus selected is recorded in Table II. 


EXPERIMENTAL PROCEDURES 


All experimental heats were melted in induction furnaces from 
virgin materials. Pouring temperatures were specified to provide 
control of grain size. Creep and tensile test bars were cast as l-inch 
diameter headed sections which have been previously described (5). 

Testing followed in general the ASTM procedures. Elevated 
creep and creep-rupture tests conformed generally to practices re- 
ported in 1942 (4, 6). 

The methods employed in determining magnetic permeability 
(4, 6), hindered contraction behavior (4, 5, 7), and hot hardness 
(8, 9), have likewise been defined in the references noted. 
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Table Il 

Experimental Heats Employed in Exploring Creep Strength Pattern for 21% Cr-9% Ni 

Heat Chemical Composition——————-_.. Expected 

No. C% Mn% Si% Cr% Ni% N% Properties 

A-1 0.25 0.96 1.72 22.3 +4 °s) Maximum ductility, minimum 

A-2 0.25 0.85 0.92 21.2 8.7 0.09 creep strength 

B-1 0.28 0.96 1.15 20.8 9.1 0.09 Mid-range strength 

B-2 0.28 0.90 1.13 20.6 9.0 0.09 an 

B-3 0.30 0.86 1.09 19.1 10.4 0.15 ductility 

C-1 0.34 0.92 0.48 19.3 10.5 0.11 Minimum ductility, 

C-2 0.33 0.85 1.08 19.1 10.4 0.14 maximum creep 

C-3 0.33 0.86 1.09 19.1 10.3 0.18 strength 





The thermal expansion data were obtained with the dilatometer 
described by Flinn, Cook and Fellows (10) using a flat 4-inch gage 
length specimen heated in a furnace designed for creep testing. 

The determinations of oxidation rates at 1600 °F (870°C) were 
performed at the laboratories of American Brake Shoe Co. with 1 by 
3g-inch diameter specimens set upright in shallow (approximately 
;3; inch deep) depressions in a refractory brick. These were sub- 
jected to ten 100-hour exposures at 1600 °F (870°C) in an elec- 
trically heated furnace through which air was circulated after satura- 
tion with water vapor at 90 °F (32°C). After each 100-hour period 
the specimens were air-cooled, wire brushed by hand and then 
weighed and measured to determine the extent of metal loss. This 
type of atmosphere was chosen to provide conditions of oxidation 
similar to those employed by Brasunas, Gow and Harder (11). 

Attack by oxidizing furnace gases was appraised at 1940 °F 
(1060 °C) with the exposure of % by 1 by 2-inch blocks to inter- 
mittent heating in an industrial heat treating furnace fired alternately 
with natural gas and with oil. Measurements of dimensions were 
taken at intervals of approximately 1000 hours. Calculations of 
metal loss in inches per year were derived from those periods of 
exposure for-which the ratio of gas to oil firing was essentially 1:1. 


Room TEMPERATURE MECHANICAL PROPERTIES 


As-cast properties have little relationship to service performance 
or to design calculations for heat resistant alloys. Nevertheless they 
are occasionally requested by engineers. The results, therefore, of 
a single test from each heat have been included in Table III. 

One particular intended application of this alloy is in oil refin- 
ery parts for intermediate temperature service to replace 26% chro- 
mium— 12% nickel. As such it must meet a customer specification 
requiring tensile testing after aging for 24 hours at 1400°F (760 
°C). A minimum of 9.0% elongation in this test is normally re- 
quired. It is evident from Table III that this minimum has been 
exceeded by a wide margin. Fig. 2, taken largely from acceptance 
test data from production heats, provides a comparison between 21-9 
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Code: 
We 21% Cr:9% Ni 
26%Cr:12% Ni 


Frequency Within Each Group-Per Cent 





=o] EL ES EB: eS 
29 5O 80 HO 140 I7O 200 230 260 290 320 
49 79 109 139 169 199 229 259 289 319 G&above 
Elongation After Aging -Per Cent 


Fig. 2—Comparison of Tensile Ductility of Production Heats of 21% 
Chromium —- 9% Nickel (123 Heats) and 26% Chromium - 12% Nickel (166 
Heats) After Aging at 1400°F, 24 Hours, Furnace Cool. 


Table Ill 


}} Room Temperature Tensile Properties and Permeability Data 
i Experimental Heats of 21% Cr-9% Ni Alloys 














Magnetic Room Temperature Tensile Properties —— 
Permeability Yield Ult. Tens. Elong. Red. Hard- Heat 
13 Heat ——Composition—. -——(H =24)—. Strength Strength in2In. Area ness Treatment 
No. C% Cr% Ni% AsCast Q.A. psi psi % % BHN °F—Hours—Coo! 
; (a) (b) 
; A-i  ©@.235.. 22.3 7.7 1.60 1.83 47,500 95,000 37.8 26.5 181 As Cast 
40,000 98,500 28.5 25.1 190 , 1400—24—Fce. 
: 42,500 98,250 29.5 26.8 190 1400—24—F ce. 
f A-2 0.25 21.2 8.7 1.036 1.003 41,500 73,250 47.0 39.2 167 As Cast 
52,500 100,250 30.0 30.8 177 1400—24—F ce. 
57,500 99,750 34.5 34.1 177 1400—24—F ce. 
B-1 0.28 20.8 9.1 1.003 1.003 45,000 91,750 39.0 37.9 163 As Cast 
51,500 107,250 25.0 26.8 203 1400—24—F ce. 
55,000 107,500 23.0 22.0 199 1400—24—F ce. 
B-2 0.28 20.6 9.0 1.003 1.003 42,750E 90,500 43.5 35.7 150 As Cast 
46,900E 105,500 at <a.) meee. 396 1500—48—F ce. 
42,900E 100,500 28.5 25.2 179 1700—48—F ce. 
43,500E .- 94,500 21.5 22.3 170 1900—48—F ce. 
B-3 0.30 19.1 10.4 1.003 1.003 39,000E 80,000 40.0 42.8 156 As Cast 
43,500E 97,500 29.5 31.8 196 1400—24—F ce. 
44,000E 100,000 Sit: BRE M7 1400—24—Fce 
C-l 0.34 19.3 10.5 1.003 1.003 49,500 92,750 a.0: sta . wer As Cast 
51,500 100,500 18.0 19.5 210 1400—24—F ce. 
C-2 0.33 19.1 10.4 1.003 1.003 41,500E 80,000 30.5 40.7 163 As Cast 
47,000E 103,000 —.S ii 196 1400—24—F ce. 
47,500E 103,000 22.5 22.3 196 1400—24—F ce. 
C-3 0.33 19.1 10.3 1.003 1.003 44,500E 87,000 2.0 3.3 5 As Cast 
50,500E 108,000 25.5 25.8 207 1400—24—F ce. 
51,500E 109,500 on... aed ane 1400—24—F ce. 


Notes: uench-annealed 2000 °F—24 hours—water quench. . 
RF =0.2% Offset Yield Strengtfi—extensometer. Other yield values by dial arrest. 














CAST HEAT RESISTANT ALLOYS 








Cast Yield Ult. Tens. Elong. Red. Hard- 
- Chemical C omposition Section Strength Strength in2in. Area ness 
Alloy C% Mn% Si% r% Ni%Z NY Size psi psi % % BHN 
Massive Cast Sections 
26Cr-20Ni 0.27 0.68 1.15 26.4 21.6 0.11 5x7x12in. 22,500 47,500 1.5 1.9 161 
21Cr-— 9Ni 0.28 0.74 1.14 19.4 10.7 0.16 5x7x12in. 46,000 69,250 17.0 16.6 163 
,6Cr-20Ni (13 Heats)(7) Standard Cast Test Bar 
Range 0.28 0.50 0.50 24.3 17.9 0.04 os 34,500 71,500 14.0 11.5 143 
0.32 1.0 1.62 28:5 21.7.0.29 71,500 98,500 28.0 30.5 202 
‘ Average 0.31 0.71 1.16 26.5 20.0 0.11 "h 46,600 79,600 19.9 20.5 167 
iCr- 9Ni 0.28 0.74 14 19.4 10.7 0.16 i" 43,500 84,500 35.0 26.5 163 
} and 26-12. The higher average ductility and smaller over-all scatter 
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Table 1V 


Effect of Massive Sections Upon As-Cast Mechanical Properties of 26% Cr-20% Ni 
and 21% Cr-9% Ni Alloys 

















band of the 21-9 are noteworthy. 

The effect of chemical composition upon the austenite balance 
is clearly shown by the increase in magnetic permeability for the low 
carbon, high chromium heats. The ductility of this grade, however, 
is much less sensitive to alloy content than is that of 26-12. While 
the aging treatment does produce carbide precipitation as evidenced 
by decreased elongations and increased hardness values, the aged 
ductility levels are remarkably uniform for the entire range of com- 
positions. The variations thus may be more the result of such varia- 
bles as individual fortuitous carbide patterns than a function of car- 
bon content. 

Another example of favorable carbide behavior in 21-9 is pro- 
vided by the evidence in Table IV of the influence of heavy section 
(and thus a much slower solidification rate) upon mechanical prop- 
erties. An industrial application of 26% chromium — 20% nickel in 
massive castings of 6 by 10-inch cross section had revealed the pres- 
ence of an extremely heavy and continuous carbide network at the 
grain boundaries. This network was duplicated in the experimental 
casting listed, resulting in extreme brittleness in the 26-20. While 
the elongation for 21-9 in the massive casting was one-half that for 
a l-inch section, the ductility value retained was still nearly equiva- 
lent to the level to be expected in 1-inch sections of 26-20. 


ELEVATED TEMPERATURE PROPERTIES 


Detailed results of creep-rupture and standard creep tests at 
1200, 1400, 1600 and (in two instances) 1800°F (650, 760, 870 
and 980°C) are itemized in Table V. The relationships of strain 
rate and fracture time to applied stress are shown graphically for the 
partially ferritic Heat A-1 in Fig. 3. The remaining data (excluding 
Heat A-1 because of low strength below the useful range) have been 
combined to create the composite graph of Fig. 4. The limiting 
creep stress (to produce a creep rate of 0.0001 % per hour) and limit- 
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Applied Stress - 1000 psi 





Chemical Analysis 
No. O% Mn% Si% Cr% Ni% N% 
A-| 025096 172 223 77 0.07 


LO 10 100 1000 10000 100000 Hours 
0.000! 0.00! 0.01 0.1 1.0 lO% Per Hr. 





Fig. 3—Log-Log Plot of Creep Characteristics of Heat No. A-1. 


Applied Stress - 1000 





1.0 10 100 1000 10000 100000 Hours 
0.000! 0.00! OO! Ql 1.0 10% Per Hr. 


4—Composite Plot of Creep Characteristics of 0.25 to 0.35% Carbon, 
ne rei hromium — 9% Nickel Alloys Which Are Substantially Austenitic As-Cast. 


ing rupture stress values for each heat are summarized in Table VI. 

Not all heats have undergone complete testing, since one or two 
were melted to duplicate previously prepared compositions (Heat 
B-2 thus duplicates Heat B-1 in chemical analysis). The maximum 
testing temperature (with two exceptions) has been limited to 1600 
°F (870 °C) because of lowered oxidation resistance for this grade 
above this level. 

It is evident that with-€limination of ferrite a general increase 
in high temperature strength takes place. Conversely the elongation 
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observed after rupture at any given temperature and stress decreases 
abruptly from high values associated with partially ferritic alloys to a 
much lower general level for the stronger compositions. It is of 
interest to note (Table III versus Table V) the increase in mag- 
netism present after creep testing in the borderline alloys, particu- 
larly after exposure to 1200 °F (650 °C). 

The residual room temperature tensile properties determined 
from unfractured creep test specimens have been recorded to indicate 
if the test was close to rupture when terminated. A low value of 
tensile strength and elongation (as for instance for the bar from 
Heat C-1, tested at 1400 °F (760°C) and 6000 psi for 1005 hours 
—Table V) gives strong evidence of structural damage and implies 
that the time to rupture would not have greatly exceeded the actual 
test duration. Such appraisals are of value in estimating whether 
specific extrapolations of fracture-time data to lower applied stresses 
are justified. Where only short-time tests of not over 100 hours 
are concerned, extreme caution should be employed in attempting 
predictions of service life. But when the results of these relatively 
brief tests are supported by data from full-length creep tests, reason- 
able extrapolations may be ventured to estimate safe working stresses 
for the total duration of service desired. It is noteworthy in this 
connection that 21-9, like all other alloys of this general type, may 
not be loaded in service to its limiting creep stress value without 
expecting failure, in this case in approximately 5000 hours (Fig. 4). 
This is not a reflection upon the validity of the creep data but merely 
emphasizes the fact that the “limiting creep stress” is a conventional 
method of appraisal denoting the stress to provide a given strain rate 
of secondary creep. It thus has no implied guarantee of the total 
service life at this stress.*7 To allow an adequate safety factor it has 
therefore been general practice to employ a design stress that is 50% 
of the limiting creep stress. While the margin of safety in terms 
of stress is therefore 2:1, the corresponding safety factor in units of 
rupture time is between 30:1 and 40:1, and for creep rate it varies 
between 100:1 and 200:1 because of the slopes of these respective 
lines on the log-log plot. 

The trend in creep strength with temperature has been plotted 
in Fig. 5 for those compositions of 21-9 that are substantially aus- 
tenitic as-cast. Heat A-1 which contains appreciable ferrite has been 
excluded as too low in strength to be of commercial interest. For 
comparison, representative values of completely austenitic 26-12 have 
been included in the graph. It is evident that up to 1600°F (870 
°C) 21-9 on the average provides slightly higher creep strength than 
the more highly’ alloyed 26-12. Savings in the strategic elements of 
chromium and nickel are thus possible, with no sacrifice in properties 
for the temperature range defined. 

*See also p. 546, fourth paragraph of Reference 7. 
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21% Cr:9%Ni ——} } 








Stress - 1000 psi 


1200 1400 1600 i800 
Temperature - °F. 


Fig. 5—Elevated Temperature Properties of (a) 
Cast 21% Chromium —-9% Nickel Alloys Which Are 
Substantially Austenitic As-Cast, and (b) a Repre- 
sentative Cast, Wholly Austenitic 0.32% Carbon, 
26% Chromium —- 12% Nickel Composition. Plotted 
points represent heats A-2 to C-3 inclusive. 


[rime-tiongtion curve |_| Foeirey 
Temp.: 1600 °F (870°C) ] 
Applied Stress : 4000 psi ] 
: f 


| 
Curve A- Standard Constant Temperature 
Creep Test 


Curve B- Cyclic Temperature Creep Test 
( 6 hours heating, 6 hours at 
temperature, 12 hours Cooling 
to below 200 °F ) 





600 800 
Time in Hours 


1000 1200 


Fig. 6—Effect of Cyclic Temperature Conditions on the Rate of Creep at 
1600°F of Alloy B-2 (0.28% Carbon, 0.90% Manganese, 1.13% Silicon, 20.6% 
Chromium, 9.0% Nickel, 0.09%-"Nitrogen). 
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Table V 
Summary of Creep and Stress-Rupture Data of 21% Cr-9% Ni Alloys 
Magnetic 
Permea- 
bility Residual 
After -~—Room Temp. Properties— 
Creep and Stress-Rupture Data——————_. Creep Tensile 
Temp. Stress Life Min, Rate Elong. Test Strength Elong. R.A. 
°F psi Hrs. % per Hr. % (H =24) psi 0 % 
(a) (b) 
Heat No. A-1 (0.25%C, 0.96% Mn, 1.72% Si, 22.3% Cr, 7.7% Ni, 0.07% N) 
1200 35,000 2.8 4.0 22 
1200 25,000 64.1 0.25 22 
1200 10,000 (1004) 0.00029 (0.54) 3.20 92,375 20.0 20.2 
1400 20,000 3.5 5.8 44 
1400 15,000 21.6+7 1.3 49 
1400 3,000 (1002) 0.00008 (0.10) 3.04 88,850 15.0 14.1 
1600 10,000 4.1+1 6.8 50 
1600 7,000 35.6 0.67 43 
1600 1,500 (1004) 0.00006 (0.13) 2.90 92,250 20.5 18.8 
Heat No. A-2 (0.25% C, 0.85% Mn, 0.92% Si, 21.2% Cr, 8.7% Ni, 0.09% N) 
1000 50,000 173.0 0.0036 19 © 
1200 45,000 2.8 0.88 15.5 
1200 35,000 25.4 0.048 9 
1200 15,000 (1292) 0.00013 (0.52) 1.52 100,500 16.0 7.4 
1400 20,000 6.2 0.78 10 
1400 15,000 37.4 0.13 9 
1400 6,000 (1004) 0.00016 (0.32) 1.39 92,750 15.0 16.1 
1600 10,000 5.4 i.9 15 
1600 8,000 17.6 0.36 10 
1600 3,000 (1003) 0.00008 (0.15) 1.02 87,250 14.0 14.5 
1800 6,000 4.2 3.4 26 
1800 4,000 83.1 0.14 18 
Heat No. B-1 (0.28% C, 0.96% Mn, 1.15% Si, 20.8% Cr, 9.1% Ni, 0.09% N) 
1200 45,000 1.3 0.40 11.5 
1200 35,000 19.1 0.057 5 
1200 25,000 825.0 0.0009 4 
1200 15,000 (1004) 0.00011 (1.0) 1,23 97,000 12.0 14,2 
1400 20,000 7.8 0.46 5.5 
1400 15,000 63.9 0.053 6 
1400 10,000 1054.0 0.00078 2 
1400 8,000 (1845) 0.00014 (0.45) Not Obtained 
1400 6,000 (1003) 0.00008 (0.14) Ray 106,750 20.0 18.4 
1600 12,000 2.8 2.34 21 
1600 8,000 46.0 06.069 7 
1600 3,000 (1003) 0.000046 (0.10) 1.003 88,250 10.0 8.1 
Heat No. B-2 (0.28% C, 0.90% Mn, 1.13% Si, 20.6% Cr, 9.0% Ni, 0.09% N) 
1600 4,000 (1082) 0.00019 (0.37) 1.003 Not Obtained 
1600 4,000 1222.0 0.00086 4 1.009 6-6-12 Cyclic Test (c) 





Notes: (a) Times in parentheses indicate duration of creep tests not run to fracture. 


(b) Elongations in parentheses indicate total plastic deformation in creep test when 
discontinued. 


(c) Cyclic test: 6 hours heating to 1600°F, 6 hours at 1600°F, 12 hours cooling to 
below 200°F. Creep rate calculated on clock time, not time at 1600°F only. 


Cycitic TEMPERATURE EFFECTS 


It has long been known (6, 12) that fluctuations in temperature 
during a creep test may promote an acceleration of the strain rate. 
This behavior in 21-9 at 1600 °F (870°C) is illustrated in Fig. 6. 
In this instance the Stage II cyclic temperature creep rate was over 
four times greater, even though the total time at temperature was 
one-fourth that for the constant temperature test. Comparison with 
Fig. 4 suggests that the fracture time may have been shortened to 
nearly one-third by the influence of the temperature cycle (since the 
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Table V—(Continued) 
Summary of Creep and Stress-Rupture Data of 21% Cr-9% Ni Alloys 


Magnetic 
Permea- 
bility Residual 
After -—Room Temp. Properties— 
Creep and Stress-Rupture Data—————-. Creep ensile 
Temp. Stress Life Min. Rate Elong. Test Strength Elong. R.A. 
°F psi Hrs. % per Hr. % (H =24) psi % % 
(a) (b) 
Heat No. B-3 (0.30% C, 0.86% Mn, 1.09% Si, 19.1% Cr, 10.4% Ni, 0.15% N) 
1200 35,000 12.6 0.039 5 
1400 20,000 6.9 0.48 8 
1400 15,000 45.4 0.027 3 
1400 7,000 1628.0 0.00018 <1 1.0035 
Heat No. C-1 (0.34% C, 0.92% Mn, 0.48% Si, 19.3% Cr, 10.5% Ni, 0.11% N) 
1200 45,000 0.6 1.45 10 
1200 35,000 14.2 0.033 5.5 
1200 25,000 381 +22 0.0017 3 
1200 15,000 (1001) 0.00013 (0.32) 1.03 90,000 5.0 8.2 
1400 20,000 6.4 0.33 3.5 
1400 15,000 @ 29.8 0.042 25 
1400 10,000 338.0 0.002 1 
1400 8,000 1077.0 0.00036 0.5 
1400 6,000 (1005) 0.000096 (0.20) 1.003 38,000 2.0 1.1 
1600 12,000 woo 0.59 7 
1600 8,000 32.5 0.12 13 
1600 3, (1001) 0.00010 (0.18) 1.01 77,750 6.5 10.6 
Heat No, C-2 (0.33% C, 9.85% Mn, 1.08% Si, 19.1% Cr, 10.4% Ni, 0.14% N) 
1200 35,000 18.3 0.02 4,3 
1400 20,000 11.5 0.26 6 
1400 15,000 72.8 0.017 3 
1400 7,000 (2177) 0.000058 (0.40) 1.003 Not Obtained 
1600 8,000 46.7 0.032 5 
1600 4,000 1045.0 0.00015 
Heat No. C-3 (0.33% C, 0.86% Mn, 1.09% Si, 19.1% Cr, 10.3% Ni, 0.18% N) 
1200 45,000 a.8 0.085 10 
1200 35,000 71.8 0.0084 5 
1200 20,000 (2953) 0.00009 (0.61) 1.030 Not Obtained 
1400 20,000 26.5 0.09 5 
1400 15,000 149.0 0.0076 3 
1400 8,000 (1553) 0.00012 (0.49) 1.003 Not Obtained 
1400 6,000 4462.0 0.000026 <1 1.006 
1600 12,000 7.1 0.66 10 
1600 8,000 71.0 0.027 5 
1600 4,000 1361.0 0 


“00015 <1 1.003 


strain rate of the standard test lies on the upper edge of the scatter 
band, implying a normal life of approximately 3600 hours at this 
load ). 

Explorations of this effect in other cast austenitic grades suggest 
that this acceleration of creep rate is most pronounced at high tem- 
peratures such as 1800°F (980°C) or above and is minimized as 
the temperature is decreased toward 1200°F (650°C). On this 
basis the probable effect on 21-9 in service at temperatures averaging 
1400 °F (760 °C) should be relatively small. 

This behavior has on occasion been attributed to spheroidization 
of fine carbides as an outcome of the temperature cycle. Compari- 
sons of the structures up to & 1500 suggest that such changes if in 
actual operation apply to submicroscopic particle sizes. Such a 
behavior might be expected, 4rowever, from considerations of precipi- 
tation and overaging mechanisms in other alloy types. 
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Table VI 
Summary of Creep and Rupture Properties of 21% Cr-9% Ni Alloys 
Limiting 
As-Cast Creep Stress 
Magnetic (for 0.0001 ~ -—Limiting Rupture Stress (psi)——~ 
-——Composition—. Permeability Temp. per Hr. Min. te) for Fracture in 
C%H r% Ni% (H =24) °F psi 10 Hours 100 Hours 1000 Hours 
0.2822 2 77 1.60 1200 8,800 30,500 24,000 
1400 3,100 17,000 11,500 
1600 1,650 8,600 ’ 
6:33 > (21.2 8.7 1.036 1200 14,500 38,000 30,000 
1400 5,600 18,500 13,000 
1600 3,050 8,900 5,800 
0.28 20.8 9.1 1.003 1200 14,500 37,000 30,000 24,500 
1400 7,000 19,500 14,000 10,000 
1600 3,300 10,000 7,200 
0.28 20.6 9.0 1.003 1200 
1400 
1600 3,600 
0.30 19.1 10.4 1.003 1200 
1400 6,500 19,500 12,500 7,800 
1600 
0.34 19.3 10.5 1.003 1200 14,500 36,000 28,500 23,000 
‘ 1400 6,500 18,500 12,500 8,100 
1600 3,000 10,500 6,200 
0.33 19.1 10.4 1.003 1200 
1400 7,500 20,500 14,000 
1600 3,800 11,500 6,800 4,050 
0.33 i9.1 °° Bes 1.003 1200 20,500 41,000 34,000 
1400 7,600 23,000 16,000 8,800 
1600 3,800 12,000 7,000 4,250 


HINDERED THERMAL CONTRACTION CHARACTERISTICS 


Previous publications (4, 5, 7) have discussed the importance 
of thermal gradients in imposing localized and severe stresses in 
service. The magnitude of these stresses will depend upon a num- 
ber of factors which include: 

(a) Modulus of Elasticity—This determines how much 
stress accompanies a given quantity of expansion or contraction 
demanded by the temperature differential. 

(b) Thermal Conductivity—When this is low, the slow 
transfer of heat permits thermal gradients to build up rapidly 
before they have had time to equalize. 

(c) Thermal Expansion—This may involve difficulties 
where interlocked parts of different alloys possess different 
expansion rates for the same temperature difference; it may 
also create a dangerously high stress in a given material where 
another substitute alloy with less expansion might avoid it. 

Under severe conditions of heat interchange, the thermal stresses 
arising out of all these factors will often be great enough to produce 
plastic flow, either. between interlocked parts or (fully as frequently ) 
within the part itself. When this occurs in service the only safety 
factor lies in the inherent ductility of the material at the temperature 
involved. If the alloy can undergo appreciable tensile elongation 
without damage, the safety factor will be high; but if a modest 
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Fig. 7—Typical Plot of Hindered Contraction 
Stresses on Cooling From 1800°F for 21% Chromium —- 
9% Nickel Alloy. 
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Table VII 
Hindered Contraction Test Summary 
Heat ——Composition—— -—Stress (psi) ars, at Temperature by Cooling From 1800°F——~ Total 
No. C% r% Ni% os 1600°F 1400°F 1000°F 800°F 600°F 400°F 200°F EL,% 
a 
A-1 0.25 22.3 a. 1 17,000 26,000 34,000 42.000 49,000 55,000 63,000 8.0 
2 13,000 22,000 35,000 46,000 54,000 62,000 68,000 75,000 22.0 
3 12,000 25.000 38,000 55,000 64,000 72,000 77,000 86.000 38.0 
4 12,000 24,000 37,000 52,000 64,000 73,000 82,000 90,000 55.0 
5 10,000 30,000 44,000 57,000 68,000 Broke at550°F 68.0 
A-2 0.25 21.2 8.7 1 12,000 24,000 34,000 43,000 51,000 58,000 65,000 72,000 14.0 
2 12,000 28,000 40,000 51,000 60,000 68,000 74,000 88,000 27.0 
3 12,000 28,000 42,000 53,000 62,000 70,000 Broke at520°F 41.0 
B-1 0.28 20.8 9.1 1 13,000 24,000 38,000 48,000 56,000 63,000 68,000 77,000 16.0 
2 16,000 24,000 36,000 Broke at 1100 °F + Ps oe at 24.0 
C-1 0.34 19.3 10.5 i 19,000 32,000 43,000 52,000 61,000 68,000 78,000 9.0 
pa 2 24,000 37,000 48,000 57,000 65,000 73,000 Broke 29.0 


(a) Stress removed at the end of each hindered contraction cooling cycle, bar reheated to 1800°F, and test 


amount of plastic deformation will induce an early failure, the pos- 
session of high creep strength will not provide protection, since 
thermal stresses are not easy to predict and can readily introduce a 


condition of definite overloading regardless of care in design. 


The hindered contractiofi test (4, 5, 7) provides a means of 
appraising possible thermal stress levels over a wide range of tem- 


IOS ACME EAN MEI: 0 ga a a ce 


i ii NMEA 92. SAR a 


sh AABN 8 a IR a 








1952 CAST HEAT RESISTANT ALLOYS 71 
peratures as well as a qualitative estimate of the available hot ductility 
from the number of test runs before fracture. It is conducted by 
heating a specimen 16 inches long by 7% inch diameter with a 1-inch 
long by 0.505-inch diameter gage length to a high temperature, using 
conventional hot tensile test equipment. The sample is then lightly 
loaded to remove any slack in the system and is then slowly cooled. 
The unrelieved stress characteristic of the brief sojourn at each tem- 
perature during the cooling period appears on the load indicator of 
the tensile machine. A typical curve of this hindered contraction 
stress versus temperature is given in Fig. 7. Table VII contains 
a summary of the stress-temperature patterns obtained for four of the 
heats of Table II. In each case the test runs were repeated until 
fracture of the sample occurred. A marked difference in total elon- 
gation is evident, with a weak A-1 alloy exhibiting more than twice 
that of the strongest compositions having approximately twice the 
creep strength. This suggests that for applications for which thermal 
stresses are more critical than design stresses, a weak but highly 
ductile alloy may perform to advantage over compositions having 
superior creep strength but less favorable plasticity. 


OXIDATION RESISTANCE 


Industrial experience has approximately defined 1600°F (870 
°C) as the upper limit of adequate oxidation resistance of these 
alloys. Where attack by moist air alone is involved, there is labora- 
tory evidence (Table VIII) that satisfactory corrosion rates (not 
greater than 0.10 inch per year) may apply at appreciably higher 
temperatures. In flue gas atmospheres, however, the rate of metal 
loss may be very rapid from 21-9 at these same temperature levels. 
The sample from Heat C-1 in Table VIII, for example, was com- 
pletely oxidized after 1320 hours at 1940°F (1060°C). The be- 
havior in this. respect is apparently. quite sensitive to chromium con- 
tent, since at a somewhat higher level (22.3% versus 19.3% chro- 
mium) the sample from A-1 at the end of 6213 hours had undergone 
a total surface metal loss of 0.193 inch. This is still an unsatisfac- 
tory oxidation rate but nevertheless is less than 15% of the rate of 
attack on the lower chromium composition. 


PHYSICAL AND MISCELLANEOUS PROPERTIES 


Magnetic Permeability—These alloys are substantially nonmag- 
netic except for the low-strength extreme. Heat A-1 thus exhibits 
appreciable magnetism in all conditions (Tables III and V). Pro- 
longed exposure’ at red heat does, however, develop a small but 
detectable quantity of ferrite in even the strongest alloys of the group. 
This behavior is most marked at 1200 °F (650°C), decreases with 
increasing temperature and is essentially absent at 1600 °F (870°C). 
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Table VIII 
Comparative Oxidation Rates for Air Corrosion of Chromium-Nickel Alloys 


Calculated Corrosion Rates, Inches per Year 











1600 °F 1800 °F 1940°F 2000°F 2200°F 
Alloy -Composition—. for for for 1000 Hrs.————.._ Var. for for 
Symbol C% Cr% Ni% 100Hrs. 100Hrs. Cont. Int.* Int.&T.* Times 100Hrs. 100 Hrs. 
Alloy.Casting Institute Data (10) 
C-77 0.45 15.7 8.2 0.050 0.499 Ree: spi i as OS J aaet eS As FF eae eee 
C-78 0.46 15.8 12.0 0.006 0.222 Rimee 44 kas. Read (ims © dex ees OF? de 
C-15 0.45 16.0 36.4 0.004 0.010 0.007 SR oo Siete os BO LRRD s aes 0.080 0.172 
C-22 0.48 16.2 35.5 0.006 AND «digits. | teeth) [A shee ais oe ae oe 0.044 0.136 
C-82 0.45 21.1 8.2 0.005 0.073 aS a ae NS wees 0.093 0.083 
, C-83 0.47 20.8 12.1 0.004 0.040 Gee. ee ea. SD he cea VS ie, Sah 0.077 0.061 
C-21 0.33 26.0 11.5 0.014 Die as Soe oo paves oewees Side des. 0.051 0.053 
C-26 0.44 26.2 11.6 0.003 eee” Wade Sees 2) fein « BLL s Cae 0.036 0.043 
C-88 0.47 25.6 12.1 0.004 0.017 Wee fk Asa es). ES Loe 0.053 0.055 
American Brake Shoe Data 
X-1 A FE Sg ae ee ole er 0. 210(a) lia a ae 
X-2 ae ee 8 ee rr re oe a es OP Oe ei ee tS. 
for 
1000 Hrs. 
Int.&WBt 
A-l S25. 22.3 7.7 Be on ot ND a ee ake eg 
| A-2 @.25 21.2 8.7 eS ot cc Rae eee Orne» ore See gt Oe pene > eee oe 
} B-1 0.28 20.8 9.1 I 8 ic inc aera drew Bene eke 007 Fi eeeadis 0"! 0760 66) Lt ea vd 
t B-2 0.28 20.6 9.0 << Woe eee ea enemy) e Sa ME gee kg er Te oe we 
C-1 0.34 19.3 10.5 Oui to Ph tee wes ore ee ERS. a <7 | Stan 1.75(d) Cacti t.. 
x Cie ae. eee tees s ea (oe. Sie Oot. seed ET er ee. , 
X-4 Di ee ee 606 vk se es ee Ree che’ “eke 0.095(a) Stee 5 es oe 
(a) Exposure time = 8100 hours. 
ey Exposure time =5150 hours. “{ Int. = Interrupted every 24 hours. 
c) Exposure time =6213 hours. Int.&T =Interrupted every 24 hours plus tumbled. 
(d) Exposure time <1320 hours. tint.&WB =Interrupted and wire brushed every 100 hours. 


tee 


Density—An average value for the density of 21-9 is 0.280 
pounds per cubic inch. 

Melting Point—Optical readings calibrated to give true tempera- 
tures assuming a 0.4 emissivity provide a range of values from 2660 
to 2730 °F (1460 to 1500°C). This spread may result in part from 
the swing in composition within the foundry specification but stems 
principally from the experimental errors inherent in readings that 
are necessarily hasty. 

Modulus of Elasticity—Table IX lists representative values of 
Young’s Modulus for various temperatures. There does not appear 
to be any over-all consistent trend with composition. 

Thermal Expansion—Typical coefficients of expansion for aus- 
tenitic 21-9 have been calculated for various temperature intervals 
based on the dilation curve of Fig. 8. Separate curves for heating 
and cooling have not been shown, since they are identical for alloys 
of this sort. 

Hot Hardness—Where concentrated loading at elevated temper- 
atures is involved, the question of localized indentation may be of 
special interest. Relative performances of this nature versus the aus- 
tenite balance may be gleaned from the hot hardness values of Table 
X. As would be expected, there is little trend with composition at 
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temperatures below red heat, the variations present being due in all 
probability to small effects of grain size. 


°C 205 425 650 


870 1095 





Expansion - Per Cent 


sellin 





¢ Heat - Chemical Anal sis 
No C% Mn% Si% Gr% Ni% N% 

B-| 0.28096 1.15 208 3&1 
0 400 800 1200 


Temperature - °F 


i600 2000 


Fig. 8—Thermal Expansion Characteristics of 


Cast 21% Chromium -9% Nickel. 





(Even with good control 


Average Thermal 


Temperature Expansion Coefficient 
Range— °F Inches per Inch per °F 
80 to 1200 0.0000101 
80 to 1400 0.0000103 
80 to 1600 0 .0000104 
80 to 1800 0.0000109 
80 to 2000 0.0000109 

1200 to 1600 0.0000113 





Table 1X 
Elastic Modulus 


Room Temperature 
(From Stress-Strain Curves Obtained on Tensile Tests) 














Heat* Elastic Modulus (psi) 

No. As Cast Aged 1400°F—24 Hours—F.C. 

B-2 25.1 XK 106 

B-3 25.8 X 10° 27.4 X 108 

C-2 24.7 X 106 27.3 X 106 

C-3 21.4 X 10° 27.9 X 10° 

Average 24.3 X 108 27.5 XK 108 
Elevated Temperatures 
(From Elastic Recovery After-Creep Testing) 

Heat* ————————Elastic Modulus (psi) aN 
No. 1200 °F 1400 °F 1600 °F 
A-1 14.7 X 10° 14.9 X 10° 10.7 X 10° 
A-2 16.7 X 106 14.2 X 10° 14.3 X 10° 
B-1 18.3 X 10° 16.0 X 10° 13.1 X 10° 
B-2 16.7 X 108 
C-1 18.6 X 10° 19.3 X 10° 15.7 X 10® 
C-2 15.2 XK 10° 
C-3 16.3 X 10° 15.0 X 10° 

Average 16.9 X 108 15.8 X 10° 14.1 X 108 


*See Table V for analyses and creep test details. 
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of pouring temperature, austenitic grain size of cast alloys cannot be 
held to a rigid aim point.) At the higher temperatures the preva- 
lence of creep influences the degree of penetration and, therefore, 
the determination of behavior with duration of loading (9) has been 
made a standard practice to provide a more complete understanding 
of hot hardness. 

W eldability—The alloys of the 21-9 class possess commercial 
weldability. 

Machinability—This grade exhibits machinability which is com- 
parable with the other austenitic heat resistant alloys. 


METALLOGRAPHY 


The matrix of these alloys is austenite. Complex chromium- 
iron carbides, ferrite, the sigma phase, a lamellar constituent, and 
nonmetallic inclusions are also present under appropriate conditions. 
The composition with maximum austenite stability (Heat C-3) ex- 
hibits only austenite, carbides and the lamellar constituent (Item d of 
Figs. 9 and 10). The lamellae, also illustrated in Fig. llc, are not 
positively identified. Their presence is associated with nitrogen 
contents on the high side, they are nonmagnetic, and they are stained 
by a hot alkaline K3Fe Cyg solution (Murikami’s reagent). The 
hypothesis that they are composed of alternate plates of austenite 
and a complex carbo-nitride seems possible. 

The ferritic extreme of the alloys under discussion (Heat A-1) 
displays austenite, ferrite, sigma and carbides (Item a of Figs. 9 to 
11). The ferrite has been positively identified by magnetic analysis 
(13). Sigma is recognized with less assurance, but its metallographic 
characteristics, its nonmagnetism and its brittleness (Fig. 11b) sup- 
port its tentative identification. 

The carbides present in varying degrees in all specimens are of 
three general types: grain boundary chains (Figs. 9 and 10) ; island 
clusters with or without ferrite (Figs. 10d and 1la) ; and finely dis- 
persed precipitates (Figs. 10c and 10d). 

The effects of time at temperature in causing the formation of 
ferrite from austenite (Fig. 9a) and in precipitating and agglomerat- 
ing carbides in strongly austenitic types (Fig. 10d) are easily recog- 
nized. 


APPLICATIONS 


It is worthy of emphasis that the 21-9 alloy is particularly suit- 
able for service in the range of 1200 to 1600 °F (650 to 870°C). Up 
to 1200 °F (650°C) the ferritic steels and heat resistant cast irons 
are widely applied. But at temperatures above red heat these mate- 
rials lose strength rapidly and the close proximity to their transfor- 
mation ranges is equally undesirable. To avoid the latter complica- 
tion an austenitic alloy is advantageous. 
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Fig. 9—Structures After Creep Testing at 1200°F (650°C). Etchants: 1:1 HCl plus 
hot alkaline KsFeCys. X 250. 


(a)—Heat A-1, after 1004 hours under 10,000 psi. (b)— 
Heat A-2, after 1292 hours under 15,000 psi. (c)—Heat B-1, after 1004 hours under 15,000 
. (d)—Heat C-3, after 2953 hours under 20,000 psi. 
oO 


Heats A-1 (a) and A-2 (b), with 
w austenite balances, show clearly increased ferrite in comparison with as-cast condition. 


This is confirmed by magnetic data. Substantially austenitic alloys—Heat B-1 (c) and 


Heat C-3 (d)—show characteristic carbide precipitation which provides marked strength- 
ening at elevated temperatures. 
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Fig. 10—Structures After Creep Testing at 1600°F (870°C) of Cast 21% Chromium — 
9% Nickel Alloys. Etchants: 1:1 HCl plus hot alkaline KsFeCys. X 250. (a)—Heat 
A-1, after 1004 hours under 1500 psi. (b)—Heat A-2, after 1003 hours under 3000 psi. 
(c)—Heat B-1, after 1003 hours under 3000 psi. (d)—Heat C-3, after 1361 hours under 
4000 psi. A still coarser carbide precipitate characterizes these structures, as compared 
with those obtained at 1200 and 1400°F. 
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Fig. 11—Structures of 21% Chromium —-9% Nickel Alloys at High Magnification to 
Show Nature of (a) Ferrite-Sigma-Carbide Island in A-1 as-Cast; (b) Ferrite-Sigma-Carbide 
Island in A-1 After Creep Testing at 1400°F, 3000 Psi, for 1002 Hours (note cracks in sigma); 
(c) Lamellar Area in C-1 After Creep Testing at 1200°F, 15,000 Psi, for 1001 Hours. 
Etchants: 1:1 HCl! plus hot alkaline KsFeCys.. XX 1000. 


The two cast austenitic grades most commonly used to date in 
this range, 26% chromium — 12% nickel and 16% chromium — 35% 
nickel, have two disadvantages: the 26-12, although excellent in 
strength and ductility at 1800 °F (980°C) or higher, unfortunately 
has a tendency to embrittle by carbide precipitation at 1400 °F 
(760° C) ; and 16-35 is an expensive alloy for intermediate tempera- 
tures because of the costly nickel content. 21-9 is, therefore, a most 
appropriate substitute because of its greater ductility, its insensitivity 
to carbide embrittlement and its excellent creep strength. 


f 





a 
4 
f 
ra 


EF 


# 
M 
x 
oS 

K 





1952 CAST HEAT RESISTANT ALLOYS 79 


At lower temperatures its strength and ductility render it an 
attractive alloy for applications requiring machinable nonmagnetic 
materials. It is not recommended primarily for corrosion resistance 
because its higher carbon content renders it more susceptible to inter- 
granular acid attack than the low carbon 18% chromium — 8% nickel 
grades. 
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DISCUSSION 


Written Discussion: By J. H. Jackson, Battelle Memorial Institute, 
Columbus, Ohio. 

The authors of this paper are to be congratulated for its timeliness. 
Never in the history of the high alloy industry or of the country has 
there been a greater need for the development of materials which will 
conserve our scarce supplies of critical elements. 

The American Brake Shoe Company has not been alone in its efforts 
to develop the 21% chromium —- 9% nickel alloy. The Alloy Casting Insti- 
tute, representing 28 producers of high alloy castings, has sponsored re- 
search on the HF type (ACI 21-9 designation) with other iron—nickel- 
chromium-base alloys for almost fifteen years at Battelle Memorial Insti- 
tute. During the past eighteen months, a concentrated effort has been 
directed toward determining detailed properties of the HF alloy. The 
complete results of this research will be published as soon as they are 
available. Meanwhile, data already on hand support and complement the 
paper just read. 

The purpose of this discussion is to direct additional attention to 
the outstanding ductility of the HF alloy. The authors show the high 
ductility of their alloys as cast, and also after various heat treatments, 
in Table III of the paper. Elongation data collected on HF alloys during 
the ACI program at Battelle duplicaté the results shown for the American 
Brake Shoe work. Tests conducted on as-cast material and after aging 
treatments of 24 and 48 hours at 1400°F have shown the HF alloy to be 
more ductile than the HH (25% Cr-12% Ni) alloy at the intermediate 
temperatures. 

The life of a heat-resistant casting at elevated temperature is, in 
many applications, determined by its ability to withstand hot cracking or 
distortion. To evaluate these characteristics in various alloys, a thermal 
fatigue test has been developed at Battelle Memorial Institute during the 
Alloy Casting Institute research. The development of the test technique 
and apparatus have been described by Avery® and Jackson.‘ Briefly, the 
test involves repeated heating of a disk-like specimen over a gas flame, 
then quenching by means of a jet of water. The flame impinges on the 
center of the specimen, and heating and expansion are greatest at that 


SH. S. Avery and C. R. Wilks, “Alloy Casting Institute Thermal-Fatigue Testing”’, 
Alloy Casting Bulletin No. 14, May 1950. 

‘J. H. . i “The Occurrenee of the Sigma Phase and Its Effect on Certain Prop- 
erties of Cast Fe-Ni-Cr Alloys”, American Society for Testing Materials, Special Technical 
Publication No. 110, 1951, p. 100-118. 





1952 DISCUSSION—CAST HEAT RESISTANT ALLOYS 81 





Fig. 12—-Thermal Fatigue Specimen. 
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Fig. 13—Schematic Diagram of Thermal Fatigue Furnace. 


point; therefore, tensile stresses are set up in the periphery of the speci- 


men. Stress raisers in the form of holes are drilled on the radius of the 
specimen as shown in Fig. 12. 


The thermal fatigue specimens are mounted in pairs in a test appa- 
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ratus, sketched in Fig. 13. A _ g#s-inch diameter hole drilled halfway 
through the specimen from the top accommodates a control thermocouple 
which is connected to a recorder controller. When the temperature of 
the specimen reaches the desired maximum test temperature (generally 
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Fig. 14—Data From Thermal Fatigue Tests Conducted at 
1600 °F on Alloys in the As-Cast Condition. 
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Fig. 15—Data From Thermal Fa- 
tigue Tests Conducted at 1400 °F. 


either 1400 or 1600 °F) the controller operates a solenoid air valve to shut 
off the air supply to the flame. When the temperature falls below the 
maximum test temperature, the air supply is started again. In this way, 
the temperature of the specimen is held at the maximum test temperature, 
+0, and —20°F. It takes about 5 minutes for the specimen to reach the 
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maximum test temperature. Since the specimen is held over the flame for 
approximately 10 minutes, its time at temperature is about 5 minutes. 
The time the specimen is over the flame is governed by a ratio motor 
connected to an air-cylinder reversing mechanism. 

After about 10 minutes, the specimens are interchanged and the one 
which has been heated is quenched by a jet of water which impinges on 
its bottom at the same place as did the flame. The specimen is cooled to 
about room temperature in slightly less than 2 minutes and remains at 
room temperature for about 8 minutes. 

The distribution of stresses in the specimen during heating and cool- 
ing is such that the specimen buckles or dishes as the test progresses. 
The specimens fail by cracking or by deforming to such an extent that 
they interfere with the operation of the machine. 

Fig. 14 indicates the performance of the HF alloy at a maximum test 
temperature of 1600 °F (780°C) in the thermal fatigue test. A comparison 
is made with other popular heat-resistant alloys. The thermal fatigue 
resistance of the HF alloy is compared with that of the HT alloy at a 
maximum test temperature of 1400°F (760°C) in Fig. 15. There is little 
doubt of the superior resistance of the HF alloy to the severe thermal 
cycling of this test. Experience gained in applying the results of this test 
to field service suggests that the HF alloy will even surpass other strong 
heat-resistant alloys in thermal fatigue resistance. 

Written Discussion: By R. D. Wylie, metallurgist, Works Control 
Laboratory, Babcock & Wilcox Co., Barberton, Ohio. 

The authors are to be congratulated on their thorough investigation 
of the ASTM A-297 Grade HF Alloy. It is certainly refreshing to see a 


published paper where enough stress-rupture and creep tests have been. 


run to establish scatter bands of data such as illustrated in Fig. 4. 

For the past few years the Barberton Works Control Laboratory of 
the Babcock & Wilcox Company has been conducting similar tests on this 
material and has obtained substantially the same results as the authors. 
Our creep and rupture data are shown in Table XI. We, too, have no- 


Table XI 
Summary of Mechanical Properties of ASTM A-297-HF Alloy (B&W-601) 





Room Temperature Tensile Strength Tensile Strength % Elongation 
As cast 82,620— 92,500 26.0—42.5 
Aged 1400 °F—24 hr.—FC 96,250—-112,500 16.5—24.0 
Short-Time High Temperature Tensile Strength 
1400 °F 38,500 20.0 
1600 “F 21,570 19.8 
Stress-Rupture Strength 100 Hr. 1000 Hr. 10,000 Hr. 
1400 °F 13,500—-18,000 9,500—11,800 .6,500—8,000 
1600 °F 7,000— 9,000 4,600— 5,500 3,000—3,600 
Stress to Produce a Second-Stage Creep Rate 0.0001%/Hr. 0.00001% /Hr. 
of 0.0001 % /hr. and 0.00001%/hr. at 1400 °F 7,600—9,000 psi 4,250—5,900 psi 





ticed that the alloy has better retained ductility after heating at 1400 °F 


(760 °C) for 24 hours than does the 25% Cr-12% Ni alloy (ACI Type HH) 
at the same carbon and nitrogen level. 


Our investigation shows that the difference probably lies in the rate 
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Fig. 16—Photomicrographs Showing Carbide Structure of 25% Chromium — 12% 
Nickel After Heating at 1400 °F. Oxalic acid electrolytic etch. 100. (a)—As cast; 
(b)—Heated at 1400 °F, 24 hours, furnace-cooled; (c)—-Stress-rupture coupon, 1400 °F, 
8000 psi, 1292 hours. 


of carbon rejection from the austenite between the 21% Cr-9% Ni and 
the 25% Cr-12% Ni compositions. Two sets of photomicrographs are 
shown in Figs. 16 and 17. Fig. 16a shows a 25% Cr-12% Ni alloy mate- 
rial as cast. Notice the presence of some primary carbides in the micro- 
structure. Fig. 16b is this material after 24 hours at 1400°F (760°C). 
Here there is very heavy carbide precipitation which resulted in a tensile 
elongation figure of 8%. The photomicrograph in Fig. 16c represents the 
structure of a stress-rupture coupon tested at 1400°F (760°C) for a total 
of 1292 hours at 8000 psi. The condition of the precipitated carbide sug- 
gests that 25% Cr-12% Ni reaches the point of minimum ductility at 
about 24 hours. 

On. the other hand, photomicrographs of the 21% Cr-9% Ni alloy’in 
Fig. 17 show that as cast there is very little primary carbide. Fig. 17b 
shows this alloy after 1400°F (760°C) for 24 hours. Notice that a few 
more carbides have precipitated. This specimen had 17% elongation in 
the tensile test. Fig. 17c shows a stress-rupture coupon tested at 1400 °F 
(760 °C) for 954 hours at a stress of 10,000 psi. Certainly more carbide 
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Fig. 17—-Photomicrographs Showing Carbide Structure of 21% Chromium — 9% 
Nickel, After Heating at 1400°F. Oxalic acid electrolytic etch. XX 100. (a)—As cast; 


(b)—Heated 1400°F, 24 hours, furnace-cooled; (c)—Stress-rupture coupon, 1400 °F, 
10,000 psi, 954 hours. 


has been rejected after this test, which would indicate a much lower aged 
ductility. For this reason, I believe that the authors are not entirely 
justified in making the comment that 21% Cr-9% Ni has very much 
superior aged ductility than 25% Cr-—12% Ni at 1400°F. While it is 
true that the elongation is higher and more uniform than 25% Cr-12% Ni 
after only 24 hours at 1400 °F, this time period is not at all representative 
of service life, particularly in the 21% Cr-—9% Ni alloy. It is far more 
representative of the maximum embrittlement of totally austenitic 25% 
Cr—12% Ni to be expected at 1400 °F. 

In the end, service criteria are the best judge of casting quality for 
an intended application. After many, many years the 25% Cr-12% Ni 
alloy has been provén satisfactory for most applications at temperatures 
from 1200 to 1900 °F .(650 to 1040°C). In spite of this we welcome the 
use of the HF alloy at temperatures between 1200 and 1600°F (650 and 
870 °C), not because of the ductility or strength, but because of the lower 


average alloy content in these days when conservation is so vitally 
important. 
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Written Discussion: By T. V. Simpkinson, physical metallurgist, 
Physical Metallurgy Division, Department of Mines and Technical Sur- 
veys, Ottawa, Ont., Canada. ; 

In the very interesting section on metallography (page 75), the 
authors state that the effect of time at temperature in causing the for- 
mation of ferrite from austenite is easily recognized in their Fig. 9a. 
Would the authors kindly give in more detail their interpretation of the 
microstructure illustrated by this photomicrograph. 

The most prominent feature of the structure is that provided by the 
numerous islands composed of light and dark-etching constituents. These 
are presumably composed of sigma, carbide, “new” austenite and, perhaps, 
untransformed delta ferrite, although all these phases cannot be recog- 
nized at the magnification shown. These islands existed in the steel “as 
cast”, as illustrated by Fig. lla. (Regarding Fig. lla, the authors pre- 
sumably considered it unnecessary to point out that the ferrite-sigma- 
carbide island also contains new austenite.) During the creep test at 
1200 °F (650°C), one would expect that the transformation of delta fer- 
rite, begun as the casting originally cooled to room temperature, would 
continue and therefore after the 1004-hour test the steel may or may not 
contain untransformed pools of this phase. Did the authors recognize 
ferrite pools in the specimen of Fig. 9a at higher magnification? Ferrite 
that forms from austenite as a result of heating at temperatures such as 
1200 °F (650°C) is not usually recognizable under the microscope. An 
unusual case where it was recognizable has just been reported by Dulis 
and Smith.® Faintly visible in Fig. 9a throughout the austenite matrix is 
a needle-like structure which may be similar to the Widmanstatten pat- 
tern shown by Dulis and Smith. Is it to this structure that the authors 
refer when they say the effects of time at temperature in causing the 
formation of ferrite from austenite are easily recognized? 


Authors’ Reply 


The authors wish to thank Messrs. Jackson, Wylie and Simpkinson 
for their discussions of this paper. 

The thermal fatigue data on the HF (21% chromium-—9% nickel) 
alloy, supplied by Mr. Jackson from the Alloy Casting Institute research 
program being carried on at Battelle Memorial Institute, are a welcome 
addition to this paper. They too have noted the outstanding ductility of 
this grade. Thermal fatigue properties are markedly superior to those 
obtained on other grades to date. 

Mr. Simpkinson has raised several interesting points concerning the 
metallography of these alloys. The numerous islands in the microstruc- 
ture shown in Fig. 9a are complex aggregates containing ferrite, sigma, 
and austenite, in addition to carbide. These islands, present in the as-cast 
condition (cf. Fig. 1la at K 1000), do not appear to have been significantly 
altered by the 1200°F (650°C) treatment. The ferrite is located mainly 
around the periphery of these islands, and has been confirmed by mag- 
netic “etching” with a colloidal magnetic suspension (Ref. 13). Sigma 
appears primarily at the core...Additional ferrite, however, has been pro- 


5E. J. Dulis and G. V. Smith, “Ferrite Formation Associated with Carbide Precipita- 
tion in 18 Cr-—8 Ni Austenitic Stainless Steel’, see page 621, this volume. 
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duced as a needle-like constituent in the austenitic matrix as the result 
of the creep test at 1200°F (650°C). It is this ferrite, not present as- 
cast, to which we were referring in stating that “the effect of temperature 
in causing the formation of ferrite from austenite is clearly recognizable”. . 

Mr. Simpkinson’s concept of “new” austenite in these alloys appears 
at variance with the evidence at hand. Magnetic permeability, which 
provides a semi-quantitative estimate of the amount of ferrite, is higher 
for heat A-1 after “quench annealing” from 2000°F (1095°C) and after 
extended creep testing at 1200 to 1600°F (650 to 870°C) than in the as- 
cast condition. This indicates the transformation, during or after reheat- 
ing, of nonmagnetic austenite and/or sigma to magnetic ferrite rather 
than the converse. 

In view of the general sluggishness of the alloy, we question whether 
any of the austenite present as-cast is the product of transformation of 
primary delta ferrite during the relatively rapid cooling in the mold. 
From our experience with the broad class of chromium-nickel heat- 
resistant alloys, we have never had reason to depart from the concept 
that the austenite observed as-cast is primary in nature. 

Whether ferrite forms at 1200°F (650°C) or upon subsequent cooling 
is not clear. These permeability measurements were made at room 
temperature and thus provide no clue. At 1600°F (870°C) the ferrite 
appears in pools which would seem reasonably to have formed at temper- 
ature. 

We are pleased to note that the creep and rupture data presented 
by Mr. Wylie are of the same order of magnitude as the results which 
we have obtained. Since there are, however, certain differences in 
strength levels, we would be interested to learn whether corresponding 
differences also existed in chemical composition. 

Mr. Wylie questions our opinion that the 21% Cr-9% Ni alloy has 
superior aged ductility. A discussion of the meaning of the 1400 °F— 
24-hour—furnace cool acceptance test is therefore in order. This aging 
test, adopted about 1935 with the intent of revealing and discarding dan- 
gerously brittle material, has, of course, never been other than an arbi- 
trary evaluation. It does not measure the total embrittlement in service, 
since this proceeds throughout the useful life with the loss in ductility 
progressing at different rates for various alloys. It has been in use, how- 
ever, over a long period of time and has the advantage of providing a 
wealth of comparative values for compositions which have exhibited 
satisfactory performances in service. 

The loss of ductility in industrial application follows two functions 
within our experience. The first is the embrittlement purely from time 
at temperature as the result of carbide precipitation, sigma formation, or 
other structural changes. Another source of low ductility is the struc- 
tural damage resulting from flow either as simple creep under the work- 
ing stress or as localized deformation because of thermal stress concen- 
trations. These relationships between strength, ductility and the influence 
of time at temperature upon the 26% Cr-12% Ni alloy have been dis- 
cussed in detail in a previous paper (Ref. 4). With stresses of sufficient 
magnitude it is obvious that the residual ductility will approach zero as 
in a stress-to-rupture test. But under the normal safety factors in design, 
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the working load will be sufficiently low to ensure that the major loss in 
ductility will be that from aging alone unless rapid temperature changes 
make abrupt thermal gradients a special problem. 

The factual evidence at hand as to the specific residual ductility after 
service for 21% Cr-—9% Ni versus 26% Cr-—12% Ni is of course slight. 
Tests of residual ductility after 1000-hour creep tests do indicate a gen- 
eral superiority for the 21% Cr-—9% Ni alloy over 26% Cr-—12% Ni where 
comparable levels of creep strength, carbon content, and total previous 
hot elongation are involved. Since these conditions of stress are more 
severe than those in service, we propose that a similar superior rating for 
21-9 is valid for industrial use. 

In circumstances where thermal stresses must be absorbed by plastic 
flow, the presence of high hot ductility is a requirement which can be 
fulfilled by the use of a partially ferritic alloy. In the 26-12 grade this 
introduces the liability of greater sigma formation and thus embrittlement 
in the 1200 to 1700 °F (650 to 925°C) range. With the 21-9 composition, 
such ferrite either produces no sigma or does so in such a fashion that 
this type of embrittlement is much less damaging. The degree to which 
stress may be absorbed by hot ductility is illustrated in Table VII and 
Fig. 7 of the paper. It should be remembered, however, that in choosing 
alloy compositions ranging from the partially ferritic to the stably aus- 
tenitic, an important exchange of ductility for creep strength will always 
apply in any of these heat-resistant grades. 

The photomicrographs submitted by Mr. Wylie in comparing 21-9 
with 26-12 require knowledge of the complete chemical composition for 
interpretation and would benefit from somewhat higher magnification to 
_ reveal further detail. It would also be important to determine whether 
the microstructure may be employed quantitatively to predict the relative 
ductility levels. 

In reply to Mr. Thieleman’s oral question concerning the yield 
strength of 21% Cr-9% Ni, the 123 heats in Fig. 2, with a median elon- 
gation of 25.0%, showed a range of yield strengths from 37,500 to 53,750 
psi, and a median of 44,000 psi. The range of the 166 26% Cr-—12% Ni 
heats, with a median elongation of 16.1%, was 32,500 to 65,000 psi, the 
median being 50,000 psi. 


INFLUENCE OF EXTENDED TIME ON CREEP AND 
RUPTURE STRENGTH OF 16-25-6* ALLOY 


By C. L. Crarkx, M. FLEISCHMANN AND J. W. FREEMAN 


, 


Abstract 


Creep and rupture tests were conducted at 1200, 1300, 
and 1400 °F (650, 705, and 760°C) on 16-25-6 alloy, in 
two conditions of heat treatment, for time periods up to 
12,000 hours. Time of test was found to have a greater 
effect on the creep rate, and thus on the reported creep 
strength, than on the rupture strength. Tests of 2000 
hours duration gave a good indication of the 100,000-hour 
rupture strength, while in certain cases nearly 8000 hours 
were required for the creep rate to attain a minimum value. 

While the two heat treatments employed, solution 
quenching and hot-cold working followed by tempering, 
produced entirely different room temperature physical 
properties, they had little effect on the creep strength 
when based on minimum creep rates. Their effect on the 
rupture strength was more pronounced, with the hot-cold- 
worked alloy being superior at 1200 °F (650°C) and the 
solution-quenched at 1400 °F (760°C). 

Electron microscope structures, at 10,000 diameters, 
showed the creep resistance of this alloy to be due, in part 
at least, to a precipitation phenomenon which occurred 
during the creep tests and also to account for the change 


in room temperature physical properties after the creep 
tests. 


INTRODUCTION 


T HAS long been recognized that the time the test is conducted 

may have an important effect on the reported creep strength 
values. If the character of the steel, at the temperature and stress 
being considered, is such that the apparent second-stage creep rate 
continues to decrease with time, due to strain aging or precipitation 
hardening effects, then the longer the testing time the lower will be 
the creep rate and the higher the creep strength. If, on the other 
hand, the second-stage creep rate is about to increase within the next 

*Trade-Mark Registered U. S. Patent Office by The Timken Roller Bearing Co. 








_ A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detreit, October 13 to 19, 1951. Of the authors, C. L. Clark 
and M. Fleischmann are metallurgical engineers, Steel and Tube Division, 
[he Timken Roller Bearing Company, Canton, Ohio, and J. W. Freeman is 
research engineer, Engineering Research Institute, University of Michigan, 
Ann Arbor, Mich. Manuscript received March 27, 1951. 
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few hundred hours of the test, then the longer the testing time the 
higher will be the creep rate and the lower the creep strength. 

Information with respect to the influence of time on the rupture 
strength is not so complete. Most results to date have indicated that 
if a break is to occur in the straight-line relationshjp between stress 
and fracture time, resulting from plotting to log-log coordinates, it 
will happen within the first 1000 to 2000 hours, and no further break 
will occur as the testing time is further extended. 

Composition of the steel, and possibly heat treatment, as well as 
temperature are thus factors insofar as the influence of time of test 
is concerned, as they will control the susceptibility to, or the degree 
of, strain hardening or aging and precipitation hardening. Thus, 
results as to the effect of the time variable for a given steel at a given 
temperature cannot be extended broadly to this same steel at other 
temperatures or to other steels at this same or different temperatures. 

Prolonged creep and rupture tests were conducted several years 
ago by one of the present authors on carbon and low alloy steels! but 
few tests of this type have been run on the more highly alloyed 
materials, and especially on those whose strength is, in part at least, 
a result of precipitation aging effects. Several alloys of this type were 
developed and used during the last war but under conditions in 
which their expected life was so short that laboratory tests of 1000 
hours often approximated, or even exceeded, their service life. Now 
that some of these same alloys are being considered for gas turbine 
installations, with an expected life of many years, the question of the 
effect of time on their high temperature strength characteristics 
becomes of importance. 

Likewise, there appears to be considerable confusion as to the 
relative importance of the time factor on the creep and stress-rupture 
test results. Many seem willing to accept without question creep test 
results obtained from tests of 1000 to 2000 hours duration, yet, when 
stress-rupture results are being considered, they feel that tests of 
many thousand hours are necessary. 


PROCEDURE 


Creep and rupture tests were conducted for time periods up to 
12,000 hours at temperatures of 1200, 1300, and 1400 °F (650, 705, 
and 760°C), since these are the ones of chief commercial interest 
at this time. 

The material used for these tests was 16-25-6 alloy which, as the 
designation suggests, has a nominai composition of 16 Cr—25 Ni- 
6 Mo. This alloy was widely used during the last war and at present 
is finding extended application for the rotors in jet planes and gas 
turbines. Its chief characteristics are: (a) the degree to which it can 


1A. E. White, C. L. Clark and R. Lr*Wilson, “Influence of Time on wees of Steels’’, 
Proceedings, American Society for Testing Materials, Vol. 35, 1935, p. 167-186. 
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be cold-worked, and (b) its precipitation aging characteristics. As a 
result of these two properties an excellent combination of high elastic 
properties at room temperature and outstanding strength at elevated 
temperatures can be imparted to this alloy by proper mechanical and 
thermal treatments. 

The chemical composition of the heats used for the prolonged 
creep and rupture tests as well as the heat treatment to which they 
were subjected and the resulting hardness and grain size are given in 
Table I. Two different conditions of heat treatment were considered. 
One consisted of water quenching 1-inch round bars from 2150 °F 


Table I 
Chemical Composition, Heat Treatment and Physical Properties of 16-25-6 Alloy 
Used for Prolonged Creen and Rupture Tests 





A. Chemical Composition 


Heat No. Cc Mn P Ss Si Cr Ni Mo Ne 
11873 0.08 1.90 0.011 0.016 0.62 16.21 25.31 6.30 0.154 
13242 0.08 1.64 0.027 0.016 0.56 16.35 25.00 5.91 0.141 
B. Heat Treatment, Hardness and Grain Size 
Heat No. Heat Treatment Brinell Hardness Grain Size 
11873 Water-quenched 2150°F (1175 °C) 188 4/6 
13242 Finished with 25% reduction at 302/321 . 


1500 °F (815°C), tempered 6 hours 
at 1275°F (690°C) 


Cc. Room Temperature Physical Properties 
Tensile Yield Strength—. Proportional Elong. in Red. of 
Heat No. Strength 0.2% 0.1% Limit 2 Inches, % Area, % 
11873 108,000 51,000 48,500 25,000 46.0 64.8 


13242 150,000 120,000 117,000 75,000 18.0 32.0 





(1175 °C), which represents the most practical treatment for carbide 
solution and also imparts the minimum hardness. The other con- 
sisted of tempering, for 6 hours at 1275°F (690°C), hot-rolled 
l-inch round bars which had been reduced about 25% by finish roll- 
ing at 1500-°F (815°C). Finishing at this temperature, which is 
often referred to as hot-cold work, produced considerable cold work, 
while the tempering treatment relieved some of the cold work stresses 
and thus added to the stability of the material. 

The respective hardnesses after these two treatments were 188 
and 308/321 Brinell. The corresponding room temperature physical 
properties, also included in Table I, show the hot-cold work treat- 
ment to have greatly increased the strength characteristics without 
too great a sacrifice of the ductility. 


Prolonged Creep Tests 


Creep tests of at least 10,000 hours duration were conducted 
on this 16-25-6 alloy at 1200°F (650°C) and 1300°F (705 °C) 
in both of the two conditions of heat treatment, and also at 1400 °F 
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Fig. 5—Time-Elongation Curves for Creep Tests on 16-25-6 
Alloy at 1300°F (705°C). 


(760°C) on the solution-quenched material. The resulting time- 
elongation curves are given in Figs. 1 to 5, inclusive. 

At least two stresses were used for each of the conditions of 
heat treatment at each of the temperatures, and in certain cases the 
larger stress caused the specimen to either enter the third stage of 
creep or to actually fracture after a prolonged time period. The creep 
rates, expressed in per cent per 1000 hours, are also shown on each 
of the curves, while in Fig. 6 the stresses and corresponding creep 
rates for certain time periods are plotted to log-log coordinates. 
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On-the basis of these results it is evident that at each of the 
temperatures considered the creep rate continues to decrease over an 
extended time period. For example, with the solution-quenched 
material at 1200 °F (650°C), the minimum creep rate for both of 
the stresses used was not obtained until after 8000 hours; while at 
1300 °F (705 °C), 4000 to 6000 hours were required, depending on 
the magnitude of the stress. 

The time for the minimum creep rate to be attained is a func- 
tion of both the stress and the temperature. With the solution- 
quenched specimens at 1200 °F (650 °C), tests of 6000 to 8000 hours 


Creep Rate 

At 1000 Hr. 

x At 2000 Hr. 

% Minimum 

e At |OO0O Hr. From Other Tests 
% Minimum From Other Tests 


0 






a TT T2008 te tr || 
(Lai ae ATT| 

1O pte iia Ht }__} ja} tidy ooo 
Seas Heat 11873 —— ta eet tt 







fl): ame See j a 
Sesotho Solution Quenched 


Stress, |OOOpsi 






Heat 13242 
6 O°F, Temp. 1275°F He 
Ca rit 1 | 1 ttt 
0.003 0.0! 0.1 0.003 0.0! 0.1 


Creep Rate, %/ 1000 Hr. 


Fig. 6—Stress — Creep Rate Curves for 16-25-6 Alloy at 1200 and 1300°F (650 and 705°C), 


duration would show the 12,500 and 17,500-psi stresses to produce 
about the same creep rate. Yet at the end of 10,000 hours, the dif- 
ference is 1:2, being 0.003 and 0.006% per 1000 hours, respectively. 
Likewise for the solution-quenched condition, tests of 1000 to 2000 
hours duration would indicate a greater creep strength at 1300 °F 
(705 °C) than at 1200 °F (650°C). However, when the tests are 
continued until a minimum creep rate results, then the strength at 
1200 °F (650 °C) is about 35% gfeater than at 1300°F (705 °C) 
on the basis of the stress for a creep rate of 0.01% per 1000 hours. 

Fig. 6 shows the effect of time on the reported creep rate and 
thus.on the reported creep strength. This shows the time factor to 
be of greater importance at 1200°F (650°C) than at 1300°F 
(705°C) and also more pronounced with the solution-quenched 
material than with the hot-cold-worked and tempered alloy. For 
example, with the solution-quenched specimens, tests of 2000 hours 
at 1300°F (705°C) would”yield results very comparable to those 
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Table Il 
Influence of Time on the Creep Characteristics of 16-25-6 Alloy 


Creep Rate Versus Time 





Creep Rate, % Per i000 Hours at- 
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of the more prolonged tests, while at 1200 °F (650°C), such is not 
the case. 

Stresses taken from Fig. 6, for creep rates of 0.01 and 0.10% 
per 1000 hours, are included in Table II. Testing time periods of 
1000 and 2000 hours, as well as that corresponding to the minimum 
creep rate obtained during the tests, are considered. As would be 
expected, the time of test had a greater influence on the stress cor- 
responding to the lower creep rate. 

In Fig. 7, the minimum creep rates obtained during the pro- 
longed tests are plotted against the corresponding stresses to log-log 


Heat Test Applied 1000 2000 4000 6000 8000 — 10000 
Treatment Temperature Stress Hr. Hr. Hr. Hr. Hr. Hr. 
Solution-Quenched 1200°F (650°C) 12,500 0.125 0.040 0.011 0.011 0.006 0.003 
17,500 0.165 0.054 9.022 0.013 0.006 0.006 
1300 °F (705°C) 10,000 0.042 0.007 0.005 0.004 0.004 0.004 
12,500 0.064 0.022 0.016 0.017* 0.026* 0.050* 
Finished 1500°F (815 °C) 1200°F (650°C) 20,000 0.125 0.078 0.040 0.025 0.018 0.018 
Temp. 1275 °F (690°C) 25,000 0.213 0.150 0.110 0.085 0.090* 0.125* 
1300°F (705°C) 12,500 0.033 0.023 0.017 0.015 0.014 0.021* 
15,000. ©. US8) :O.096.. 0. 80BF .GuBeeP . waren caccee 
Creep Strength Versus Time 
Heat Test Time of -—Creep Strength for Designated Creep Rate—. 
Treatment Temperature Test 0.01% 0.10% Per 1000 Hr. 
Solution-Quenched 1200 °F (650°C) 1000 Hr. 1500 11,000 
2000 Hr. 1900 20,000 
Minimumt 18,000 22,000 
1300°F (705°C) 1000 Hr. 3,800 14,800 
2000 Hr. 10,500 16,500 
Minimumt 11,500 16,500 
Finished 1500°F (815°C) 1200°F (650°C) 1000 Hr. 4,000 18,000 
Temp. 1275°F (690°C) 2000 Hr. 10,000 22,000 
Minimumt 18,500 25,000 
1300 °F (705°C) 1000 Hr. 10,000 14,000 
2000 Hr. 10,500 15,000 
Minimumt 11,500 15,000 
*In third stage of creep. 
+Based on minimum creep rate obtained during the prolonged tests. 
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coordinates. The rather surprising result is that, for the given test- 
ing time periods, the two initial heat treatments considered imparted 
the same creep rate characteristics at 1200 and 1300°F (650 and 
705°C). This is true even though their initial room temperature 
properties and hardness varied so widely. 

While, as shown in Fig. 7, the two initial heat treatments con- 
sidered have little, if any, influence on the creep strength, when based 
on minimum creep rates over extended testing times, they do have 
an effect on the total deformation during the creep test as well as the 
time required to enter the so-called third stage of increasing creep 
rate. A comparison of the results obtained at 1300°F (705 °C) 
under a stress of 12,500 psi, Figs. 2 and 5, will show the solution- 
quenched specimen underwent from 60 to 100% more total deforma- 
tion, at any given time period, than the hot-cold-worked material 
and likewise it entered the third stage of creep sooner, 7500 hours 
as compared to 9000 hours. Also the solution-quenched specimen 
actually failed after 12,377 hours, while the other one did not. 

Another point to be noted from the time-elongation curves is 
the relatively small amount of total deformation prior to entrance to 
the third stage of creep. This amount for any given temperature 
appears to vary with the stress and tends to decrease as the tempera- 
ture is increased. However, in no case, in either the creep or rupture 
tests did the specimens fail immediately on entering the third stage 
of creep. In fact, in every case, the duration of the third stage was 
approximately equal to that of the first and second stages combined. 


Stress-Rupture Tests 


Stress-rupture tests were conducted on the solution-quenched 
alloy at temperatures of 1000 to 1500 °F (540 to 815 °C), inclusive, 
and on the hot-cold-worked material at 1200 to 1400°F (650 to 
760 °C). However, the more prolonged tests were confined to the 
higher temperatures. 

The stress-rupture curves for the solution-quenched condition, 
plotted to log-log coordinates, are given in Fig. 8; and those for the 
hot-cold-worked alloy in Fig. 9. The results from the two conditions 


Table Ill 
Comparative Rupture Strengths of Solution-Quenched and Hot-Cold-Worked 16-25-6 Alloy 








Stress for Rupture in Indicated 





——Test Temperature. —————————Time Periods, psi 
Treatment °F 4 100 Hr. 1000 Hr. 10,000 Hr. 100,000 Hr. 
Solution-Quenched 1000 538 82,000 78,000 74,000 b 
Solution-Quenched 1100 593 53,000 44,000 36,000 ; 
Solution-Quenched 1200 649 42,000 32,000 23,000 16,500 
Hot-Cold-Worked 1200 649 50,000 36,000 27,000 19,500 
Solution-Quenched 1300 705 29,000 21,500 13,000 7,806 
Hot-Cold-Worked 1300 705 33,000 22,000 14,500 9,600 
Solution-Quenched 1400 760 20,000 12,500 7,600 4,700 
Hot-Cold-Worked 1400 760 17,000 11,000 7,200 re 
14,000 9,000 5,800 
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Fig. 9—Stress - Rupture Time Curves for 16-25-6 Alloy at 1200, 1300, and 1400°F 
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of heat treatments are compared in Fig. 10, while stress values, 
corresponding to definite fracture times as determined from these 
figures, are shown in Table III. 

Unlike the results obtained from the creep tests, these findings 
show that tests of 1000 to 2000 hours duration would in general have 
indicated the same stresses for fracture times of 10,000 hours and 
longer as did the more prolonged tests. In the case of the solution- 
quenched material a break does exist in the straight-line relationship 
between stress and fracture time at 1200 and 1300°F (650 and 
705 °C), but it occurred at time periods of about 300 and 1700 hours, 
respectively, and would thus have been detected in 2000-hour tests. 


With the hot-cold-worked alloy no breaks in this relationship were 
found. 


The elongation-to-fracture values are also shown in Figs. 8 and 
9 and the ductility decreases as the fracture time is extended, with 
the solution-quenched alloy possessing the lower values. For frac- 
ture time periods of the order of 10,000 hours, the elongation of the 
solution-quenched material at both 1300 and 1400°F (705 and 
700 °C) was of the order of 1.5%, while that of the hot-cold-worked 
specimen at 1300 °F (705 °C) was 7.5%. 
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Fig. 10 shows the effect of the two heat treatments considered 
on the rupture strength at 1200 te 1400°F (650 to 760 °C), inclu- 
sive. At 1200°F (650°C) the hot-cold-worked material is some- 
what superior, while at 1400 °F (760°C) the reverse is true. At 
1300 °F (705 °C) the hot-cold-worked alloy is superior for fracture 
periods up to about 1000 hours and the solution-quenched material 
for the more extended time periods. 


Total Deformation Characteristics 


Time-elongation curves were obtained for each of the stress- 
rupture tests and these, together with those obtained from the 
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Fig. 10—Effect of Heat Treatment on Rupture Strength of 16-25-6 Alloy. 


extended-time creep tests, permit the establishment of stress values 
corresponding to definite total deformations for specified time peri- 
ods. Stresses so determined for total deformations of 0.1 to 1.0% 
in time periods ranging from 100 to 100,000 hours are given in 
Table IV. 

With the solution-quenched material there is fairly good agree- 
ment at both 1200 and 1300 °F (650 and 705 °C) between the stress 
required for a total deformation of 1.0% in 100,000 hours and the 
100,000-hour stress-rupture value, thus indicating that actual frac- 
ture would occur with this amount of deformation. At 1300 °F 
(705 °C) at least this is also in agreement with the laboratory stress- 
rupture result, for the specimen requiring about 12,000 hours for 
fracture possessed an elongation of only 1.5%. On the other hand, 
the stresses for a creep rate of 0.01% per 1000 hours are appreciably 
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Table IV 


Total Deformation Strengths for 16-25-6 Alloy 
Temperature Total ——Stress for Indicated Total Deformation in . 
°F ", Deformation, % 100 Hr. 1000 Hr. 10,000 Hr, 100,000 Hr. 
Solution Quenched 
1200 650 1.0 32,000 22,300 19,700 15,500* 
0.5 26,500 17,700 14,700 12,000 
0.2 21,000 12,000 8,800 t 
0.1 14,000 9,000 5,600 + 
1300 705 1.0 20,750 17,200 13,400 9,000* 
0.5 17,500 14,000 12,100 * 
0.2 12,700 9,100 8,000 t 
0.1 9,000 6,400 5,400 + 
1400 760 1.0 12,200 10,500 7,000 * 
0.5 11,400 9,700 6,800 * 
0.2 9,000 7,100 5.100 t 
0.1 t T T t 
Hot-Cold-Worked 
1200 650 1.0 34,000 29,500 22,400 16,000 
0.5 29,300 23,600 16,200 + 
0.2 19,000 13,000 t t 
1300 705 1.0 22,700 17,500 13,900 8,000* 
5 18,500 15,200 13,100 * 
0.2 14,200 12,700 11,100 t 
0.1 12,500 10,900 9,300 t 
1400 760 1.0 13,300 9,700 t tT 


*Uncertain due to third-stage creep. 
+Tests were at too high stresses to establish these values. 





in excess of those for a total deformation of 1.0% in 100,000 hours, 
which would imply that under the given conditions the stress for a 
creep rate of 0.01% per 1000 hours is not equivalent to one for 1.0% 
in 100,000 hours, as is often considered to be the case. 

In the case of the hot-cold-worked material the stresses for a 
total deformation of 1.0% in 100,000 hours are less than those 
required for fracture in this same time period. This would indicate 
this condition of heat treatment to impart a greater ductility to frac- 


ture over prolonged time periods, a fact substantiated by the labora- 
tory stress-rupture data. 


STABILITY CHARACTERISTICS 


To determine the stability of this alloy during the prolonged 
creep and rupture tests, the completed specimens were subjected to 
room temperature physical tests, to metallographic examination and 
to X-ray diffraction studies. 

Room Temperature Physical Tests—The results obtained from 
tensile, impact and hardness tests on certain of the completed creep 
specimens are given in Table V. With the solution-quenched mate- 
rial the creep test at 1200°F (650°C) caused a marked increase 
in the strength characteristics and hardness and a sharp decrease in 
the ductility and impact resistance. The effect of the 1300°F 
(705 °C) creep test is somewhat clouded by the fact that the speci- 
men broke in the shoulder. There is little question, however, but 
that the effects were in general the same. 
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Fig. 11—Electron and Light Photomicrographs of Solution-Treated 16-25-6 Alloy, 
Heat 11873, Water-Quenched From 2150°F (1175°C). (a)—Electron photomicrograph. 
X 10,000. Optical photomicrographs, (b)— xX 100, (c)— X 1000. 


The hot-cold-worked material did, of course, have in the original 
condition higher strength and lower ductility than the solution- 
quenched alloy. As a result the changes produced by the conditions 
of the creep test were not so pronounced. However, the creep test 
at both 1200 and 1300°F (650 and 705°C) again decreased the 
ductility and impact resistance and likewise caused a decrease in the 


strength values which were the most pronounced with regard to the 
proportional limit. 
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Fig. 12—Electron and Light Photomicrographs of a Creep Specimen of 16-25-6 Alloy, 
Tested at 1200°F (650°C). Heat 11873, water-quenched from 2150°F (1175 °C) and tested 
at 1200°F (650°C) for 11,356 hours under 17,500 psi. (a)—Electron photomicrograph. 
xX 10,000. (b)—Optical photomicrograph. X 1000. 


Thus, as would be expected for an alloy whose high temperature 
strength is, in part at least, due to precipitation effect, the conditions 
of the creep tests do appreciably alter the original room temperature 
physical properties. 

Metallographic Examination—An examination was made of the 
original material in both conditions of heat treatment as well as after 
the prolonged creep and rupture tests. To illustrate the results 
obtained, representative structures revealed by both the optical and 
electron microscope are shown in Figs. 11 to 16, inclusive. For the 
electron micrographs, collodion replicas were first prepared from sur- 
faces polished and electrolytically etched in the normal manner for 
optical micrographic examination. -These replicas were then shadow 
cast with uranium and mounted in an RCA Model B electron micro- 
scope where photographs were taken at x 4000. Enlargement to 
10,000 was done photographically. 

Fig. 11 shows the original solution-quenched material to consist 
of fairly equiaxed grains with a few undissolved constituents which 
are probably mainly carbides. Prolonged creep tests at both 1200 
and 1300 °F (650 and 705 °C), Figs. 12 and 13, caused pronounced 


precipitation and, on the basis of the electronic microscope structures, 
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Fig. 13—Electron and Light Photomicrographs of a Creep Specimen of 16-25-6 Alloy, 
Creep Tested at 1300°F (705°C). Heat 11873, water-quenched from 2150°F (1175°C) 
and tested for 12,373 hours at 1300°F (705°C) under 10,000 psi. (a)—Electron photo- 
micrograph. XX 10,000. (b)—Optical photomicrograph. X 1000. 


this precipitate is seen to be very fine, uniformly distributed through- 
out the matrix, and very similar for both of the test temperatures. 

Similar structures for the hot-cold-worked alloy are shown in 
Figs. 14 to 16. In the original condition the structure differs from 
that of the solution-quenched material in that the grains are consid- 
erably finer, more distorted, and a precipitated network appears to be 
present. There was no evidence of general precipitation. The 
extended-time creep test at both 1200 and 1300 °F (650 and 705 °C) 
caused considerable agglomeration of this precipitated phase and as a 
result the particle size is much larger and the distribution less uni- 
form than in the case of solution-quenched creep specimens. 

The electron microstructures afford a possible explanation of 
certain of the observed creep phenomena. For instance the greater 
creep resistance of the solution-quenched alloy at 1300 °F (705 °C) 
than at 1200 °F (650°C) for the shorter time periods and the fact 
that the minimum creep rate is attained sooner at 1300 °F (705 °C) 
than at 1200 °F (650°C) may be a result of the precipitated phase 
forming more rapidly at 1300 °F (705°C). Yet when sufficient time 
is allowed, about the same amount will form at 1200°F (650 °C) 
and thus the strength at this temperature will be increased and the 
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Fig. 14—Electron and Light Photomicrographs of Hot-Cold-Worked 16-25-6 Alloy, 
Heat 13242, Reduced 15 to 20% at 1500°F (815°C) Plus 6 Hours at 1275°F (690°C). 
a tee photomicrograph. XX 10,000. ,Optical photomicrographs, (b)—  X 100, 
c)— X 1000. ; 


creep resistance will again revert to its normal dependence on 
temperature. 

However, the explanation for the comparative behavior of the 
hot-cold-worked alloy is not so definite. On the basis of the precipi- 
tated phase it would appear that the strength of the solution-quenched 
alloy would be superior, because of its smaller size and the more 
uniform dispersion. However,this behavior is the result of the effects 
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Fig. 15—Electron and Light Photomicrographs of a Creep Specimen of Hot-Cold- 
Worked 16-25-6 Alloy, Tested at 1200°F (650°C). Heat 13242, reduced 15 to 20% at 
1500°F (815°C) plus 6 hours at 1275°F (690°C) and tested for 11,419 hours at 1200°F 
(650°C) under 25,000 psi. (a)—Electron photomicrograph. X 10,000. (b)—Optical 


photomicrograph. XX 1000. 


Table VI 





Comparative Creep and Rupture Characteristics of 16-25-6 
Creep 
Strength Rupture Creep Strength 

—Test Temperature— 0.01% Per Strength aa 

Treatment °F “ 1000 Hr. 100,000 Hr. Rupture Strength 
Solution-Quenched 1200 650 18,000 16,500 1.09 
1300 705 11,500 7,800 1.47 
Hot-Cold-Worked 1200 650 18,500 19,500 0.95 
1300 705 11,500 9,600 1.20 


of the cold work persisting at 1200 and 1300 °F (650 and 705 °C). 
It may also be that the presence of the precipitated network in the 
fine-grained original material results in just as effective subsequent 
precipitation strengthening as the more uniform dispersion in the 
coarser-grained solution-quenched alloy. 

X-Ray Diffraction—Specimens representing both conditions of 
heat treatment were examined by X-ray diffraction to determine 
whether or not sigma phase had developed during the prolonged 
creep tests. The hot-cold-worked specimen had been creep tested at 
1300 °F (705°C) for 11,873 hours under a stress of 12,500 psi, 


while the solution-quenched specimen had been tested at this same 
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Fig. 16—Electron and Light Photomicrographs of a Creep Specimen of Hot-Cold- 
Worked 16-25-6 Alloy, Tested at 1300°F (705°C). Heat 13242, reduced 15 to 20% at 
1500°F (815°C) plus 6 hours at 1275°F (690°C) and tested for 11,873 hours at 1300°F 
(705°C) under 12,500 psi. (a)—Electron photomicrograph. X 10,000. (b)—Optical 
photomicrograph. XX 1000. 


temperature under a stress of 12,500 psi and had actually fractured 
in 12,377 hours with a total elongation of 1.4%. 

The results indicated that small amounts of sigma had precipi- 
tated in both of the specimens, with the hot-cold-worked material 
possessing the somewhat greater quantity. Since the formation of 
sigma is mainly a function of the chromium content, it follows that 
less of this phase would form in this alloy than in those containing 
greater amounts of chromium. 

Creep Versus Rupture Strength—The creep strength for a creep 
rate of 0.01% per 1000 hours, based on the minimum creep rate 
obtained during the 12,000-hour tests, is compared with the 100,000- 
hour rupture stress in Table VI. The ratio between these two values 
ranges from 0.95 to 1.47. 

The fact that in three of the four cases the creep strength is in 
excess of the rupture strength shows that, for the given conditions, 
the normal conception of a creep rate of 0.01% per 1000 hours being 
equivalent to one of 1.0% per 100,000 hours is not valid. According 
to the rupture data, an applied stress corresponding to this creep rate 
would cause actual fracture in less than 100,000 hours. This in turn 


might be the result of fracture occurring with an elongation of less 
than 1.0%. 
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CREEP AND RUPTURE TESTS 
CONCLUSIONS 


The results obtained from this study permit the following con- 
clusions with respect to the influence of testing time on the proper- 
ties of 16-25-6 alloy: 

1. Time of test has a much greater effect on the creep rate, and 
thus on the reported creep strength, than on the rupture strength. At 
1200 °F (650 °C) about 8000 hours were required to obtain the min- 
imum creep rate corresponding to a given stress, yet tests of 2000 
hours duration would have given about the same stress-rupture char- 
acteristics as the more prolonged tests. 

2. Even though the hot-cold-worked and tempered treatment 
employed greatly increased the room temperature strength character- 
istics, as compared to the solution-quenched material, it did not appre- 
ciably affect the minimum creep rates at the temperatures considered. 
It did, however, decrease the total elongation during the creep tests 
and improved the rupture strength at 1200 °F (650°C), but had the 
opposite effect, to a slight degree, at 1400 °F (760 °C). 

3. Electron microstructures reveal the strength of this alloy, at 
the temperatures considered, to be due to precipitation effects and 
this in turn explains (a) the decrease in total ductility to fracture as 
the testing is extended, and (b) the decrease in the room temperature 
ductility and impact resistance of the completed creep specimens. 

4. The fact that in many cases the 100,000-hour rupture 
strength is less than the stress for a creep rate of 0.01% per 1000 
hours questions the validity of a rate of 0.01% per 1000 hours being 
equivalent to 1.0% per 100,000 hours, as is often assumed by design- 
ing engineers to be true. Likewise, it may imply that the ductility 
to fracture will be less than that corresponding to a creep rate of 1% 
in 100,000 hours. 


= 


5. While this alloy enters the so-called third stage of creep after 
relatively small amounts of total plastic deformation, the duration of 
this third stage is about equal to that of the first and second stages 
combined. That is, entrance into the third stage does not imply 
immediate failure. 

While it is realized that high temperature tests shouldbe con- 
ducted for prolonged time periods, of the order of 10,000 hours, when 
the results are to be used for the design of equipment with an 
expected life of several years, it is recognized that such is not always 
possible. Therefore, the question often arises as to which of test 
results, creep or ruture, is the most reliable for testing time periods 
of the order of 2000 hours. It is believed the present findings show 
the stress-rupture characteristics to be the most suitable, at least for 
relatively complex:alloys such as 16-25-6. 
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DISCUSSION 


Written Discussion: By C. T. Evans, Jr., chief metallurgist, Elliott 
Company, Jeannette, Pa. 

The authors have done a fine job in reporting some highly interesting 
and significant data. It is regrettable, however, that two different heats 
were used in the investigation. As shown in Table I, all the solution- 
treated material was from Heat 11873, whereas all the “hot-cold-worked” 
material was from a different heat (13242). The authors draw numerous 
comparisons between the two heat treatments, which cannot be accepted 
at face value until some check tests have been run between the two treat- 
ments on the same heat of steel. This could be done, for instance, by 
solution treating some of the hot-cold-worked material from Heat 13242 
and running a few rupture tests at 1200, 1300 and 1400°F (650, 705 and 
760 °C) with time-elongation measurements to also get some relatively 
high stress, high creep rate, total deformation and creep data. As clearly 
shown by the authors, these rupture tests would not need to exceed about 
2000 hours to be valid for comparison on a rupture basis, and would 
either bolster or disprove the indications that this alloy is not as sensitive 
to heat treatment and processing variations as is popularly supposed. 

The evidence of numerous twins in Figs. 11b and 1lc indicates that 
the material from Heat 11873, which was solution-treated for this investi- 
gation, had received considerable “cold work” or “hot cold work” prior 
to solution treating so that the check tests suggested above would give 
some indication of the “scatter” of results in this material between two 
heats in the same heat treatment. This would also be useful information, 
assuming that the two heats had comparable melting and ingot practice. 

On the other hand, the authors leave no room for doubt as to the 
dangers in trying to design on the basis of “secondary creep rate of 0.01% 
in 1000 hours”, even when this value can be accurately determined. They 
make a strong case for the necessity of running rupture tests and, in fact, 
show that for this alloy it would bé better to design with data obtained 
from rupture tests run to only 2000 hours, and extrapolated, than to. de- 
sign with data obtained from creep tests two or three times as long. 
There is little doubt but what this same conclusion applies to most of the 
stronger, creep-resistant alloys. 

The large drop in room temperature proportional limit for the hot- 
cold-worked material after creep testing, as shown in Table V, is some- 
what hard to understand. Any further discussion of this by the authors 
would be welcomed, although the point is probably of only academic 
interest. 

The reduced impact values after long-time creep testing are not sur- 
prising, due to the precipitates shown in the photomicrographs and the 
presence of small quantities of sigma, but here again the problem may not 
have too much practical significance. In our opinion, notched-bar rupture 
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testing would be more significant as a criterion of possible service embrit- 
tlement, and we would like to ask if such tests are contemplated for this 
material. A comparison of notched-bar rupture behavior of the same heat 
in the two conditions of heat treatment would be most interesting. Some 
recent work has indicated that about 5% “unnotched elongation” is re- 
quired to relieve the stress concentration effects of a sharp notch, and if 
this relationship should hold true for 16-25-6, according to the authors’ 
data solution-treated material would show lower notched rupture strength 
for 10,000-hour life at 1800°F (705°C) than unnotched, whereas the re- 
verse would be true for the hot-cold-worked material. 

Written Discussion: By A. B. Wilder, chief metallurgist, National 
Tube Company, United States Steel Company Subsidiary, Pittsburgh. 

Eight thousand hours were required to obtain the minimum creep rate 
corresponding to a given stress at 1200°F (650°C). Less than 2000 hours 
in stress rupture was equivalent to the same stress-rupture characteristics 
as the more prolonged tests. These facts indicate for 16-25-6 alloy the 
advantages of stress-rupture testing. 

In evaluating the high temperature characteristics of lower alloy steels 
for tubular products, we have been using the stress-rupture tests for 
approximately 1000 hours duration or until a change in the slope of the 
stress —rupture time curve is obtained. Our feeling has been that stress- 
rupture information is more desirable for tubular products than creep 
strength. We have been using the term “creep rupture” rather than 
“stress rupture” in describing these tests. 

We determine in our program the stress-rupture characteristics before 
and after 10,000 hours exposure at the testing temperature. Later, addi- 
tional stress-rupture tests will be conducted after 100,000 hours exposure. 
The steels under exposure for 10,000 and 100,000 hours are not subjected 
to stress during the exposure period. However, the stability character- 
istics which affect stress rupture, we believe, are evaluated under these 
conditions in contrast with stress-rupture tests, which are conducted for 
periods of 10,000 hours. 

Experimental work is being conducted on the exposure of specimens 
for 10,000 hours at an elevated temperature and with a working stress 
applied to the specimen throughout the exposure period. Preliminary re- 
sults indicate the stress-rupture properties after 10,000 hours exposure 
without stress are similar to the stress-rupture properties after 10,000 
hours exposure with stress. The significant fact of this approach is that 
it is much more convenient to expose specimens for 10,000 hours without 
stress and then test for 1000 hours in stress rupture than it is to test 
for 10,000 hours in stress rupture without previous exposure. 

The authors are to be congratulated upon presenting an interesting 
paper on the high temperature properties of 16-25-6 alloy. 

Written Discussion: By R. H. Thielemann, development metallurgist, 


Pratt and Whitney Aircraft, Division of United Aircraft Corp., E. Hart- 
ford, Conn. 


It is gratifying, indeed, to see that long-time creep and stress-rupture 
test results for some of the popular high temperature super alloys are now 
becoming available. Even as far as aircraft gas turbines are concerned, 
the time appears to be fast approaching when some of its maior parts, 
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like the turbine wheel, will be expected to have a useful life of 10,000 
hours or longer. It follows that increased emphasis will soon have to be 
placed on tests of longer duration in order to evaluate the long-time load- 
carrying ability of the high temperature alloys being used. The results 
on the 16-25-6 alloy presented in this paper are both timely and pertinent. 

As the authors point out, the assumption that a creep rate of 0.01% 
per 1000 hours is equivalent to a creep rate of 1.0% per 100,000 hours can, 
in many cases, be misleading. It is this writer’s opinion that the use of 
creep rates to specify the stretch of a given material with time should 
have been abandoned long ago. Not only does the creep rate method fail 
to indicate the total elongation that will have occurred at a given time, 
but also it may be misleading as far as the total elongation at fracture is 
concerned if failure should occur with less than 1.0% elongation. For 
most design purposes, the engineer needs to know what the limiting stress 
must be, so that the total elongation that will have occurred in a given 
time will not exceed a definite amount. Also, he needs to know what the 
relation is between this limiting stress and the stress that will produce 
rupture in the same time period. It follows that the ideal method of pre- 
senting high temperature creep and rupture properties to the design engi- 
neer is to include with the conventional log-log time for rupture plot a 
similar plot showing the time for both 0.5% and 1.0% total elongation. 

If the stress to produce 0.5% total elongation were employed as the 
basis of choosing between the two conditions of heat treatment used in 
this work, the values would be as follows: 


Condition Temperature Stress, Psi Time for 0.5% Elongation 
Solution-Treated 1200 °F 17,500 About 1100 hours 
Hot-Cold-Worked 1200 °F 20,000 About 2500 hours 
Solution-T reated 1300 °F 12,500 About 7000 hours 
Hot-Cold-Worked 1300 °F 12,500 Over 12,000 hours 


Since, at these two temperatures, the rupture strength is also in favor 
of the hot-cold-worked condition, the relative merit of the hot-cold con- 
dition over the solution-treated condition is readily apparent. Similar 
comparisons at higher or lower stress levels would complete the study if 
shorter or longer time periods were involved, and the designer would 
have a clear picture of the expected performance of the material without 
having to deal with the somewhat uncertain factor of creep rate. 

One factor that is beginning to appear important in evaluating the 
load-carrying ability of a high temperature alloy is that of determining 
its notch sensitivity in a stress-rupture test. At Pratt and Whitney Air- 
craft, the notch sensitivity of a material is being determined by running 
stress-rupture tests on both notched and plain stress-rupture bars. The 
sharpness and configuration of the notch in the test coupon was found to 
have an important effect on the results, and it was found that a 60-degree 
V-notch with a 0.005-inch radius at the bottom was severe enough to show 
the notch sensitivity effect in these alloys that are prone to be notch- 
sensitive. The geometry of this notch bar is such that the area of the 
root of the notch is one-half of the test bar area away from the notch. 
From the limited test results on notched bars, it appears that in tests of 
less than 1000 hours duration, most of the high temperature alloys are not 
notch-sensitive. Also, it appears that notch sensitivity is not necessarily 
peculiar to those alloys which fail with low values of elongation in a 
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standard stress-rupture test. Further, the indications are that, in the 
forging and working procedures, the heat treatment and the grain size 
appear to have more of an effect on notch sensitivity than does the com- 
position. It would be interesting, in this connection, to have the authors’ 
opinions as to which of the two conditions, solution-treated or hot- 
worked, they would expect the 16-25-6 alloy to be least sensitive to a 
notch, in a long-time stress-rupture test. 

It would not be surprising to the writer to find that when the prop- 
erties of the super high temperature alloys over longer periods of time 
become more important, the present practice of solution treating at high 
temperatures before aging may be replaced by a practice of closely con- 
trolling the final working procedures used in forming the material before 
aging as was used for the hot-cold-worked material in the present study. 
Considerably higher working and aging temperatures than were used for 
the 16-25-6 alloy will undoubtedly be necessary for some of the higher 
alloyed compositions, and it will require a great deal of fundamental re- 
search work before the optimum conditions for each alloy can be deter- 
mined. The writer is aware of the work that one of the authors, Dr. 
Freeman, is now doing at the University of Michigan along this line. 
There is reason to believe that a more stable distribution of the pre- 
cipitating phase in the alloy can be realized by this procedure than is 
obtained by solution treating at a higher temperature and aging. Further, 
it seems likely that the tendency for the precipitated phase to agglom- 
erate in the grain boundaries in long-time exposures to high temperatures 
under stress may be minimized. Any comments the authors may care to 
make in this connection would certainly be appreciated. 

The authors are to be complimented for the excellent presentation 
they have made of this timely work. 

Written Discussion: By Ernest L. Robinson, General Electric Com- 
pany, Schenectady, N. Y. 

The writer fully agrees with the authors’ claims as to the validity and 
utility of the long-time stress-rupture test as a basis for the design of 
high temperature equipment which has to operate under stress, whether 
for short or long-lived service. As regards any metallurgical changes 
which may take place in the material during the period of the test, such 
changes influence the time at which rupture occurs and are, therefore, 
reflected in the slope of the rupture line. 

In a series of tests at various temperatures such as presented in 
Fig. 8 or 9, the consistent pattern or framework of lines with their regular 
spacing and both small and systematic changes of slope enable the use of 
results at one temperature to reinforce those obtained at another temper- 
ature. In particular it is possible by “trading time for temperature” to 
use short-time higher temperature tests to predict or confirm much longer 
tests at any specific operating. temperature. 

Although creep tests must be regarded as necessary for certain types 
of design, and particularly of the relaxation type, for the determination of 
bolting performance, ;this writer-agrees with the claims of the authors 
that, in general, the results of the long-time rupture test have a smaller 


spread from test to test, which greatly facilitates the selection of a final 
result that carries conviction. 
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Authors’ Reply 


The authors appreciate the discussions which have been submitted, 
especially since many of the comments will help to guide their future work 
in this field of research. 

Mr. Evans’ question regarding the advisability of using two different 
heats for the comparison of the heat treatment raises a rather fundamental 
point. If pronounced differences are to be expected in two heats of so 
nearly identical composition, then the designing engineer cannot safely 
use these high alloy materials in critical applications. The authors cer- 
tainly do not believe this to be the case, a fact substantiated by their 
work on other heats within the standard analysis range. Furthermore, 
even assuming the differences might exist between heats, this would not 
invalidate one of the main objectives of the paper of discussing rupture 
strength versus creep strength for extrapolation purposes. 

The decrease in the room temperature properties of the hot-cold- 
worked material after testing is simply relief of the strains from cold 
work during the prolonged heating periods at 1200°F (650°C) and higher. 

Both Messrs. Evans and Thielemann raise the question of notched- 
bar rupture tests. To date the authors have had little experience with this 
type of test. There is no question but what the notching of the rupture 
specimen introduces another variable. The full significance of this is not 
as yet known. In answer to Mr. Thielemann’s question, most of the pub- 
lished data show notch sensitivity to vary inversely with the elongation 
to fracture, and, if this is so, then the hot-cold-worked alloy considered 
in this paper would be less notch-sensitive at the given temperatures. 

The authors agree with Mr. Thielemann that, for design purposes, 
stresses corresponding to definite elongation values for different time 
periods should be given. These data are included in Table IV of the paper. 
There is close agreement between Mr. Thielemann’s values and ours at 
1200 °F (650°C) but not at 1300 °F (705°C). Mr. Thielemann’s comments 
with respect to the effect of more closely controlled processing conditions 
on the high temperature strength properties are undoubtedly correct and 
worthy of note. It must be recognized, however, that too close restric- 
tions must not be placed on the processing of these alloys if we expect 
to maintain the desired commercial production during times of emergency. 

Mr. Robinson and Dr. Wilder’s agreements with our comments with 
respect to rupture tests are appreciated. We have been closely following 
Dr. Wilder’s prolonged testing work on unstressed specimens, but it is 
our belief that, particularly for the type of alloy under consideration, the 
stress factor cannot be neglected without considerably more information. 
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CARBIDE REACTIONS IN HIGH TEMPERATURE ALLOYS 


By J. R. LANE anpD N. J. GRANT 


Abstract 


The structures of high temperature alloys, ranging 
from simplified Vitallium to the complicated N-155 and 
S-816 were investigated. The procedures involved micro- 
scopic examination of the alloys, including quantitative 
measurement of the phases, and also separation of the 
carbides from the alloys by an electrolytic process. The 
separated carbides were analyzed chemically and by X-ray 
diffraction. 

The response of most of the alloys to heat treatment 
was not simple. Except in the case of alloys with a high 
columbium content (S-816), one of the chromium carbides, 
Cr,C or Cr,Cs, was present in the cast condition along 
with a lesser amount of the double carbide M,C. Aging 
at 1350 to 1600 °F (730 to 870°C) caused the formation 
of an aging precipitate of Cr,C and, in addition, tended to 
convert any Cr7Cs to Cr,C. The mechanism of this re- 
action was considered. Solution treatment caused a refor- 
mation of CrzCs3. It was found that the chromium-carbon 
equilibrium diagram partially explained some of the obser- 
vations, and that the chromium-carbon-tron ternary was 
consistent with the phases found in these cobalt-base 
alloys, if the iron in the phases were to be considered to 
be replaced by cobalt. 

A group of alloys and their extracted carbides were 
analyzed chemically. In spite of low precision due to the 
difficulty of the analyses, valuable results were obtained. 
Nitrogen was found to be an important alloying ingre- 
dient, and cobalt was found in all the carbides. 

It was found possible to differentiate M,C and colum- 
bium and tantalum carbides from chromium carbides, but 
no etchant was discovered which could selectively distin- 
guish Cr,C from Cr,Cs. 


INTRODUCTION 


LARGE group of alloys for use at high temperatures is based 
on cobalt. The carbon content always exceeds the solubility 
limit, and primary and eutectic carbides occur at solidification: 


A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. 
is associated with the Naval Research Laboratory, Washington, D. C., formerly 
research assistant, Massachusetts Institute of Technology, and N. J: Grant is 
associate professor of metallurgy, Massachusetts Institute of Technology, 
Cambridge, Mass. Manuscript received May 29, 1950. 
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addition, reheating the cast alloys causes an aging precipitate—a car- 
bide—to form. All of these carbides strongly affect the mechanical 
properties. It is the purpose of this paper to discuss the identification 
of the carbides present in the cast and heat treated alloys, and to 
speculate on the transformations involved. The principal aHoys 
investigated were these: 

(a) A group resembling Vitallium, containing 70% cobalt, 24% 
chromium, 6% molybdenum, and with a wide range of carbon contents. 

(b) N-155 (a complex cobalt-chromium-nickel-iron alloy con- 
taining columbium and other carbide formers). 

(c) S-816 (a complex cobalt-chromium-nickel alloy containing 
columbium and other carbide formers). 

(d) 7OJ (a high carbon Vitallium modified with nickel and 
tantalum). The actual compositions are shown later in the paper. 

Several procedures were used concurrently. Knowledge of the 
composition of the carbides was gained by first separating them from 
the alloy by an electrolytic extraction, then analyzing the resulting 
residues chemically and by X-ray diffraction. Fortunately, the 
highly alloyed carbides were sufficiently stable to permit separation 
in simple apparatus. Since there can always be some doubt as to 
whether the extraction process left all the carbides unaffected, this 
phase of the work was checked by examination of the intact alloys. 
This was quantitatively done by measuring the relative areas on a 
polished surface occupied by each of the phases. The rather involved 
procedure used is described later. 


ELECTROLYTIC SEPARATION OF CARBIDES 


Using an alloy specimen as the anode (positive), and a sheet 
of stainless steel as the cathode, both immersed in an acid electrolyte, 
the alloy was dissolved when a current was passed under an applied 
voltage of about 60 volts. The carbides, being noble relative to the 
solid solution, dropped to the bottom as the rod progressively dis- 
solved, and were later collected by filtration in a fritted glass crucible. 

Early electrolytic separations were made using 10% hydrochloric 
acid. These were generally satisfactory, but a tendency to form an 
adherent deposit made collection of all of the residue difficult. In 
other studies it was found that under proper conditions Vitallium 
could be electropolished to a bright surface using 25% sulphuric acid, 
thereby pointing a way to an elimination of the problem of the ad- 
herent deposit. Most of the simple alloys were separated using sul- 
phuric acid. However, a chemical precipitate formed during the 
electrolysis of alloys containing tantalum or columbium when sul- 
phuric acid was tried as electrolyte, so these alloys were electrolyzed 
in a bath containing equal amounts of 25% phosphoric acid and 25% 
sulphuric acid with 5% tartaric acid, which successfully retained the 
metal salts in solution. ~ 
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It is necessary to consider the possibility that some of the car- 
bides went into solution along with the cobalt matrix. The data ob- 
tained by four distinct procedures permitted a check of this possibility 
to be made, with the conclusion that all of the carbides present in the 
alloy appeared in the residue. No claim is made for complete re- 
covery, although it is felt that the procedure is approximately quan- 
titative. The yield of carbide was not measured. The solubility of 
chromium and tantalum carbides in phosphoric acids was measured 
and found to be very low. 

1. The electrolytic residues were compared with those obtained 
on the same alloys by chemical separation. Apparently satisfactory 
separations were achieved by a treatment of either 1:1 nitric-hydro- 
fluoric acids or equal volumes of hydrochloric acid and 1:1 sulphuric 
acid. These methods were abandoned as impracticable as a means 
for obtaining the carbides because of the long time required, and 
because of the need for large platinum vessels to avoid contamination 
from silica from glassware. However, the products obtained from 
two Vitallium alloys were quite similar to those from the electrolytic 
process. 

2. Another test of the separatien was made by digesting a bar 
of 25V! in apparatus for the quantitative electrolytic separation of 
the carbides from high speed steel (1).2 As with the chemical 
separation, the X-ray pattern was identical with that obtained by the 
sulphuric acid electrolysis. 

3. The alloys were analyzed chemically, as were the carbide 
residues. Comparison of the carbon content of the alloy with the 
results of the carbide analysis permitted an assessment of the method. 
The results, listed on the line labeled chemical “formula” in Tables 
IV and V, agree generally with what would be expected from the 
Cr-C, Ta-C and Cb-C diagrams. 

4. The relative areas of the phases as measured microscopically 
can be compared with the ratio as found in the carbide residues. 
This comparison was satisfactory, especially in view of the rather 
high probable error involved in many of the measurements. The 
comparison is shown in Table XI. 


X-Ray DIFFRACTION 


Most of the phase identification was done using a Norelco X-ray 
spectrometer. This provided a record of relative intensitives, dis- 
pensed with most calculations, and permitted a convenient form for 
specimens. To avoid fluorescence from the chromium in the metals 
and carbides, it was necessary to employ chromium radiation. 

Identification was made by comparison with patterns of the pure 
metals and carbides. To assist in this work, Table I was compiled. 





2Alloy analyses are listed in Table III. 
*The figures appearing in parentheses pertain to the references appended to this paper. 
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Table I 
26 Positions for All Possible Phases 
20 Phase and Intensity 20 Phase and Intensity 20 Phase and Intensity 
45.7 Oxide* (2)t 59.6 CreCe (1), FesC (3) 69.3 Sigma (3) 
47.5 TaN (3) 60.8  FesC (1), CraC (2) 69.6 FesC (3) 
48.2 TaC, CbC (3) 60.85 F.C.C. Co (2) 69.9 Cr:Cs (4) 
48.9 Oxide* (2) 61.0 i (3). ae (3) 70.3 CrsCo (3) 
49.3 CrsCe (3) 61.4 MeéC (2), CreN (2) 70.7 FesC (1) 
49.5 MeéC (3) 61.5 Graphite (3) 71.4 Sigma (3) 
50.4 CreC (4) ; CrsCo (3) 71.6 F.C.C. Co (4) 
50.6 TaN (3) 61.7 Chromium (2) 72.0 CrsCe (2) 
$1.3 Cr2Os (2) ; Hex Co (3) 72.2 MeC (3) 
51.5 CraC (4) 62.2 TaC, CbC (2) 72.9 Sigma (1) 
52.4 TaN (1) 63.25 Hex Co (3) 73.0 Hex Co (2) 
53.3 TaC, CbC (1) 63.3 CrsC (2) 73.5 CrsCe (3) 
53.5 CrsCe (3) 63.6 CreOs (4) 74.4 CrsCo (3) 
53.6 Cr7Cs (4) 64.8 as (4) 74.5 CraC (2) 
54.1 CoCre2O, (1) 64.9 Ce G (2) 75.0 Sigma (3) 
54.2 Me ) 65.0 a i, Cr3Cz (3) 75.2 FesC (2) 
54.9 (Mn, CoMn, Co)20,4 (1) 65.1 75.7 CrsCo (2) 
55.0 Cr2Os (2) 65.2 (Geax ); CoO (1), 76.1 Cr7Cs (4) 
55.5 CrsCo (3), McC (4) ‘ Sigma 76.2 FesC (2) 
55.6 CoO (2) 65.5 MeC (1) 78.2 CriCs (4) 
56.0 TaN (1), CoO (2) 65.6 Hex Co (3) 78.6 CraC (2) 
56.1 CoCo20. 65.8 FesC (2) 79.0 Cr2Os (3) 
56.2 TaC, CbC (4) 66.0 CraCo (4) 79.9 CrsC 3) Cr3Ce (2) 
56.4 Cos3(POA: 66.5 Oxide* (3) 79.95 F.C.C. Co (3) 
57.1 Hex Co (4) 67.3 Sigma (3), FesC (1) 80.0 TaN (ay 
57.2 CrsC (2) 67.6 F.C.C. Co (1) 80.7 Cr7Cs (3) 
57.3 FesC (2) 67.7 CraC (1) 81.2 Cr7Cs; (4) 
57.4 CraN (2) 67.8 Cr7Cs (1) 81.4 CrsCo (4) 
58.5 Graphite (3) 68.4 Graphite (1), Cr7zCs (3) 83.3 TaC, CbC (5) 
58.7 Oxide* (3) 68.5 Cr2Os3 (5), Hex Co (1), 84.3 FesOx« (4) 
59.2 MéC (3) ‘ Chromium (1) 84.8 Cr3Ce (3) 
59.5 Cr7Cs (3) 69.0 FesC (1) 85.5 Graphite (3) 
Dies 86.5 CreOs (1) 





*Unidentified oxides produced by completely oxidizing a J alloy. 
t+Number 1 indicates greatest intensity, 5 the lowest. 


The important lines corresponding to each of the phases were tab- 
ulated, being listed by the average 26 angle for the phase in the alloys 
rather than the pure substances. The shift in line position (due to 
changes in composition) is not negligible in most of the carbides. 
To substantiate these results, the predicted reflections for the various 
compounds were calculated from the known structures and compared 
with the Norelco patterns. Phase identification was made much more 
difficult by the unfortunate superposition of strong lines of many of 
the phases. The strongest line of CrgC, Cr7Cs, graphite, fee cobalt, 
hep cobalt, and alpha chromium all fall in the small range of 67.6 to 
68.5 degrees of 26. 

An estimate of the relative quantities of the several phases 
present was then made by comparing the summations of the heights 
of all the lines corresponding to each phase over the 26 range of 
50 to 88 degrees. The ratios thus indicated were converted to true 
percentages using the calibration chart in Fig. 1. 

The separated carbide compositions (X-ray) are tabulated in 
Table II. For convenience, the chromium carbide corresponding to 
5.5% chromium was called CrsC. However, the true composition 
has. been established as CresCg (2). Similarly, the double carbide 
was called MgC, in this case»because its actual composition was not 
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known (3). MoeC, WC, or W.C were not detected in any alloy. 
Actual patterns of the three most common carbides CrgC, Cr7Cz, and 
M,C are reproduced in Fig. 2. 


CHEMICAL ANALYSES 


The analyses of eight alloys are shown in Table III. Carbides 
separated from seven cast alloys and four aged alloys were analyzed 
quantitatively. These results are given in Tables IV and V. 


80 ® M6C inCr7Cz 

2 TaC in Cr7C3z 

4 MgC inCr4ac 

e Cr7CainCrqC 
iY 


o 
O 


© CbC in CrgC 
20 f 4 TaC inCraC 


Apporent Percentage of Indicated Carbide 





True Percentage of Indicated Carbide 
Prepared Standards 


Fig. 1—Calibration Chart for Carbide Mixtures. 


Table Il 
Percentage Compositions of Separated Carbides—From X-Ray Data 
CrC Crs CraCe MeC TaC CbC Unknown 

10V Cast 83 a ‘ 10 sa a 7 
10V Aged 79 13 8 
25V Cast 67 21 9 oxide, 3 unknown 
25V Aged 88 7 5 
25V Sol. Tr., aged 95 5 
26V Cast 59 36 5 
26V Aged 86 6 8 
77V Cast 77 17 9 
77V Aged 81 il - 
90V Cast 85 11 4 
90V Aged 57 34 < 9 ‘3 ee co 
321V Cast* - 17 62 i ig cs 21 
321V Aged* 5 59 22 os <a ae 14 
74] Cast ey 76 i 2 22 e 
69J Aged 47 30 il 12 
N-155 Cast* 7 34 59 ss 
N-155 Aged 62 2 36 es 
N-155 Forged = 100 ae 
S-816 Forged* Fe 1.5 98.5 hw 

16 * es sy 4 96 ee 
422-19 t ds 87 5 8 
422-19 422-19 Aged 85 és 8 7 


$Broportions poe sees oo oat calibrated. 


efer to the condition of the alloy before carbide separation. Aging 
was at i500 E for 48 Sere. 
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Table Ill 
Chemical Analyses of Alloys 
4V 25V 77V 90V 74J S$-816 . N-155 422-19 
Cc 0.036 0.25 0.77 0.90 0.74 0.35 0.25 0.35 
Nt 0.036 0.052 0.050 0.074 0.066 0.037 0.096 0.072 
Co 72.3* 71* 70.4* x 60 .67 46.7* 27.60 xX 
Cr 21.34 22.44 22.53 x 23.50 20.46 29.26 X 
Mo 6.28 6.25 6.21 xX 8.98 3.77 2.32 X 
Mn leak oe aie Ge 0.79 0.85 1.23 xX 
Ni ote x we 7.08 20.00 17.13 xX 
Cb af at. ais oees 3.29 0.69 foes 
Ta . 3 Fim 1.28 i. 9 aha, 
Ww aes j a ‘the ‘See 4.52 2.47 
Fe i a s i ea i 19 .0* 
TOTAL Meats. . : : ; 103.11 oye ee 
*By difference. 
tNot intentionally added. 
X =Not analyzed. 
Table IV 
Analyses of Electrolytic Residues From Cast Alloys 
————2SV- 77V. 90V. anon GJ . 
Wt. % At. % Wt..% At.% Wt.% At. % Wt. % At. % 
Cc 1.36 11.4 8.07 31.6 8.62 36.1 5.93 38.7 
N* 0.70 5.0 0.46 1.6 0.20 0.60 0.59 au 
Co 7.53 12.8 10.7 8.5 18.5 13.1 2.42 3.2 
Cr 32.02 65.4 59.0 53.2 64.46 51.8 26.75 40.2 
Mo 5.15 5.4 10.55 5.2 9.91 4.3 6.23 5.7 
Mn 1.9* (Mn added 
to Cr) ierbae Hike e—-< 7-9 eo eT es 0.49 0.71 
Ni Saat Ce peee, oan flee eh «0 oD eves eg 
GFL ail a ea at Ds es oes i bets Re a eopom 
BR Fel hom Fee a ed, SOE es rakes ee ws 18.63 8.08 
gt Ne be Nae Rae nS Ret cee Name ea 0.79 (W added 
to Mo) 
Fe ee Scan ky ek dee ee a a 
Total % 50.30 88.78 101 .69 61.83 
,} Chemical 
i “formula” Ms.1(C, N) M2.o(C, N) Mz2.3(C, N) Myc 
“Formula” 
from X-ray Ma.sC M3.0C M2.7C M2.1C 
-——S-816 (Forged). — N-1§5§5——_——_—_.  ———422-19-—— 
Wt. % At. % Wt. % At. % Wt. % At. % 
Cc 9.09 44.7 2.62 23.2 5.71 30.2 
N* 0.50 2.1 1.73 13.2 G.11 0.50 
Co none ae 2.07 S.2 5.12 Som 
Cr 0.77 0.87 6.68 13.7 44.21 54.5 
Mo 1.20 0.74 2.18 2.4 5.40 Tin 
Mn none ms 0.58 ra 1.91 2.2 
Cb 79.62 50.6 21.6 24.8 a ata 
Ta eee ai beak Zio ao cae 
Ww 2.91 0.94 28.74 18.7 5.45* (W added 
to Mo) 
Fe Saad St 0.59 9 ee <a 
Total % 94.06 66.79 67.91 
Chemical 
“‘formula”’ Mi.1(C, N) M:.8(C, N) Mz2.3(C, N) 
“Formula” 
from X-ray Mic Mz2.sC M2.sC 


*Not intentionally added, or error of analysis. 


It must be emphasized that the analyses were unusually difficult. 
The available quantity was small. The carbides were highly stable, 
and prolonged fusion in sodium peroxide was necessary to put them 
into solution. Finally, manyof the separations, i.e., columbium, tan- 








' 1952 HIGH TEMPERATURE ALLOYS 119 














| Eon 
| ' 
pacha le 

















48 50 se 54 56 58 60 62 64 66 68 7O 72 74 76 78 80 82 84 8688 


. . 2—Spectrometer Patterns of Three Important Carbides. One-fifth actual 
ee” h space corresponds to a two-theta range of two degrees. 


talum, tungsten, molybdenum, were unusually difficult. Carbon de- 
) terminations were run in conventional combustion apparatus and 
4 nitrogen analyses were made by vacuum fusion. The compositions 
7 
Y 
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Table V 
Analyses of Electrolytic Residues From Aged Alloys 








—25 V—_—__ 90 V— 69] — 

Wt.% At.% Wt.% At.% Wt.% At % Wt.B% At.F% 
Cc 4.58 22.8 6.26 26.6 5.65 26.0 4.05 20.1 
N* ai Seis ome at 0.68 2 es sae at 
Co 9.92 10.1 12.16 10.5 7.54 7.0 8.53 8.6 
Cr 52.4 60.5 57.5 56.5 48.0 50.8 48.2 55.0 
Mo 10.56 6.6 11.50 6.2 8.70 6.1 4.58 2.9 
Mn als ica oes 0.54 0.54 1.58 1.7 
Ni 1.16 a 1.81 1.8 
Cb Paice cone 9.79 6.2 
Ta 18.46 5.6 bass ee 
WwW .00 3.31 1.1 
Fe oo Sek 2 gee aah ae aig 2 Rigen 2.40 2.6 
Total % 77.46 87.42 92.73 84.25 
Chemical ‘“‘formula’”’ Ms3.asC M2.7C M2.s(C, N) M4.0C 
“Formula” from X-ray Ma.iC Ma.eC Ma.sC M2.9C 





*Not intentionally added; analyzed in 69J residue only. 








are listed as reported by the analyst, even though errors are appar- 
ently present. No tungsten was added to the “J” alloys, yet it is 
reported in both the cast and aged alloys. These amounts were 
added to the molybdenum contents in computing atomic percentages. 
It is difficult to account for the manganese reported in 25V. 

It will be noted that cobalt appears in substantial quantity in 
all but one of the separated carbides. It is felt that this is a true 
finding ; that cobalt is actually in the carbide lattices, and that its 
presence is not-entirely due to metal entrapped in eutectics or to 
undissolved metal fragments. Were the latter the case, the cobalt 
content of the N-155 carbide would be expected to be higher than 
the others, for N-155 has a characteristic eutectic carbide, while the 
V carbides are solid spheroids. 

At the bottom of each column of Tables IV and V is listed the 
chemical “formula” corresponding to the ratio of carbon (and 
nitrogen) to the sum of the metals. Below these values are listed 
the corresponding formulas computed from the X-ray findings. The 
agreement is considered satisfactory. 

It is informative to compare the structures as revealed by X-ray 
diffraction with the elements present in the carbides. Cobalt is 
present in both the cast (largely Cr7Cs) and aged (largely Cr4C) 
carbides, hence is probably a substitutional element in both these 
carbides, although it could also be present in the Me¢C carbide, which 
is present in considerably smaller amounts. The same is true of 
molybdenum. The molybdenum content is greater in the aged car- 
bide in every case, suggesting that this element fits easily into the 
Cr4C or M¢C lattice. Nickel too is present in the aged carbides, but 
none at all was found in cast carbides. It is significant that while 
three and a half times as much tungsten as columbium was added 
to alloy N-155, the cast carbide shows one-third as much tungsten as 
columbium. The X-ray patterns show that the tungsten does not 
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Fig. 3—Tantalum Carbides (upper), Compared in Appearance to Chromium 
Carbides (lower). Alloy 74J cast, unetched. x 500. 


form its own carbide lattice, but substitutes in the MgC and CbC 
structures. 

Nitrogen is shown to be an important alloy ingredient in most 
alloys whether added intentionally or as a melting pick-up. Its effect 
on the alloy was similar to that of an increase in carbon content. The 
influence on the carbide in N-155 is most striking. Here the presence 


of 1.73 weight per cent of nitrogen had an effect similar to increasing 
the carbon content by a half. 


METALLOGRAPHY 


The general structure of these alloys is easily revealed by etching 
electrolytically for a few seconds in a dilute acid. The attack is 
mostly on the matrix, leaving carbides light in color. Areas which 
have been aged darken rapidly, although at very high magnification 
the separate light-colored carbide particles can be distinguished. 
Carbides of tantalum and columbium can be recognized with the 
above etch, or even on the unétched surface. An example is shown 
in Fig. 3: As contrasted with chromium carbides, columbium and 
tantalum carbides have a finer, “Chinese script” structure, and the 
particles are more;in relief. There is also a slight difference in color. 
The more frequent presence of CbC/TaC near porous regions of a 
casting suggests that the columbium and tantalum carbides freeze at 
a lower temperature than the chromium carbides. 
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4—The Same Area of 77V Aged After Etching Heavily With Chromic Acid 


Fig 
Electrofytically (Left), and (After Light Repolish) by Heat Tinting (Right). The 
carbide which darkened is M,C. x 500. 


All of the alloys contained a small amount of oxide, or mixed 
oxide-silicate particles. The idiomorphology suggests that the inclu- 
sions are probably spinels. In a few cases (Vitallium, J, and 422-19) 
a small amount of eutectoid formation was observed. 

Etching electrolytically with a basic solution, instead of an acid, 
results in rapid etching of the carbides (prolonged etching in acid 
also attacks the carbides). Tantalum and columbium carbides are 
not attacked by the alkaline etchant. An attempt was unsuccessfully 
made to differentiate the various carbides in Vitallium according to 
the method of Badger and Sweeney (4). Their description reads, 

. CrsC . .. is colored brown by this etch. Cr7C3 .. . is colored 
a very pale yellow or light tan. The third carbide . . . is not constant 
in color but will vary from red to green and, occasionally, through 
yellow and blue.” In this research, coloring resulted, but it was not 
possible reliably to associate a color-or colors with any one carbide. 

It was found that alkaline electrolytic etchants darkened one of 
the carbides preferentially. However, the most successful method 
found for sharply and clearly differentiating one of the carbides 
from the others was by heat tinting (5), as shown in Fig. 4. Com- 
parison of the ratio of the area of dark-etching carbide to the total 
area of carbide, and in turn to the ratio of phases found by X-ray, 
showed that the carbide which darkened readily in either an alkaline 
etch or during heat tinting was*M¢C. 


i 
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Fig. 5—(Left) 53V Cast, Indented to Mark Location. 10% chromic acid elec- 
trolytic etch. (Right): Same area after aging 16 hours at 1600°F. X 500. 


Differentiation of the carbides was attempted with the use of a 
Vickers diamond in a Tukon hardness machine. Using the lowest 
load, 25 grams, the indenter usually overlapped the individual car- 
bides, and usable results were not obtained. 


DECOMPOSITION OF CR7Cz 


Chemical and X-ray findings showed that cast alloys contained 
the carbide Cr7Cs3, but, after aging, this carbide was not present ; 
instead, CrgC was found. In an attempt to evaluate the likelihood 
of each of two conceivable mechanisms for the decomposition of 
C 7C, to CregCg (considering now its proper formula in place of 
“CrgC”), a polished identified surface was photographed, before and 
after aging. These pictures are shown in Fig. 5. The aging was 
conducted at 1600°F (870°C) for 16 hours in an atmosphere of 
lithium vapor, with the specimen surrounded by tantalum scrap to 
protect against oxidation. 

The two ways in which Cr7Cs can decompose to CrogCg are by 
the expulsion of carbon or by the pick-up of chromium. 


23 Crz:Cs —> 7 CresCo + 27 C Equation 1 
27 C + 103.5 Cr'—> 4.5 CrasCa Equation la 
2 Cr:Cs + 9 Cr — CrasCo Equation 2 


The measured densities of the two carbides were found to be 
almost identical, and the X-ray densities differed by only 5%. On 
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the basis of equal densities, the volumes involved would be directly 
proportional to the weights of the reactants and products. Stoichio- 
metric calculation shows that 100 volumes of Cr7zCs [computed as 
23(7 X 52+ 3 12)] are converted to 96.5 volumes [7(23 x 52 
+6 12)] of CresCe, according to Equation 1. The ejected carbon 
can then react with chromium according to Equation la, and form 
an additional 62 volumes of CresCs. According to Equation 2, 100 
volumes of Cr7Cg combine with chromium to form 158.5 volumes of 
CregCg. Equations 1 plus la are stoichiometrically equivalent to 
Equation 2. However, in the first case carbon diffuses out, and in 
the second, chromium diffuses in. If the carbon diffuses out into 
the matrix before combining with chromium, instead of forming a 
shell of Cres3Ceg, the volume of massive carbide will remain essentially 
the same before and after aging, and the aging precipitate will be 
noted throughout the matrix. This behavior would be in complete 
agreement with the before-and-after pictures, Fig. 5. On the other 
hand, it might be expected that any ejected carbon would immediately 
react with chromium and form a layer, in the manner of a peritectic. 
Furthermore, such decomposition reactions as that of FesC in the 
malleablizing of cast iron are known to occur by solution and re- 
precipitation, not by decomposition in place. However, this would 
involve a drastic change in the shape and distribution of the carbides, 
a change not in accord with Fig. 5. The diffusion of carbon rather 
than of chromium would be expected merely on the basis of their 
relative diffusion rates; in gamma iron at 1700°F (925°C), the 
diffusion rate of carbon in iron is about 10® times greater than that 
of iron in iron. The ratio in chromium would be expected to be of 
the same order of magnitude. 

-If the dissociation of Cr7Cs actually does proceed according to 
[Equations 1 and la, an interesting generalization is possible. Con- 
ventional aging systems in alloys are based on a change in solubility 
of an element or compound with temperature; the amount of pre- 
cipitate is always limited. If, however, a less stable compound can 
be dissociated into a more stable compound, potentially a large 
amount of aging could result. Therefore, if the decomposition of 
Cr7Cs occurs as postulated, the way would be open for the develop- 
ment of entirely new aging systems. 


MEASUREMENTS OF PHASES BY AREA 


Two separate techniques, coupled with density measurements, 
were used to make more refined measurements on the important 
variables disclosed in the work previously described. These methods 
involved the measurement of relative areas of the phases in a micro- 
structure (a) using a microscope attached to a Hurlbut counter; a 
method called “lineal analysis” (6), and (b) by “point counting’, 
the measurement of intersectiens on a superimposed grid correspond- 
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Fig. 6—Projection of N-155 Photomicrograph Through Grid. XX 4500. The grid 
een in each phase are counted to determine the relative areas occupied by 
each phase. 


ing to each phase. An example of the grid method is shown in 
Fig. 6. , 

Depressing a key of the Hurlbut counter, corresponding to a 
phase, moves the specimen under a cross-hair, and simultaneously 
tallies the distance traveled. The constituents counted are shown 
in Fig. 7. Massive carbides were counted as such when possible, but 
when they were present in the form of-a eutectic it was necessary to 
measure the relative area of eutectic, and later, by point counting, to 
break down that measurement into carbide and austenite. Similarly, 
it was not possible to measure each aging particle, so the area of 
austenite in which the aging precipitate occurred was measured, 
and the fraction of this region occupied by aging carbide separately 
determined by point counting. 

To avoid unwarranted inferences, the data were treated statis- 
tically, using the small-sample approach. The results of the measure- 
ments of the relative areas of the constituents of several alloys are 
tabulated in Table VI. By making use of the information in Table VII, 
where the percentage of phases in eutectics and fields of aging have 
been determined by point counting, it was possible to compile Table 
VIII showing the percentage of phases by area. To convert to per- 
centage by weight, it is necessary to know the densities. These 
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~, 
Fig. 7—-The Microconstituents Measured. “Chromium” carbide (top_ left), 
eutectic (top right), aging (bottom left), CbhC or TaC (bottom right), oxide (bottom 


center). 


values, determined by the use of a pycnometer, are listed in Table IX. 
Table X, finally, lists the percentages of each phase by weight. The 
probable error of the observations due to random errors alone is 
give1i approximately by + the_standard deviation. 
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Table VI 
Percentage Distribution of Microconstituents by Area on a Polished Section 
Austen- Aust.& Eutec- “Cr” CbCor No. 
Alloy ite Aging Aging tic Carbide TaC Oxide Counts* 
10V Cast Ge Wisc kr tor ees Zick 3.30 S35. h 0.325 18,500 
Stand. Dev. Me Sere tee “<a 0.57 See 0.17 
26V Cast SS. ce ko | aaa iawn en co. > 5 b> 27,600 
Stand. Dev. SoS. 4. | ee eo es id > see 
53V Cast 92.71 Pichx ated 2 ogee 3.56 3.65 0.076 109,000 
Stand. Dev. 1.28 Seen 1.18 0.59 Bs 0.038 
-53V Aged 55.78 36.3 3.94 3.79 ‘ae 0.188 145,200 
Stand. Dev. 3.5 33 0.14 0.15 Bi 0.09 
77V Cast 89 23 hay. i. ieee 1.79 8.94 0.037 84,200 
Stand. Dev. ae 0.45 0.30 0.026 : 
77V Aged 
Dee. eee ee ee 91 .38t 0.90 7.66 hie ae 0.058 60,000 
Ci ee te cea 1.22 0.36 1.67 a 0.037 
77V Aged 
Se Se, ek J 90 . 86t 2.36 6.73 Baia ig 0.055 103,500 
Gea ee ee ek 0.68 1.93 6.56 on 0.019 
N-155 Cast wae wey at 8.22 1.04 0.43 0.051 100,400 
Stand. Dev. nes ite RAS 2.07 1.00 0.15 0.04 
N-155 Aged 58.50 32.07 Tone 1.39 0.54 0.22 104,900 
Stand. Dev. 10.0 ee AN 1.87 0.22 0.28 0.14 
N-155 Sol. 
treated 74.56 ee, ec, 7.87 1.20 0.57 0.11 75,800 
Stand. Dev. 0.68 ee 0.20 0.02 0.04 0.07 
70J-126 Cast 90.19 PS beh RE 4.40 5.17 0.16 0.08 65,500 
Stand. Dev. a IRE SS RE ES NES ie 1.92 2.08 0.05 0.06 
74J Cast RR a) Goer 3.40 5.20 oe Grae take 48,700 
Stand. Dev. G4 i... erie 1.25 0.13 ie eee 
74] Sol. 
treated RRS ld. ee 2.99 5.58 i ae 54,900 
Stand. Dev. ee ge eee ee ene 2.19 1.90 eT Sw ora 
S-816 Forged mere meee EY ; 25 pare See OS Ses 10,900 


.13 
SU nw te nie sgt opel mia 


*Total tallied by counters, in arbitrary units. 
tAging fields not measured separately, but combined with austenite. 





Table VII 
Distribution of Carbides and Matrix in Aged Regions and in Eutectics 
53V N-155 70J 25V N-155 
Eutectic Eutectic Eutectic Aged Aged 
No. separate areas measured 27 15 8 16 25 
Mean % carbide (by area) 70.3 63.1 63.1 22.0 20.2 
Standard deviation 0.463 0.259 0.066 0.294 0.198 
Estimated CbC or TaC in eutectic car 5 5 ie aa 
“% Composition of eutectic (by area) 
Chromium carbide 70.3 60.0 60.0 
Austenite 29.7 36.9 36.9 
CbC aon 3.15 busi 
TaC ‘lates Rael 8.15 








It was found that for a reasonable time spent on each specimen 
(a few days of operating the Hurlbut counter), the results were not 
nearly precise enough to assay the results of heat treatment; it was 
not possible to show that chromium or columbium or tantalum car- 
bides change in amount during aging or solution treatment. 


DISCUSSION OF RESULTS 


An attempt will now be made to describe, in idealized fashion, 
the behavior of several types of alloys. 


V Alloys: These are simplified analyses of Vitallium, being 
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Table VIII 
Percentage Distribution of Phases by Area on a Polished Surface 
Austenite Chromium Carbides TaC or CbC Oxide 
10V Cast 96.37 3.30 » hie 0.325 
26V Cast 92.54 7.46 see Fi 
S-816 Forged 94.87 sige. ae Se ke gee 
53V Cast 93.75 6.15 Foss 0.076 
53V Aged 92.25* 6 .56* Seer ie 
84.26t 14.55+¢ 

77V Cast 89.76 10.20 eh 0.037 
77V Aged 24 hrs. 

1500 °F 91 .65* se oc a 0.058 
77V Nees 3 days 

1500 °F 91.52* 5% tana 0.055 
N-155 Cast 93.29 5.98 0.69 0.051 
N-155 Aged 93 .25* 5.75* 0.78 0.222 

86.76t 12.24 
N-155 Sol. Treated 89.97 9.09 0.83 0.11 
70J-126 Cast 91.82 7.81 0.30 0.078 
74J Cast 91.40 7.24 ae kta hee 
74J Sol. Treated 91.50 7.38 Rea o | Fee Ee 
ens aging. _ tincluding aging. tAging not measured. 
Table 1X 


Densities of Pure Substances 
_Measured Density 


Standard Deviation "Density asian X-ray 
Material Value in Literature Density 
CraC 6.84 0.27 6.75 7.22 
CriCs3 6.87 1.13 . 6.92 6.90 
Cr3C2 6.91 (one measurement) 6.68 6.66 
TaC 12.81 1.00 ei 14.20 
CbC 6.83 0.55 bs 8.12 
FesW2C* 7.85 (one measurement) ea 5.86 
Mo ta. an ee eee RM eC nts ae ester 
Ee dtr So ee See Re ce Se eS 
is nae | RA aes ne 
4V(71Co, 23€o0, 6Mo) 8.87 0.34 eee eee ae 


*Density corrected for 16% contained vanadium as VC. 
t+Calculated using Vegard’s law. 











Table X 


Percentage Distribution of Phases by Weight, as Calculated From Relative Ratio 
of Area on Polished Surface 





Alloy Austenite “Cr” Carbides CbC or TaC Oxide 
10V Cast 97.2 2.6 0.19 
26V Cast 94.2 ar 5 ua St he le alla i A 
53V Cast 95.2 4.8 0.045 
53V Aged 94 .8* Oo ane ng Aeter o et emmeeta =< artes, Es SEN 
89 .9F 10.1 
77V Cast 92.0 8.0 0.022 
77V i 24 hrs 
1500 °F 93.5 6.5 0.033 
a a 3 days 
93.4 6.60 i 0.032 
Nise. dais 94.7 4.8 0.54 0.030 
N-155 Aged 94.8* 4.5* 0.62 0.13 
89 .5¢ 9.8t 
N-155 Sol. treated 92.0 tot 0.65 0.066 
70J-126 Cast 93.5 6.2 0.45 0.045 
74J Cast 92.2 5.7 SS oes eee eS 
74J Sol. treated 92.5 5.8 CAS or: core eee Sg 
S-816 S-816 Forged 96.0 sek Bret ree Fe. 
teens aging. of 
uding aging. 
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Table XI 
Weight Per Cent Carbide From Chemical Analysis and Area Measurements 


Rtas ita le -l welec 
























































Weight % Carbide (Nitride) 
-—Composition—. From Analysis -—Area Measurement— 
5 Alloy ¢ N TaorCb CrasCrsC Cras CriCe TaC(CbC) Cr Carbide TaC(CbC) 
i 10V Cast 208 O08. o-. .. .. 2.7 1.6 2.6 
4 26V Cast* O.20  *Gaee oS. ee 5.4 3.3 5.8* 
ey 53V Cast OS: GO68> 0. ... 10.7 6.5 4.8 
{ 53V Aged San Wee... tee 10.7 6.5 5.2 
4 10.1 
i 77V Cast C7: See as. j 14.9 9.0 8.0 
t 77V Aged 24 
hrs. 1500°F 0.77 0.05 ....... 14.9 9.0 a aa 6.5t¢ ia 
N-155 Cast 0.25 0.11 0.69 Cb 4.7 2.8 0.78 4.8 0.54 
N-155 Aged 0.25 0.11 0.69 Cb 4.7 2.8 0.78 Sat 0.62 
9. 
N-155 Sol. ; 
treated 0.25 0.11 0.69 Cb 4.7 2.8 0.78 7.3t 0.65 
70J-126 Cast 0.70 0.02 1.30 Ta 11.5 7.1 1.4 6.2 0.45 
74J Cast 0.74 0.066 1.60 Ta 12.7 7.7 1.70 5.7 2.00 
74J Sol. 
treated 0.74 0.066 1.60 Ta 12.7 7.7 1.70 5.8 1.66 
S-816 Forged 0.37 0.037 3.5 Cb dehy a 3.1 434 4.00 
*Recovery in citrate cell =5.8% also. tNeglecting aging. tincluding aging. 
Table XII 
Effect of Temperature and Time on Type of Carbide 
; Alloy 77V ; 
—_—+—Weight % of Total Carbide—————__—_. 
Treatment Cric Cr7C3 MeC Unknown 
Cast ou 77 17 6 
48 hrs. 1350°F 15 64 17 4 
2 hrs. 1500°F 14 64 19 3 
48 hrs. 1500°F 81 4 11 8 
1 wk. 1500°F 71 i 22 7 
*Progressive aging on one sample. 
Table XIII 
Effect of Solution Treatment on Type of Carbide 
—_—Weight % of Carbide ; 
Alloy TaC CraC CriCs3 MeC Unknown 
77J Cast* 58 16 6 20 ire 
63J Castt 31 32 ss 27 10 
74J Sol. treated 54 15 7 19 5 
63J Sol. treated 53 26 a4 26 





*Good stress rupture values at 1500 °F. 
+Poor stress rupture values at 1500°F. 
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made up without the small amounts of iron and nickel normally 
present in Vitallium. They are an attempt to produce the simplest 
version of a high temperature alloy. The coarseness of grain, even 
after casting into graphite, prevented even reasonably accurate meas- 
urements of the ratio of hexagonal to cubic structures existing in 
the matrix. Filings of the V alloys, stress-relieved at 1000°F 
(540 °C), were converted to face-centered cubic. Filings of the other 
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alloys were cubic at all times. Of the chromium carbides, only Cr4C 
would be expected under equilibrium conditions. This was the car- 
bide found in alloys containing up to 0.53% carbon, but at 0.77% 
carbon no detectable CrgC was found in the as-cast alloy. This 
must be due to the effect of coring, which raises the carbon content 
in the liquid during solidification, and to the suppression of a higher 
peritectic. In alloys ranging from 0.10 to 0.90% carbon, one-tenth 
or more of the carbides was the M¢C type, and this fraction remained 
very roughly constant during subsequent heat treatment. It must 
be remembered in analyzing these data that the total amount of 
residue from the aged alloys was always greater than was yielded 
by the cast alloys. Since this percentage of MgC was about constant 
(or greater in some cases), the actual amount of it must have in- 
creased somewhat. The important change, however, on heat treat- 
ment was the complete or partial conversion of Cr7Cs to CrsC in 
those alloys which contained Cr7C3. It would be expected that any 
precipitate of chromium carbide from the supersaturated solid solu- 
tion would be the equilibrium carbide CrgC. The Co-C (since cobalt 
is the predominant element) equilibrium diagram shows that this 
aging should be appreciable. The solubility limit of carbon in chro- 
mium,is not accurately known, but is probably quite small, and since 
the chromium content is about one-third that of cobalt, the solubility 
limit in the alloys is probably below that indicated by the cobalt- 
carbon diagram. However, if this were the only reaction, the residue 
after carbide extraction should contain a mixture of Cr7zCs (formed 
at casting), CrsC (formed during aging), and MegC (probably formed 
at both times). In very many cases, no Cr7Cs was found after aging. 
For this reason, a decomposition of Cr7Cs3 to CrgC was postulated. 
It is unlikely that the presence of Cr7Cg is masked by a much greater 
amount of Cr4C. According to Table XI, the weight of carbide 
(Cr7Cs) in cast 77V, as an example, found by lineal analysis was 
8.0%, while a carbon balance showed 9.0%, indicating that conven- 
tional aging would yield only a fraction of the amount of primary 
carbide present. 

The alloy 422-19 varies only slightly in composition from Vital- 
lium and the V alloys (Table III) and the carbide analyses, both 
chemical and X-ray, were quite similar. Thus, it would be expected 
that the results on the V alloys would be applicable to commercial 
Vitallium, with a possible exception in the presence of a hexagonal 
matrix in V but not 422-19. 

J Alloys: Examination of some 70J alloys showed them to be 
variable in their behavior on occasions. The alloys were face- 
centered cubic at all times. The as-cast carbide residues were found 
to contain 5 to 75% Cr7Cs, 25 to 60% TaC, 15 to 30% Cr4C, 2 to 
30% MeC. The aged residues contained 15 to 50% Cr4C, 0 to 40% 
Cr7C3, 15 to 45% TaC, and "0 to 20% MeC. As in the V alloys, 
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there was partial to complete conversion of Cr7Cs to CrgC on aging, 
the Cr4C reverting to Cr7Cs on solution treating. 

N-155: The cast N-155 alloy examined was found to undergo 
a considerable carbide change. The residue from the cast alloy was 
largely a mixture of CbC and Me¢C (with a little Cr7C3). After 
aging, CrgC and CbC (with a little MgC) were found. The differ- 
ences were too great to be accounted for only by dilution by the pre- 
cipitation of CrgC. In this case, there appeared to be a transfer of 
carbon from the MgC lattice to that of CrgC. A slightly lower-carbon 
forged alloy yielded only CbC upon extraction. Columbium was 
doubtless the strongest carbide-former present, and tied up all the 
available carbon. The alloy itself was always cubic. 

S-816: Because of the high columbium content in relation to 
the carbon present, alloy S-816 formed very largely CbC on casting, 
along with a little MgC. Both Me¢C and CbC formed during aging, 
most of the precipitation being CbC, but a larger proportion than at 
casting was M,zC. Like most other alloys, S-816 was cubic in 
structure. 

These conclusions were based largely on X-ray diffraction data. 
However, they are confirmed by the results obtained by chemical 
analyses and area measurements of phases. These data are brought 
together in Table XI. On the basis of the chemical composition, the 
stoichiometrical quantities of carbides (equivalent to the carbon and 
nitrogen present) were computed, assuming no solubility of carbon 
in the matrix. Beside these figures are the results obtained by lineal 
analysis after conversion to weight per cent. The agreement here is 
considered quite satisfactory. On the average, the quantity of carbide 
computed on the basis of composition is greater than that found by 
measuring areas. This is consistent with the existence of some car- 
bon in solution in the matrix. 

Several experiments were run to clarify various points brought 
out in the earlier work. When it had been established that certain 
cast alloys contained Cr7Cs3, but after aging contained Cr4C, low 
temperature and short-time annealing was resorted to. One of the 
aims was to furnish material for etching experiments where both 
CrgC and Cr7Cg were present, but a differential etchant was not 
developed. After it was learned that alkaline etchants tended to 
attack the carbides, various mixtures of ammonia, sodium hydroxide, 
sodium sulphide, and hydrogen peroxide were tried (usually in an 
electrolytic cell) without success. Of the acids, when used electro- 
lytically, those with the heavier metal ions gave more uniform results. 
Table XII shows the results of X-ray analysis of the carbides sep- 
arated from bars given various aging treatments. While the percent- 
age of MgC is substantially constant, the total quantity of carbide 
increased with aging, hence some must have formed during aging. 
That this chromium carbide transformation is not rapid is indicated 
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Fig. 8—Iso-chromium Section Through Fe-Cr-C Ternary at 30% Chromium. 
From work of Tofaute, Kittner and Bittinghaus. 


by the fact that 2 hours at 1500 °C had no effect on the specimen 
previously aged 48 hours at 1350 °F. 

The beneficial effect sometimes noted after a solution heat treat- 
ment on an alloy with poor properties in the cast and aged condition 
is explained by an examination of the extracted carbides (Table | 
XIII). After solution treating, both alloys gave comparable per- | 
formance, and here the changes were explainable on the basis of 
chemistry alone. 

Rosenbaum (7) published the results of carbide extractions from 
a group of cobalt-base alloys. Two important differences between 
his and the present work are worthy of comment. Rosenbaum found 
the’ MgC carbide in nearly every V alloy examined, and in 422-19. 
In N-155 he reported the presence of CbN, where the carbide CbC 
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was found in this work. Since the carbide and nitride are isomor- 
phous it is necessary to measure lattice parameters accurately to dif- 
ferentiate the two. The lattice parameter found for the extracted 
columbium compound was 4.426A ; CbC has a lattice size of 4.40 and 
CbN, 4.435. Thus a carbonitride is indicated. This conclusion may 
be reached independently from the composition of the N-155 residue 
(Table III) which shows both carbon and nitrogen to be present. 

In seeking a better understanding of the behavior of the complex 
high temperature alloys, an examination of the carbon-chromium- 
iron ternary diagrams was made, which indicated it to be in accord 
with the findings in this work, especially with regard to V alloys. 
The Cr-C binary (9) permits an explanation of the formation of 
Cr;C3 (by coring) at solidification, but cannot account for solution- 
treatment effects. The section of the ternary at 30% chromium, 
Fig. 8, shows how the addition of iron to chromium and carbon 
provides an excellent opportunity for solution treating to be effective. 
Naturally, the C-Cr-Co diagrams would not be identical with the 
Fe-Cr-C ternary, but in view of similar melting points, and atom 
sizes of iron and cobalt, the two diagrams would probably be similar 
in the region of interest (1% carbon, 20 to 30% chromium). 


CoNCLUSION 


Carbides were separated from a variety of (cobalt-base) high 
temperature alloys by an electrolytic process. Examinations of the 
carbides by X-ray diffraction and chemical analysis, coupled with 
area measurements of the phases in the alloys, led ‘to these 
conclusions : 

1. Depending on the carbon content, most of the alloys con- 
tained either CrgC (to about 0.6% C in Vitallium and similar alloys) 
or Cr7Cs in the cast condition. A smaller amount of the M¢C carbide 
was usually present. Tantalum or columbium carbides were found 
whenever these elements were present. No etchant was found which 
would clearly differentiate CrsC from Cr7C3, but the MgC carbides 
were found to be preferentially darkened by heat tinting or electro- 
lytic etching in an alkaline solution. 

2. It was found that aging not only caused the precipitation of 
Cr4C, but also converted the Cr7Cs3 to Cr,C. 

3. The difference in cooling rates through the freezing range 
caused by solidification of thin or heavy sections did not appreciably 
affect the variety of carbides which formed, though possibly a greater 
amount of MgC carbide formed in the more rapidly cooled section 
than in the slowly cooled section. 

4. The simpler cobalt-base alloys, resembling Vitallium, were 
largely hexagonal as-cast, but during aging they transformed to face- 
centered cubic. The more complicated alloys were cubic at all times. 
5. Neither microhardness testing nor lineal analysis was suffi- 
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ciently sensitive to measure changes in the carbides resulting from 
heat treatment. 
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6. Nitrogen is an important alloying ingredient, being present 
substitutionally in the carbide lattice. 
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It is surprising that the authors did not find CbN in the residues. 
It had been identified previously.* I have examined microscopically some 
samples of N-155 and have seen occasional grains of CbN. Considerable 
changes of phases at grain boundaries and in the matrix were noted after 
aging at 1350 and 1500°F (730 and 815°C) for periods up to 3000 hours. 
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On page 120, the structures, as revealed by X-ray diffraction, are com- 
pared with the elements present in the carbide. Several papers have been 
published on double carbides, in addition to those to which reference is 
made. Adelskéld, Sundelin and Westgren studied carbides in alloys of 
tungsten and molybdenum with chromium, iron, manganese, cobalt and 
nickel. Tungsten was found to fit easily in MaC. and MeC-type carbides 
and also molybdenum.* The MeC-type carbide was also found for the 
cobalt-tungsten-carbon and nickel-tungsten-carbon systems but not when 
tungsten was replaced by molybdenum.’ 

Krainer® has determined the lattice parameters of a series of the McC 
carbides. No lattice parameters are given by Professors Lane and Grant, 
but these might help in determining the extent of the presence or solu- 
bility of some of the elements in the carbides. Some examples are given 
below : 


CosW2C = 11.01 A (see footnote 4) 

Fe.W:2C = 11.08 A (see footnote 7) 

FesWsC = 11.04A (see footnote 7) 

(Fe,W )«C = 11.056 KX (see footnote 6) 

(Fe,Mo)«C = 11.082 KX (see footnote 6) 

(Fe,W,W )«C = 11.026 (with 3% Cr in carbide) (see footnote 6) 
(Fe,W,V )«C = 11.040 (5 to 40% V) (see footnote 6) 
(Fe,W,Ta,Cb)«C = 11.108 (55% Ta+ Cb) (see footnote 6) 
Fe,Mo,Ta,Cb = 11.06 (to 70% Ta+ Cb) (see footnote 6) 
(Fe,Mo,W )«C = 11.062 (1.6 to 8% Cr) (see footnote 6) 
CresCe = 10.638 A (see footnote 8) 

(Cr,Fe) osC.s = 10.567-10.638 A (see footnote 8) 

Fea WeCs. = 10.51 A (see footnote 5), 10.52 XK (see footnote 6) 
FenMoC, = 10.54 XK (see footnote 6) 

MnosC. = 10.564 A (see footnote 7) 

(Cr,Mo,Fe) esCs = 10.52-10.53 KX (see footnote 8) 

NisWsC = 11.15 A (see footnote 4) 


Written Discussion: By Edward E. Reynolds, Research Laboratory, 
Allegheny Ludlum Steel Corporation, Watervliet, N. Y. 

Metallurgists in their search for and development of better high tem- 
perature alloys have had little insight into the exact nature of the com- 
position of the excess phases present in these alloys. While the alloys, 
in most cases, were designed on basic metallurgical principles, which indi- 
cated that the excess phases should be carbides, it was only guesswork 
as to the elements forming these carbides, the changes occurring during 
treatment, and the influence of these phases on properties. The present 
paper, by its identification of carbides and their changes with heat treat- 
ment and its outline of identification methods, is an important contribu- 
tion to the metallurgy of high temperature alloys. 

One of the most outstanding findings of the several important results 
of this work was that of the change in chromium carbide composition 
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with aging and solution treatment. Previous metallographic experience 
with these alloys has indicated that the massive excess constituents in 
as-cast and solution-treated structures remain unchanged during aging. 
Constituents in supersaturated solid solution at the lower temperatures 
were believed to precipitate from this solution during aging. At the same 
time it was observed that the occurrence of precipitating phases was 
heaviest in the vicinity of the massive constituents. This was believed 
to be the result of a concentration effect in these zones of the solid solu- 
tion. That the massive constituents could be changing composition with- 
out changing size or shape, while also contributing components by diffu- 
sion to the phases forming during aging, could not be guessed. In light 
of the results presented, such a transformation appears to be entirely 
feasible and probable. 

We cannot find data presented in the paper to substantiate the state- 
ment, appearing on page 131 for the first time, that Cr,C formed during 
aging is reconverted to Cr;Cs upon solution treatment of the “J” alloy. 
From the abstract of the paper it is presumed that this reaction is typical 
to some degree of all the alloys. However, no supporting data can be 
found with the possible exception of those for N-155 in Table XI. If the 
decomposition of Cr;C, to CrC is an aging reaction, as speculated, the 
reverse reaction must occur during solution treatment. It would be appre- 
ciated if the authors would present information, similar to that for aging 
in Table XII, showing this chromium carbide conversion during solution 
treatment. 

A study of the influence of the carbides on high temperature prop- 
erties was not an object of the investigation of this paper. Dr. Grant 
in previous papers has shown the influence of the distribution of excess 
constituents on rupture properties. However, knowing now their compo- 
sition, there remains the difficult task of determining the relation of com- 
position changes with processing, treatment, and alloy content of these 
constituents to properties. 

The one case in the paper where a change in properties is shown to 
accompany a change in the carbides is for the “J” alloy in Table XIII. 
There was no over-all solution effect observed in the alloy from data in 
Tables VI, VIII and X. There was, however, a movement of carbon— 
depleting Cr.C and forming TaC. Thus, as stated on page 132 of the 
paper, this chemical change appears to be responsible for the improved 
properties. Just how this chemical change influences properties is obscure. 
Depleting the solid solution of the larger size tantalum atoms it is believed 
would decrease inherent matrix strength. An improvement in ductility 
would enhance rupture life. Casting cénditions must have varied between 
77J and 63J to cause the differences in carbides and accompanying 
strengths. Casting conditions are known to have a marked influence on 
inherent properties of an alloy. We would appreciate the authors’ com- 
menting on how this chemical change with solution treatment improved 
the rupture life of the “J” alloy. 
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Authors’ Reply 


The residues which contained columbium yielded a face-centered cubic 
X-ray pattern with a unit cell size intermediate between that of CbC and 
CbN (both of which have the same structure). This was the basis for 
our statement that the contained nitrogen was present as a carbonitride. 

It is recognized that considerable changes in the phases can occur 
after prolonged aging. Such aspects were not reported in this paper. 

Except for the simplest cases, the lattice parameters of the MeC car- 
bide would have been of little help in detecting the presence of individual 
elements. Because this carbide is such a scavenger, it was described as 
“M.C” instead of any more exact composition. Not only can cobalt, chro- 
mium, and nickel substitute for iron; and molybdenum, vanadium, tanta- 
lum, and columbium substitute for tungsten; but the composition can 
range from Fe,W:2C to FesW;:C. Gulyaev (“Study of Phase Composition 
of High Speed Steels”, Stal, Vol. 6, March 1946, p. 188-191) found that 
the ratio of iron to tungsten in (Fe, W).C varied with temperature—the 
tungsten content increasing with temperature—and that there is a maxi- 
mum on the curve relating per cent tungsten with temperature. 

Our work was largely limited to cast and aged alloys. However, a 
limited number of solution-treated specimens were examined, and the J 
alloy results referred to are presented below. Listed are the averages 
from X-ray determinations of two heats, containing 0.70 and 0.73% carbon 
respectively. 


% Carbide——_—_—__., 


‘pmaipreatisetaaiaeiememt 

Condition CnC CriCs MeC TaC 
Cast 0 44 18 38 
Aged 43 0 11 47 
Solution-Treated 0 41 5 54 
Reaged 20 0 9 56 


Two important results are evident. First, the CrsC formed by aging 
is converted back to Cr:C; by solution treatment. Second, in addition to 
the above reversible reaction, the relative amount of tantalum carbide 
increases irreversibly after each treatment. The softening resulting from 
the depletion of tantalum from the solid solution is apparently over- 
shadowed by the hardening resulting from additional tantalum carbide 
formation. 
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ISOTHERMAL TRANSFORMATION, HARDENING, AND 
TEMPERING OF 12% CHROMIUM STEEL 


By R. L. Rickert, W. F. Waite, C. S. WALTON anp J. C. BUTLER 


Abstract 


The eleven steels imvestigated, representing AlSI 
Types 403, 410, and 416, contained from 0.016 to 0.14% 
carbon and 11.3 to 13.25% chromium. Three of these 
steels contained approximately 0.5% molybdenum, boron 
had been added to one, and another contained zirconium. 
The A, temperatures were determined, and other data on 
austenite formation in these steels were obtained; trans- 
formation characteristics of the austenite, both to martens- 
ite and on holding at constant temperature, were investi- 
gated. The effect of tempering, after normalizing or 
quenching, was also investigated. 

Considerable difference in austenitizing characteris- 
tics among the steels was found, some of it related to 
known differences in composition and some not. Carbon 
content of the austenite was found to have a marked effect 
on the temperature of martensite formation and on hard- 
ness of the martensite. Rate of isothermal transformation 
was greater and hardenability less, in general, in the pres- 
ence of “delta” ferrite. Boron greatly increased the hard- 
enability of this type of steel. 

Tempering at temperatures up to 800°F (425 °C) 
softened these steels only moderately, some secondary 
hardening occurring at about 800 °F. Softening was much 
greater in tempering at 1000 °F (540°C) or above, and 
increased with increased time at temperature, whereas at 
800 °F and below it did not. Hardness, both before and 
after tempering, was dependent to a considerable extent 
on the carbon content of the steel. 


INTRODUCTION 


HIS investigation was initiated a few years ago in order to 
obtain information, not then available, that would permit a 
better understanding of the heat-treating characteristics of low 
carbon, hardenable stainless steels containing approximately 12% 
chromium. Inquiries received from producers, fabricators and users 
indicated that the scattered information regarding such steels avail- 
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able in the technical literature was not entirely adequate for this 
purpose. 

In all, eleven steels of the general type covered by AISI desig- 
nations (1)? 403, 410, and 416 were investigated. Steels in these 
categories contain a maximum of 0.15% carbon and between 11 and 
13.5% chromium; the 416 grade is a free-machining steel which 
usually contains considerable sulphur or selenium and may contain 
molybdenum or zirconium. Two of the steels investigated were un- 
usually low in carbon. Another steel containing a small amount of 
boron was included so that the effect of this element on heat treating 
characteristics of the 12% chromium grade could be determined. 
The other steels covered the customary range of composition of the 
ordinary low carbon 12% chromium steels, excluding Type 405 
which contains aluminum and Type 414 which contains approxi- 
mately 2% nickel. 

Various aspects of the formation of austenite were studied, in- 
cluding determination of the A; temperature, the austenitizing tem- 
perature range yielding maximum hardness after quenching, and 
the maximum amount of austenite that could be formed in each steel. 
Also, for each steel, the M, temperature and the martensite formation 
curve were determined. Isothermal transformation diagrams were 
obtained for a sufficient number of the steels to indicate the general 
characteristics of austenite transformation in this type of steel, in- 
cluding relative hardenability of different compositions. In addition, 
the effect of tempering, after hardening by quenching or normalizing, 
on hardness and microstructure of the steels was investigated. 


MATERIAL 


Composition of the steels used is given in Table I. They were 
selected to cover a considerable range of composition, particularly 
with respect to carbon and chromium, within the limits of the gov- 


Table I 











Composition of Steels 
———————Co mposition, %* —_——_——-— 

No. Special Features 3 Mn P Ss Si Ni Cr Mo N Other 
1 Low Chromium 0.08 0.43 0.013 0.010 0.22 0.35 11.28 0.05 0.033 
2 Intermediate 

Chromium & Carbon 0.11 0.44 0.014 0.010 0.37 0.16 12.18 0.02 0.033 
3 High Chromium 0.11 0.62 0.013 0.013 0.31 0.15 13.24 0.02 0.019 
4 Low Carbon 0.055 0.35 0.016 0.016 0.26 0.12 12.46 0.02 0.037 Es 
5 High Carbon 0.14 0.49 0.024 0.019 0.17 0.22 12.54 0.03 0.047 bate 
6 Free-Machining (Zr,S) 0.12 0.79 0.017 0.190 0.74 0.25 12.82 0.05 0.037 0.08Zr 
7 Free-Machining (Mo,S) 0.09 0.60 0.025 0.342 0.29 0.32 12.28 0.40 .... eG aes 
8 0.5% Mo 0.074 0.39 0.034 0.010 0.27 0.30 12.22 0.52 0.939 
9 Special Heat—0.5% Mo 

with Boron 0.08 0.38 0.020 0.008 0.16 0.44 11.94 0.53 0.046 0.0035B 
10 Very Low Carbon 0.016 0.84 0.008 0.025 0.98 0.12 12.12 0.01 0.036 eee 
11 Very Low Carbon . 0.016 0.85 0.011 0.025 0.96 0.20 11.73 0.01 0.046 





*Values in italic type are the result of check analysis; others represent heat analysis. 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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erning AISI specifications. Only two steels representing the free- 
machining grade, Type 416, were included but these two are believed 
to be reasonably representative of this type; both contained high 
sulphur and in addition one contained molybdenum, the other zirco- 
nium. Steel 9, to which boron was added (2), is a special experi- 
mental heat included to determine the effect of boron on harden- 
ability and other characteristics of the 12% chromium grade. The 
two very low carbon steels (10 and 11) were included because of 
recent interest in low carbon stainless steel in general. 

All of these steels were made in the electric furnace and rolled 
or forged to bars ranging from 54 to 13%4 inches in diameter. They 
were normalized before subsequent experimental work was under- 
taken. 


FoRMATION OF AUSTENITE 


To determine the relationship between temperature and extent 
of austenite formation, small specimens of the steels listed in Table I, 
which had beer normalized at 1800°F (980°C) and as a result 
were largely martensitic in structure, were heated at selected tem- 
peratures in the range 1350 to 2400 °F (730 to 1315 °C) and then 
quenched. Time at temperature was 1 hour except at the higher 
temperatures where it was reduced to 30 minutes, and in some in- 
stances to 5 minutes, in order to minimize decarburization. The 
amount of decarburization that occurred under these conditions is 
believed to be insufficient to affect materially the hardness or micro- 
structure near the center of the specimen. 

Hardness of four of the steels after quenching, measured at the 
center of the specimens, is shown in Fig. 1. As the temperature 
increased above the A,, hardness of each steel increased to a maxi- 
mum and then decreased. This behavior is in accordance with the 
equilibrium diagram (3, 4), Fig. 2, which shows that the amount of 
austenite formed should increase to a maximum and then at some 
higher temperature should start to decrease as the temperature is 
raised. Metallographic examination of the specimens confirmed this 
behavior. 

From curves such as those in Fig. 1, supplemented by metallo- 
graphic examination of the quenched specimens, the A; temperature, 
the minimum austenitizing temperature for maximum hardness as 
quenched, and the maximum amount of austenite formed in each 
steel were determined. 


A, Temperature 


The A, temperature determined in this investigation was the 
lowest temperature that resulted in measurable hardening when the 
steel was heated for 1 hour and then quenched. In some instances 
specimens were held at tempéfature for 4 hours, with no appreciable 
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change in the indicated A, temperature. It is very likely, however, 
that the equilibrium A, temperature, that is, the lowest temperature 
at which any austenite can form, is somewhat lower than the A, 
temperature reported here. . 

The A, temperature for each steel is listed in Table II. These 
temperatures, which range from 1410 to 1480 °F (765 to 805 °C), 
are plotted against carbon content of the steel in Fig. 3. Two of the 
steels are definitely out of line with the others, but the reason for 


Table Il 
Austenite and Martensite Formation Data 
Optimum Isothermal 
Austenitiz- Max. Transformation 
Ai ing Tem- Austenite Amount of at 1300°F 
Temp. perature Grain Size Austenite Martensite Formation Time Hardnesst 
Steel (°F) (°F) at 1800°F % Ms(°F) Maso(°F) Moo(°F) Minutes DPH Rb 
1 1410 1600 5-6 100 720 665 600 120 145 78 
2 1470 1750 6-7 99 .9+ 675 600 540 85 155 81 
3 1465 2000 7-8 95 635 560 500 50 145 78 
4 1480 1750 6-7 95-97 730 670 620 35 135 74 
5 1445 1900 4-5 100 595 540 480 120 155 81 
6 1480 1850 7-9 95-97 595 540 490 70 170 86 
7 1460 1700 8-9 99.5 675 590 555 75 155 81 
8 1465 1800 6—-8* 93-95 700 620 550 120 140 76 
9 1410 1800 4—6* 99.8 690 605 500 750 140 76 
10 1480 1750 7-8 75-80 760 715 ot ~*~. ma é 
il 1465 1750 7-8 85-90 760 715 


*Grain Size at 1950°F. 
tVickers hardness tester used; Rb values were obtained by conversion. 


1425 


oO - 11.00-11.75% Gr 
@ - 11.76 -12.50% Cr 


1400 @ - 12.51 -13.25% Cr : 
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A, Temperature ° F 





Carbon % 


Fig. 3—A1 Temperatures of Eleven 12% Chromium Steels, Based 
on Holding at Temperature for 1 Hour. 


this discrepancy is not known. Except for these two steels, the A; 
temperature tends to decrease slightly with increase in carbon con- 
tent. There is no indication that variation in chromium content 
over the range covered by these steels has a significant effect on the 
A; temperature. The observéd A; temperatures are in all instances 
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of these steels coarsened gradually as the austenitizing temperature 
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lower than shown by the equilibrium diagram for “pure” iron- 
chromium-carbon alloys, Fig. 2. 


Austenitizing Temperature for Maximum Hardness as Quenched 


For maximum hardness in the quenched condition, the steel must 
be austenitized so as to obtain the maximum possible amount of 
austenite, which in some steels may be less than 100%, and also to 
dissolve all carbide present. When heated for 1 hour, a higher 
temperature was often required for complete solution of carbide than 
for completion of the ferrite-austenite transformation. This was 
particularly true of those steels relatively high in either carbon or 
chromium. Holding such steels at temperature for 4 hours rather 
than for only 1 hour did not reduce appreciably the austenitizing 
temperature required for maximum hardness after quenching. Re- 
sults of these tests, determined from curves such as those illustrated 
in Fig. 1, are given in Table II. These data indicate that the cus- 
tomary austenitizing temperature range of 1700 to 1800 °F (925 to 
980 °C) used for this type of steel is satisfactory. For a few steels, 
particularly those containing a relatively large amount of carbon or 
chromium, quenching from a somewhat higher temperature than 
normal will increase the hardness slightly. 


Composition Limits for 100% Austenite 


As indicated in Fig. 2, unless 12% chromium steels contain 
more than some minimum amount of carbon they cannot be made 
entirely austenitic, even by heating to the optimum temperature for 
austenite formation. The required amount of carbon increases as 
the chromium content of the steel increases. If the carbon content 
is less than this minimum amount, some ferrite will be present in the 
steel, regardless of the austenitizing temperature. 

Published equilibrium diagrams for supposedly pure alloys can- 
not in all instances be used to predict the structures that will be 
obtained when commercial 12% chromium steels are austenitized. 
A tentative “structural” diagram for this purpose, based on the steels 
included in this investigation, is shown in Fig. 4. This diagram 
shows the relationship between carbon content, “equivalent’”’ chro- 
mium content, and the phase or phases present in each steel at 
temperatures in the range most favorable for formation of austenite 
in that particular steel. The factors used to calculate the chromium 
equivalent, based on scattered and meager published data, are rather 
arbitrary, although for these particular steels they appear to give 
concordant results. 


Effect.of Austenitizing-Femperature on Grain Size 


As shown for selected steels in Table III, austenite grain size 
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Table Ili 
Austenite (or Ferrite) Grain Size 
Temperature Steel 5 Steel 2 Steel 4 Steel 10 Steel 11 

°F °C 0.14%C 0.11%C 0.055% C 0.016%C 0.016% C 
1600 870 11-12 9-10 8-9 8-9 8 
1800 980 5-7 6-7 7 7-8 7-8 
2000 1095 4-6 4-6 6-7 7-8 6-7 
2200 1205 2-3 4-5 6-7 3-6* 5-7 
2400 1315 0-00* 0-000* 1-4 1-0* 0-00* 


*Ferrite grain size; all other values represent austenite grain size. 





Austenite ond Ferrite 
(Numbers - % Ferrite) 





Chromium Equivalent - 9 
(Cr+2Si +1.5 Mo-2Ni-!IMn-I5N) 


0 0.05 0.10 0.15 
Carbon % (Check Analysis) 
Fig. 4—Tentative Chart Showing Compositions of Nominally 


12% Chromium Steels That Can Be Made Entirely Austenitic by 
Heating to a Suitable Temperature and Those That Cannot. 


increased. When a relatively large amount of ferrite formed at high 
temperature, the grain size of this ferrite usually was very large. 
At 1800 °F (980 °C), the upper limit of the conventional commer- 
cial austenitizing range, the structure of all except the very low 
carbon steels was predominantly austenitic, with an austenite grain 
size of 6 or finer except in a few steels, as shown in Table II. 


TRANSFORMATION TO MARTENSITE 


The course of martensite formation in these steels was deter- 
mined by means of the metallographic method (5, 6). Specimens 
zs to % inch thick were austenitized at 1800 to 1950°F (980 to 
1065 °C), quenched into a hot liquid bath at the desired temperature 
then tempered for 10 to 20 minutes at 1000 or 1050 °F (540 or 565 
°C). From curves relating the percentage of martensite formed in 
the liquid bath to temperature of the bath, the martensite-formation 
data listed in Table II were derived. These data include, for each 
steel, the temperature at which formation of martensite started (M,), 
the temperature at which martensite formation was 50% completed 
(Mso) and the temperature at which it was 90% completed (Moo). 

The M, temperatures in. Table II range from 595 to 760°F 
(315 to 405°C). The Mso temperatures are from 45 to 85°F 
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Fig. 5—Effect of Carbon on the M« Temperature of 12% Chro- 
mium Steels Containing Other Elements as Indicated. ‘‘A”’ represents 


the possible range in location of the straight line of best fit and “B”’ 
the possible range of individual observations, both with 95% certainty. 


below the respective M, temperatures, the average difference being 
65°F. The differences between M, and Mgo range from 105 to 190 
F, the average being 130 °F. 


Effect of Carbon and Other Elements on M, 


Statistical analysis of the M, data in Table II indicated a fairly 
vood correlation between M, temperature and carbon content. The 
correlation was somewhat better when minor adjustments in the M, 
temperatures were made to compensate for differences in amount of 
manganese, silicon, nickel, molybdenum, and chromium in the steels. 
Published factors (6, 7), determined for lower alloy steels, were used 
for all of these elements except chromium, for which a value of 25 °F 
for each per cent of chromium was derived from the present data. 
Although this value is subject to considerable uncertainty, it was 
found by trial and error to give the best fit to a straight line relating 
the adjusted M, temperature to carbon content. This straight line 
of best fit is shown in Fig. 5, and is represented by the equation: 


M, (°F) = 810 — (1355 & % carbon) 


Fig. 5 shows not only the straight line fitted to the observed data, 
adjusted as indicated to a “standard” base composition, but also two 
ranges designated A and B. The limits designated by “A” in Fig. 5 
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indicate the range within which the true relationship between M, 
and carbon content of such a base composition should lie.2 The 
limits marked B indicate the range within which individual values 
of the M, temperature determined for steels of the type represented 
here should be found.? 

If the curve in Fig. 5 is used to predict the M, temperature of 
a steel that has a different composition from the one given, appro- 
priate corrections should be made. An increase in any of the alloy- 
ing elements listed will tend to lower the M, temperature, whereas a. 
decrease in alloy content will tend to raise it. The correction factors 
used, for each 1% of alloy, are as follows: 


a Pee ir 25 °F 
Manganese .......... 70 °F 
SE nin ceo cack s caee 20 °F 
PEMD. ch ons dass odie 35 °F 
Molybdenum ........ 20 °F 


Fig. 5 is based on data for steels that were almost entirely aus- 
tenitic (93% or more) and had all carbon in solution before they 
were quenched. Although this chart is strictly applicable only to 
such steels, the predicted M, temperature for Steel 10 which con- 
tained only 75 to 80% austenite is 750 °F (400 °C) and for Steel 11 
which contained only 85 to 90% austenite is 755 °F, both in fairly 
good agreement with the observed value of 760 °F. 


ISOTHERMAL [TRANSFORMATION 


The metallographic method, described in the literature (8, 9), 
was used to determine isothermal transformation diagrams for several 
of the steels listed in Table I. Specimens 7; to % inch thick were 
austenitized for 30 minutes at 1800°F (980°C), or for a few of 
the steels at 1950°F (1065°C). In most instances, no special : 
protection was used, as the thin scale formed at the austenitizing 
temperature served as a sufficiently protective coating. In a few 
instances, better protection was required, in which case the specimens 
were copper plated and heated in a carburizing atmosphere. The 
specimens were quenched into lead or a lead-bismuth mixture; time 
at the isothermal transformation temperature was, in most instances, 
limited to a maximum of 50 hours, as it was believed that longer 
times would be of little practical interest. 


Typical Diagram 


The isothermal transformation (I-T) diagram for a representa- 
tive 12% chromium steel is shown in Fig. 6. This steel, No. 2 in 
Table I, was selected for detailed investigation because its compo- 


2These limits were computed by standard statistical methods from the data shown on 

. the basis that there is one chance in twenty that the line representing the true relationship 
of Mé to carbon content lies outside limits A or that observed Ms values for individual 

steels will fall outside of limits B. For,method of calculation see, for instance, “‘Statistical 

Methods” by G. W. Snedecor, The Iowa State College Press (1946). 
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Fig. 6—Isothermal Transformation Diagram for a Representative 
12% Chromium Steel (Steel 2, Table I) 


sition is fairly typical of the 12% chromium grade. When austeni- 
tized at 1800 °F (980 °C), its structure was almost entirely austen- 
itic, with only a trace of ferrite. 

The I-T diagram is of the simple “C”’ type, with a minimum 
time for transformation at approximately 1300 °F (705°C). At this 
temperature, transformation started in about 3.5 minutes and was 
completed in slightly less than 1.5 hours. Above 1300 °F (705 °C), 
the first transformation product was ferrite; an aggregate of ferrite 
and carbide formed on longer holding. Even at temperatures some- 
what above the Ae;,? carbide formed when the steel was held for a 
sufficient period of time, the Ae; temperature shown in the diagram 
being the lower limit of the three-phase region in which ferrite, 
carbide and austenite may exist in equilibrium. As shown in Fig. 7, 
the product of transformation at 1400°F (760°C) consisted of 
ferrite and a widely spaced, somewhat lamellar aggregate of ferrite 
and carbide. The aggregate formed at 1300°F (705°C) was more 
closely spaced and fewer clear areas of ferrite were present. 

As the transformation temperature was decreased below 1300 °F 
(705 °C), time for transformation increased rapidly. At 1000 °F 
(540°C), for instance, 5.5 hours elapsed before transformation 

*The Ae, temperature.in Fig. 6 is that at which the first trace of austenite is believed 
to have formed when the steel was held for 1 to 4 hours, and is slightly lower than the A; 
temperature for the same steel listed in Table II. The latter represents the lowest tempera- 


ture at which enough austenite formed during heating for 1 hour to produce distinct harden- 
ing on quenching. 
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started and it was only 50% complete at the end of 50 hours; trans- 
formation was not carried to completion at this temperature because 
of the long time that would have been required. Specimens were 
held at 900°F (480°C) for as long as one week, at the end of 
which time transformation was less than half completed. No trans- 
formation was observed at temperatures between 900 °F (480 °C) 
and the M, temperature, even though specimens were held for 50 
hours at 800 and 700 °F (425 and 370 °C). 

The structure resulting from transformation at 1200°F (650 
°C) or lower temperatures differed markedly from that formed at 
1300 or 1400 °F (705 or 760 °C), as shown in Figs. 7 and 8. The 
initial transformation product at 1200 to 900°F (650 to 480 °C) 
was a dark-etching aggregate which formed along prior austenite 
grain boundaries, resulting in a partial or complete network. Further 
transformation at 1200 or 1100°F (650 or 595 °C) resulted in the 
formation of what appear to be ferrite grains, outlined by small par- 
ticles and containing a very fine precipitate. Transformation at 1000 
and 900 °F (540 and 480°C) did not progress beyond the network 
stage, hence the structure resulting from complete transformation at 
these temperatures is not known. 


Effect of Composition 


One factor found to have a marked effect on the I-T diagram 
was the presence of ferrite in the steel as austenitized. This effect 
is illustrated by the two diagrams in Fig. 9. The upper one, Fig. 
9A, is for a steel that was entirely austenitic before transformation, 
and the lower one, Fig. 9B, for a steel that contained about 5% 
ferrite at the austenitizing temperature. For convenience, this ferrite 
is designated “delta ferrite’, in accordance with common usage, to 
distinguish it from ferrite formed during transformation, even though 
both ferrites have the same crystallographic structure and may have 
the same composition. 

Fig. 9 shows that the steel containing delta ferrite transformed 
much more rapidly than the other, despite the fact that the former 
contains more carbon, manganese, and chromium and on the basis 
of composition alone would be expected to be the slower to transform. 
Only the difference in grain size is in a direction that would favor 
more rapid transformation of the steel containing delta ferrite, but 
this grain size difference is not nearly enough to account for the 
marked difference in transformation behavior. Apparently, when 
delta ferrite is present it nucleates transformation to either ferrite 
or ferrite-carbide aggregate, depending on the transformation tem- 
perature, as illustrated in Fig. 10. Fig. 10a shows a small amount 
of ferrite formed around delta ferrite areas at 1400°F (760°C), 
whereas Fig. 10c shows the dark-etching aggregate that, at 1100 °F, 
formed around such areas before it did elsewhere in the specimen. 
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Fig. 7—Microstructure of a 12% Chromium Steel Transformed Isothermally at 
1400, 1300, or 1200°F. Picric-HCl etch. X 1000. (a) 0.5 Hr. at 1400°F; (b) 3.25 Hr. 
at pn (c) 16 Min.“at 1300°F; (d) 2 Hr. at 1300°F; (e) 16 Min. at 1200°F; (f) 4 Hr. 
at °F, 

a, c and e partially transformed. 
b, d and f completely transformed. 
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Fig. Pa a of a 2, 2% Chromium Steel Transformed Isothermally at 
. 


1100, 1000, or 900°F. Picric- < 1000. (a) 2 Hr. at 1100°F; (b) 48 Hr. at 
1100°F; (c) 43.5 Hr. at 1000°F; (d) 168 Hr. at 900°F. 
a,candd ey transformed. 
b completely transformed. 


With few exceptions, the effect of variation in composition on 
transformation behavior was indirect rather than direct. Steels of 
such composition that they contained delta ferrite at the austenitizing 
temperature transformed more quickly than those that were entirely 
austenitic before transformation. With few exceptions, this effect 
of structure predominated over any direct effect that the minor alloy- 
ing elements present in the steels may have had. 

All of the steels were found to transform most rapidly at about 
1300 °F (705 °C) ; this temperature, therefore, is the one of greatest 
interest from the standpoint of annealing or hardening. Isothermal 
transformation curves for several of the steels at 1300 °F (705 °C) 
are presented in Fig. 11 to illustrate the principal differences in 
transformation behavior that were observed. These curves confirm 
the conclusion that delta ferrite accelerates transformation. An 
apparent exception is Steel 8, Fig. 1lc, which contained more delta 
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ferrite than Steel 7 but transformed somewhat more slowly, even 
though the steels were similar in composition except for the high 
sulphur content of Steel 7. The curve for Steel 8, as compared to 
some of the others, may indicate that 0.5% molybdenum, in the ab- 
sence of high sulphur, appreciably retards isothermal transformation ; 
this conclusion is, however, only tentative. 

Boron is very effective in retarding transformation, and thus in 
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Fig. 9—Isothermal Transformation Diagrams for an 

Entirely Austenitic Steel (A) and a Partially Ferritic Steel (B). 
—Steel 1, austenitized 1800°F, grain size 5-6. 
B—Steel 3, austenitized 1800°F, grain size 7-8. 





increasing hardenability of 12% chromium steels. This is illustrated 
by the 1300 °F (705°C) transformation curve for Steel 9 in Fig. 
llc. Although the “nose” of the I-T diagram for this particular steel 
was between 1300 and 1400 °F (705 and 760°C) and the 1300 °F 
curve, therefore, does not represent the most rapid transformation, 
the entire diagram for this steel was displaced very markedly toward 
longer times, as compared to all the other diagrams determined. 


Comparison With Published I-T Diagrams 


Isothermal transformation diagrams for 12% chromium steels 
containing approximately 0.1% carbon have been published by Pay- 
son (10) and by Spencer and Poole (11). These diagrams agree 
in their essential aspects with those determined by the present 
authors. The only important point on which there is disagreement 
is in the line representing the start of ferrite formation. The pre- 
viously published diagrams indicate that formation of ferrite pre- 
cedes the formation of ferrite-carbide aggregate, even at temperatures 
below the “nose” of the I-T diagram. In our own work, we found 
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no evidence of such prior ferrite formation below 1300 °F (705 °C). 

Diagrams for 12% chromium steel containing approximately 
0.35% carbon have been published by Davenport and Bain (8) and 
also by Spencer and Poole (11). These are of interest because they 
indicate that the presence of 0.35% as compared to 0.10% carbon 
does not appreciably affect the general shape of the I-T diagram nor 





Fig. 10—Transformation Around Ferrite Areas in a 12% Chromium Steel (Steel 3). 
Picric-HCl etch. XX 1000. (a) 50 Sec. at 1400°F; (b) 2.8 Hr. at 1400°F; (c) 5.6 Hr. at 
1100°F; (d) 16 Hr. at 1100°F. 

a and c partially transformed. 
b and d completely transformed. 


the location of the line representing start of transformation to ferrite- 
carbide aggregate. In the higher carbon steel, however, transfor- 
mation is completed sooner, particularly at the 1300°F (705 °C) 
level, than it is in the lower carbon steel. 


Hardness After Isothermal Transformation 


After isothermal transformation at 1300 °F (705 °C), hardness 
of the steels containing 0.055 to 0.14% carbon ranged from Rockwell 
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8-74 to B-86, as shown in Table II. Hardness increased, in general, 
with increase in carbon content of the steel. The time required for 
isothermal transformation of each steel at this temperature, which is 
of interest in connection with isothermal annealing, is also given in 
Table IT. 

As usual, hardness was higher the lower the temperature at 
which the steel was transformed. Fig. 6 shows that, for the selected 
“typical” steel, hardness increased from Rockwell B-75 to B-90 as 
the transformation. temperature decreased from 1400 to 1100°F 


(760 to 595 °C). 
QUENCHING AND NORMALIZING 
Hardenability 


The 12% chromium steels of the types considered here harden 
so deeply that the conventional end-quench hardenability test pro- 
vides little useful information.. Such tests were made, however, on 
Steels 2, 6, and 7 of Table I. As expected, all three hardened 
throughout, their hardness being within the range Rockwell C-41 to 
C-44 over the length of the bar and their structure entirely marten- 
sitic except for the delta ferrite present. 

Relative hardenability of the steels is indicated by their isother- 
mal transformation curves at 1300 °F (705°C), which is the tem- 
perature corresponding approximately to the “nose” of the I-T 
diagram. These 1300 °F (705 °C) transformation curves are shown 
in Fig. 11, which has already been discussed. Briefly, hardenability 
is decreased when the composition is such that delta ferrite is present ; 
it may be increased by molybdenum in the absence of high sulphur, 
although this is not certain; it is increased very markedly by boron. 


Hardness 


Because of their high hardenability, 12% chromium steels in 
moderately thin sections will harden throughout when air-cooled 
after austenitizing at a suitable temperature. Even so, their hardness 
when normalized according to usual procedure generally will be 
somewhat less than the maximum attainable in the particular steel, 
as illustrated in Fig. 12. 

To obtain the data on which this chart is based, specimens 0.25 
inch thick were austenitized so as to dissolve all carbides and to 
produce the maximum possible amount of austenite in each, and then 
quenched. Other specimens, also 0.25 inch thick, were austenitized 
at a common temperature, 1700 °F (925 °C), representing customary 
normalizing practice, then cooled in air. The curves drawn in Fig. 
12 are based only on data for the steels containing 0.055 to 0.14% 
carbon, because these steels were largely austenitic at the austenitiz- 
ing temperature (less than 10% ferrite) and hence mostly marten- 
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sitic after cooling. In analyzing the data, it was assumed that, over 
the limited range investigated, the relationship between hardness and 
carbon content was linear. 

Except for the very low carbon steels, hardness after quenching 
or normalizing increased fairly uniformly with increase in carbon. 
As might be expected, the relationship between hardness and carbon 
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Fig. 11—Relative Hardenability of Several 12% 
Chromium Steels as Indicated by Their 1300°F 
Isothermal Transformation Curves. All austenitized 
at 1800°F except Steels 8 and 9, which were aus- 
tenitized at 1950°F. 


content was somewhat more consistent for the steels austenitized and 
quenched so as to have maximum hardness than after normalizing 
at a temperature at which, in some steels, less austenite formed or 
carbide solution was not complete. Because of the more consistent 
hardness relationship after quenching, the upper curve in Fig. 12 is 
known within narrower limits than is the lower curve,* as is indicated 
' The ranges in Fig. 12 represent, with 95% certainty, the limits within which the true 
relationship between hardness and earbon content for this group of steels is known, and not 
the expected range of values for individual steels. The limits given were calculated from the 


data in the chart by standard statistical methods as given, for instance, in ‘Statistical 
Methods” by Snedecor, Iowa State College Press (1946), p. 118-120. 
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Fig. 13—Effect of Quenching From 2400°F (a) as Compared to Air Coo (b) on 
Structure of a 12% Chromium Steel (Steel 2). Picric-HCl ark xX 100. (a) Har Hae Ee 
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Fig. 14—Structure of a 12% Chromium Steel Containing 0.016% C After Cooling 
in Air Pron 2300°F (a) or Quenching From 2400°F (b). Picric-Nitric-HC! etch. XX 200. 


by the range of uncertainty shown for each. Hardness of the two 
lower carbon steels was somewhat lower than would be indicated by 
extrapolation of the straight line representing the other data. The 
lower hardness of these very low carbon steels is probably due to the 
fact that they contained less austenite at the austenitizing temperature 
and consequently less martensite after quenching. 

The difference in hardness between quenched and normalized 
specimens shown in Fig. 12 is probably due principally to two factors. 
In some instances less austenite was formed or less carbide dissolved 
in normalizing at 1700 °F (925 °C) than in austenitizing at a higher 
temperature before quenching. In addition, the slower rate of cooling 
of the normalized specimens permitted some tempering to take place 
after martensite formed during cooling. 


Effect of Heating to Very High Temperatures 


Although hardness was found to be lower after normalizing than 
after quenching from temperatures in the conventional austenitizing 
range, the reverse effect was found in some instances upon cooling 
from very high temperatures. Thus, Fig. 13 shows that in a steel 
containing, initially, 0.11% carbon® more martensite was present and 
the steel was harder after cooling in air than after quenching from 
2400 °F (1315 °C). Evidently when the steel was cooled in air part 


5Al h some decarburization undeabtedly occurred during the 30 minutes these speci- 
mens were held at 2400 °F (1315 °C), they were heat treated simultaneously, and presum- 
ably after heat treatment their composition was comparable. 
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of the ferrite present at 2400 °F (1315 °C) transformed to austenite 
at lower temperatures, in accordance with the constitution diagram, 
Fig. 2. Metallographic evidence of such transformation was found 
in some specimens, as illustrated in Fig. 14a where most martensitic 
areas have an outer rim which differs in appearance from the interior 
and presumably represents austenite formed during cooling. Such 
“cored” martensitic areas were found in very low carbon, 12% 
chromium steels, even when quenched, indicating that even very 
rapid cooling did not entirely suppress formation of austenite from 
ferrite present at temperatures above the “nose” of the austenite loop. 

The serrated martensitic areas shown in Fig. 14b were found in 
a few specimens quenched from 2400 °F (1315°C). It is believed 
that these specimens were largely or entirely ferritic before they were 
quenched; no pools of austenite were then present around which 
additional austenite could form during cooling. Under these con- 
ditions, transformation occurred first in ferrite grain boundaries and 
then extended along crystallographic planes into the grains. 


Retained Austenite 


No evidence of retained austenite was found in any of the large 
number of specimens, heat treated in several different ways, that 
were examined metallographically. Specially prepared specimens 
were therefore subjected to X-ray diffraction analysis, using either 
chromium or molybdenum radiation. The method used had been 
found to reveal as little as 2% of retained austenite. 

Specimens of Steels 2 and 8, heat treated in each of the following 
ways, were examined : 

a. Brine-quenched from 1800 °F (980 °C). 
b. Normalized (air-cooled from 1800 °F). 


c. Quenched from 1800 °F and tempered at 1400 °F (760°C) (below A,).- 
d. Quenched from 1800 °F and reheated to 1500 °F (815 °C) (slightly above A: ). 


No austenite was found in any of the specimens, even after treatment 
‘‘d” which resulted in the formation of a small amount of austenite 
at 1500°F (815°C). This specimen was believed to be the one 
most likely to contain retained austenite because the small amount 
of austenite formed at 1500°F (815°C) undoubtedly was enriched 
in carbon and possibly chromium, thus lowering its M, temperature. 


TEMPERING 


Specimens, quenched in brine after austenitizing so as to dissolve 
all carbides and to obtain the maximum possible amount of austenite, 
were tempered at 400 to 1500 °F (205 to 815°C).® Specimens of 
one steel were tempered for 1, 2, 4, and 8 hours; the other steels 
were tempered only for 2 hours at each temperature. To determine 


®*The term “tempering” is used in this discussion as a matter of convenience, even 
though the highest temperature, 1500 °F (815 °C), is slightly above the A, temperature of 
the steels investigated. 
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the effect of normalizing, before tempering, as compared to quench- 
ing, specimens (0.375 inch thick) of three steels were normalized at 
1700 °F (925 °C), then tempered 2 hours at 400 to 1500°F (205 


to 815°C). All specimens were cooled in air after they were 
tempered. 


Effect of Tempering Temperature 
In some instances, as in the example shown in Fig. 15, tem- 


pering at 400 or 600°F (205 or 315°C) decreased the hardness 
slightly ; in other instances tempering in this range had little effect 
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Fig. 15—Effect of Tempering Temperature and Time on Hardness of a Quenched 
and Tempered 12% Chromium Steel (Steel 2). 


on hardness. In general, the drop in hardness on tempering in this 
range was less the lower the hardness before tempering. On tem- 
pering at 800 °F (425 °C), hardness of all steels increased slightly, 
indicating that these steels undergo secondary hardening. There was 
no consistent difference among the steels investigated in the magni- 
tude of this secondary hardening. Hardness decreased considerably 
on tempering at 1000 to 1400°F (540 to 760°C). Tempering at 
1500 °F (815 °C), which is slightly above the A;, resulted in con- 
siderable hardening, as shown in Fig. 15. 

The usual changes in microstructure occurred during tempering, 
as illustrated in Fig. 16. Only a slight change was observed after 
tempering at 400 °F (205 °C), but after 2 hours at 600 or 800 °F 
(315 or 425 °C) the steels etched more rapidly and some evidence 
of carbide precipitation could be seen. On tempering at higher tem- 
peratures, carbide particles became larger and more widely spaced. 
The austenite which formed when the steels were tempered at 1500 
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Fig. 16—Microstructure of a Quenched and Tempered 12% Chromium Steel (Steel 2) 
Tempered 2 Hours. Picric-HCl etch. XX 2500. (a) 400°F; (b) 600°F; (c) 800°F; (d) 
1200°F; (e) 1400°F; (f) 1500°F. 


°F (815°C) transformed to martensite when they were cooled 
(gray mottled areas in Fig. 16f), thus causing the increase in hard- 
ness observed after tempering at this temperature. 
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Fig. 17—Structure of a Quenched 12% Chromium Steel Containing Delta Ferrite, 
aa 2 Hours at 1200°F (a), 1400°F (b) or 1500°F (c).  Picric-HCl etch. 
X 2500. 


_ When steels that contained delta ferrite were tempered at 1400 
or 1500°F (760 or 815°C), precipitation occurred within and 
around the delta ferrite areas, as shown in Fig. 17. Even after 
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tempering at 1200°F (650 °C), precipitated particles were present 
around these areas but only a few were found within them. It is not 
known whether or not the precipitated particles are carbides. 


Effect of Time 


As shown in Fig. 15, increasing the time of tempering from | 
to 8 hours had little effect on hardness when the steels were tem- 
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Fig 19—Range in Hardness of Eleven 12% Chromium Steels After Quenching and 
Tempering. 
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pered at 400 to 800°F (205 to 425°C). At higher temperatures, 
however, hardness decreased considerably as time at temperature 
increased, provided the A, temperature was not exceeded. Above 
the A, hardness increased with increasing time at temperature, as 
might be expected. 

The time-temperature data in Fig. 15 were found to fit a single 
smooth curve reasonably well when a method of plotting recently 
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Fig. 20—Relationship Between Carbon Content and Hardness 
After Tempering 2 Hours at 400 to 800°F. 


proposed by Nehrenberg (12) was used. In this curve, Fig. 18, 
hardness was plotted against the function: 


. T(15 + logit) 
where 
T = Absottite temperature in °R (°F + 460) 
t — Tempering time, hours 
15 = Arbitrary constant 
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Fig. 21—Relationship Between Co Content and Hardness 
After Téapering 2 Hours at 1000 to 1400°F 


The above constant was found to give a better fit to our data than 
did the value of 20 recommended by Nehrenberg. This relationship 
is useful in that it enables one to predict, from a tempering curve 
established for a single period of time at temperature, the effect of 
tempering for a longer or shorter time. 


Effect of Composition 


Hardness of these steels after comparable tempering covered a 
considerable range, as shown in Fig. 19. The shaded band in Fig. 
19 indicates the range in hardness to be expected after tempering 
12% chromium steels coming within the usual range of composition. 
One steel, a free-machining type containing zirconium and high sul- 
phur, was considerably harder than the others when tempered at 
1200 to 1400 °F (650 to 760°C). This curve was carefully checked 


and found to represent the behavior of the particular heat investi- 
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gated; it may or may not represent the usual behavior of 12% 
chromium steels containing zirconium. 

The curves in Fig. 19 for the two very low carbon steels lie 
considerably below the band representing the higher carbon steels 
over most of the tempering temperature range covered. This sug- 
gests that much of the variation in hardness found after comparable 
tempering was caused by differences in carbon content among the 
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Fig. 22—-Comparison of Hardness Curves for Normalized and 


Tempered (Nz-T) With Those for Quenched and Tempered (Q-T) 
12% Chromium Steels. 


steels. This conclusion was confirmed by a further analysis of the 
data, the results of which are presented in Figs. 20 and 21. A fairly 
good linear correlation was found between carbon content and hard- 
ness after tempering at 400, 600, or 800 °F (205, 315, or 425 °C), 
as shown in Fig. 20. As might be expected, the two very low carbon 
steels, which contained less martensite, were considerably softer than 
would be indicated by extrapolation of the data for the higher carbon 
steels. As shown in Fig. 21, the correlation found between carbon 
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content and hardness after tempering at 1000, 1200, or 1400°F 
(540, 650, or 760°C) was not as good as for the lower tempering 
temperatures. There was, however, a definite trend toward lower 
hardness as carbon content decreased. After tempering at 1200 or 
1400 °F (650 or 760°C), the very low carbon steels were not out 
of line with the others, indicating that rather large differences in 
amount of martensite present before tempering do not affect hardness 
after tempering at these relatively high temperatures. 

As shown in Fig. 21, there was some indication that molybde- 
num retarded softening on tempering at 1000 °F (540°C) and pos- 
sibly at higher temperatures, but more data would be needed to 
establish this point conclusively. Also, as discussed previously, the 
one steel containing zirconium tended to be harder than the others 
when tempered at 1200 or 1400 °F (650 or 760°C). No indication 
was found from the data for this limited number of steels that varia- 
tion in elements other than carbon, molybdenum, and zirconium had 
any appreciable effect on tempering behavior. 


Normalizing and Tempering 


Frequently in practice, 12% chromium steels are hardened by 
normalizing at some arbitrarily selected temperature in the range 
1700 to 1800 °F (925 to 980°C), rather than by austenitizing and 
quenching. in such a way that maximum hardness is attained. In 
order to determine whether these two methods of hardening would 
have an appreciable effect on hardness after tempering, specimens 
of three steels were air-cooled from 1750°F (955°C), whereas 
companion specimens were austenitized at 1800 to 2000 °F (980 to 
1095 °C) and then brine-quenched so as to develop maximum hard- 
ness. These specimens were then tempered at 400 to 1500 °F (205 
to 815 °C), with the results shown in Fig. 22. 

In each instance, hardness of the normalized specimens, before 
tempering, was lower than for the corresponding quenched speci- 
mens. In the two softer steels, this difference persisted on temper- 
ing at 800°F (425°C) or below, whereas -in the harder, higher 
carbon steel there was little difference in hardness after tempering 
in this range. Prior treatment had no significant effect on hardness 
of any of the three steels when tempered at 1000 to 1400°F (540 
to 760 °C). 


SUMMARY 


1. The A; temperatures of eleven 12% chromium steels, deter- 
mined by holding for 1 hour at several temperatures, were found to 
range from 1410 to 1480 °F (765 to 805 °C). 

2. The lowést austenitizing temperature for maximum hardness 
after quenching varied from 1600 to 2000°F (870 to 1095 °C), 
being higher for steels having relatively high carbon or chromium 
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content. The generally recommended austenitizing temperature range 
for this type of steel, 1700 to 1800 °F (925 to 980°C), was found 
to be reasonably satisfactory for all of the steels investigated. 

3. The maximum amount of austenite that could be formed in 
the steels that were within the usual range of composition for this 
grade varied from about 93 to 100%, but in very low carbon steels 
was as low as 75%. 

4. Austenite grain size increased gradually with increased tem- 
perature so long as the structure was largely austenitic. The grain 
size of ferrite formed at high temperatures usually was extremely 
large. 

5. The M, temperature of these steels decreased fairly consist- 
ently with increase in carbon content of the steel. These M, tem- 
peratures ranged from 760 to 595°F (405 to 315°C); the Mso 
temperatures were 45 to 85°F and the Moo temperatures 105 to 
190 °F lower than the respective M, temperatures. 

6. Isothermal transformation diagrams for these steels were 
found to be of the simple “C” type. The temperature of most rapid 
transformation was about 1300°F (705°C), at which temperature 
a typical steel began to transform in approximately 3.5 minutes and 
was completely transformed in slightly less than 1.5 hours. The 
structures that resulted from isothermal transformation are illustrated 
in Figs. 7, 8, and 10. 

7. In the absence of other complicating factors, transformation 
was faster, and hence hardenability was less, in steels that contained 
ferrite at the austenitizing temperature (“delta ferrite”) than in 
those that were entirely austenitic. Hardenability was increased 
greatly by boron and possibly to a slight extent by molybdenum. 
Hardenability of all steels was so great that the conventional end- 
quench bar hardened throughout its length. 

8. The maximum hardness attainable in these steels increased 
considerably with increase in carbon content. Over the range from 
0.05 to 0.14% carbon, the relationship between carbon content and 
maximum hardness appeared to be approximately linear. Hardness 
of thin sections, approximately 0.25 inch thick, normalized at 1700 °F 
(925 °C) was somewhat less than the maximum attainable hardness. 

9. In some instances, air cooling from very high temperatures, 
at which considerable ferrite was present, resulted in a higher pro- 
portion of martensite and greater hardness than did quenching. 

10. No retained austenite was found in specimens normalized, 
quenched, or quenched and tempered, the method used being sensitive 
to the presence of approximately 2% or more of this constituent. 

11. On tempering these steels at 400 to 600 °F (205 to 315 °C) 
after quenching, hardness decreased slightly or remained essentially 
unchanged ; slight secondary hardening occurred on tempering at 
about 800°F (425°C), and.marked softening occurred when the 
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steels were tempered in the range 1000 to 1400 °F (540 to 760°C). 
On heating to 1500 °F (815 °C), slightly above the A; temperature, 
marked hardening occurred. These changes in hardness were accom- 
panied by the changes in microstructure illustrated in Figs. 16 and 17. 

12. Increasing the length of time at 400 to 800 °F (205 to 425 
°C) from 1 hour to 8 hours had little effect on hardness, but a 
similar increase in time at temperatures in the range 1000 to 1400 °F 
(540 to 760°C) lowered the hardness considerably. In agreement 
with Nehrenberg, it was found that the effect of time and temperature 
could be combined in a single smooth curve by plotting hardness 
against a suitable function of time and absolute temperature. 

13. The wide spread in hardness of these steels after comparable 
tempering was found to be due, in considerable degree, to differences 
in carbon content; hardness after tempering was greater the higher 
the carbon. Molybdenum may reduce to some extent the rate of 
softening at 1000 to 1400 °F (540 to 760°C). 

14. In some instances, normalized steels tempered at 400 to 800 
°F (205 to 425°C) were slightly softer than steels quenched and 
tempered similarly, but after tempering at 1000 to 1400 °F (540 to 
760 °C) little difference was found. 
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DISCUSSION 


Written Discussion: By R. C. Frerichs and C. L. Clark, metallurgist 
and research metallurgical engineer in charge of special steel developments, 
respectively, The Timken Roller Bearing Company, Steel and Tube Division, 
Canton, Ohio. 

The authors are to be commended for their very fine paper on this 
timely subject. The years of painstaking research are culminated at a time 
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Fig. 23—Effect of Carbon and Chromium Content on 
Free Ferrite in 12% Chromium Steel. 


when these steels are becoming increasingly more important to our national 
economy and can only be fully appreciated by those closely associated with 
these steels. 

It was particularly gratifying to us to note that the authors’ data with 
respect to the occurrence of delta iron, as related to composition, correlated 
a similar curve developed at The Timken Roller Bearing Company laboratory. 
Fig. 23 shows our data after an 1850°F (1010°C) oil quench on which 
has been superimposed the authors’ data. Fig. 24 shows the occurrence of 
delta iron in large sections wates-quenched from 2150°F (1175 °C)—a test 
we have adopted as a standard for delta ferrite determinations in large 
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sections to be used for upset forgings. It is particularly important that Type 
410 heats be as delta-free as possible where upset forging is performed, in 
order to prevent ruptures and tears resulting from inherent weakness of 
the duplexed structure. A quenching temperature of 2150°F (1175 °C) 
was adopted, as that is the one commonly used in the forging of this 
grade of steel. 

The authors show that the hardenability of these steels is generally 
decreased when the balance of carbon and chromium is such as to permit 
the presence of delta iron, and in the same sentence infer that the presence 
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Fig. 24—-Effect of Carbon and Chromium Content on 
Free Ferrite in Type 410. 


of molybdenum may increase the hardenability in the absence of high 
sulphur (thus eliminating the free machining type from consideration). This 
latter statement is rather surprising in view of the strong ferrite-forming 
tendencies. generally attributed to molybdenum. It is believed that this 
point should be more fully investigated. 

Our experience and supporting experimental data have indicated the 
same results as the authors’ with respect to the effect of tempering time 
and temperature up to 800 °F (425°C). Beyond this point, and up to 1400 °F 
(760 °C), we find ourselves at some, though not entire, disagreement with 
the authors. Our experimental evidence has indicated that a pronounced 
break in hardness for a 1-hour temper generally occurs at 1000 °F (540°C) 
and that for a 6-hour temper the break occurs approximately 50°F lower 
or at 950°F (510°C). The authors, on the other hand, show the hardness 
break to occur at 800°F (425°C) for the longer temper and a slight in- 
crease in hardness at 900°F (480°C) for a 1l-hour temper after which 
the hardness begins its rapid drop. 

Written Discussion: By A. E. Nehrenberg, supervisor of research 
laboratory, Crucible Steel Company of America, Harrison, N. J. 

This paper is an excellent one, and I would like to congratulate the 
authors for their timely and valuable contribution. 
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Fig. 25—TTT-Diagrams for 0.06 and 0.10% Carbon, 12.5% 

Chromium Stainless Steels Austenitized 1 Hour at 1800 °F. Prior 


condition—annealed. (a)—0.06% carbon, 12.8% chromium. (b)—- 
0.10% carbon, 12.4% chromium. 


In our laboratory, we too have recognized the need for more complete 
information on the transfermation behavior and metallography of the low 
carbon-12% chromium stainless. steels, and have also completed work 
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Fig. 26—Photomicrographs Illustrating Transformation Products Formed Isother- 
mally at 1200 °F in a 0.06% Carbon —12.8% Chromium Steel Austenitized 1 Hour at 
1800 °F. Samples were transformed for (a) 4 minutes, (b) 15 minutes, water-quenched, 
and then tempered %4 hour at 1100 °F to darken the martensite. Etched in 5% picral 
containing 0.5% HCl. x 2500. 


designed to provide this information. In general, there is good agreement 
between the authors’ data and ours. 

The authors have already mentioned the only important point ‘on which 
we appear to disagree. This has to do with the minimum temperature at 
which ferrite can separate in steels of this type. The authors have not 
observed ferrite separation at temperatures below 1300 ° F (705°C), whereas 
we have observed ferrite separation at temperatures as low as 1200 °F 
(650 °C). 

Our work suggests that the minimum temperature at which ferrite can 
form in 12% chromium steels may depend upon the carbon content. It 
appears that this minimum temperature is higher, the higher the carbon. 
Some evidence which seems to support this view is contained in Fig. 25. In 
a steel containing 0.06% carbon we observed ferrite separation at 1200 °F 
(650°C), whereas there was none at this temperature in a 0.10% carbon 
steel of about the same chromium content. The authors’ representative steel 
contained 0.11% carbon and did not show ferrite separation at 1300°F 
(705 °C) or below. As a result of the higher carbon content of the authors’ 
steel, I would expect, if the above hypothesis is correct, that the minimum 
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Fig. 27—-TTT-Diagram for 0.12% Carbon- 


12.3% Chromuim Steel Austenitized 1 Hour at 
1800 °F. Prior condition—annealed. 





Fig. 28—Proeutectoid Carbide fn 0.12% Carbon—12.3% Chromium 
Steel, Austenitized 1 Hour at 1800°F, Cooled to 1600 °F, Held 16 Hours 
and Water-Quenched. Etched in 5% picral containing 0.5% HCl plus alka- 
line KMnO« X 2500. 


temperature for ferrite separation would be higher for this steel than for our 
lower carbon steels of comparable chromium. Hence, perhaps their observa- 
tions are not inconsistent with ours. 

The evidence from which we concluded that some ferrite formed at 
1200°F (650°C) in our 0.06% carbon-12.8% chromium steel is contained 
in Fig. 26a. The massive, gra¥ area in the center of the photomicrograph 
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Fig. 29—Effect of Time at 1400 °F on the Particle Size of the Grain Boundary 
Carbides. Samples of the 0.12% carbon—12.3% chromium steel were austenitized 
1 hour at 1800 °F then transferred to 1400 °F for (a) 2 hours, (b) 8 hours, (c) 16 
hours, and water-quenched. Etched in 5% picral containing 0.5% HCl. xX 2500. 


is delta ferrite, that is, ferrite which existed at the 1800°F (980°C) 
austenitizing temperature. The lighter etching rim is ferrite which separated 
during a 4-minute holding at 1200°F (650°C). Only a small amount of 
ferrite separated in this steel at 1200°F (650°C). A dark-etching ferrite- 
carbide aggregate began to appear after 6 minutes at 1200°F (650°C). This 
aggregate, which is illustrated by Fig. 26b, formed primarily at ferrite- 
austenite grain boundaries. 

In the 12.5% chromium steels we studied, the separation of ferrite was 
observed only when the carbon content was 0.10% or less. A higher carbon 
steel transformed like a hypereutectoid steel. That is, the precipitation of 
carbide preceded the separation of the ferrite-carbide aggregate in the high 
temperature region. The authors apparently did not observe this behavior 
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in the steels they studied. The transformation diagram for this hypereutec- 
toid steel is shown in Fig. 27. 

The amount of carbide which precipitated in this 0.12% carbon- 12.3% 
chromium steel during a 16-hour holding at 1600°F (870°C) is illustrated 
by Fig. 28. That these particles are carbides and not ferrite is indicated 
by the fact that they are stained by an alkaline potassium permanganate 
etch.’ 

At lower temperatures, the carbide particles were so small that they 
could not be immediately resolved. Their presence was inferred from the 
fact that the grain boundaries became susceptible to rapid attack by the 
etching reagent employed. The time shown in the transformation diagram 
for the start of the carbide separation is that time required for this 
susceptibility to be developed at the various temperatures. As the time 
at temperature was increased, it was sometimes possible to resolve particles 
in the rapidly etching grain boundaries. For example, at 1400°F (760°C), 
the grain boundaries began to etch rapidly in about 15 minutes, but it was 
not until about 2 hours had elapsed that it was possible to observe discrete 
particles in the grain boundaries. Such particles are shown as very small 
black specks scattered throughout the boundaries in Fig. 29a. At the end 
of 8 hours at this temperature, the particles are somewhat larger, as Fig. 
29b illustrates. The appearance of the grain boundary carbides at the end 
of transformation at 1400°F (760°C) is indicated by Fig. 29c. 

On the basis of our work, we have concluded that when the chromium 
content is about 12.5%, steels containing less than about 0.11% carbon 
exhibit hypoeutectoid transformation behavior, whereas those containing 
more than this amount of carbon are hypereutectoid. It is to be expected, 
however, that at other chromium levels the eutectoid amount of carbon 
may vary to some extent. 


Authors’ Reply 


The authors greatly appreciate the constructive comments and the 
additional data presented by Frerichs and Clark and by Nehrenberg. 

As pointed out by Frerichs and Clark, their data on occurrence of delta 
ferrite as related to composition agree fairly well with ours. We believe 
that the agreement might be even better and the consistency of the data 
improved if the effect of variation in elements other than carbon and 
chromium present in the steel could be properly evaluated. We attempted 
to compensate for such variations in composition in our Fig. 4, but ad- 
mittedly the factors used are somewhat arbitrary and further work needs 
to be done to determine more accurately the influence of elements such as 
manganese, nickel, silicon, molybdenum, aluminum and _ nitrogen. 

Frerichs and Clark question our statement that molybdenum may in- 
crease hardenability of 12% chromium steels. We believe that molybdenum 
may act in two ways: (a) it promotes formation of delta ferrite, the presence 
of which tends to decrease hardenability; and (b) in the absence of delta 
ferrite or for steels containing comparable amounts of this constituent, it 
may increase hardenability. It was this latter effect, inferred from the 

‘F. S. Badger and W. O. Sweeny, “Metallurgy of High Temperature Alloys Used on 


oe Gas Turbine Designs”, ASTM Symposium on Materials for Gas Turbines, 1946, 
p. 99. 
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limited amount of information presented in Fig. 11, to which we referred 
in the paper. 

We have no explanation for the difference between our tempering 
curves and those described by Frerichs and Clark. Our curves appear to 
be in reasonable agreement with other data we have seen, including the 
tempering curve for Type 410 steel published by Nehrenberg (12) and 
some unpublished data obtained in our laboratory several years ago by 
Bain and Zimmerman. 

Nehrenberg, in his discussion, clarifies a very important point regarding 
the transformation of austenite to ferrite in steels containing delta ferrite. 
In agreement with his observations, we have found that in such steels 
transformation to ferrite precedes transformation to ferrite-carbide aggre- 
gate at 1300°F (705°C) and above. The appearance of such ferrite formed 
at 1400 °F (760°C) is shown in Fig. 10a of our paper. We did not include 
the 1200°F (650°C) temperature level in our isothermal transformation 
studies of these steels, and hence have no data on ferrite formation at this 
temperature. Fig. 25 of Nehrenberg’s discussion indicates that the minimum 
temperature at which proeutectoid ferrite was observed increased as the 
amount of delta ferrite decreased. In line with this, we found that in 
steels free from delta ferrite no proeutectoid ferrite formed at 1300°F 
(705 °C) or below. Our diagrams were drawn to show the phases (austenite, 
ferrite or carbide) that were present and hence do not indicate the beginning 
of the austenite-to-ferrite transformation in steels containing delta ferrite. 
Nehrenberg’s diagrams contribute valuable information on this aspect of 
the transformation behavior of such steels. 

We observed no definite evidence of the formation of proeutectoid 
carbide as shown by Nehrenberg for a 0.12% carbon steel in Fig. 27 ef his 
discussion. In a steel containing 0.11% carbon and 12.2% chromium (Fig. 
6 of our paper), ferrite formed in advance of ferrite-carbide aggregate at 
1400 and at 1500°F (760 and 815°C), the highest transformation tem- 
perature investigated. Another steel which contained 0.14% carbon was 
transformed only at I300°F (705°C), at which temperature the initial 
transformation product was a dark-etching constituent which formed in the 
austenite grain boundaries. We believe this constituent to be a ferrite- 
carbide aggregate rather than proeutectoid carbide, although it has not 
been positively identified. 
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CLADDING OF MOLYBDENUM FOR SERVICE IN AIR 
AT ELEVATED TEMPERATURE 


By W. L. Bruckart Anp R. I. JAFFEE 


Abstract 


The cladding of molybdenum with nickel was found 
to be a practical method of utilizing molybdenum’s supe- 
rior high temperature strength under oxidizing conditions. 
Cladding materials other than nickel were found to result 
in poorer bonding to molybdenum. Inconel was the best 
of the other materials tried. Satisfactory joining and edge 
protection of clad molybdenum could be done using a suit- 
able nickel-base filler metal and argon-arc or oxyacetylene 
braze-welding techniques. 


INTRODUCTION 


ECENT tension creep-rupture tests on molybdenum at 1800 and 

2000 °F (980 and 1090 °C), conducted in vacuum, have shown 

that molybdenum is stronger than any other wrought structural 

material in this temperature range (1, 2). Thus, molybdenum is 

one of the most promising of the structural materials for very high 

temperature use, even though its room temperature mechanical prop- 
erties are not outstandingly high. 

Disadvantageously, molybdenum has very poor oxidation resist- 
ance. It readily forms a volatile trioxide, MoO3. Limiting service 
temperatures for bare molybdenum in air are around 930°F (500 
°C) (3). This low temperature may be contrasted with the very 
high melting point of molybdenum, 4760 °F (2625°C). Therefore, 
protection from oxidation is the major problem which must be solved 
before extensive use of molybdenum may be made in air at high 
temperatures. There are several methods of protecting molybdenum 
from oxidation, some of which are under investigation at this time. 
These include coating molybdenum with molybdenum disilicide (4), 
coating with oxides (5), alloying with other metals, and cladding. 

Molybdenum disilicide coatings give excellent protection for long 
periods at extreme temperatures~(4). However, because of their 
brittle nature, these coatings are limited to applications which are 
not subject to deformation or impact. The same disadvantage applies 
to ceramic coatings of oxides, silicides, and phosphates. 


1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. Of the authors, W. L. 
Bruckart is a research engineer, and R. I. Jaffee is a supervisor in nonferrous 
physical metallurgy at Battelle Memorial Institute, Columbus, Ohio. Manu- 
script received May 10, 1951." 
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The method of improving oxidation resistance by alloying is 
being investigated currently at several laboratories. An oxidation- 
resistant molybdenum-base alloy would be an ideal solution to the 
problem. However, no reports of the attainment of this desirable 
objective have yet been published. Alloying with small amounts of 
additions can improve the already outstanding high temperature 
strength of molybdenum, and this is not being overlooked in the 
quest for high-strength materials for high temperature service. 

The specific application of cladding for the protection of molyb- 
denum has been studied by the authors. During this investigation, 
it was found that clad molybdenum is suitable as a material of con- 
struction for high temperature service in air. Thus, the useful 
service temperature range in air for stressed, clad molybdenum sheets 
can extend to 2000 °F (1095 °C), a considerable improvement over 
bare molybdenum. 

There are limitations to the use of clad molybdenum which need 
to be pointed out. One of the more important of these is the mini- 
mum solidus temperature in the system comprising the cladding and 
molybdenum. Obviously, no clad can be used in the temperature 
range close to this solidus. Oxidation of the cladding, while consid- 
erably less than that of molybdenum, is also an important limitation. 
This factor is variable, depending both on the cladding material and, 
to some extent, on the service environment. Another limiting factor 
in the application of clad products to high temperature uses is the 
diffusion between the two metals. This becomes increasingly impor- 
tant with rise in temperature. 

During the investigation, studies were conducted to determine 
the effects of variations in cladding thickness, fabrication temperature, 
core metal, and kind of cladding metal used. Elevated temperature 
tests were conducted to determine creep behavior at 1800°F (980 
°C) and oxidation, diffusion, and recrystallization characteristics at 
1800, 2000, and 2200 °F (980, 1095, and 1205°C). Methods of 


protecting cut edges and of joining the clad sheets were also studied. 


EXPERIMENTAL METHODS 
Materials 


In this study, wrought molybdenum was obtained from several 
different sources for use as core materials. Fansteel Metallurgical 
Corporation molybdenum was used as the core in small composites 
made for evaluation of cladding materials and determining effects 
of fabrication temperature. Bars purchased from Climax Molybdenum 
Company and Westinghouse Electric Corporation were used as core 
material in larger composites which were made into creep specimens. 
Climax molybdenum is representative of molybdenum made by arc 
casting, while Westinghouse and Fansteel molybdenum are represent- 
ative of molybdenum made by the powder metallurgy methods. 
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Cladding metals were chosen from several basic types of oxida- 
tion-resistant materials. Nickel-base alloys, and iron-chromium, iron- 
chromium-nickel, and cobalt-chromium alloys were each represented 
in the choice of cladding materials. 


Preparation of Specimens 


Two specimen sizes were used in this investigation. The 
smaller, used for exploratory work, was based on a 2 by 4 by %- 
inch molybdenum core; the larger, used for obtaining strip for creep 
specimens, was based on a 4 by 2 by 14-inch molybdenum core. 

In the majority of specimens, the cladding thickness was 15% 
per side, or 30% of the total specimen thickness. For example, a 






Core 


/ (Molybdenum) 
Cover Plates ; 


(Cladding Metal) 
~~ 


| | ~ Yoke End Plug 
(Nickel) (Nickel) 


Fig. 1—Schematic Diagram Showing Assembly of Cladding Composite. 


0.100-inch thick clad sheet was made up of a core of 0.070-inch thick 
molybdenum and two faces of 0.015 inch each. Cladding thicknesses 
of 5 and 10% per side were also investigated. 

Rectangular cover plates of the cladding metal were cut to size. 
The yoke was made by sawing and filing a rectangular blank to the 
shape shown in Fig. 1. These materials were then degreased in 
trichloroethylene and surface cleaned in a chemical dip. The molyb- 
denum cores, cut to size, were further prepared by abrasion with 
fine-grit paper, followed by degreasing. 

Assembly of the composite was done in two steps. The yoke and 
cover plates were fusion welded, using an argon-shielded tungsten 
arc. This partial assembly was descaled in an oxide-removing bath 
(International Nickel Company, Formula M-5). A final cleaning 
was given in a bright dip (International Nickel Company, Formula 
M-3). The second step in assembly of the composite consisted of 
pressing the molybdenum core into the open-ended can and placing 
a nickel plug in the top space. After flushing the assembly for 30 
minutes in argon, the plug was fusion arc welded into place. 
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Hot Rolling and Annealing 


Cladding was accomplished by the well-known rolling-on method. 
Most of the specimens were rolled at 2280 °F (1250 °C), using re- 
ductions of 10% per pass. A molybdenum-wound furnace with a 
hydrogen atmosphere was used for reheating between passes. Total 
reduction to 0.040-inch thickness amounted to 70% for the small 
composites. The larger composites were hot-rolled to 0.10-inch 
thickness (87% total reduction) in the same way. Stress-relief 
annealing of these specimens was done at 2010 °F (1100 °C) for 30 
minutes in hydrogen. Rolling and annealing of bare molybdenum to 
0.040 inch was done this way also. 

A few specimens of nickel-clad molybdenum were rolled at 1650, 
1830 and 2010 °F (900, 1000 and 1100 °C), so that the effects of 
fabrication temperatures might be determined. These specimens were 
stress-relief annealed for 5 minutes at the rolling temperature. 


Room Temperature Tests 


Tensile Properties—Tensile testing was done using. specimens 
4 inches long by % inch wide, having a reduced section 1.25 inches 
long by 0.250 inch wide. Thickness was either 0.040 inch or 0.10 
inch. Gage length was 1 inch. Stress-strain data were obtained 
with SR-4 (type A-7) strain gages. Strain rate was 0.016 inch per 
inch per minute. 

Bend Ductility—A bend-ductility test was used to give informa- 
tion on formability and to check the clad-to-core bond. The bend 
test was made on a punch-and-die setup in an arbor press. Equip- 
ment for this test has been described previously (6). Longitudinal 
specimens % inch wide by % inch long were cut from the rolled 
strip with a cut-off wheel. Testing was done by placing the long 
axis across the Vee of the die and lowering punches of successively 
sharper radius into the die. This bent the specimen to an included 
angle of 75 degrees. Results of duplicate tests are reported as the 
smallest radius over which the specimen could be bent without fail- 
ure. These radii are expressed in terms of the thickness of the test 
specimen, rather than in inches. 

Bond Strength—Tests to determine the quality of bonding were 
made on nickel-clad molybdenum, following the method prescribed 
in ASTM Standards (7). The specimens used in this study, how- 
ever, were % inch shorter and % inch narrower than specified. 
Nevertheless, it is believed that the results can be compared with 
known shear strengths for other composites. 

Thermal-Shock Resistance—lIn addition to the bond-shear 
strength tests, a thermal-shock test was adopted which consisted of 
repeated heating and water quenching of clad specimens from various 
temperatures. Specimens clad with nickel, Inconel, and Type 302 
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stainless were tested in duplicate at the following temperatures: 
930, 1380 and 1830 °F (500, 750 and 1000°C). Failure was con- 
sidered to occur when visible parting was observed between clad and 
core. If a specimen withstood 20 heating and quenching cycles, no 
further attempt to produce failure by thermal shock was made. 
Results are reported as the average number of cycles before parting 
occurred. 


WELDING STUDIES 


Experiments were performed to determine the feasibility of 
joining clad molybdenum sheet. The studies included brazing and 
braze-welding of butt, single-vee, and double-vee joints, using 0.10- 
inch thick specimens with 15% cladding on each side. Fusion weld- 
ing methods were not studied for several reasons: Fusion of the 
cladding metal with molybdenum during welding would produce 
brittle joints and tend to destroy the protection of the cladding. 
Even in the absence of alloying, the welded joint would be composed 
of large, equiaxed grains, which would be brittle. 


ELEVATED TEMPERATURE TESTS 
Creep Properties 


Creep tests were conducted at 1800°F (980°C) using speci- 
mens of both Climax and Westinghouse molybdenum clad with 
Inconel and with nickel. The 0.10-inch thick creep test specimens 
were 20 by 1 inches over-all, with a reduced section of 2% by % 
inches. The cut edges of these and other elevated temperature test 
specimens were protected by laying a weld bead of nickel along the 
exposed edges with an oxyacetylene torch. 

Platinum filaregages and thermocouples were attached. After 
test temperature was attained, specimens were loaded at stresses of 
5000, 7500, and 10,000 psi, based on the entire cross section of the 
specimen. Upon completion of the tests, micrographic examination, 
bend tests, and cladding-loss measurements were made, using material 
from the reduced section of the specimens. 


Oxidation Resistance 


To supplement the oxidation data gained from the creep speci- 
mens, oxidation tests were run on small specimens, measuring 34 by 
4 inch, taken from the same clad stock used for the creep specimens. 
The specimens were edge protected with nickel and exposed to still 
air at 1800, 2000 and 2200°F (980, 1095 and 1205°C). Obser- 
vations were made by removing one specimen of each clad after 50, 
125, 250 and 500 hours, at the various temperatures. Data on the 
reduction in thickness and extent of diffusion were gathered from 
which estimates of service Tife could be made. 
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Fig. 2—Phase Diagram of the Mo-Ni System (Metals Handbook). 


RESULTS 


General Characteristics of Clad Molybdenum 


Structure—When two metals are rolled together at high temper- 
atures, a diffusion bond is formed. When molybdenum and nickel 
are thus diffusion bonded, all compositions from molybdenum to 
nickel are formed across the bond. The constitution diagram of the 

; Mo-Ni system (Fig. 2) shows that an intermetallic compound, 
: MoNii, exists at the rolling temperature, 2280 °F (1250°C). Thus, 
: this intermetallic compound is formed as a layer between the nickel 
and molybdenum during rolling. This compound is hard and brittle, 
and might be expected to be a disadvantageous feature of molybde- 
num clad with nickel or nickel-base alloys. However, this inter- 
metallic phase in the bond is generally very thin, and its deleterious 
effect is minimized. For material rolled at 2280 °F (1250°C), the 
MoNi layer was found to be less than 0.0005 inch thick (Fig. 3). 
The brittle compound layer occupies so small a portion of the cross 
section that the bending stresses set up in it during normal handling 
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and processing are insufficient to cause rupture. 
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Fig. 3— Nickel-Clad Molybdenum Showing Intermetallic Layer at Bonding Interface. 
Etched with Murakami's reagent followed by 1:1 nitric-acetic. 500. 


Stress-Strain Relationships—The nominal stress-strain curves 
for molybdenum and for “A” nickel are given in Fig. 4. Nickel 
yields at a very much lower stress than does molybdenum. Thus, 
by applying a sufficient stress on a composite, molybdenum can re- 
main in the elastic region, while nickel is plastically deformed. This 
factor, coupled with the lower strength of nickel, indicates why the 
clad products might be expected to show lower strengths than bare 
molybdenum at room temperature. 

It would be very difficult to calculate the load carried by each 
component of a composite over the entire stress-strain curve. The 
loads may be calculated in the elastic region, however. Here, the 
molybdenum core carries a higher percentage of the load than its 
percentage of the total cross section. This is illustrated by the 
following equation, where M is the cladding fraction and E is the 
modulus of elasticity : 

(1-M) Ecore 
ME eiaaeing + (1-M) Ecore 


This relationship indicates that the per cent of total load carried by 
the core is not linearly dependent on per cent cladding. The solution 
to this equation is plotted in Fig. 5. This curve indicates that the 
least amount of cladding thickness consistent with oxidation protec- 
tion would be best for load-carrying properties. 

Load-carrying capacities of the two components of the composite 


Per cent load carried by the core = 
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in the region of plastic deformation are not so easily calculated. This 
is particularly true when both cladding and core undergo plastic 
deformation. However, in service at elevated temperatures, under 
stresses above the yield strength of the cladding but below the yield 
strength of molybdenum, the cladding would be expected to relax 
under the applied stress so that all the load would be carried by the 
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Fig. 4—Nominal Stress Vs. Nominal Strain for ‘‘A’’ Nickel 
and Molybdenum. 


Results of bend-ductility tests on clad molybdenum show that 
cladding is beneficial in that much more consistent bends could be 
obtained. It will be shown later that bare molybdenum generally 
possesses erratic bend properties under the conditions of processing 
used, such that 0.040-inch sheet either can be bent successfully over 
a very sharp radius (OT), or will fail on a ™%-inch radius. There 
are seldom any failures at radii between these two. With clad 


molybdenum, most of the bends could be made successfully over a 
sharp radius. 
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Modulus of elasticity values for composites vary in direct relation 
to the per cent cladding. 


composite — ME ciaaaing + (1-M) Ecore 
Solutions to this equation for claddings up to 20% per side are 
shown in Fig. 6. The experimental points for the several types and 


Density of Composite, G per CC 
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Fig. 5—Density, % Cladding per Side, % 
Molybdenum in Core, and % Load Carried by 
Core in Nickel-Clad Molybdenum. 


percentages of nickel-clad molybdenum are plotted. Most of the 
experimental modulus values fall well within the limits of error, 
which are considered to be +10® psi. 


Core Materials 


A summary of the mechanical properties of the molybdenum core 
materials is given in Table I, which shows the average values for 
4 to 6 tests with each type of molybdenum. Ultimate strengths of 
the three types of molybdenum differed by only 3000 psi maximum. 
Bend test results were erratic. The specimens showed both very 
good (0 to 3T), and also very poor (>6T) bend ductilities. 

Clad Molybdenum—Averages of room temperature test results 
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Table I 
Average Mechanical Properties of Bare Molybdenum Sheet 


Tensile Elong. Modulus of 
Source of ——Offset Yield Strength, psi——. Strength, %in1 Elasticity Bend 





Molybdenum 0.01% 0.1% 0.2% psi Inch 10° psi Ductility* 
Climax 55,900 66,500 69,100 85,000 25 50.0 0- >6Tt 
Fansteel 44,500 58,300 64,000 81,800 31 47.7 0->6T 
Westinghouse 48,200 63,400 70,400 83,600 23 45.8 0->6T 


*B =*, R =radius of bend in inches, T =thickness of specimen in inches. 


+Erratic behavior, either very good (OT) or very poor (>6T), an average of these values 
would be meaningless. 
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Fig. 6—Modulus of Elasticity of 
Nickel-Clad Molybdenum. 








Table II 
Average Room Temperature Mechanical Properties of 15% per Side Clad Molybdenum 


Reduc- Final Modulus 
Source of tion by Thick- Offset Yield Strength Tensile Elong. of Elas- Bend 





Molybdenum Rolling ness ————————psi-——————. Strength % in 1 ticity Duc- 
Core % Inch 0.01% 0.1% 0.2% psi Inch . 10° psi __tility* 
Nickel-Cldd Molybdenum 
Climax 86 0.100 35,500 40,800 49,900 63,900 32 41.8 +See 
Fansteel 75 0.045 35,000 47,700 52,500 72,200 29 40.6 0.5T 
Westinghouse 87 0.097 33,700 49,700 54,700 72,900 28 41.6 0.4T 
Inconel-Clad Molybdenum 
Climax & 0.100 39,600 51,800 52.800 71,300 21 46.6 >2.5T 
Fansteel 8 0.040 38,500 51,400 55,100 77,700 29 41.8 Q.4T 
Westinghouse 88 0.091 38,300 51,300 55,500 73,800 31 41.3 0.3T 


R 
*B a R =radius of bend in inches, T =thickness of specimen in inches. 
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Fig. 7—Specimens of Clad Molybdenum Showing Effect of Rolling Several of the 
Composites. (a) 10% nickel clad; 


(b) 15% Type 446 stainless clad; esgic) 15% Inconel 
clad; (d) 15% Stellite 21 clad. 


are given in Table II. For gach of the core materials, it can be seen 
that cladding causes lower modulus and lower strength than is found 
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Table Ill 


Average Room Temperature Mechanical Properties of Molybdenum Clad 15% per Side 
With Different Materials 


Tensile Elong. Modulus of 
-——Offset Vield Strength, psi———. Strength %ini_ Elasticity Bend 
Cladding 0.01% 0.1% 0.2% 





0 psi Inch 10° psi Ductility* 
Nickel 35,000 47,700 52,500 72,200 29 40.6 0.5T 
Inconel 38,500 51,400 55,100 77,700 29 41.8 0.4T 
Type 302 
Stainless Steel 39,300 53,600 58,700 79,100 30 41.0 1.6T 
T 310 
Painless Steel 36,200 52,700 58,600 76,000 25 41.3 —t 





a +Bonding of Type 310-clad molybdenum was too weak to permit the composite to be bend 
tested. 


*B =F R = radius of bend in inches, T =thickness of specimen in inches. 








with bare molybdenum. Improvement in bend ductility is brought 
about by cladding Fansteel and Westinghouse molybdenum. How- 
ever, clad specimens with cores of Climax molybdenum had consist- 
ently poor bend ductility. All the others could be bent over small 
radius dies. 

Exploratory studies were conducted with small-size composites 
made with Fansteel molybdenum cores and a cladding of 15% per 
side of the following materials: “A” nickel, Inconel, Stellite 21, 
Hastelloy B, and Types 302, 310, and 446 stainless steel. 

Rolling was successfully done at 2280°F (1250°C) on those 
composites clad with nickel, Inconel, Hastelloy B, and Types 302 
and 310 stainless steel. The other cladding materials were not roll- 
able at this temperature. Fig. 7 is an illustration of several clad 
strips after rolling. The specimen of Stellite 21-clad molybdenum 
was a complete loss, as shown in the figure. The tears which devel- 
oped early in the rolling process admitted air, and prevented bonding 
from occurring. Hastelloy B did not bond to the core. The cladding 
faces of Type 446 stainless steel were plated with a 0.001-inch thick- 
ness of nickel to eliminate the formation of a chromium oxide skin; 
however, no bond was obtained. Similar plating was used on Inconel 
with no noticeable improvement in the bond. Cracks, apparent in 
Fig. 7b, occurred in the Type 446 stainless cladding metal during 
rolling. ' 

A summary of the room temperature mechanical properties of 
the several workable clads is given in Table III. As a result of the 
molybdenum’s being clad, its bend ductility becomes more uniformly 
good, and the modulus is reduced, as predicted previously. 

Examination of the quality of bonding was first done by attempt- 
ing to peel away the cladding with pliers. Although this could be 
done in all cases, the relative difficulty of so doing was a rough 
measure of bonding. The order found was nickel (strongest), 
Inconel, Type 302 stainless, and Type 310 stainless (weakest). 
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Table IV 
Resistance of Clad Molybdenum to Cyclic Thermal Shock 


=——- Number of Cycles Before Failure— 




















1 Cc 
Material (930 °F) (1380 °F) (1830 °F) 
Nickel-Clad Molybdenum 20* - 20* 20* 
Inconel-Clad Molybdenum 19 15 15 
Type 302 Stainless-Clad Molybdenum 4 4 15 
*Did not fail. 
Table V 
Average Mechanical Properties of Nickel-Clad Molybdenum 
Tensile Elong. Modulus of 
Cladding ~-————-Offset Yield Strength, psi————-—._ Strength % in 1 Elasticity 
% 0.01% 0.1% 0.2% psi Inch 10° psi 
0 48,200 63,400 70,400 83,600 23 45 .8* 
S 51,900 64,100 66,700 80,500 22 46.2 
10 52,000 62,200 64,500 75,600 22 44.1 
15 33,700 49,700 54,700 72,900 28 41.6 





*Low—a better value is 48 < 10°, the average for all the types of molybdenum tested. 


Similarly, during tensile testing, the fractured nickel-clad and Inconel- 
clad specimens still showed cladding adherence to core, even at the 
fracture. The stainless steels parted from the core after considerable 
elongation, but before fracture. 

More quantitatively, bond-shear strength was determined on 
specially rolled specimens of nickel-clad Westinghouse molybdenum. 
The bond shear strength from four tests with nickel-clad molybde- 
num (hot worked to 50% reduction in thickness) averaged 22,300 
psi. An attempt was made to determine this property on Inconel- 
clad molybdenum, but bonding was so weak that the clad and core 
separated while the pieces were in a shaper. Results of thermal- 
shock tests, given in Table IV, show that the nickel to molybdenum 
bond. was the most resistant. Failure of Type 302 stainless-clad 
molybdenum after only 4 cycles in the region 930 to 1380 °F (500 to 
750°C) may be the result of a bond weakened by carbide precipita- 
tion or phase transformation in the steel adjacent to the molybdenum. 


Thickness of Cladding 


Theoretical considerations of per cent load carried by the core, 
density, and modulus of elasticity all indicate that the use of minimum 
cladding thickness should give the strongest composite. Experiments 
were conducted to verify this. The clads with 5 and 10% nickel per 
side were made on %-inch thick molybdenum stock. 

Average properties of four specimens tested for each percentage 
of cladding are given in Table V. In general, the strengths drop 
with an increase in thickness of the cladding, but there is little 
change in elongation. There is some irregularity in the 0.01 and 
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0.1% offset yield strengths of the 5 and 10% clads. This may be 
a result of using an initially thicker core for these clads, thus giving 
a higher per cent reduction and a larger amount of work hardening 
to these particular specimens. 

Bend ductilities were quite consistent, averaging very nearly 
0 T (sharp radius). 


Temperoture °F 
1470 1650 1830 .201I0 2190 2370 


MoNi Thickness, 1075 Inches 








800 900 1000 )«=61100—=61200 1300 
Temperature °C 


Fig. 8—Thickness of Intermetallic Layer in a 
15% Nickel-Clad Molybdenum Strip at Several 
Temperatures. 


Rolling Temperatures 


This phase of the investigation was conducted with 15% per side 
nickel-clad Fansteel molybdenum. Information was desired as to 
whether bonding would take place satisfactorily at rolling tempera- 
tures below 2280 °F (1250 °C), and on the thickness of the resulting 
intermetallic compound layer. 

Rolling at 2010, 1830 and 1650°F (1100, 1000 and 900 °C) 
produced clads with thinner diffusion zones than were obtained by 
rolling at 2280 °F (1250°C). This is shown in Fig. 8. Average 
mechanical properties of these composites are shown in Fig. 9. As 
might be expected, the trend in properties was toward greater elon- 
gation in tension and lower strength with increasing rolling tempera- 
ture. 

Bond-strength tests were not made on these specimens. How- 
ever, bending tests revealed consistently good bend ductilities (0 to 
0.5T). The range of thicknesses of the intermetallic layer result- 
ing from fabrication over this temperature range had no deleterious 
effect on bend ductility. 
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Joining and Edge Protection 


A number of joining techniques, including resistance brazing, 
atomic-hydrogen braze welding, metal-arc brazing and oxyacetylene 
torch brazing, were tried, each with several types of filler metal. The 
best method of joining was the argon-shielded tungsten-arc process 
using Hastelloy B filler. An example of one of these joints is shown 
in Fig. 10. Strengths as high as 64,000 psi were obtained using 
Hastelloy B filler. With nickel filler, strengths as high as 38,000 psi 


Rolling Temperature °F 
1650 1830 2010 2190 , 2370 


Strength, |OOO psi 
L 





900 1000 1100 1200 1300 
Rolling Temperature °C 


Fig. 9—Effect of Rolling Temperature on Mechanical Properties of 15% 
per Side Nickel-Clad Molybdenum, 


were obtained. This technique gave a minimum of recrystallization 
and generally eliminated transverse cracking. 

The general technique of protecting the cut edges of clad molyb- 
denum sheet was by depositing an overlay of weld metal along the 
cut edges. This weld metal was bonded to both cladding and core. 

Argon-arc braze welding was used to make a few edge deposits 
with both Hastelloy B and nickel. Bonding was generally good, but 
recrystallization of the core often occurred. The best method found 
employed the oxyacetylene torch brazing technique with nickel filler 
wire. This technique was the simplest, and deposits were most uni- 
form and smooth looking. Metallographic examination revealed good 
wetting, but some porosity in the deposit. This method was used to 
protect the edges of creep specimens clad with nickel and with Inco- 
nel. In these specimens, the bead was continuous for 40 inches 
around the periphery of the specimen. Tests at 1800°F (980°C) 
up to 1900 hours proved that this bead laid along the cut edge was 
protective. e 
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7 Table VI 
a Summary of Creep Test Data for 15% per Side Clad Molybdenum 
< Caiat a Source of Test Duration Ap ance of 
5 ; om Molybdenum Cladding Temp. of Test e imen 
; No. Core Material °F Hours Creep Behavior After Test 
i 35 Westinghouse “A” Nickel 1800 1855 990 hours at 5000 psi: min. creep Most of the nickel 
2 (980 °C) rate 0.0001 % per hr.; 651 hrs. at away; no 
: 7500 psi: min. creep rate nil; 214 fracture through 
$ hrs. at 10,000 psi: in third-stage to molybdenum 
; creep; final elongation 1.1% core. 
a 53 Westinghouse Inconel 1800 1680 1680 hrs. at 5000 psi: min. creep Very little of the 
4 rate 0.00047 % per hr. Inconel lost; speci- 
Fa men looked very 
a 50 Climax “A” Nickel 1800 1350 1350 hrs. at 5000 psi: no reliable Much of the nickel 
4 creep data available. E scaled away. 
te Climax Inconel 1800 960 960 hrs. at 5000 psi: no second- Specimen in good 


stage creep; specimen went into 
xf third-stage creep 270 hrs.; 
elongation 2%. 


final 





condition; very lit- 
tle Inconel lost. 





\ Fig. 10—Cross Section of Joint in a Nickel-Clad Molybdenum Sheet Speci- 
men, Braze-Welded With Hastelloy B Using the Argon-Arc Process. Etched with 
Murakami'’s Reagent. X40. 
) Elevated Temperature Properties 
H Creep—Table VI summarizes the results of creep tests. Fig. 11 
| shows the creep curves for both nickel-clad and Inconel-clad molyb- 
. denum. 
Nickel-Clad Molybdenum—Visual inspection showed that the 
nickel cladding lost considerable thickness after 1475 hours, and was 


practically all scaled away after 1855 hours at the conclusion of the 
test. 





As a result of this, it must be concluded that the nominal stress 
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1.2 
Nickel-Clad Mo Off 
(Westinghouse Core 
1.0 Metal -Spec. 35) 
Inconel-Clad Mo 
(Climax Core 
ae 0.8} Metal -Spec.49); Inconel -Clad Mo 
3 5,000 psi (Westinghouse Core 
+ Metal -Spec.53); 
E 06 5,000 psi 
2 
a a 1641 Hrs. ~ 
— O04 ZA Load Increased 
— to 10,000 psi 
oe 990 Hrs. 
0.2 J? Load Increased 


to 7,500 psi 





200 600 1000 1400 1800 
Time, Hours 


Fig. 11—-Creep Curves for Clad Molybdenum (15% per Side) at 1800°F (980°C). 





Fig. 12—-Nickel-Clad Westinghouse Molybdenum Creep Specimen Before and After 
Test. Etched with Murakami'’s reagent. 100. (Left) before creep testing; (right) 
after creep testing 1855 hours at 1800°F, and at 5000, 7500 then 10,000 psi. (a)—Nickel; 
Ee al eengggae zone, MoNi; (c}Diffusion of nickel in molybdenum; (d)—Unaffected 
molybdenum. 
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Fig. 13—Nickel-Clad Climax Molybdenum Creep Specimen Before and After Test. 
Etched with Murakami's reagent. 100. (Left) before cr testing; (right) after creep 
testing 1350 hours at 1800°F and 5000 psi. (a)—Nickel; (b)—Intermetallic zone; (c) 
Diffusion of nickel in molybdenum; (d)—Unaffected molybdenum. 


values cited were conservative because the creep rate remained nil 
even while the nickel was oxidizing away. Probably actual stress 
values are about 10/7 (the ratio of composite thickness to core thick- 
ness) of those given. Thus, actual stresses probably were 7100, 
10,700 and 14,200 psi, in that order. 

Metallographic examination was made of sections of each speci- 
men before and after creep testing. Micrographs of these sections, 
Figs. 12 and 13, show the loss of nickel through scaling and the 
depth of the diffusion zone of nickel-into the molybdenum core. It is 
interesting to note that the Westinghouse molybdenum core did not 
recrystallize, except adjacent to the Mo-Ni interface, where diffusion 
occurred. Intergranular cracking is apparent in the zone of recrys- 
tallized molybdenum. It appears as though the diffused nickel caused 
a lowering of the molybdenum recrystallization temperature. 

The Climax molybdenum core showed a similar, but less well- 
marked, diffusion zone. This was because original structure of this 
core consisted of short, thick fibers, in contrast to the structure of 
fine, long fibers of the Westinghouse molybdenum. Absence of inter- 
granular cracking is apparent in this zone. There is, however, indi- 
cation of slight recrystallization in the body of the Climax core itself. 
The thicknesses of the nickel claddings shown in the two micrographs 
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Fig. 14—Sections From Specimen 53, Inconel-Clad Westinghouse Molybdenum, Show- 
ing Depth of Diffusion Zone. Note unrecrystallized molybdenum beyond diffusion zone. 
Etched with Murakami’s reagent. X 100. (Left) before creep testing; (right) after creep 
testing 1680 hours at 1800°F and 5000 psi. (a)—Inconel; (b)—lIntermetallic zone; (c)— 
Diffusion of Inconel in molybdenum; (d)—Unaffected molybdenum. 


after creep testing differ because the Westinghouse-cored specimen 
was exposed at 1800°F (980°C) for more than 1855 hours, while 
the Climax-cored specimen was exposed for only 1350 hours. 

Inconel-Clad Molybdenum—Comparison of the creep curves in 
Fig. 11 indicates that the Inconel-clad molybdenum specimen had 
poorer creep strength than the nickel-clad molybdenum specimen. 
The minimum creep rate for the Westinghouse-cored Inconel-clad 
specimen was 0.00047% per hour at 5000 psi, whereas, at 7500 psi, 
nickel-clad Westinghouse showed nil minimum creep rate. 

Microstructures before and after creep testing are shown in Figs. 
14 and 15. The Westinghouse core had a finely fibered structure. 
No recrystallization could be found as a result of the time at high 
temperature, except adjacent to the interface. Here the extent of 
diffusion was well defined, indicating that nickel (perhaps iron and 
chromium also) diffused into the molybdenum, causing a lowering 
of the recrystallization temperature. 

The Climax core was made up of short, thick fibers. Apparently, 
these fibers underwent some recrystallization across the entire sec- 
tion. This evidence of recrystallization, and the difference in fiber- 
ing, may be partly responsible for the higher creep rates found in 
the Climax-cored specimens. 
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Fig. 15—Sections From Specimen 49, Inconel-Clad Climax Molybdenum, Showing 
Depth of Diffusion Zone and Recrystallization in the Core. Etched with Murakami’s 
reagent. 100. (Left) before creep testing; (right) after creep testing 960 hours at 1800°F 
and $000 psi. (a)—Inconel; (b)—Intermetallic zone; (c)—Diffusion of Inconel in molyb- 
denum; (d)—Unaffected molybdenum. 


The black appearing areas shown in the Inconel cladding after 
creep testing may be the result of intergranular oxidation. If this is 
true, then regardless of the fact that the Inconel lost little thickness 
(about 0.002 inch in 1700 hours), the life of Inconel-clad molybde- 
num at high temperatures may be lower than scaling losses would 
indicate. 


Estimates of Service Life 


Scaling tests, outlined previously, conducted in air at 1800, 2000 
and 2200 °F (980, 1095 and 1205 °C), gave further information on 
oxidation resistance. Fig. 16 shows the loss of thickness after the 
scale was removed. The scaling of nickel was much greater than that 
of Inconel. The nickel-clad specimen failed after 250 hours at 
2200 °F (1205 °C), at which time most of the nickel had oxidized 
away. Failure was quite spectacular. The specimen literally disin- 
tegrated after the cladding had been penetrated by air. Surprisingly, 
the Inconel-clad specimen failed in the same way under the same test 
conditions, despite the fact that most of the Inconel was still left on 
the molybdenum. This was checked by a duplicate specimen. 
Metallographic examination was made on each of the specimens. 
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The grain structure of Inconel was well delineated by etching except 
at, and adjacent to, the cladding-to-molybdenum interface. The depth 
of penetration of molybdenum into Inconel appeared to be outlined 
by the unetched portion of the Inconel, since it was seen that this 
zone became wider with time and temperature. 

Similarly, on the molybdenum side of the interface, the recrys- 
tallized zone became wider with either temperature or time, or both. 
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Fig. 16—Loss in Thickness of Inconel-Clad and Nickel-Clad 
Molybdenum in Air at 1800, 2000, and 2200°F (980, 1095, and 
1205 °C). Unstressed condition. 


It is believed that this zone roughly outlined the depth of diffusion 
of nickel (mainly) from the Inconel into molybdenum. An increase 
in thickness of the MoNi layer with temperature and time was also 
observed. 

Intergranular cracks were noticeable in the molybdenum core 
(in the recrystallized diffusion zone) after 250 hours at 2000 °F 
(1095 °C), and after 50 hours at 2200°F (1205°C). These cracks 
would tend to weaken the core, since they penetrated progressively 
with time and temperature. 

Two possible reasons for premature failure of the Inconel-clad 
molybdenum at 2200 °F (1205 °C) were indicated by metallographic 





eRe. aaa 


cierostabaneies 


ns A a el cuca albPee rite tah 








1952 CLADDING OF MOLYBDENUM 197 


examination. First, the beginning of intergranular penetration of the 
Inconel cladding was observed in those specimens exposed for 125 
hours. A second cause of failure was indicated by one of the test 
specimens which apparently lost a portion of its nickel edge-protec- 
tion bead after 250 hours. This could have allowed access of air to 
the molybdenum, which would then be completely oxidized in a very 
short time. 

Examination of the nickel-clad molybdenum showed that an 
increase in recrystallized grain size of the core and oxide content in 
the cladding is a function of both time and temperature. The MoNi 
layer, or the diffusion layer adjacent to it on the nickel side, appeared 
as a black band, increasing in width with both temperature and time. 
Also seen was a concentration of oxides in this interfacial zone, and 
a large concentration also in the nickel. Apparently, the oxides 
formed in the nickel migrate toward this interface and collect there. 

From the above-described tests, which were done under stress- 
free conditions, one may predict that neither nickel-clad nor Inconel- 
clad molybdenum can withstand more than 250 hours at 2200 °F 
(1205 °C), in a sulphur-free air atmosphere. The life at 2000 °F 
(1095 °C) is estimated to be at least 500 hours for each type of 
cladding. It has been previously shown that a life of over 1800 hours 
may be expected at 1800°F (980°C) with Inconel-clad molybde- 
num. Nickel cladding of 0.015-inch thickness has an estimated life 
of about 1850 hours at 1800 °F (980 °C). 


DISCUSSION AND CONCLUSIONS 


The results of this investigation show that cladding of molybde- 
num is a practical method of oxidation protection, and that clad 
molybdenum possesses desirable high temperature strength. Also, 
joining the edge protection of clad molybdenum for service at ele- 
vated temperatures was shown to be feasible. 

As an all-purpose: cladding material for molybdenum, nickel 
appears to be superior to all others tested. Inconel cladding has 
some advantages over nickel, notably better oxidation resistance and 
better fabrication characteristics. However, the disadvantages of 
Inconel, chiefly poorer bond strength, appear to outweigh its ad- 
vantages. Electroplating 0.001-inch nickel over the Inconel cladding 
sheets did not improve the bonding appreciably, but it is possible 
that a thicker nickel plating might have accomplished this result. 
Another disadvantage of Inconel cladding is the indication that its 
use resulted in poorer creep properties at 1800 °F (980°C) than did 
the use of nickel cladding. This is difficult to understand, since the 
high temperature properties of Inconel are so much better than those 
of nickel. The only reasonable explanation for this is that neither 
Inconel nor nickel supports any load at this temperature. They 
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probably relax under load, since the temperature is well above the 
recovery temperature. The difference in behavior of the two clad- 
dings may be attributable to possible differences in diffusion rates. 

A second important indication in the results is that clad powder- 
produced molybdenum has higher creep strength than clad arc-cast 
molybdenum. This result cannot be established with certainty on 
the basis of the few creep tests conducted. However, if it is a real 
effect, a possible explanation is that the powder-produced cores 
were finely fibered, whereas the arc-cast cores tended to be equiaxed. 


ACKNOWLEDGMENTS 


The authors wish to express their appreciation to’S. J. Whalen 
and D. E. Waite for their efforts in experimental phases of this 
investigation, to C. M. Craighead for help in editing the written 
material, and to the RAND Corporation and the United States Air 
Force for permission to publish the results obtained at Battelle Me- 
morial Institute under Contract No. AF33-(038)-6413. 


References 


1. Howard Scott, “Turbine Alloys, 10 Years Later”, Merat Procress, Vol. 
58, October 1950, p. 503. 
2. ONR Contract No. N9onr 82100 on “A Metallurgical Study of Molybde- 
num” with Battelle Memorial Institute. Quarterly Reports, 1950. 

3. Metats Hanpsoox. ASM, 1948. 

4. E. A. Beidler, C. F. Powell, I. E. Campbell and L. F. Yntema, “The 

Formation of Molybdenum Disilicide Coatings on Molybdenum”, Elec- 

trochemical Society, Vol. 98, July 1951, p. 21. 

5. D. G. Moore, L. H. Bolz and W. N. Harrison, “Ceramic Coating for High 

Temperature Protection of Molybdenum”, National Advisory Commit- 
tee on Aeronautics Technical Note 1626 (1948), 31 p. Also, A. M. 
Suggs, “The Protective Coatings of Molybdenum”. U.S.A.F. Air 
Materiel Command, Wright-Patterson Air Force Base, Technical Re- 
port 5897, June 1949. 

6. C. M. Craighead, O. W. Simmons and L. W. Eastwood, Transactions, 
American Institute of Mining and Metallurgical Engineers, Vol. 188, 
1950, p. 485. 

ASTM Designation A265-43T, “Tentative Specification for Nickel and 
Nickel-Base Alloy Clad Steel Plate’. 


“I 





DISCUSSION 


Written Discussion: By Leonard C. Grimshaw, chief research metal- 
lurgist, Firth Sterling Steel & Carbide Corp., McKeesport, Pa. 

The authors are to be congratulated upon the excellent idea behind 
this paper, and they have succeeded in their object of proving the value 
of clad molybdenum. The study of welding of this clad material shows 
that pieces may be joined and fabricated so that it may be used. 

Trouble seems to have been experienced because of poor bonding 
between the molybdenum core and the external materials used for clad- 
ding. It is my belief that the poor bonding was caused by an oxide film 
on the molybdenum. - 


nea eRe akRs 


Tie 


I ici hii dc i ei 








1952 DISCUSSION—CLADDING OF MOLYBDENUM 199 


In the steel industry, it has proved commercially practical to bond 
together any two metals of approximately equal malleability, provided 
that any troublesome oxide film is eliminated. The troublesome oxide 
on stainless steel is removed by cleaning it off in a chemical bath, and 
immediately plating with nickel (or iron). This nickel-plated stainless 
will then bond to nickel, to Inconel, or to low carbon steel. If desired, 
such nickel-plated stainless could also be bonded to high speed steel, if 
the latter were also nickel plated. 

In the paper under discussion, we find reference on page 187 to nickel 
plating having been done on 446 stainless, and on Inconel. But the bond 
was still poor. Is this not because the job of eliminating oxide was only 
half done? There was still oxide on the molybdenum. Would it not be 
possible to remove the oxide film from the molybdenum in a nonoxidizing 
chemical bath, and immediately plate it with nickel? I believe that a 
good bond would then be secured. 

If it proves possible to nickel plate oxide-free molybdenum, then it 
would be well to investigate the possibility of “casting on” the cladding 
material. Setting up nickel-plated molybdenum in a suitable mold, and 
casting the cladding material around it, would eliminate the trouble of 
preparing some of these difficult materials into a cladding composite. 
There is also the possibility that certain shapes could be cast, and the 
bond be good enough, without the necessity of subsequent hot working. 

Written Discussion: By J. D. Nisbet, General Electric Company, Re- 
search Laboratory, Schenectady, N. Y. 

The authors have reported some interesting results on one of the 
most important problems in the field of high temperature refractory 
metals. I should like to add a few comments and ask a few questions. 

It is stated in their introduction that creep-rupture tests on molyb- 
denum at 1800 to 2000 °F (980 to 1090°C) have shown it to be stronger 
than any other wrought structural material. Is molybdenum stronger 
than tungsten and tantalum, both of which melt at much higher tempera- 
tures? 

The intermetallic compound, MoNi, is termed as a “disadvantageous 
feature” because it is hard and brittle. It is hard and brittle at low 
temperatures, but it is very likely that MoNi is strong and tough at 
2000 °F (1090°C) similar to the compound molybdenum-disilicide. 

Molybdenum also has a great tendency to be brittle at room tem- 
perature, yet the data in this paper indicate that nickel-clad molybdenum 
exhibits better bend properties. I believe this difference in the bend angle 
measured is influenced by the fact that the strain is lower on the surface 
of clad molybdenum when the outer third of the composite is nickel. 
It would seem that a better comparison might be obtained by measuring 
the specific fracture strain in molybdenum. 

I am in general agreement with the authors’ evaluation of the me- 
chanical properties at room temperature; however, I do not believe that 
this study has much bearing upon creep rupture at 1800 to 2000°F (980 
to 1090 °C). Thereris a striking similarity in the mechanical properties 
of all metals when compared at the same fraction of their melting tem- 
perature, provided no allotropic modifications exist. The high tempera- 
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ture test on nickel-clad molybdenum at 1800 to 2000°F (980 to 1090 °C) 
involves a homologous temperature of roughly 0.5 the absolute melting 
point of molybdenum and roughly 0.7 of the absolute melting point of 
nickel. Nickel at 2000 °F (1090 °C) is very hot and can support practically 
no load, whereas molybdenum at 2000°F (1090°C) is only warm and 
supports the load. I would suggest, then, that the load-carrying capacity 
of nickel be ignored completely for this reason, in addition to the very 
good reason pointed out by the authors that nickel oxidizes away in a 
few hundred hours. On the other hand, the properties of the alloy which 
develops on the surface of molybdenum probably should not be ignored. 

It was suggested several times in the paper that nitrogen lowers the 
recrystallization temperature of molybdenum. However, the rule is: 
solute alloying usually raises the recrystallization temperature of a metal. 
It seems more reasonable to expect that the nickel cladding and the 
molybdenum surface would be rather drastically cold-worked in the 
rolling-on process, due to contact with cold rolls, even though the starting 
temperature in the rolling-on process was 2200°F (1205°C). Recrystal- 
lization temperatures are lowered by cold deformation and this could 
account for the grain growth in the diffusion boundary. It is difficult to 
check this point in the photomicrographs shown. 

The authors’ conclusion which states that nickel is somewhat better 
than Inconel seems to be indicated by the data presented; however, it 
was also pointed out in the paper that Inconel was more difficult to roll 
on molybdenum and obtain a satisfactory bond and there also was a 
problem in fixing the edges. I should think it desirable to check this 
conclusion in view of the process variables involved. 

The reported differences in creep strength of the samples tested are 
dificult to understand. Specific data in Fig. 11 would aid and a better 
comparison of the creep-rupture properties of the different grades of 
molybdenum processed in the same way but not clad should be helpful. 

The authors of this paper have certainly demonstrated that molyb- 
denum can be protected for useful periods of time at very high tempera- 
tures. The reaction problems in complex composite materials are diffi- 
cult to evaluate precisely. Strain hardening, solution hardening, recrys- 
tallization, second phases and oxidation all changing with time at high 
temperatures are involved and we hope the authors of this paper will 
continue their contribution in this interesting field. 

Written Discussion: By Roger A. Long, chief, Metallurgical Branch, 
National Advisory Committee for Aeronautics, Cleveland. 

The authors are to be congratulated for their investigation which 
resulted in this paper. The high temperature properties of molybdenum 
are of little value unless adequate oxidation protection means are devel- 
oped. Certainly the authors’ approach to this problem is well founded. 

The basic problems still to be answered relate to the bond strength 
and the diffusion characteristics of the alloys or metals involved, and 
although the authors consider these in the body of their report, their 
conclusions do not. 

On page 187, the authors state that they used pliers and peeled away 
the cladding from the molybdenum and that “this could be done in all 
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cases”. Such a bond as evidenced by this would not be applicable to 
situations where forming fabrication is necessary or where there are 
applied bending forces in the eventual usage of the material. 

The other problem is, of course, the effect of the elevated temperature 
service on the diffusion aspects involved. Other data from B.M.I. have 
indicated that the addition of about 0.1% nickel to molybdenum results 
in embrittlement (Rand Report 200). This in itself would create a con- 
siderable problem as to expected brittleness. A number of photomicro- 
graphs show a large diffusion area of molybdenum-nickel, certainly over 
0.1% nickel. It would be of interest to know if the authors ran bond 
tests after soaking at same elevated temperature to determine the effect 
of time and temperature on the bond strength. Since both nickel and 
molybdenum are present in large amounts, it would be expected that the 
diffused alloy layers would continue to grow with time and temperature. 

The authors indicate that the initial layer of MoNi is very thin 
(0.0005 inch) and, therefore, its deleterious effect is minimized; the writer 
having worked previously with an aluminum-silver diffusion found that 
1 layer of an intermetallic phase evidenced only by a boundary line 
between two other phases was sufficient for complete bond failure. Could 
this be the reason for the plier-type bond test results? 

As to the service life of Inconel and nickel-clad specimens, the writer 
has reported (NACA TN-2319) that Inconel X grips could not be used 
in elevated temperature rupture testing of molybdenum in an atmosphere 
f unpurified helium because of a definite catalytic attack between the 
two metals. The spectacular failures reported by the authors could have 
been due to the same general phenomena. 


Authors’ Reply 


In response to the points brought out in Mr. Grimshaw’s discussion, 
the authors agree that there must undoubtedly be an oxide film on the 
surface of the surface-ground molybdenum core before cladding. How- 
ever, it is believed that this oxide film does not .appreciably affect the 
bond strength of the composite. First, a very good intermetallic bond 
can be seen in the Mo-Ni photomicrographs.” Second, from the tests in 
which the cladding. was peeled away by pliers after exposure of the clad 
specimen to high temperature, some molybdenum was found to adhere 
to the cladding as it was torn from the core. This would indicate clad- 
to-core bond strength exceeding the interfiber bond strength of molyb- 
denum in the direction perpendicular to that of rolling. Also, at cladding 
temperature, the molybdenum oxide is not adherent, but is volatile, and 
will evaporate if given the chance. 

The bonding difficulties appeared to be connected with the presence 
of chromium in the cladding alloys. This belief is held because, with the 
exception of Hastelloy B which contains no chromium, all poor clad-to- 
core bonds occurred where chromium was a major component of the clad- 
ding alloy. There is ‘no explanation of the poor bond which occurred when 
Hastelloy B was used. Further investigation, possibly using a plating on 
the molybdenum as suggested, and probably using heavier plating thick- 
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nesses On the inner faces of the cladding alloys, might reduce or eliminate 
the difficulty. 

Mr. Long’s discussion stated that since the clad could be peeled from 
the core by pliers, the bond would be too weak to resist forming and 
bending forces in fabrication. In the Rand Report (R-200) to which he 
makes reference, there are some photographs which show clad specimens 
after bending through 75 degrees at room temperature over a sharp radius. 
Reference is also made by the authors to the improved bend properties 
of clad molybdenum and to the observation that the cladding adhered to 
the core, even after tensile elongations to 20-25% (failure). These 
observations certainly indicate that the bond will withstand many types 
of forming and bending at room temperature. 

No elevated temperature soaking was given to the specimens to de- 
termine the effect of diffusion on bond strength. Some data are available 
in the Rand Report (R-200) which indicate that the rate of growth of the 
Mo-Ni layer is rather slow at elevated temperature. 

Answering Mr. Nisbet’s discussion, the authors choose to believe that 
tungsten and tantalum cannot be considered as structural materials, since 
these two metals have such limited availability. With reference to the 
strength of the Mo-Ni layer, the “disadvantageous feature” is its room 
temperature brittleness, which under certain forming conditions, as dis- 
cussed before, might exhibit poor forming characteristics. At elevated 
temperatures, the Mo-Ni layer does not appear to be disadvantageous. 

The discussion presented by Mr. Nisbet, concerning lowering of the 
outerfiber stress as a possible reason for improvement of the bend be- 
havior of molybdenum through cladding, does not completely fit the re- 
sults found. Unclad molybdenum has erratic bend behavior at room tem- 
perature, showing either very ductile bends or very brittle bends. This 
is probably caused by uncontrolled factors influencing the transition tem- 
perature from ductile to brittle behavior, which is close to room tempera- 
ture for tension and bending. The intimate association of the ductile 
cladding with the molybdenum may alleviate some surface condition which 
would otherwise result in notch sensitivity, and yield occasional brittle 
bend properties. ; 

The authors agree with Mr. Nisbet’s comment concerning the load- 
bearing ability of nickel at 1800°F (980°C), and have so stated in Rand 
Report (R-200). By mentioning the probable stress values of the creep 
loads as being 10/7 of the original stress, the authors acknowledge the 
existence of complete recovery in nickel at this temperature. It is be- 
lieved that the stress-carrying ability of the alloy layer, formed by diffu- 
sion, is low, because it is composed of large equiaxed grains. No con- 
venient method is known for determining the combined stress-carrying 
properties of the unaffected core and the diffusion zone, since the ratio 
of these two portions of the core is continuously changing under stress 
at high temperature. 

From observations made on Mo-Ni alloys, none of which were in- 
cluded in this paper, the effect of nickel is to lower the recrystallization 
threshold for alloys fabricated in the same way as the pure metal. Some 
of the observations are tabulated here for example : 

(a) Recrystallization studies show that unalloyed bare molybdenum, 
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which was fabricated in the same way as the clad product, did not re- 
crystallize on the edges. Thus, the large equiaxed grains observed in the 
clad specimens must be the result of diffusion of nickel. 

(b) Comparison can be made using a Mo-0.05 Ni alloy and un- 
alloyed molybdenum, both of which were finish-rolled at 1830°F (1000 
°C). Given an 1830°F (1000°C) half-hour anneal following rolling, the 
unalloyed molybdenum was still fibered, while the Mo-0.05 Ni alloy 
showed some randomly recrystallized grains in a fibered matrix. Given 
a one-half-hour anneal at 2190°F (1200°C), the unalloyed molybdenum 
showed some remnants of fibered structure, whereas the Mo-0.05 Ni 
alloy was completely equiaxed. 








EFFECTS OF DECOMPOSITION OF 
RETAINED AUSTENITE DURING TEMPERING ON 
NOTCH TOUGHNESS AND TENSILE PROPERTIES 


By E. F. Battey anp W. J. Harris, JR. 


Abstract 


Steel SAE 2340 was quenched below M, so that 
<1, 10, 40, 70 and 90% austenite would be present 
after quench. The retained austenite decomposition during 
tempering at 600, 800, 900 and 1050°F temperatures 
was studied metallographically for type of product and 
time for completion of decomposition. 40% or less re- 
tained austenite resulted in an acicular-type structure at 
all tempering temperatures studied ; 70% or more resulted 
in producing some primary ferrite and pearlite at the 
higher tempering temperatures studied. Acicular decom- 
position products of retained austenite had notch tough- 
ness equal to or better than quenched and tempered steels ; 
pearlite and nonacicular batinite had deleterious effects. 
Tensile strength could be correlated with hardness but 
reduction of area and fracture strain were reduced by 
pearlite or nonacicular bainite. 

The impact and tensile properties of primary iso- 
thermal decomposition products are included. Acicular 
bainite formed at 600 °F gave best properties ; nonacicular 
bainite and pearlite formed at 900°F gave the poorest 
properties. 


INTRODUCTION 


ANY investigators have found retained austenite in quenched 

low alloy, medium carbon steels (1, 2, 3).4 The effects of 
this constituent on mechanical properties depend on whether it re- 
mains as austenite during the test, whether it transforms during 
testing, or whether it was decomposed during tempering prior to test. 
In one steel, it was found (4) that retained austenite, per se, had 
little effect on impact and tensile properties. However, if martensite 
formed from the retained austenite, either by plastic deformation or 
by low temperature treatments, notch toughness and tensile ductility 
were reduced and tensile strength raised. 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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In most low alloy, medium carbon steels, the austenite is de- 
composed during normal tempering operations. Kinetics of the de- 
composition of retained austenite have been shown to be similar to 
the decomposition of primary austenite (5, 6, 7). Elmendorf (5) 
has demonstrated that tensile properties of some steels are slightly 
improved by formation of bainite from retained austenite. 

The present study was initiated to determine the effect of the 
amount and type of decomposition product on impact and tensile 
properties. For comparison, the investigation was broadened to in- 
clude measurement of properties of primary austenite decomposition 
products and of oil-quenched and tempered structures. 


EXPERIMENTAL PROCEDURE 
Material 
A fully killed SAE 2340 was melted to the following composition : 


C Mn Si P S Ni Cr 
0.40 0.89 0.35 0.006 0.017 3.34 0.10 


A 350-pound heat was made in an induction furnace using Armco 
iron, electrolytic nickel and manganese, ferrochromium, ferrosilicon, 
graphite and pure aluminum. This was poured into five 4 by 4 by 18- 
inch steel molds and then sawed into l-inch thick slices trans- 
verse to the long axis of the ingot. The slices were homogenized 
for 1 hour at 2200 °F (1025 °C) and then forged into % by %-inch 
bars and 3%-inch diameter rounds. 


Heat Treatment | 


Short lengths of the forged bars were normalized from 1650 °F 
(900 °C) and machined to within 0.012 inch of the finished test 
specimens. These blanks were given heat treatments shown in Table I 
for the study of the effect of decomposition of retained austenite and 
those shown in Table II for the study of isothermal transformation 
products and oil quenching. 

Blanks were quenched from 1550°F (845°C) until the center 
of the bar came to the temperature of the quenching bath (in most 
cases 90 seconds as determined by a thermocouple imbedded in the 
center of a blank), and either held for primary isothermal trans- 
formation or transferred to the tempering bath for decomposition of 
retained austenite. All specimens were water-quenched after temper- 
ing to minimize temper embrittlement. Tempering times were either 
the time required for complete decomposition of the austenite or 
longer times selected,to produce a desired hardness. Hardnesses 
were kept as constant as possible for each tempering temperature. 
The tempering temperature and the retained austenite decomposition 
temperature were the same except in two cases in which decomposi- 
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Table | 








Heat Treatment for Retained Austenite Study 
Quenching % Tempering 
Temperature Retained Temperature* Tempering Final 
°F Austenite °F Time (Min.) Re Microstructure 
Liquid Nitrogen 1 600 1200 44 
800 120 38 Tempered 
900 90 33 Martensite 
1050 45 31 
300 10 600 1200 42 Acicular 
800 120 36 Ferrite and 
900 90 31 Carbide 
1050 25 30 Aggregate 
400 40 600 1200 41 Acicular 
800 120 36 Ferrite and 
900 90 31 Carbide 
1050 25 30 Aggregate 
600+ +1050* 12001+45 30 
475 70 1050 25 23 Acicular Aggregate + 
Ferrite and Pearlite 
525 90 600 1200 44 Acicular 
700 120 35 Aasreaate 
800 120 30 sere 
900 90 24 { Acicular aggregate + 
1050 25 22 Pearlite and Ferrite 
600t +1050 1200$+45 30 Acicular aggregate 





*Except for the double tempering treatments, the term tempering temperature and the 
retained austenite decomposition temperature are synonymous. 

+Decomposition temperature. 

tDecomposition time. 


tion took place at 600 °F (315°C) and was followed by tempering 
at 1050 °F (565 °C). 

Isothermal treatments at 600 and 700 °F (315 and 370°C) for 
reasonable times did not result in complete transformation. Bars 
given these treatments were held isothermally for 2 hours, quenched 
to room temperature to form martensite and then tempered at 900 °F 
(480 °C). 

Specimens quenched to —320 °F (—196 °C) were first quenched 
in water at room temperature and then transferred to liquid nitrogen. 
Specimens quenched in oil at room temperature were tempered im- 
mediately upon reaching the temperature of the oil bath. 


Transformation Studies 


The martensite range was determined utilizing the Greninger- 
Troiano metallographic technique, in order to select quenching tem- 
peratures to give desired amounts of martensite. 

A guide to isothermal transformation of retained austenite in 
this steel was provided by earlier dilatometric work (7). In the 
present investigation, isothermal transformations of both primary and 
retained austenite were studied by metallographic techniques includ- 
ing lineal analysis using a Hurlbut counter. Metallographic and 
X-ray diffraction measurements were made to confirm the absence 
of retained austenite after tempering. Preliminary transformation 
studies were made with specimens of the same sizes as Charpy blanks. 
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Specimens taken from actual test bars were checked to aid in the 
correlations between microstructure and mechanical properties. 


Mechanical Properties 


All tests were made 24 to 30 hours after completion of heat 
treatment. Impact tests on at least 20 Charpy V-notch bars from 
each heat treatment were made over a range of temperature as 
described previously (8). Energy was recorded, and a transition 
temperature, defined as the temperature on the -curve of energy 
versus temperature corresponding to the average of the maximum 
energy and the energy at —320 °F (—196 °C), was determined. 

Duplicate tensile tests from each heat treatment were made at 
room temperature using 0.357-inch diameter bars having a gage 
length of 1.4 inches. A 1.4-inch extensometer was used to measure 
strain up to 0.2% offset, and simultaneous measurements of load 
and diameter were made at greater strains. From these data, true 
stress and true strain were calculated. 





Table Il 





Heat Treatment for Study of Isothermal and Oil-Quenched Microstructures 
Temp. of Isothermal 
Quenching Trans- Marten- Tempering Tempering Hard- ° 
Bath Time formation site Temp. Time ness Appearance of Final 
°F Min. % % °F Min. Re Microstructure 
1050 49 100 0 as ee 23 Ferrite and pearlite 
900 90 100 0 id ues 24 Nonacicular bainite 
; and pearlite 
700 60 80 20 900 105 30 Nonacicular bainite 
and martensite 
600 60 95 5 900 105 30 Acicular bainite and 
martensite 
*90 (Oil 
quench) eect a 900 105 30 Tempered martensite 
*90 (Oil 
quench) et re 1050 45 30 Tempered martensite 


*These specimens may have contained a few per cent of primary transformation products 
formed during quenching as well as approximately 8% of retained austenite. 





Rockwell “C” hardness measurements were made on representa- 


tive impact and tensile bars. Values reported are the average of five 
readings. 


RESULTS 


Transformation Studies 


The isothermal transformation of primary austenite followed a 
normal pattern—acicylar bainite at 600°F (315°C), nonacicular 
bainite at 700 °F (370 °C), bainite plus pearlite at 900 °F (480°C), 
and ferrite plus pearlite at 1050°F (565°C). Isothermal transfor- 
mation was incomplete in 1 hour at 600 and 700°F (315 and 370 
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Table Ill 





Quenching % Austenite Transformed % Austenite Transformed 
Temperature 0 During Reheating to a 
°F Austenite 1050 °F 1050 °F 
525 90 34 56 
475 70 20 50 
400 40 15 25 
300 10 3 7 


—320 <1 <1 <i 





°C) but complete at 900 and 1050 °F (480 and 565 °C) at 1% hours 
and 40 minutes respectively. 

The M, temperature was determined to be 560 °F (293 °C). 
Table III lists the amounts of martensite formed by quenching to 
the temperatures in the martensite range which were selected for 
treatment of the test bars. 

It was found that reheating from the quenching to the tempering 
temperature took approximately 35 seconds in all cases and that a 
substantial amount of acicular bainite formed in this interval. As an 
example, the amount of transformation which occurred during heat- 
ing to 1050 °F (565 °C) is listed in Table ITI. 

The remaining retained austenite decomposed during tempering 
to the structures listed in Table I. When a large amount was present, 
e.g., 70 to 90%, primary decomposition products were always formed, 
including ferrite and pearlite at the higher tempering temperatures. 
When 40% or less retained austenite was present, primary bainites 
were formed at the lower tempering temperatures, and an aggregate 
of acicular ferrite and fine spheroidized carbides at the higher tem- 
pering temperatures. 

A metallographic history of the decomposition of 90% retained 
austenite at 1050 °F (565 °C) is given in Fig. 1. Fig. la shows the 
amount of martensite formed during the quench to 525 °F (275 °C) ; 
Fig. 1b the acicular microstructure upon reaching 1050 °F (565 °C) ; 
Figs. lc to le, the progress through completion of the formation of 
ferrite and pearlite. Fig. 2 shows, for comparison, the ferrite-carbide 
aggregate in a bar which contained 40% retained austenite completely 
decomposed during tempering at 1050 °F (565 °C). 

A possible explanation for the difference between the final micro- 
structure of the 40 and 90% austenite decomposition product can be 
that when a large enough amount of austenite is present, there are 
too few carbide sites in the scattered martensite needles for all of the 
carbon to diffuse to them and precipitate, free ferrite forms and in 
the remaining pools of enriched austenite, the normal eutectoid for- 
mation of pearlite occurs. When 40% or less austenite is present, 
the distances through which carbon has to diffuse to the carbides 
in the tempered martensite are.small enough that all of the carbon 
precipitates in spheroidal form. 
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Fig. 1—Decomposition of 90% Austenite During 1050°F Tempering Cycle. 1% Nital. 
X 1500, a—Martensite formed at 525°F; b—Decomposition during heating to 1050°F; 
c—2 minutes at 1050°F; d—15 minutes at 1050°F; e—25 minutes at 1050°F fully de- 
composed. 
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Fig. 2—Final Microstructure of ge Austenite Specimens Tem- 
pered at 1050°F. 1% Nital. X 1500 : 


No attempt was made to follow the decomposition of retained 
austenite in the oil-quenched specimens. 


Notch Toughness 


The families of curves presented in Fig. 3 show impact energy 
versus testing temperature for steels heat treated in accordance with 
Table I. A direct comparison can be made between the various 
austenite contents except for the 90% austenite samples tempered 
at 900 and 1050 °F (480 and 565 °C) which were considerably softer 
due to formation of ferrite and pearlite. Specimens quenched to 10 
and 40% retained austenite have the best over-all properties. Fig. 4 
shows similar curves for heat treatments listed in Table II. The best 
properties resulted from the 600 °F treatment, the poorest from the 
900 °F treatment which gave a mixture of nonacicular bainite and 
pearlite. 

Fig. 5 shows clearly that for all austenite contents transition 
temperatures decrease to a minimum and then increase again as the 
tempering temperature is raised from 600 to 1050°F (315 to 565 
°C) with the minimum found for tempering at 800 or 900 °F (425 
or 480°C). After tempering at 600 and 800 °F the <1% austenite 
bars have the highest transitign temperatures; for the two higher 
tempering temperatures the 90% austenite bars are inferior. Bars 
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with 70% austenite have transition temperatures intermediate be- 
tween those with 40 and 90% austenite. The inferiority of bars with 
large amounts of austenite tempered at high temperatures is attrib- 
uted to the formation of pearlite during such treatments. 
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Fig. 8—Comparison of Acicular Ferrite Plus Carbide Aggre- 
gate and Ferrite Plus Pearlite Decomposition Products on Impact 
Properties. 
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Fig. 9—Relationship of Tensile Strength and Hardness. 


The correlation of transition temperature with the amount of 
austenite prior to tempering is giver in Fig. 6. The tendency of 
specimens containing less than 1% or more than 40% to have high 
transition temperatures is evident. 

The relationship of hardness and transition temperature is given 

| in Fig. 7. This shows that as the hardness decreases to R, 30-31 
i the transition temperatures decrease although not markedly for the 
bars containing 90% retained austenite. There appears to be some 
advantage in impact properties if some retained austenite is present 
prior to tempering at 600 °F -€315°C). This suggests that a pos- 
sible remedy for 600 °F embrittlement is hot quenching. 
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Table IV 
Tensile Properties 
Engineering Properties. —Trrue Stress—True Strain Properties— 
Tempering Yield Strain 
or Decom- Strength Rate of Hard-_ Frac- Frac- 
Quenching position Tensile (0.2% Work ening ture ture 
Temp. Temp. Strength Offset) % % Hard- Expo- Strain Strength 
°F °F (10° psi) (10% psi) R.A. Elong. ening nent oe (103 psi) 
—320 ia 
(Liquid 600 225 200 52 14.3 118,000 0.070 0.722 328 
Nitrogen) 

800 180 172 56 17.0 113,000 0.078 0.850 286 

900 158 147 59 17.1 111,000 0.115 0.904 270 

1050 147 136 55 18.6 114,000 0.126 0.797 244 

300 600 208 174 51 10.0 112,000 0.060 0.650 287 
800 165 155 56 18.0 107,000 0.077 0.800 267 

900 147 136 60 20.0 100,000 0.100 0.940 250 

1050 142 129 61 20.7 98,000 0.100 0.951 247 

400 600 203 174 52 11.0 108,000 0.057 0.720 290 
800 159 149 60 17.8 107,000 0.100 0.900 263 

900 142 130 63 21.4 100,000 0.100 0.970 250 

1050 137 120 60 22.0 99,400 0.130 0.910 239 

525 600 194 170 60 17.0 99,000 0.062 0.900 305 
800 137 109 60 17.0 91,000 0.083 1.04 238 

900 124 90 51 20.0 93,000 0.120 0.712 194 

1050 121 78 43 18.0 88,000 0.126 0.600 172 

90 (Oil) 1050 135 120 60.3 21.0 104,000 0.129 0.924 236 
1050 1050* 112 77 55 26.0 86,000 0.140 0.784 190 
900 900* 125 91 37 16.2 100,000 0.133 0.460 177 
700 700* 130 110 61 21.4 89,000 0.106 0.936 220 
600 600* 141 125 56 19.0 98,000 0.101 0.963 230 


*Isothermal decomposition of primary austenite. 


Fig. 8 indicates that the inferiority of the 90% austenite sample 
decomposed at 1050 °F (565 °C) is the result of formation of ferrite 
and pearlite. When 90% austenite is decomposed to an acicular 
product at 600 °F and tempered at 1050 °F, the transition tempera- 
ture is lower than that found when 90% austenite is decomposed at 
1050 °F (565°C) to ferrite plus pearlite, despite the fact that the 
latter treatment results in a lower hardness. No difference can be 
seen between 40% austenite decomposed at 600 °F and tempered at 
1050 °F and the same amount decomposed at 1050°F. This is 
probably due to the aggregate of acicular ferrite and spheroidized 
carbides which exists after both treatments. 

From these data, it is evident that decomposition of retained 
austenite can occur with no resulting reduction of notch toughness 
as long as all of the decomposition products are acicular. 

The inferiority of specimens quenched in oil or in liquid nitrogen 
suggests that martensite formed below 300°F may be deleterious. 
This could be a result of microcracks as Elmendorf (5) suggests or 
a change in the properties of martensite which may accompany the 
shift in martensite habit plane which Van Winkle (9) found as the 
transformation temperature is lowered. It is not likely that bainite 
was formed during the oil quench, since material quenched to just 
above M, showed no decomposition unless held at temperature for 
15 seconds; therefore presence of primary bainite probably cannot 
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account for the higher transition temperatures resulting from oil 
quenching. 


Tensile Properties 


The tensile test results are listed in Table IV. Unlike the im- 
pact properties some tensile properties appear to vary directly with 
the percentage of retained austenite: the smaller the amounts of 
austenite, the better the properties. The 90% bars are markedly 
inferior in reduction of area as well as in fracture stress and fracture 
strain determined from the true stress — true strain flow curves. 

Fig. 9 is presented to show the excellent correlation between 
tensile strength and R, hardness despite differences in microstructure. 


CONCLUSIONS 


1. In the steel under investigation, decomposition of retained 
austenite reduces notch toughness only when pearlite is formed. 

2. Pearlite can be formed by decomposition of retained austenite 
when 70% or more austenite is present and tempering is performed 
at 900 °F (480°C) or above. With 40% and lesser amounts of 
austenite, aggregates of acicular ferrite plus carbides are the final 
microstructures, despite tempering in the range in which pearlite 
forms during primary decomposition. 

3. Acicular bainite from primary austenite has better impact 
properties than nonacicular bainite from primary austenite. 

4. Martensite formed below 300°F appears to have reduced 
notch toughness, particularly when tempered to hardnesses above 
Rockwell C-40. 
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DISCUSSION 


Written Discussion: By Gerrit DeVries, metallurgist, U. S. Naval 
Ordnance Test Station, Pasadena, Calif. 

It is interesting to compare the results given for an AISI 2340 steel 
in this paper with the results given in the paper by L. S. Castleman, B. L. 
Averbach and M. Cohen,’ “Effect of Retained Austenite Upon Mechanical 
Properties”. Castleman and associates investigated the variation of slow- 
bend notched-bar strength with tempering temperature of oil-quenched 
and oil-quenched refrigerated specimens containing 6 and 2% retained 
austenite respectively. They found that the specimens containing either 
2 or 6% retained austenite had the same notched-bar strength when 
tempered at 600°F (315°C) but that the specimens containing 2% had 
the higher notched-bar strength when tempered at 400°F (205 °C). 

From the results of the two papers it might be concluded that re- 
tained austenite in a quenched steel lessens the drop in notched-bar 
strength caused by tempering between 500 and 700°F (260 and 370°C). 
The amount necessary seems to be as little as 2%, since Castleman and 
associates report no difference in notched-bar strength for specimens con- 
taining 2 and 6% retained austenite tempered at 600 °F (315°C). Further, 
Bailey and Harris indicate that notched-bar strengihs of various speci- 
mens containing from 10 to 90% retained austenite, tempered at 600 °F 
(315 °C), are the same. It might be logical to assume that the difference 
in notched-bar strengths, in the uninvestigated range from 6 to 10%, 
is slight. 

Since Castleman and associates found that quenched and refrigerated 
steel had superior notch strength when tempered at 400°F (205°C), 
statement 4 by Bailey and Harris in the conclusion might be changed to: 
Martensite formed below 300 °F (150°C) appears to have reduced notched 
toughness when tempered at 600°F (315°C). 

The results given in Fig. 4 in this paper show that oil-quenched speci- 
mens tempered at 900 °F (480°C) had higher transition temperatures than 
bainitic specimens tempered at 900°F. However, the oil-quenched speci- 
mens were tempered for nearly twice as long at 900°F as the bainitic 
specimens. Steels are most susceptible to temper brittleness when tem- 


*L. S. Castleman, B. L. Averbach and Morris Cohen, “Effect of Retained Austenite 
Upon Mechanical Properties”, see page 240, this volume. 
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pered at temperatures near 900 °F; therefore the inferior impact strength 
of the oil-quenched specimens might be due to the longer tempering at 
900 °F. ¢ 
Written Discussion: By Paul E. Busby, Donald P. Hart and Cyril 
Wells, Metals Research Jaboratory, Carnegie Institute of Technology, 
Pittsburgh. 

From information presented by the authors and available in the litera- 
ture, there is reason to believe that at least some of the conclusions pub- 
lished in this paper are applicable to compositions other than SAE 2340 


Transition Temperature °F 


eo—-- |0% Bainite 
+ 40% Bainite 
X——— 75% Bainite 





550 600 650 TOO 750 #8 800 
Reaction Temperature °F 


Fig. 10—Effect of Reaction Temperature on Transition 
Temperature in the Impact Test. 


and to commercial steels. For example, the detrimental effect on impact 
resistance of pearlite and nonacicular bainite together in quenched and 
tempered low alloy steels has been observed often enough to convince 
most commercial heat treaters that, generally, for best ductility and 
toughness at a given tensile strength, these constituents in quenched steel 
should be avoided. 

Until recently, the opinion was accepted that SAE steels with less 
than 0.45% carbon containing only tempered martensite usually had lower 
transition temperatures at a given tensile strength than those containing 
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Figs. 1la and 11b—Photomicrographs of Bainite Formed at 800°F (a) and 650 °F 
(b). Original magnification x 1500. 


tempered bainite as well as tempered martensite. Furthermore, it was be- 
lieved that tempered bainite plus tempered martensite structures had lower 
transition temperatures the lower the temperature of formation of the bain- 
ite. Now it appears that these beliefs are no longer justified. From results 
given in the paper (Fig. 5) and in this discussion (Fig. 10), it is apparent 
that transition temperature decreases as the temperature of formation of 
the bainite increases. This statement is true independent of whether the 
indicated amounts of bainite form from primary austenite in Steel 1A or 
from retained austenite in. SAE 2340 steel over the temperature range 600 
to 800°F (315 to 425°C). In addition, structures containing practically 
100% teinpered martensite are observed to have transition temperatures 
higher than others containing tempered martensite plus appreciable 
amounts of tempered bainite. 

Steel 1A, referred to in Fig. 10, was made in a 15-ton basic electric 
furnace and has the following composition : 


Per Cent of Element 
Cc Mn P S Si Ni Cr Mo V 
0.33 0.78 0.013 0.018 0.31 0.80 0.68 0.50 0.10 


This steel was partially reacted at temperatures indicated in the figure 
before being quenched and tempered to a hardness of about 250 Brinell. 
All impact data are for V-notch Charpy specimens taken from 7-inch 
rounds at midradius positions and transverse to the direction of rolling. 

At this time one cannot define the limits of application of conclusion 
3, “Acicular bainite from primary austenite has better impact properties 
than nonacicular bainite from primary austenite.” The viewpoint is held 


a 
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that nonacicular bainite formed at certain temperatures from primary 
austenite may have better impact properties than acicular bainite. This 
belief is supported by the photomicrographs; the bainite in Fig. lla was 
formed at 800 °F (425°C) (nonacicular) while that in Fig. 11b was formed 
at 650°F (345°C) (more acicular). In both cases, the matrix is untem- 
pered martensite. Various amounts of intermediate product were formed 
at each of these temperatures before water quenching. After tempering 
to the same hardness, specimens which contained the tempered non- 
acicular bainite plus tempered martensite had lower transition tempera- 
tures than those which contained comparable amounts of tempered acicu- 
lar bainite plus tempered martensite. 

Written Discussion: By Edward A. Loria, senior fellow, Mellon 
Institute of Industrial Research, Pittsburgh. 

In regard to the transformation studies, the results confirm that the 
amount of retained austenite increases as the cooling rate is decreased 
from that corresponding to a rapid quench. Can the authors confirm if 
the amount of retained austenite in SAE 2340 steel increases to well be- 
yond the point where nonmartensite transformation products first appear, 
and then decreases, but does not reach zero until the cooling rate becomes 
so slow that martensite formation is avoided altogether ? 

The latest complete TTT-diagram for SAE 2340 steel is given by 
Troiano* in a paper in this volume. There is a slight discrepancy in the 
results compared to the Troiano diagram, isothermal transformation being 
incomplete in 2 hours at 600 and 700°F (315 and 370°C), whereas the 
Troiano diagram shows complete transformation. This, of course, can be 
attributed to heterogeneity in the alloy content of the steel as a result 
of dendritic segregation. 


Would the authors show representative micrographs of specimens 
with 40% retained austenite and 90% retained austenite partially trans- 
formed in the region of the TTT-diagram (say 900°F) where there is an 
overlap of the primary pearlite and bainite reactions or formation of two 
transformation products simultaneously? Also could they verify metallo- 
graphically that retained austenite in this steel has its favorite location 
near grain boundaries? Is it possible that in Fig. 1 some of the dark- 
etching acicular product is actually lower bainite whose appearance is not 
readily distinguishable from that of tempered martensite? Finally, a 
discussion of how the time for completion of the retained austenite-to- 
bainite reaction is influenced by varying amounts of martensite would be 
appreciated. 


Much of the work on retained austenite has been done on high carbon, 
alloy steels and tool steels whose sluggish rate of transformation permits 
a relatively easy study of the appreciable amounts of retained austenite 
in such steels. This is one of the first papers that presents results for low 
alloy steel and consequently it would be valuable if Mr. Bailey’ would 
append the results of his earlier dilatometric work (7) on the isothermal 
transformation of retained austenite in SAE 2340 steel. A brief descrip- 
tion of the dilatometric method to measure small amounts of retained 


austenite in low alloy steel would be worthwhile in view of the measure- 


8A. R. Troiano and L. J. Klingler, “*himitations of the End-Quench Hardenability 
Tests’’, published in this volume, page 775. 
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ment difficulties that have been encountered by various investigators who 
have turned consequently to X-ray integrated intensity measurements. 

Written Discussion: By W. J. Wrazej, 271 Laurier East Ave., Ot- 
tawa, Ontario, Canada. 

In the introduction to their paper the authors refer to the results of 
other investigators who “have found retained austenite in quenched low 
alloy, medium carbon steels (1, 2, 3)”. Reference 3 describes plain carbon 
steels among which are samples containing 0.20 and 0.35% carbon and 
0.93 and 0.71% manganese, respectively, in which retained austenite has 
been observed. Whether such steels should be regarded as unalloyed or 
low-alloyed steels is a question that Dr. M. Cohen should decide. If the 
samples used by Dr. Cohen were not regarded as representative of low- 
alloyed steels, the question is what connection has this reference with 
really low-alloyed medium carbon steel? 

In the title of the paper the authors state: “decomposition of retained 
austenite during tempering’, which gives the impression that retained 
austenite, characteristic of plain carbon steels, will be analyzed, and not 
a single composition of nickel steel. I only wish to stress the point that 
it is a common error not to distinguish really precisely between the 
retained austenite in plain carbon steels and that in alloy steels. The 
comparison of the intensities of the diffraction lines in both the cases will 
render the safest answer that the retained austenite differs. Martensite 
when formed from retained austenite will differ in both cases, as it is of 
different character. As far as the experiments have shown, a truly 
retained austenite, i.e., such as is resistant to the action of liquefied gases, 
will never transform into martensite, because its structure is bound up 
with the composition. Whether the same can be said about alloyed steels, 
I do not know. It is this information which is of great importance, and 
many types of steel should be examined to determine the real character 
of the retained austenite described. 

This paper delivers really interesting practical information and is of 
importance, as steels with such composition are applied in many instances 
for vital parts. 

Written Discussion: By John M. Hodge, Research and Development, 
United States Steel Company, Pittsburgh. 

This paper is certainly very timely and very practical. It is indeed 
gratifying to learn that the retained austenite, which we have all known 
to be present in the quenched structures of most of our alloy steels, is 
not only probably not harmful to the toughness of the tempered material, 
but may often even be helpful. I think that this is very conclusively 
established by the findings of this paper. 

Their evidence indicates very strongly that this is true largely because 
of the circumstance that, when less than 50% of retained austenite is 
present, it transforms on tempering, regardless of the tempering tempera- 
ture, to a ferrite-carbide aggregate in which the carbides are spheroidal 
and therefore not harmful to toughness. If this were not so, the results 
of these studies of the properties of the isothermally transformed struc- 
tures, which show distinctly inferior toughness for transformation prod- 
ucts formed at 700°F and above, would certainly lead to the prediction 
that transformation of retained austenite during tempering would be 
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harmful. Because of the importance of this mechanism, we would like to 
ask the authors if they have any evidence or if they believe that this 
same mechanism would apply if the heating rates for tempering were 
slower, as they usually are in practice, than those in these experiments, 
and also whether it would apply to compositions containing larger per- 
centages of carbide-forming elements, such as chromium or molybdenum. 

Another aspect of the authors’ findings which seems rather puzzling 
is the consistent increase in transition temperature that occurs on tem- 
pering at 1050 °F, regardless of the percentage of retained austenite pres- 
ent. Do the authors have any explanation for this seemingly anomalous 
behavior? 


Authors’ Reply 


The authors wish to thank the discussers for their interest and for 
the added data and interpretations with which they have enriched this 
paper. In answer to the queries of Hodge we feel that Fig. 8 of the 
paper, in which no difference was found in impact results between 40% 
austenite decomposed at 600°F and tempered at 1050°F and 40% aus- 
tenite decomposed at 1050°F, suggests that slow heating to tempering 
temperature will yield the same results as we found with the rapid heat- 
ing. As far as other steels are concerned, we feel that as long as the 
resultant structure is acicular, no difficulties will be had. The drop in 
average energy transition temperature after tempering at 1050 °F as com- 
pared to 900 °F may be attributed to temper embrittlement, but no rigor- 
ous study has been made of this behavior by the authors. 

With regard to the comments of Dr. Wrazej, Reference 3 was in- 
cluded to further substantiate the generality that retained austenite is 
present after quenching steels of structural carbon level. The authors’ 
definition of retained austenite is that austenite which remains after 
quenching to a reference temperature below Ms. In most previous inves- 
tigations the reference temperatures have been approximately 80 and 
—320 °F, but to our knowledge there is no fundamental significance asso- 
ciated with these temperatures. The use of intensities of X-ray diffrac- 
tion lines can only show a difference in an amount or state of strain which 
does not fundamentally separate a plain carbon steel retained austenite 
from an alloy steel retained austenite. 

Mr. Loria states that our paper confirms that an increase of retained 
austenite is brought about by a decrease in cooling rate, but we consider 
such behavior has been shown more clearly by previous investigators.” ‘ 
We have no data concerning the effect of nonmartensite products on per- 


centage retained austenite. The discrepancy with Troiano’s isothermal 


diagram was an inaccurate listing in Table II; however, our times to 
completion at all temperatures were slightly longer. Photomicrographs 
of 40% austenite and 90% austenite reacted for 20 minutes at 900 °F are 
presented in Fig. 12. The former is acicular in nature with only a trace 
of austenite not decomposed; the latter formed a more equiaxed struc- 
ture, and has approximately 10% austenite remaining which is decompos- 

*W. J. Harris, Jr., and M. Cohen, “Stabilization of the Austenite-Martensite Trans- 


formation”, Transactions, American Instittite of Mining and Metallurgical Engineers, Vol. 
180, 1949, p. 447-470. 
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Fig 12—(a) 40% Retained Austenite Reacted at 900 °F for 20 Minutes; (b) 90% 
Retained Austenite Reacted at 900 °F for 20 Minutes. 
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Fig. 13—Decomposition Kinetics of Retained Austenite in SAE 2340 
as Measured Dilatometrically. 


ing to pearlite. We could not metallographically verify that grain bound-. 
aries are a more favorable site for retained austenite. The dark-etching 
product in Fig. 10 is martensite, since 60 seconds at temperature causes 
no increase in decomposition product. It is believed that the percentage 
of martensite has two effects which will enhance decomposition: (a) the 
increase of sites for nucleation because of the increasing amount of car- 
bide precipitated during tempering which also results in a shorter distance 
for diffusion; (b) the formation of martensite sets up internal strain 
which augments the thermal energy and drives the reaction at faster 
rates. The curves showing the kinetics of retained austenite from previ- 
ous work (7) are shown in Fig. 18. These curves were compiled by addi- 
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tion of dilation curves of a specimen known to contain retained austenite 
and another specimen in which the retained austenite was 1% or less. 
The amount of austenite determined dilatometrically was approximately 
8%. The kinetics curves show very good agreement with the results pre- 
sented by Castleman et al.° 

We appreciate the comments of Busby et al, and the additional infor- 
mation of mixtures of bainite and tempered martensite adds to some of 
our findings. Fig. 5, however, does not confirm the fact that transition 
temperature decreases as the bainite formation temperature increases. 
In all cases where there is a decided decrease in transition temperature, 
there has been a prior formation of martensite great enough to cause a 
decomposition similar to lower temperature bainite. In addition, as the 
tempering temperature is increased, there is a lowering of the hardness. 
In the results presented by the discussers, no mention is made of the 
tempering temperature or times at temperature to achieve the same hard- 
ness in their specimens. Thus, it may be a tempering effect which ac- 
counts for the inferiority of acicular bainite versus nonacicular bainite. 

It is gratifying that the two independent research investigations 
have shown very similar results, as pointed out by Mr. DeVries. How- 
ever, the comparison of results does not change the finding concerning 
the deleterious effect of martensite formed below 300°F. The results 
of Castleman et al® show that the untempered martensite formed by 
plastic deformation during the test (4) is deleterious; thus, no light is 
shed by their experiments on the effect of martensite formed below 300 °F. 
The aforementioned corrections in Table II show that a longer time at 
900 °F does not fully explain the difference between the 600°F bainite 
and the oil-quenched specimen tempered at 900 °F. 


5L. S. Castleman, B. L. Averbach atff@ M. Cohen, “Effect of Retained Austenite on 
Mechanical Properties’, published in this volume, page 240. 





COMPARISON OF THE EFFECTS OF ALLOYING 
ELEMENTS ON THE LOWER AND UPPER TRANSITION 
TEMPERATURES IN PEARLITIC STEELS 


By J. A. RrneBoitt AnD W. J. Harris, JR. 
Abstract 


A lower transition was established by finding the 
temperature at which brittle cracking occurred without 
plastic bending of Charpy V-notch bars. Comparison of 
the effects of alloying elements on the lower and the upper 
(average energy) transitions revealed that carbon has less 
effect on the lower than on the upper, that nickel decreases 
the lower more rapidly than the upper, and that silicon up 
to 1.03% decreases the lower while it increases the upper. 

The 15-ft-lb transition temperature is only a fair 
approximation of lower transition. The upper transition 


(average energy) cannot be correlated with the lower 
transition. 


N notch-bend tests of ferritic steels a marked reduction of energy 

and a transition from fibrous to granular appearance occur over 
a temperature range which may vary from a few degrees to several 
hundred. Frequently this range is represented by a “transition 
temperature” chosen at an arbitrary point on the transition curve, 
e.g., the temperature at the 15-ft-lb level, at 50% granular fracture, 
etc. Many studies have been made to determine shifts in transition 
temperature resulting from changes in composition, microstructure, 
or other metallurgical variables. Attempts have also been made to 
utilize transition temperature in predicting the minimum temperature 
at which a steel may be used in service without danger of brittle 
fracture. 

Correlations of brittle transitions with service performance are 
limited by the fact that all definitions of transition temperature are 
arbitrary. As one solution to this difficulty, it has been suggested 
that consideration of the entire transition curve instead of a single 
point on the curve is necessary (1, 2).1 On the other hand, an 
analysis of the cracking of ship plates by Williams et al (3) has 
shown that a fair correlation exists between the temperature of 
service failure and the temperature at the 6 to 12-ft-lb level on the 
Charpy V-notch transition curve. From these data several investi- 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. The authors, J. A. Rinebolt 
and W. J. Harris, Jr., are associated with the Ferrous Alloys Branch, Metal- 
lurgy Division, Naval Research Laboratory, Washington, D. C. Manuscript 
received April 10, 1951. 
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gators (3, 4, 5) have proposed that the 15-ft-lb transition tempera- 
ture in the Charpy V-notch test may be used to establish the mini- 
mum temperature of safe operation. 

After study of the transition curve, Stout and McGeady (6) 
suggest that it includes two energy transitions—one associated with 
a change in fracture appearance, and the other, at a lower temper- 
ature, with the disappearance of the last traces of ductility. Experi- 
mental evidence (7) indicates that in Charpy V-notch bars the 
transition at high temperatures occurs as a result of a reduction in 
energy for crack propagation, while the one at lower temperatures 
involves a drop in energy required for crack initiation. In this re- 
port, the two transitions are called upper and lower, respectively (7). 

Since the plastic deformation observed just above the lower tran- 
sition is of the same order of magnitude as that observed in fractured 
ship plates, it has been proposed (5, 7) that the lower transition may 
have a better correlation with service performance than an arbitrary 
point on the Tower portion of the regular transition curve. It is not 
possible, of course, to confirm these proposals without extensive 
research and study of service failures (7). The need for such cor- 
relations will be emphasized if it can be shown that the lower tran- 
sition cannot be predicted from transitions normally reported, par- 
ticularly if metallurgical variables do not have the same effects on 
all transitions. 

The present study was initiated to establish the effects of com- 
position on the lower transition for comparison with their effects on 
the upper transition which were presented in Reference 1. It was 
hoped that the results would indicate whether the lower transition 
temperature corresponds to a point on the lower portion of the reg- 
ular transition curve, such as the 15-ft-lb transition temperature, and 
whether differences exist between effects of composition on the lower 
and upper transitions. 


EXPERIMENTAL PROCEDURE 
Materials 


The steels used in this investigation were melted, as reported in 
Reference 1, in an induction furnace using a furnace charge of 250 
pounds. Heat of a base analysis (0.30% C, 1.00% Mn, 0.30% Si) 
steel with variations in carbon, manganese, nickel, nitrogen, phos- 
phorus, silicon and titanium were investigated. Each series consisted 
of four 4 by 4 by 18-inch ingots, one having the base composition ; 
the element being varied was systematically increased in the other 
ingots. Compositions for all steels used in this investigation are 
listed in Table I. One-inch-thick slices cut transverse to the longi- 
tudinal axis of the ingots were homogenized for 1 hour at 2300 °F 
(1260 °C) and forged into bars of 4 by 5-inch cross section. 
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Table I 
Compositions 
Cc Mn Si Element Varied 
Steel (%) (%) (%) (%) 
j 
Base Analysis 0.30 1.00 0.30 are 
C1 0.01 0.99 0.24 0.01 
Cil 0.21 0.96 0.26 0.21 
C14 0.43 1.06 0.31 0.43 
C15 0.57 1.05 0.30 0.57 
C8 0.63 0.99 0.26 0.63 
Mn 
Mni0 0.27 0.41 0.31 0.41 
Mn2 0.28 0.49 0.30 0.49 
Mni3 0.30 1.55 0.30 1.55 
Ni 
Ni2 0.30 1.06 0.25 0.40 
Ni3 0.30 1.05 0.25 1.00 
Ni9 0.30 1.00 0.23 1.80 
Ni5 0.29 1.01 0.22 3.15 
Ne 
Ni 0.28 1.06 0.28 0.004 
N2 0.30 1.09 0.27 0.008 
N3 0.30 1.08 0.26 0.015 
N4 0.30 1.12 0.25 0.018 
P 
P2 0.29 1.01 0.29 0.05 
P3 0.28 1.01 0.28 0.12 
P4 0.28 0.98 0.26 0.21 
: Si 
Sil0 0.30 1.03 0.10 0.10 
Si7 0.27 0.95 0.60 0.60 
Si2 0.32 0.97 1.03 1.03 
Si8 0.27 0.97 27 1.27 
Si3 0.32 0.96 1.81 1.81 
Si9 0.28 1.04 2.67 2.67 
Ti 
Ti2 0.30 0.94 0.20 0.06 
Ti3 0.29 0.93 0.23 0.23 
Ti4 0.29 0.96 0.28 0.39 








HEAT TREATMENT AND MICROSTRUCTURE 


Blanks cut from the forged bars were normalized from 1650 °F 
(900 °C) and then reheated to 1630°F (900°C) and cooled at a 
rate of 25°F per minute to develop essentially a constant pearlite 
spacing and ferrite grain size. Although the microstructures of all 
steels were examined, the most conclusive evidence.of constant pearl- 
ite spacing was the finding (1) by dilatometric techniques that the 
temperature difference between the critical temperature on heating 
and that on cooling was essentially constant and, as has been shown 
(8), such a constant value implies uniform pearlite spacing. Con- 
stancy of ferrite grain size was based on comparison of random areas 
of all of the steels at a magnification of 100 & with standard grain 
size charts. 


Impact TESTS 


Standard Charpy V-notch bars were machined from the heat 
treated blanks and tested at various temperatures in the transition 
range. Data for standard tests in which the bars were fractured 
with single 264-ft-lb, 17 ft/sec blows were taken from Reference 1. 
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Special tests in which the bars were fractured with single or multiple 
25-ft-lb, 11 ft/sec blows were also used. The basis for adopting this 
nonstandard procedure is described in detail in Reference 7; briefly, 
it represents a testing condition which magnifies an energy discon- 
tinuity at a low temperature and yet gives nearly the same fracture 
energies in the upper transition range for the sums of the energies 
of multiple low-energy blows necessary for fracture as for single 
high-energy blows. (Hereafter the regular 264-ft-lb transition curve 
will be referred to as the upper transition curve and the 25-ft-lb 
transition curve will be referred to as the lower transition curve. ) 
Fig. 1 shows the lower transition curve superimposed on the upper 
transition curve for the base analysis. It should be noted that the 
drop in energy occurs below the 15-ft-lb transition temperature. 
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Fig. 1—Lower Transition Curve Established With 25 Ft-Lb Blows 
Superimposed on Regular Charpy V-Notch Transition Curve (264 
Ft-Lb Blows) for Base Analysis. 


A study was made of the flow markings on the sides of the 
fractured bars as an aid in determining and understanding the lower 
transition. Fig. 2 shows the two triangular areas of plastic defor- 
mation in ductile specimens, one near the loading side and one near 
the notch side of the specimen, and also the disappearance of the 
markings as the testing temperature is lowered. The deformation 
near the notch side of the specimen is present when the specimen 
yields plastically and disappears as shown in Reference 7, when the 
crack propagates deeply in the bar prior to plastic bending. A 
marked energy drop is often associated with its disappearance. The 
flow markings near the loading side of the bar do not disappear until 
the crack penetrates through the entire bar with no plastic bending. 
The disappearance of the markings on the loading side is not accom- 
panied by a sharp energy drop. The temperatures of drop in energy 
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Fig. 2—View of Fractures and Flow Markings Along the Lower 
Transition Curve for Steel T2A. (Note disappearance of flow markings 
near the notched surface at the lower transition—60 °F.) 

Ff 


and of disappearance of flow markings on the notch side may be used 
to determine the lower transition temperature ; the latter was adopted 
as the definition in this report. 

Bars broken with single 264-ft-lb blows and reported in Refer- 
ence 1 were studied for an indication of the lower transition again 
defined as the temperature at which the flow markings near the notch 
side disappeared. 


RESULTS 
! Effects of Alloying Elements on the Lower Transition 


Figs. 3 through 7 show the lower transition curves for variations 
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Fig. 3—Lower Transition Curves for Steels of Various Carbon Contents: 
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Fig. 4—Lower Transition Curves for Steels of 
Various Manganese Contents. 
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Fig. 5—Lower Transition Curves for Steels of Various Nickel Contents. 
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Steel 


Cl 
Cil 
C14 
Cis 
C8 


Mni10 
Mn2 
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Ni2 
Ni3 
Ni9 
NiS 


Ni 
N2 
N3 
N4 
P2 


P3 
P4 


Sil0 
Si7 
Si2 
Si8 
Si3 
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Table II 
Temperatures of Disappearance of Flow Markings 


Disappearance of 


Element Side Markings 
Varied (%) 25 ft-lb 264 ft-lb 
Base Anal. (C 0.30, Mn 1.00, 
Si 0.30, P 0.005) — 80 — 80 — 57 
© 
0.01 —135 —140 —115 
0.21 — 85 — 80 — 62 
0.43 — 70 — 40 — 20 
0.57 — 50 — 40 65 
0.63 ; y 30 168 
Mn 
0.41 — 35 — 10 10 
0.49 — 28 — 40 — 24 
1.55 —138 —130 —110 
Ni 
0.40 —130 — 94 — 78 
1.00 —145 —140 —105 
1.80 —160 —140 —120 
3.15 —220 —240 —154 
N 
0.004 —110 —100 — 80 
0.008 —110 —100 — 84 
0.015 —110 —100 — 84 
0.018 —110 —100 — 80 
P 
0.05 — 48 — 60 — 30 
0.12 50 + 20 80 
0.21 130 120 160 
Si 
0.10 — 85 — 30 — 50 
0.60 —130 — 90 — 56 
1.03 —150 — 80 0 
1.27 — 83 — 70 0 
1.81 — 10 15 96 
2.67 55 100 176 
Ti 
0.06 — 55 — 40 — 16 
0.23 — 85 — 80 — 48 
0.39 — 70 — 94 — 76 


o =P2A 
© =P3A 
m= P4A 
Dashed Line = Base 


Energy (Ft-Lb) 


-120 -80 -40 


0 


40 


Temperature °F 


Fig. 6—Lower Transition Curves for Steels of Various Phosphorus Contents. 
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Fig. 7—Lower Transition Curves for Steels of Various Silicon Contents. 
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Fig. 8—Effect of Alloying Elements on Lower Transition Temperature. 
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Fig. 9—Effect of Alloying Elements on the Magnitude of the Drop in 
Energy at the Lower Transition. 
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in carbon, manganese, nickel, phosphorus, and silicon contents. 
Temperatures of the drop in energy were drawn halfway between 
the lowest temperature at which the flow markings on the notch side 
of the specimens were observed and the highest at which they dis- 
appeared. In the case of some of the steels, such as C8A and P4A, 
the flow markings on the notch side were very difficult to determine 
and no sharp energy drop was observed. This lack of well-defined 
markings is probably due to the strength — ductility relationship in 
these steels. 

Table II lists the temperatures of the disappearance of the flow 
markings for both 25-ft-lb and 264-ft-lb blows and also the magnitude 
of the sudden energy drop in all cases where it could be observed 
in the preceding figures. 

Fig. 8 shows composition plotted against the lower transition 
and Fig. 9 composition plotted against the energy drop at this tran- 
sition. The effects of each alloying element on these properties are 
discussed in the following paragraphs. 


Carbon 


Carbon raises the lower transition at a rate of 1.6 °F per 0.01% 
over the entire range studied. A marked energy drop of at least 
20 ft-lbs is observed from 0.01 to 0.30% ; between 0.30 and 0.57% 
carbon there is a pronounced decrease in the energy drop. In these 
ranges, a transition can be determined by study of the flow markings. 
Above 0.57% carbon there is no sharp energy drop and no clear 
indication of a transition in the flow markings. At this high carbon 
level the markings are poorly defined, even in fully ductile specimens. 


Manganese 


Additions of manganese decrease the lower transition 1 °F per 
0.01% and increase the energy drop. 


Nickel 


Nickel decreases the lower transition 0.5 °F per 0.01% and also 
decreases the energy drop. 
Nitrogen ; 
Nitrogen up to 0.019% does not affect the lower transition. 
(See Table IT.) 
Phosphorus | 
Phosphorus raises the lower transition at a rate of 10°F per 
0.01%. The high energy drop of over 20 ft-lbs up to 0.05% de- 
creases to 0 in the range 0.05 to 0.12%. 
Silicon 


In the range of 0.10 to 1.03%, silicon decreases the lower tran- 
sition 0.7 °F per 0.01% ; above 1.03% it raises the transition 1.3 °F 
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per 0.01%. The energy drop is over 20 ft-lbs to 0.30% silicon; 
drops to a low value in the range from 0.30 to 0.40%, and stays at 
the low level up to 2.67%, the limit of the range of contents studied. 


Titanium 


Titanium has no marked effect on the lower transition tempera- 
ture. (See Table II.) The energy drop stays at 20 ft-lbs from 
0 to 0.23% and drops to 0 in the range from 0.22 to 0.39% titanium. 


COMPARISON OF EFFECTS OF ALLOYING ELEMENTS OF THE LOWER 
AND Upper TRANSITION TEMPERATURES 


Quantitative effects of composition on the lower transition are 
listed in Table III together with similar effects on the average energy 
and the 15-ft-lb transition temperatures taken from Reference 1. 


Table Ill 
Effect of Alloying Elements on Shifts of Transition Temperatures 


Limit of —_—_—_—__———-Shift of Transition Temperatures 


Addition Lower Upper Transition 
Alloy Studied Transition 15 ft-lb Average Energy 
Added (%) (°F per 0.01%) (°F per 0.01%) (°F per 0.01%) 
0.57 1.6 (2.4, 5)* 6 
Mn 1.55 —1.0 —1.0 —1.0 
Ni 3.15 —0.5 —0.3 —0.1 
N 0.019 0 0 0 
P 0.20 10 il 13 
Si 0.1 to 1.0 —0.70 Oot ot 
1.0to 2.67 1.3 1.2 1.2 
Ti 0.40 0 0 0 


*The 2.4 value applies up to 0.30% carbon; the 5 above. 
The 0 applies up to 0.6% silicon; the 1.2 above 0.6. 
The 0 applies up to 0.2% silicon; the 1.2 above 1.2. 





Manganese and phosphorus are the only elements which have ap- 
proximately the same effect on all transitions. Carbon, nickel, and 
silicon (0.10 to 1.03%) have different effects on the lower transition 
than on the upper transition. For carbon below 0.30% and silicon 
above 1.03% there is good agreement for the shifts in the lower and 
the 15-ft-lb transition temperatures. For the other ranges of carbon 
and .silicon and for the full range of nickel additions, the 15 ft-Ib 
transition is a poor approximation of the lower transition. 


COMPARISON AT CONSTANT COMPOSITION OF LOWER AND UPPER 
TRANSITION TEMPERATURES 


From the data of Table II it can be seen that the temperature 
of disappearance of flow markings determined with 25-ft-lb blows 
and 264-ft-lb blows are approximately the same except in the silicon 
series. The 15-ft-lb transition temperature tends to lie above the 
lower transition by 20°F or more; when no marked energy drop 
occurs at the lower transition, the differences may be over 100 °F. 
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There does not appear to be a consistent temperature difference 


between the lower and the average energy transition temperatures. 
CoNCLUSIONS 


1. Alloying elements in pearlitic steels have been shown to shift 
the lower transition and to change the magnitude of the energy drop 
associated with the lower transition. 

2. The 15-ft-lb transition temperature is only a fair approxi- 
mation of the lower transition insofar as trends with composition are 
concerned. 

3. Carbon increases the lower one-third as rapidly as the upper 
transition (average energy) ; the nickel decreases the lower five times 
as rapidly as the upper transition ; and silicon up to 1.03% decreases 
the lower while it increases the upper transition. 

4. The lower transition is approximately the same when estab- 
lished by 264-ft-lb blows or by 25-ft-lb blows, except in the silicon 
series. 

5. When a sharp drop of approximately 20 ft-lb occurs at the 
lower transition, the 15-ft-lb transition is 20°F or more above the 
lower transition ; when the energy drop disappears, the 15-ft-lb tran- 
sition and the lower transition may differ by more than 100 °F. 

6. The temperature difference between the lower transition and 
the upper transition follows no simple relationship. 
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DISCUSSION 


Written Discussion: By Robert D. Stout, Department of Metallurgy, 
Lehigh University, Bethlehem, Pa. 

The authors of this paper have contributed additional information on 
transition temperatures which is interesting and useful. Of special merit 
is their use of 25-ft-lb blows to study the low energy portion of the 
transition curves. 

The authors have used flow markings at the notch to indicate the 
lower transition temperature. This method is equivalent to measurements 
of lateral contraction used in other investigations. It would be helpful 
to know at what level of lateral contraction the markings disappear. 

The strong effect of phosphorus in raising transition temperature is 
interesting to us because it substantiates a conclusion we reached from 
tests on welded notch-bend tests. Phosphorus appeared to be perhaps 
twenty times as potent as carbon in the welded samples but less so in the 
unwelded tests. Rinebolf and Harris report a ratio of about 6:1 in the 
Charpy tests. 

It is possible that an interaction may exist between the alloys to 
change the factors observed in this paper. The carbon level of the steel 
in particular may alter the effects of the other elements. Also the micro- 
structure may have to be considered. It is hoped that the authors plan 
to investigate these factors in later studies. 

Written Discussion: By R. W. Vanderbeck, Research Associate, U. S. 
Steel Company, Pittsburgh. 

This paper calls attention once more to the claim that there is no 
rigorous relationship between the lower and upper transition tempera- 
tures, or between the ductility and fracture transition temperatures, as 
they have been previously called. One transition temperature cannot be 
predicted from the other. Previous investigators” * “° have arrived at the 
same conclusion, and the additional information in this paper certainly 
substantiates the reality of the contention. 

The authors have based their selection of the lower transition tem- 
perature in the multiple-blow tests upon the sharp drop in energy at low 
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Tbid., Vol. 30 (4), Research Supplement, 1951, p. 192-s to 194-s. 
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energy levels and upon the disappearance of certain strain markings on 
the specimens. It may be seen from the figures that have been presented 
that the lower transition temperatures so selected correspond within 
15 °F to the temperatures at the 10-ft-lb level on these same curves with 
only one exception. 

The authors have noted that the lower transition temperatures cor- 
relate rather poorly with the 15-ft-lb temperatures on the standard 
V-notch curves. The selection of temperatures at the 15-ft-lb level, how- 
ever, is very arbitrary, for no sharp change in behavior takes place at this 
level when the standard testing technique is used. I myself have pre- 
ferred to use the 10-ft-lb level when selecting the lower transition tem- 
perature on the standard V-notch curve, because I believe that such an 
evaluation is more in keeping and correlates better with the sharp transi- 
tion that does take place when other types of specimens, such as the 
keyhole Charpy, are used. It also seems to me that, in the studies of 
fractured ship plates by Williams et al, the critical energy value is much 
closer to 10 than to 15 ft-lb. 

I would very much like to see, therefore, the transition temperatures 
selected at the 10-ft-lb as well as at the 15-ft-lb level on the standard 
curve. For certain of the steels, this should make a vast difference. More- 
over, the disappearance of the side markings on the specimens when the 
standard technique was used occurred at temperatures below those at the 
15-ft-lb level, and it looks as though the temperature of disappearance of 
these markings would correspond more closely to the temperature at the 
10-ft-lb level. 

If the authors would examine this possibility, a report of their find- 
ings would be greatly appreciated. 

Written Discussion: By G. W. Geil, metallurgist, National Bureau 
of Standards, Washington, D. C. 

The authors find that nitrogen up to 0.019% does not affect the lower 
transition as indicated in the values reported in Table II. The upper 
transition temperature as based on the average energy level indicates a 
rise of 30°F as the nitrogen increases from 0.015 to 0.019%. These steels 
were killed with aluminum (1.5 pounds per ton) and the amount of alumi- 
num available for fixing the nitrogen in the steel as aluminum nitride 
depends upon the oxygen content. No data are given in this paper or in 
the previous paper (author’s Reference 1) on the oxygen content of these 
steels. If the total oxygen is sufficiently high in the series of steels 
containing variable nitrogen, the majority of the aluminum may be com- 
bined with the oxygen and sufficient aluminum may not be available to 
fix all of the nitrogen as aluminum nitride in steel N4 (0.019% nitrogen). 
This factor may be a cause for the higher upper transition temperature 
of this steel. 

Data are presented, showing the effect of titanium added as an alloy- 
ing element, on the transition temperatures, and the authors conclude 
that titanium has no marked effect on the lower transition temperature. 
However, as given in Table II, an increase in titanium of 0.33% (0.06 to 
0.39%) decreases the lower transition temperature by 15 and 54°F, based 
on the 25 and 264-ft-lb tests, respectively, and decreases the transition 
temperature by 60°F based on the 1.5-ft-lb energy level; it decreases the 
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upper transition temperature by 53°F as based on the average energy 
level. 

In Table III the authors report no shift in transition temperature with 
additions of titanium. However, the above values obtained from Table II 
indicate a shift in transition temperature (degrees Fahr. per 0.01% of 
added alloy) as follows: 0.5 and 1.6 for lower transition temperature, 
based on 25 and 264-ft-lb, respectively; 1.8 for transition temperature 
based on 15-ft-lb energy level; and 1.6 for the upper transition tempera- 
ture, based on the average energy level. Thus the effect of titanium on 
the shift in transition temperatures is apparently greater than that of 
nickel and is about equivalent to that of manganese. 


Authors’ Reply 


The authors would like to take this opportunity to thank the indi- 
viduals who have offered discussion to the paper. 

Dr. Stout mentioned that the use of flow markings on the Charpy bar 
for determining transition temperature was equivalent to measurement 
of lateral contraction. This correlation is dependent on the magnitude 
of the energy drop. In certain steels, where there is a decided energy 
drop, there is a change in lateral contraction; however, in steels such as 
P4, S3, etc., where the energy drop is negligible, there is no significant 
change in lateral contraction. There does not seem to be any fixed level 
of lateral contraction where the flow markings disappear; this again is 
due to the fact that the energy plateau of the lower transition changes, 
depending on the steel being tested. The authors agree with Dr. Stout’s 
last comment on the possibility of interactions existing between alloying 
elements and also the effect of microstructure. The microstructural effect 
is currently being investigated and the effect of interactions between 
alloys is being considered. 

A 10-ft-lb level does correlate very closely to the transition temper- 
ature determined by the disappearance of the flow markings or energy 
drop, as Mr. Vanderbeck suggested. It is the opinion of the authors, 
however, that an arbitrary energy level will not always correlate with the 


Table IV 

Steel 10 Ft-Lb Steel 10 Ft-Lb 
Base Anal. — 80 P2 — 52 
Cl —130 P3 + 50 
Cil — 72 P4 +140 
C14 — 46 
C15 — 20 Sil0 — 66 
C8 + 80 Si7 — 80 

Si2 — 62 
Mnl0 — 6 Si8 — 46 
Mn2 — 40 Si3 + 50 
Mni13 —155 Si9 +120 
Ni2 — 94 Ti2 — 30 
Ni3 120 Ti3 = 58 
Ni9 —]42 Ti4 —104 
Ni5 —200 
Nl — 98 
N2 —104 
N3 —100,,, 


N4 —100 
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lower transition temperature. The transition temperatures selected at the 
10-ft-lb level on the standard curve which Mr. Vanderbeck requested are 
shown in Table IV. 

With respect to Mr. Geil’s comment on the effect of titanium, the 
authors believe that Mr. Geil did not note the transition temperature for 
the base analysis which contained 0% titanium; it will be noted that as 
titanium is increased from 0 to 0.06% it appears to raise the transition 
temperature and with further increase of titanium appears to lower the 
transition temperature. The authors prefer to draw a straight line 
through these points rather than show a reversible effect which is just 
beyond the scatter encountered in the determination of a transition tem- 
perature. Mr. Geil’s question on the total oxygen content in the steel 
cannot be answered at this time but the oxygen content will be deter- 
mined for these steels in the near future. 








EFFECT OF RETAINED AUSTENITE 
UPON MECHANICAL PROPERTIES 


By L. S. CAsTLEMAN, B. L. AVERBACH AND Morris CoHen 
Abstract 


Lhe retained austenite contents of AISI 2340 steel 
Specimens were determined by means of integrated X-ray 
intensities. After hardening, this steel retains 6Y austen- 
ite, and this can be reduced to 2% by refrigeration. 
Tempering at 400°F (205°C) or below does not alter 
the austenite content appreciably, but practically all of the 
austenite is decomposed on tempering at 500 °F (260 °C). 
[t 1s found that retained austenite reduces the elastic limit, 
yield strength, fracture stress, and energy absorption in 
tension, and also has an adverse effect onthe notch prop- 
erties measured by a slow-bend test. Nevertheless, re- 
tained austenite is clearly not the cause of the decreased 
notch properties observed after tempering in the range 500 
to 700 °F (260 to 370°C). This brittle tempering phe- 
nomenon appears to be a characteristic of the martensite. 
A sharp increase in the notch strength and ductility of 
martensite is observed after tempering at 400 °F (205 °C) 
prior to the embrittlement. The interplay of retained 
austenite, refrigeration and tempering ts discussed in 
terms of the resulting mechanical properties. The most 
striking effect of retained austenite is its deleterious influ- 
ence on the elastic limit and yield strength. These prop- 
erties are improved if the austenite is converted to bainite 
by tempering, or if the austenite is converted to martensite 
hy refrigeration before the tempering. 


INTRODUCTION 


AS many steels contain significant quantities of retained 
austenite in the hardened condition. Although retained austen- 
ite is commonly expected in high carbon, high alloy steels, the authors 
were able to demonstrate by means of a sensitive X-ray technique 
(1)* that measurable quantities of austenite are present in unalloyed | 





‘The figures appearing in parentheses pertain to the references appended to this paper. 


This work was sponsored by the Office of Naval Research under contract No. N5-ori- 
7824, Task XXIV, Designation No. NR-031-256, and represents a portion of the thesis 
submitted by L. S. Castleman in fulfillment of the requirements for the Sc.D. degree at 
the Massachusetts Institute of Technology, May 1950. 





A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. Of the authors, L. S. Castle- 
man is associated with the Atomic Power Division, Westinghouse Electric 
Corp., Pittsburgh; B. L. Averbach is assistant professor and Morris Cohen is 
professor of physical metallurgy, Massachusetts Institute of Technology, Cam- 
bridge, Mass. Manuscript received “April 11, 1951. 
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quenched steels containing as little as 0.20% carbon. These results 
suggested that the hardenable low alloy structural steels might con- 
tain important quantities of austenite and that it might be worth- 
while to determine the effects of this austenite on the mechanical 
properties. 

Several authors have shown that the notch toughness of tem- 
pered structural steels does not improve continuously as the temper- 
ing temperature is raised (2, 3). The impact properties of hardened 
steels increase on tempering up to about 400°F (205°C) but, on 
tempering in the range of 500 to 700 °F (260 to 370°C), an em- 
brittlement sets in and the impact values decrease or level off.” 
Retained austenite is decomposed to bainite on tempering in this 
region, and this reaction (known as the second stage of tempering) 
has sometimes been used to account for the brittle tempering*® phe- 
nomenon. In the present investigation, an attempt was made to 
clarify the role of retained austenite in this brittle behavior. 

It was found convenient to work with a nickel steel (AISI 2340) 
since there was sufficient retained austenite in this material to be 
easily measured. A similar test program was also completed for an 
AISI 4640 steel but, inasmuch as the trends were essentially the 
same, only the data for the nickel steel are reported in detail. 


RETAINED AUSTENITE 


All specimens were prepared from cold drawn and annealed 
%-inch AISI 2340 bar stock (carbon 0.36%, nickel 3.53%, man- 
ganese 0.87%, silicon 0.27%, phosphorus 0.019%, and sulphur 
0.018%). Samples were austenitized for 40 minutes in a well- 
deoxidized lead pot at 1500 + 5 °F (815 + 3 °C) and quenched into 
a large volume of oil at room temperature. At this point some of 
the specimens were refrigerated for 2 hours in liquid nitrogen at 
—320 °F (—-195 °C). The specimens were then tempered for 1 hour 
in the temperature range 70 to 700 °F (20 to 370°C), and were 
water-quenched to room temperature. Oil, neutral salt and lead 
baths were used as tempering media. Prior to heat treatment the 
specimens were coated with a copper-base paint to prevent decar- 
burization. This paint was removed by wire brushing after the final 
heat treatment and no evidence of decarburization could be found on 
inetallographic examination. 

Since the retained austenite contents were to be correlated with 
mechanical properties, all austenite determinations were made on 
samples cut from the actual test specimens. Fig. 1 shows the dimen- 
sions of the slow-bend, tensile, and elastic-limit specimens that were 
used. Table I lists the austenite contents of the slow-bend and ten- 


*Ripling (4) has receatly found that the embrittlement may also be disclosed by a tensile 
test if the test is conducted at subzero temperatures. 
: *The brittle tempering range in the vicinity of 500 °F (260°C) should not be confused 
with ‘temper brittleness” whi occurs on cooling slowly from the neighborhood of 1100 °F 
(595 °C) or on tempering for long times at 900 to 1000 °F (480 to 540 °C). 
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Table | 


Retained Austenite Determinations on AISI 2340 Steel, 
Austenitized at 1500 °F, Oil-Quenched 








No. of Tempering* Volume % Re- Mean Devia- 
Specimens Refrigeration Temperature (°F) tained Austenite tion, % 
Slow-Bend Test Specimens: 
10 None 70 to 400 re 0.6 
4 None 500 <0.5 apt 
10 —320°F, 2 hours 70 to 400 2.3 0.3 
4 —320°F, 2 hours 500 <0.5 = 
Tensile Test Specimens: 
8 None 70 to 400 4.8 0.9 
2 None 500 <0.5 ‘oo 
5 —320°F, 2 hours 70 to 400 2.1 0.5 
2 —320°F, 2 hours 500 <0.5 rs 





*All specimens tempered for 1 hour. 


45° Notch 
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(c) 
Fig. la—Slow-Bend Test Specimen. 
Fig. 1b—Tensile Test Specimen. 
Fig. 1e—Elastic Limit Test Specimen. 


sile specimens, as determined by X-ray intensities (1). The as- 
quenched specimens contained about 5 to 6% austenite, which was 
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reduced to about 2% by the refrigeration treatment. Tempering 
treatments up to 400 °F (205°C) did not reduce the austenite con- 
tent appreciably, but tempering at 500 °F (260°C) and above elim- 
inated virtually all of the retained austenite. 

In the case of the tensile tests, several specimens were loaded 
to the maximum, and the load was released before necking was ob- 
served. Retained austenite determinations were then made on sam- 
ples cut from the center of the test section and from the shoulder. 
This procedure invariably showed that most of the retained austenite 
in the gage section had transformed before necking could be detected. 
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Fig. 2—Schematic Load-Defiection 
eh for Slow-Bend Notched - Bar 
est. 


— Elastic Load — 


The austenite contents in the as-hardened elastic-limit specimens 
were found to be the same as in the tensile bars. 


Tue Stow-BEND TEST AND THE BRITTLE TEMPERING RANGE 


The slow-bend test utilized the notched specimen described in 
Fig. 1. The apparatus, as developed by MacGregor, Grossman and 
Shepler (5), provided a photographic load-deflection record, while 
the strain rate and the test temperature could be separately controlled. 
Fig. 2 shows a schematic load-deflection curve and indicates the 
various parameters which were employed in evaluating the data. 
This type of test has some advantage over the usual impact test in 
that it separates the elastic and plastic components of the transverse 
load, deflection, and energy absorption. 


‘The Statistical Method 


5 In common with most notched-bar tests, the slow-bend test was 
subject to considerable scatter. Accordingly, a small-sample statistical 
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method (6) was employed to interpret the data. This method re- 
quires a minimum of quadruplicate tests, and frequently as many as 
eight samples were used to reduce the variation. The small-sample 
technique can be illustrated by an example. Let us suppose, as in 
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Fig. 3—Load Versus Seonperes Temperature for AISI 
2340 Steel. Slow-bend notched-bar specimens tested at 
room temperature. 


‘ig. 3, one is measuring the maximum load in the slow-bend test as 
a function of tempering temperature and one wishes to evaluate the 
effect of refrigeration on the maximum load. Four unrefrigerated 
and. four refrigerated samples are tempered and then bend tested 
under identical conditions. The mean value and the standard de- 
viation for each set are calculated in the regular way, but it is now 
necessary to know whether there is a significant difference between 
the two mean values. With the aid of the Student’s “t” distribution 
curve (6) it is possible to ascertain to within a 95% probability 
whether these two mean values are different.’ If they are different 
they are plotted as separate points on the curve, and Fig. 3 shows 
that the two points at 400°F.. (205°C) were indeed significantly 
different. On the other hand, if the statistical distribution indicates 
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that there is less than a 95% chance that the values are different, all 
of the individual readings are lumped together, a new standard de- 
viation is calculated and the curves for the refrigerated and un- 
refrigerated specimens are made to coincide at this point. After 
tempering at 500 and 600°F (260 and 315 °C), the statistical cri- 
terion showed that there was no significant difference between re- 
frigerated and unrefrigerated specimens in Fig. 3. Such maximum 
load readings were averaged together, therefore, for each temperature. 

The same statistical criterion was also employed to indicate 
whether there was a significant difference between any two successive 
points on a tempering curve. It is thus possible to determine objec- 
tively whether a curve should rise or fall on the basis of the standard 
deviations which the data exhibit. The Student’s “t’” distribution is 
conveniently tabulated (6) for both the 95 and 99% probability levels 
and is very helpful in determining significant trends in the results. 
All of the slow-bend data in the paper were subjected to this statis- 
tical method. 


Load Parameters Versus Tempering Temperature 


Fig. 3 shows how the transverse maximum and elastic loads 
vary with tempering temperature. The bend test was performed at 
room temperature at a deflection rate of 0.002 inch per second. Five 
to forty seconds were required to break each bar, depending on the 
ductility. It is apparent, from Fig. 3, that a sharp increase in the 
strength occurs on tempering near 400 °F (205 °C), followed by a 
considerable decrease on tempering in the range 500 to 700 °F (260 
to 315°C). The latter effect is partly a manifestation of the brittle 
tempering phenomenon. 

The influence of retained austenite on the transverse strength 
properties appears only on tempering near 400°F (205°C). At 
500 °F (260°C) there is practically no austenite in either the re- 
frigerated or the unrefrigerated specimens and the bend strengths are 
identical for each set of specimens. At 300 °F (150°C) or below. 
there is so little ductility in the martensite that the effect of retained 
austenite cannot be detected. Here the maximum and elastic loads 
coincide. Near 400 °F (205 °C), the martensite acquires some duc- 
tility and the presence of retained austenite makes itself felt in a 
reduction of the maximum and elastic load parameters. 

Fig. 3 also provides convincing evidence that the brittle temper- 
ing phenomenon is not due to the presence of retained austenite or 
its decomposition products. The refrigerated specimens contain a 
smaller quantity of retained austenite than the unrefrigerated speci- 
mens, yet display a more pronounced embrittlement on tempering at 
500 °F (260°C) atid above. These results indicate that the brittle 
tempering effect is produced by some reaction in the martensite, and 
may even be obscured somewhat by the presence of retained austenite. 
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Fig. 4 shows that similar results are obtained with the AISI 
4640 steel (carbon 0.44%, nickel 2.11%, molybdenum 0.24%, man- 
ganese 0.75%, silicon 0.27%, phosphorus 0.013%, sulphur 0.025%). 


Deflection and Energy Parameters Versus Tempering Temperature 


The total and plastic bend deflections for the notched-bar speci- 
mens are plotted in Fig. 5. The sharp increase in the ductility of 
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Fig. 4—Load Versus Tempering Temperature for AISI 
4640 Steel. Slow-bend notched-bar specimens tested at 
room temperature. 


the martensite on tempering at 400°F (205°C) is quite striking, 
and there is a subsequent decrease in_ductility in the brittle tempering 
range. However, there is no significant difference between the de- 
flection curves for the refrigerated and unrefrigerated series, which 
further substantiates the view that the brittle tempering phenomenon 
is not attributable to the presence of retained austenite in hardened 
steels. 

The energy absorbed in the slow-bend test is probably com- 
parable (on a relative basis)..with the usual notched-bar impact 
values. Fig. 6 shows that the total and elastic energy curves follow 
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the corresponding load parameters in Fig. 3 quite closely and the 
same conclusions may be drawn. The plastic energy curve is similar 
in form to the plastic deformation curve in Fig. 5. 


Supplementary Tests 


Several X-ray exposures were made of the fractured surfaces of 
unrefrigerated slow-bend specimens tempered at 400°F (205°C) 
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Fig. 5—Deflection Versus Tempering Temperature 
for AISI 2340 Steel. Slow-bend notched-bar specimens 
tested at room temperature. 


and below. Since the fractures were relatively smooth, satisfactory 
X-ray photograms could be obtained. There was no additional 
broadening or any other noticeable difference in the martensite lines, 
but the austenite lines had disappeared. This X-ray technique could 
easily detect 0.5% austenite, indicating that most of the retained 
austenite had been transformed in a zone adjacent to the fracture. 
At a distance of ;/g inch away from the fracture an average of 6.0% 
austenite was found and this remained unchanged in sections at 
greater distances from the fracture. The transformation of austenite 
is apparently confined to a small region immediately adjacent to the 
notch, and denotes a narrow zone of plastic flow even in the com- 
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paratively brittle untempered notched specimens. This behavior 
illustrates the possibility of using retained austenite as an internal 
strain gage, and is being investigated in detail. 

Additional slow-bend tests were conducted at a temperature of 
—320°F (—195 °C). The specimens for these experiments were 
subcooled to this temperature in liquid nitrogen after the hardening 
quench, tempered for 1 hour at 70 to 700 °F (20 to 370°C) and 
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at room temperature. 


then bend tested at —320°F (—195°C). All of the specimens 
fractured with no visible ductility and all were apparently below 
their brittle transition temperatures. The results are shown in Fig. 7. 
The characteristic features of the brittle tempering phenomenon are 
evident even on testing at —320°F (—195°C). There is an in- 
crease in bend strength after tempering at 400°F (205°C) and 
clear indication of a brittle behavior in the tempering range of 500 
to 700 °F (260 to 370°C). It may be concluded that these property 
trends are not caused by the possible existence of a brittle transition 
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temperature, but must reflect a structural change in the martensite 
during tempering which manifests itself on testing at both room and 
liquid nitrogen temperatures. 

There is evidence to suggest that the end of the first stage of 
tempering in nickel steels (7) occurs at about 400 °F (205 °C) and 
the abrupt changes in properties on tempering at this temperature 
may be related to the attendant structural changes in the martensite. 
Such variations in the properties of martensite have been observed 
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in other steels (3, 8-11), and the phenomenon may eventually be tied 
in with the tempering stages of martensite. 


RETAINED AUSTENITE AND TENSION PROPERTIES 


Engineering stress-strain curves were obtained for the 0.250- 
inch tensile specimens shown in Fig. 1 by means of a hydraulic test- 
ing machine and an autographic recorder. True stress—true strain 
values were obtained in the usual fashion by measuring the minimum 
diameter during the test. 
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The effect of retained austenite on the yield strength may be 
seen in Fig. 8. The yield strength (at 0.004 true strain offset) de- 
creases linearly with tempering above 300 °F (150°C) for the re- 
frigerated specimens. In the 300 to 400°F (150 to 205°C) tem- 
pering range, however, the refrigerated specimens have a yield stress 
40,000 to 50,000 psi above that of similar unrefrigerated specimens. 
On tempering at 500°F (260°C) and above, all of the retained 
austenite in both series of specimens is decomposed and the effect of 
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refrigeration disappears. It is interesting to note that the decom- 
position product arising from the tempering of retained austenite is 
much more resistant to yielding than the retained austenite itself, 
and hence the yield strength of the unrefrigerated specimens actually 
rises on tempering at 500°F (260°C), whereas a decrease would 
normally be expected. 

The average true fracture stress for refrigerated and unrefrig- 
erated specimens is also shown in Fig. 8. After tempering at 300 °F 
(150°C) or below, the steel is quite brittle and fracture is probably 
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Refrigerated Series of AISI 2340 Steel. Tensile speci- 
mens tempered at various temperatures (1 hour) and 
tested at room temperature. One-inch gage length. 
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initiated prematurely by mechanical flaws. Accordingly, at. such low 
tempering temperatures, there is little effect of refrigeration on the 
fracture stress. When the martensite is tempered at 400°F (205 
°C), the specimen achieves some ductility, and appreciable plastic 
deformation occurs. It has already been shown, however, that re- 
tained austenite decomposes to martensite during plastic straining. 
This new martensite is untempered and quite brittle so that the frac- 
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Fig. 11—Autographic Load-Extension Curves for 
Unrefrigerated Series of AISI 2340 Steel. Tensile test 


specimens tempered at various temperatures (1 hcur) 
and tested at room temperature. One-inch gage length. 


ture stress of the unrefrigerated sample is lowered by the strain- 
transformation of the retained austenite. On tempering above 600 °F 
(315°C), the fracture stress of the unrefrigerated set approaches 
that of the refrigerated set. 

The effects of retained austenite upon the fracture strain and 
on the energy absorption (Fig. 9) depend largely on the ductility 
of the martensite. For specimens tempered at 300 °F (150°C) the 
martensite is brittle and the presence of retained austenite increases 
the fracture strain and energy absorption slightly. Martensite tem- 
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Table Il 
Effect of Retained Austenite and Tempering Temperature 
on Mechanical Properties of AISI 2340 Steel 
(Austenitized at 1500 °F, Oi1-Q 


Elastic Yield Tensile 
Tempering Retained Limit Strength Strength Elonga- Reducticn 
Temper- Austenite (psi) at 0.2% (psi) tion in Area Hardness 
ature, °F % <108 (psi) 10° x10* % % Rockwell C 
70 4.8 208 242 0.5 0.5 57.5 
70* 2.1 240 256 0.4 0.5 58.0 
300 4.8 229 294 5.0 10 56.0 
300* 2.1 254 317 3.2 6 56.5 
375 4.8 a Apes ae biv 
375* a8 249 294 8.7 32 a, 
400 4.8 79 205 286 10.4 30 52.5 
400* 2.1 153 256 291 10.3 40 53.0 
500 <0.5 156 235 259 11.1 49 50.0 
500* <0.5 189 238 261 11.2 51 51.0 
600 <0.5 221 237 11.6 53 48.5 
600* <0.5 225 239 10.9 53 49.0 
700 <0.5 199 208 12.3 54 45.0 
700* <0.5 205 212 11.5 54 45.5 





*Refrigerated to —320°F immediately after the hardening quench. 





pered at 400 °F (205 °C), however, has sufficient ductility so that 
the presence of austenite, which transforms to untempered martensite 
during the tension test, produces a deleterious effect. 

The autographic load-extension curves for the refrigerated series 
are shown in Fig. 10. For specimens tempered below 500 °F (260 
°C) there is no evidence of a discontinuous yield point behavior. 
After tempering at 500 °F (260°C) a yield point begins to appear, 
and as the tempering temperature is raised the yield point extension 
becomes more pronounced. In the unrefrigerated set of tensile curves 
(Fig. 11) the yield point was not detected until a tempering temper- 
ature of 600°F (315°C) was reached and there was a definite 
tendency toward a rounding-off at the yield point. 


Elastic Limit and Retained Austenite 


Elastic limits were determined corresponding to a permanent set 
of 5 microinches per inch. The technique may be summarized as 
follows : 

1. The over-all length of a tensile test specimen between 
spherically-ground ends (Fig. 1C) was measured accurately to 2 
microinches per inch with a 5000 comparator. 

2. The specimen was loaded at a constant rate to a given load 
level, and then the load was released. 

3. The length of the specimen was remeasured. 

4. This procedure was repeated again and again with increasing 
loads. 

When the elastic limit was passed, a permanent extension was 
noted after unloading. By continuing the procedure to higher plastic 
strains, the yield strength at 0.2% permanent set was also determined. 





———————————— 


| 





254 TRANSACTIONS OF THE A.S.M. Vol. 44 


The results are listed in Table II. It is clear that the elastic 
limits for the refrigerated steels are considerably higher after tem- 
pering at 400 and 500 °F than for those which had not been refriger- 
ated. The large difference after tempering at 400 °F is apparently 
caused by the presence of more retained austenite in the unrefriger- 
ated steel. After tempering at 500°F (260°C) the refrigerated 
specimens still have a higher elastic limit although the difference is 
not so pronounced. Thus we may conclude that tempered martensite 
has a higher elastic limit than the decomposition product of retained 
austenite formed at the same temperature. 

The engineering strength properties are summarized in Table II. 
It is seen that the retained austenite reduces the yield strength con- 
siderably, although the effect is not so pronounced as in the case of 
the elastic limit. However, these differences tend to disappear at 
tempering temperatures above 500°F (260°C). A similar trend 
may be noted for the percentage reduction ‘in area. Retained austen- 
ite has less influence on the tensile strength and elongation to frac- 
ture. In view of these interdependent relationships, an interesting 
combination of ductility and strength can be obtained in this steel if 
refrigeration and a tempering temperature of 400°F (205°C) are 
used. Such material has an elastic limit of 155,000 psi, a yield 
strength of 255,000 psi, a tensile strength of 290,000 psi, with a total 
elongation of 10% and a reduction in area of 40%. Because of the 
brittle tempering range at 500 °F (260 °C) and above, the elongation 
increases only by an additional per cent or two on tempering up to 
700 °F (370°C) and the energy absorption to fracture (Fig. 9) 
actually tapers off. 


CORRELATION OF RESULTS 


The effects of retained austenite on elastic limit and yield 
strength of AISI 2340 steel in tension and in notched bending show 
good qualitative agreement. The X-ray determination indicates that 
practically none of the austenite is decomposed by tempering below 
400 °F (205°C). In each instance, retained austenite materially 
lowers the stress required for plastic flow and transforms to un- 
tempered martensite during the straining. 

The fracture strength in both tension and bending is also ad- 
versely affected by retained austenite. “This is caused by the for- 
mation of untempered martensite from the retained austenite during 
the test. Hence retained austenite plays a harmful role under these 
conditions. Nevertheless, the retained austenite is not responsible 
for the embrittlement that occurs on tempering at 500 to 700 °F 
(260 to 370°C). This behavior seems to be a property of the mar- 
tensite itself. 

It should be noted that the notched-bar test is much more sen- 
sitive than the tension test for r€vealing the brittle tempering phe- 
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nomenon. Whereas the notched-bar parameters are generally a 
maximum for steels tempered at 400°F (205°C) and decrease on 
tempering at 500 to 700 °F (260 to 370 °C), the engineering tensile 
properties usually fail to show marked evidence of this brittle tem- 
pering region, except that the properties might be somewhat lower 
than would be expected on the basis of extrapolation from the lower 
temperatures. Read, Markus and McCaughey (9) attempted to cor- 
relate the decrease in notch toughness with the behavior of the strain- 
hardening exponent as determined by the tensile test. In the present 
investigation the strain-hardening exponent varied with tempering 
temperature in a manner quite similar to their findings, but no satis- 
factory correlation could be made with the notched-bar properties. 
Undoubtedly, the brittle tempering behavior would become more 
pronounced, even in the tensile test, if the testing were conducted 
at subzero temperatures, as shown by Ripling (4). 

Only a small difference in retained austenite content can cause 
a substantial change in elastic limit and yield strength. The retained 
austenite can be converted to bainite by tempering at 500 °F (260 
‘C), and this raises the elastic limit and yield strength, but the 
improvement in elastic limit is greater if the austenite is converted to 
martensite by refrigeration before the tempering. 


CoNCLUSIONS 


The following conclusions were reached for AISI 2340 steel 
hardened from 1500°F and oil-quenched to room _ temperature. 
Although not reported here in detail, similar results were obtained 
for AISI 4640 steel. 

1. Approximately 6% austenite is retained in AISI 2340 steel 
on hardening, and this may be reduced to about 2% by refrigeration. 
Tempering up to 400 °F (205°C) for 1 hour does not reduce the 
austenite content appreciably, yet practically no austenite remains 
after tempering for 1 hour at 500 °F (260°C). 

2. Retained austenite decomposes within the gage length of a 
tension bar during testing prior to necking. Austenite also decom- 
poses in a small region adjacent to the notch in a slow-bend test. 

3. Martensite acquires noticeable ductility on tempering in the 
range of 350 to 400°F (175 to 205°C), but retained austenite 
(which transforms to untempered martensite during the straining) 
has an adverse effect on the elastic limit, yield strength, fracture 
strength, energy absorption, and on the notch-bend properties. 

4. The decrease in notch toughness produced on tempering in 
the region 500 to 700 °F (260 to 370°C) is not attributable to the 
decomposition of retained austenite. This brittle tempering hehavior 
seems to be a property of the martensite. 

5. The interplay between retained austenite, refrigeration and 
tempering is discussed in terms of the resulting mechanical proper- 
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ties. The most striking effect of retained austenite is its deleterious 
influence on the elastic limit and yield strength. These properties 
are improved if the austenite is converted to bainite by tempering, 
or if the austenite is converted to martensite by refrigeration before 
the tempering. 
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DISCUSSION 


Written Discussion: By L. P. Tarasov, Research and Development 
Dept., Norton Company, Worcester, Mass. 

It has been known for some time that the grinding sensitivity of a 
hardened steel, i.e., its susceptibility to cracking during or after a grinding 
operation, may increase with the amount of retained austenite. The auth- 
ors have shown that retained austenite in such steels can be decomposed 
by stressing and that the result is a lowering of the mechanical properties. 
It is reasonable to expect similar effects when a hardened steel surface 
containing retained austenite is stressed during the formation of grinding 
chips. Residual surface stresses that are not sufficiently high to crack a 
steel containing little or no retained austenite may be high enough to 
initiate cracks in the freshly formed martensite of a steel containing a 
larger amount of retained austenite. 

Steels known to be highly sensitive to grinding are sometimes tem- 
pered to a slightly lower hardness*range than they would be if they were 
not sensitive, since experience has shown that this can greatly reduce 
the danger of craeking in the grinding operation. When the lowered 
hardness is attained by tempering close to 500°F (260°C), it appears 
irom the results of this paper that the decrease of sensitivity is accom- 
plished by the elimination of the retained austenite rather than by the 
decrease in hardness, as is sometimes assumed. If this viewpoint is cor- 
rect, then it may be possible to reduce or eliminate the grinding sensi- 
tivity by means of a suitable refrigeration treatment without having to 
temper to a lower hardness level than would otherwise be desirable. This 
brings up the question as to whether commercially available refrigerating 
temperatures, which are much higher than the —320°F (—195°C) used 
by the authors, are capable of transforming an appreciable portion of the 
retained austenite in steels like those investigated in this paper. The 
authors’ opinion on the suitability of commercial refrigerating treatments 
for this purpose would be appreciated. 

Written Discussion: By E. J. Ripling, senior research associate, 
Metals Research Laboratory, Department of Metallurgical Engineering, 
Case Institute of Technology, Cleveland. 

The influence of retained austenite and its decomposition products on 
the mechanical behavior of quenched and tempered steels has been of 
interest to metallurgists for some time. The work described in this paper 
does much to help solve this problem. Of special interest to this dis- 
cusser is the quantitative confirmation that the decomposition of retained 
austenite does not account for the embrittlement found in many mar- 
tensitic steels when tempered in the vicinity of 500 to 600°F (260 to 
315°C). The commercial importance of this behavior is enormous, since 
the brittleness exhibited by steels tempered in this temperature range 
puts a ceiling on present-day safe strength levels. 

In discussing the 500 to 600°F (260 to 315°C) embrittlement, the 
authors conclude that this phenomenon does not cause embrittlement by 
influencing the ductile-brittle transition temperature; but instead “must 
reflect a structural change in the martensite during tempering which man- 
ifests itself on testing at both room and liquid nitrogen temperatures”. 
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This contention, based on the data shown in Fig. 7, suggests that tem- 
pering influences the transition temperatures as shown on the left in 
Fig. 12. Actually it could as readily be assumed that tempering shifts 
the transition temperature as shown on the right in Fig. 12, in which 
case data as shown in Fig. 7 also would result. If it is assumed that the 
500 ‘to 600°F (260 to 315°C) tempering temperature embrittlement is 
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Fig. 13—Effect of Specimen Shape (Notch 
Severity) on the Transition Temperature of an 
0.17% Carbon Rimmed Steel (Jones and Worley®). 


effective by influencing the brittle-ductile transition temperature, the 
notched and unnotched behavior of steels can be readily rationalized.‘ 


‘E. J. Ripling, “How to Determine Toughness of Steels From Notched-Bar Tests”, 
Materials and Methods, Vol. 34, No. 2, September 1951, p. 81. 


5P. G. Jones and W. J. Worley, *‘ Experimental Study of the Influence of Various 


‘A 
Factors on the Mode of Fracture of Metals” Proceedings, American Society for Testing 
Materials, Vol. 48, 1948, p. 643. 
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The influence of notches on the transition temperature of steels is 
well established. As shown by the example in Fig. 13, going from an 
unnotched to a notched bar, or increasing the notch severity during a 
test, raises the temperature at which the ductile-to-brittle transition 


Ductility iC 
: i 
Toughness p 








Fig. 14—Dependence of Ductility or Toughness on Testing Temperature 
and Tempering Temperature for a Quenched and Tempered SAE Steel. 


takes place and also lowers the ductility at all super-transition tempera- 
tures. 

Considering only this first effect of notches, the notch behavior shown 
by any steel over a range of testing temperatures can be considered the 
same as that shown by an unnotched steel over a range of lower tempera- 
tures. The notched-bend test used by the authors (at room temperature), 
then, can be considered as the equivalent to an unnotched test at some 
lower temperature. 

The dependence of subzero unnotched tensile and notched-bend 
(Charpy) properties on tempering temperature for quenched and tem- 
pered SAE steels has been determined. By the use of either test, the 
transition temperature is thought to increase with decreasing tempera- 
tures (neglecting temper brittleness) down to tempering temperatures of 
500 to 600 °F (260 to 315°C) as shown schematically in Fig. 14. Further 
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Fig. 15—Unnotched Tensile Ductility of Two 
SAE Stecls at Room Temperature and —321 °F. 
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Fig. 16-—Toughness of SAE 1340 as a Func- 


tion of Tempering Temperature for Room ee 
ture and a Biches fem emperature Test. (Data 
Raeyertz, Craig and Sheehan.*) 





Vol. 44 





a 











1952 DISCUSSION—EFFECT OF RETAINED AUSTENITE 261 
lowering of the tempering temperature results in a minimum transition 
temperature at about 400 °F (205°C). The schematic relationships shown 
in Fig. 14 then represent the ductility or toughness of either notched or 
unnotched tests, the only difference being that in the former test the 
height of the curves would be lower and the range of testing temperatures 
would be higher than for the latter type of test. 

Notched curves (Charpy impact energy values) of the type shown 
schematically in Fig. 14 have been presented by Baeyertz, Craig and 
Sheehan,°® while unnotched ductility curves of this type have been shown 
by the discusser.* * 

In obtaining the unnotched tensile ductility of a steel as a function 
of its tempering temperature, the test is conducted somewhere in the 
vicinity of Ti, Fig. 14, so that the ductility increases continuously with 
increasing tempering temperature. On the other hand, if the ductility or 
toughness were obtained by the use of a notched bar, room temperature 
is effectively lowered from T: to Ts, at least so far as ductile-to-brittle 
transitions are concerned; consequently, the notched ductility (or tough- 
ness) tempering temperature curve exhibits a maximum at 400 °F (205 °C) 
and a minimum at 500 to 600 °F (260 to 315°C). The enormous behavior 
differences in the notched and unnotched room temperature behavior 
of commercial steels are a result of the fact that the transition tempera- 
ture is always well below room temperature in an unnotched test, whereas 
it may be above or below room temperature in a notched test. 

Since the 500 to 600 °F (260 to 315°C) tempering temperature mini- 
mum is a result of a high transition temperature, one would expect this 
embrittlement to show up in an unnotched test at a sufficiently low tem- 
perature and, further, that the embrittlement would not be found in a 
notched test at an elevated temperature. That such is the case is shown 
by the data in Figs. 15 and 16. 

A second point to be raised is in connection with the brittle failures 
described in Fig. 7. The authors’ conclusion that the 500 to 600°F 
(260 to 315°C) embrittlement is not a result of a shifting transition tem- 
perature is based on the fact that all the data shown in Fig. 7 were ob- 
tained on brittle specimens. Presumably this means that the specimen 
appeared to break on the linear portion of the load-deflection curves (of 
the type shown in Fig. 2). Actually, in deforming a notched bar small 
amounts, the volume of metal strained elastically is so large compared 
to the metal at the base of the notch that appreciable plastic strains 
must be necessary in the vicinity of the notch bottom before these strains 
can influence the average (primarily elastic) strains being measured, At- 
taching special significance to elastic failures appears to be especially 
futile in light of a second paper being presented by two of the authors 
in which they found retained austenite to be completely decomposed in 
the vicinity of fracturing for even the most brittle steels.* 


®°M. Baeyertz, W. F. Craig, Jr., and J. P. Sheehan, “Effects of Alloying Elements 
on the Impact Properties of Quenched and Tempered Steels”, Armour Research Founda- 
tion, Office of Naval Research, U. S. Navy, Contract N6-onr-274/T.O. 1, Technical Report 
No. 22, September 1949. 

TAuthors’ Reference 4. 

8B. L. Averbach, S. G. Lorris and M. Cohen, ‘“‘Stress-Induced Transformation of 
Retained Austenite in Hardened Steels”, see page 746, this volume. 
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Authors’ Reply 


Dr. Tarasov’s discussion has raised several interesting points concern- 
ing the use of refrigeration to reduce the retained austenite content in a 
hardened steel and, in this way, to decrease the susceptibility to grinding 
checks. The detailed data on austenite transformation as a function of 
refrigeration temperature may be found in the footnotes listed below.” ” 

It is emphasized in these references that the amount of austenite 
which can be converted to martensite on subatmospheric cooling is in- 
versely dependent on the time of aging after the quench. The efficacy of 
the refrigeration is also reduced by tempering treatments after the quench 
prior to refrigeration.. However, even though the retained austenite may 
be stabilized with respect to transformation on further cooling, it may 
still be converted by plastic deformation in an operation such as grinding. 
Thus, only if refrigeration is carried out under such conditions that a 
considerable fraction of the retained austenite is converted, will some 
benefit with regard to grinding checks be derived from the cooling treat- 
ment. 

Although liquid nitrogen at —320°F (—195 °C) was employed for the 
refrigeration experiments in this work, such low temperatures are not 
necessary for practical purposes. In most cases there is little further 
transformation of retained austenite on cooling below —250 °F (—155 °C), 
and a substantial part of the austenite may be removed on cooling to 
—100 °F (—75 °C). 

Mr. Ripling would prefer to interpret the 500°F (260°C) embrittle- 
ment in terms of changes in the brittle transition temperature. He in- 
fers from our Fig. 7 that we believe the brittle transition temperature 
to be the same for all tempering temperatures. The authors have sug- 
gested only that all of the steels when notch-tested at —320 °F (—195 °C) 
were below their brittle transition temperatures. At this low testing 
temperature the load and deflection parameters have no plastic compo- 
nent, and yet Fig. 7 shows that they have about the same variation with 
tempering treatment as that observed for identical steels tested at room 
temperature. On this basis it was concluded that the 500°F (260°C) 
embrittlement was caused directly by a structural change in the martens- 
ite, notwithstanding some possible indirect connection with the brittle 
transition phenomenon. Tempering may influence the transition tempera- 
ture, but the application of this concept to the problem at hand is diff- 
cult because hardened 2340 steel does not enjoy the idealized transition 
behavior depicted in Fig. 14. 

Mr. Ripling cites the paper by Avefbach, Lorris and Cohen® to show 
that there is some plastic flow even in brittle fractures. The authors 
certainly agree with this point of view, but if this criterion were used to 
define brittle transition temperature, it might be impossible to find any 
fracture which did not show some plastic deformation. In the reference 


*S. G. Fletcher and M. Cohen, “The Dimensional Stability of Steel. Part I—Sub- 
atmospheric Transformation of Retained Austenite’’, Transactions, American Society for 
Metals, Vol. 34, 1945, p. 216. 


0S. G. Fletcher, B. L. Averbach ond M. perie “The Dimensional Stability of Steel. 
Part Il—Further Experiments on Suba ransformation”, Transactions, Amer- 
ican Society for Metals, Vol. 40, 1948, 
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cited,®° there was evidence of plastic deformation in an untempered, 
quenched Charpy bar of 2340 which broke with an energy absorption of 
only 5 foot-pounds. From a macroscopic point of view, such a fracture 
would be judged brittle, yet plastic deformation occurred as far as 0.020 
inch from the fractured surface. The fractures at —320°F (—195 °C) 
may be considered brittle in the slow-bend test, since there was no plastic 
deformation observable in a macroscopic sense. Such a definition would 
be consistent with the conventional criterion of brittle fracture. 








SOME X-RAY DIFFRACTION AND ELECTRON MICRO- 
SCOPE OBSERVATIONS ON TEMPER-BRITTLE STEELS 


By S. R. MALoor 


Abstract 


four low alloy steels of varying degrees of suscepti- 
bility to temper embrittlement were subjected to an X-ray 
diffraction and electron microscope study. Following the 
embrittling treatment, there is a definite decrease in the 
lattice parameter of ferrite for all steels. However, the 
decrease is least for SAE 4340 steel. 

The carbide phase, extracted from samples of all steels 
gwen the embrittled and nonembrittled treatments, pos- 
sesses the same cementite type of structure—designated as 
(Fe,Cr);C—the essential difference being a variation in 
the percentage of chromium im the carbide phase. 

The electron micrographs indicate definite differences 
in the size and distribution of the carbide phase for the 
different steels. 


N excellent review on the subject of temper brittleness is given 

by Hollomon (1).' Since no one has ever isolated and identi- 

hed the constituent responsible for temper brittleness, nor even 

assuredly observed it, further research is desirable. The present 

work is concerned primarily with an attempt to apply X-ray diffrac- 

tion and electron microscopy to four SAE alloy steels of varying 
degrees of susceptibility to temper embrittlement. 


EXPERIMENTAL DETAILS AND TECHNIQUES 
Materials Used 


The steels used in the present investigation were SAE 3140, 
SAE 4340, commercial SAE 3312, and vacuum-melted SAE 3312. 
Table I gives the compositions. 

The SAE 3140 steel was available in a %-inch round. The SAI 
4340 steel was supplied by the Climax Molybdenum Co.; the com- 
mercial SAE 3312 steel, by the International Nickel Co. Both were 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Table | 
“oe Analyses 





—Q% by Wied wayne 








Car- Man- Sili- Sul- Phos- Chro- Molyb- 

SAE Steels bon ganese con phur phorus’ Nickel mium denum 
Commercial 3140 «0.41 0.79 0.29 0.018 0.014 1.21 0.80 Trace 
Commercial 4340 0.44 0.73 0.26 0.024° 0.025 1.86 0.86 0.23 
Commercial 3312 0.09 0.50 0.27 0.014 0.014 3.45 1.55 0.06 

Vacuum-melted 3312 0.15 0.40 0.01 0.014 0.004 3.60 1.38 Trace 


a 


in the form of rods 12 by % by % inches. The raw materials used 
in making the vacuum-melted SAE 3312 steel were the purest which 
could be obtained commercially. 


Preparation and Heat Treatment of Samples 


Prior to the austenitizing treatment, samples approximately 2 by 
Y% by % inches were prepared from the bar stock of the commercial 
steels and vacuum-melted SAE 3312 steel. All were austenitized at 
1560 °F (850 °C) in an electric furnace. The samples, usually four 
at a time, were placed in a carbon block to prevent excessive decar- 
burization during the heating. After 1 hour at temperature, they 
were quenched in oil to room temperature. 

Tempering was carried out in a small cylindrical lead pot. The 
embrittling treatment consisted of tempering for 1 hour at 1200 °F 
(650 °C), followed by slow cooling at 34°F per minute to 600 °F 
(350°C), and water quenching to room temperature. The non- 
embrittling treatment consisted of water quenching to room tempera- 
ture after 1 hour at 1200 °F (650 °C).? 


X-Ray Diffraction Measurements 


The back-reflection method was employed to determine the lat- 
tice parameter of embrittled and nonembrittled samples. For this 
purpose, specimens 0.6 by 0.4 by 0.4 inch were cut from the heat 
treated samples and polished through 3/0 emery paper. They were 
then etched with 10% nital to remove 0.003 inch. The X-ray photo- 
graphs were taken with CoKa radiation at 35 kv and 8 ma. 

Since the precipitation of carbide from ferrite (2) on slow cool- 
ing through the temper embrittling range is believed to be the cause 
of temper brittleness, it was decided to extract electrolytically the 
carbide’ phase from embrittled and nonembrittled samples of the vari- 
ous alloy steels and to analyze the residue chemically and by the 
X-ray powder method. There are many variations of the extraction 
method, but the one employed by Crafts and Lamont (3) was adopted 
in the present research. 

For the X-ray work, small rods were made from a small portion 
*These treatments are essentially those used by others in investigations of temper brit- 


Henan in steels of the same or similar compositions, and for that reason no impact data are 
included. 
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of each of the residues. The rods were centered in a typical Debye- 
Scherrer powder camera. FeKa radiation was used for the SAE 
3140 and 4340 steels. CrKa radiation was used for the SAE 3312 
steels. The lines, generally about 19, were measured on each film; 
the “d” values were calculated and compared with the existing data 
on cementite and alloy carbides. 

The remainder of the residue was used for the chemical analysis. 
Because of the simplicity of the experimental setup, no attempt was 
made to make a quantitative study in each case of the extracted phase. 
In general, the residues were analyzed for carbon and chromium with 
a molybdenum analysis included for the SAE 4340 steel. 


Electron Microscope Investigation 


For the electron microscope investigation, specimens of the same 
size as those used for the X-ray back-reflection measurements were 
prepared. A specimen was also cut from each of the samples 
as-quenched in oil from 1560°F (850°C) to room temperature to 
check for the presence of undissolved carbides. 

The steels were carried through 4/0 emery paper. The final 
polishing consisted of, first, polishing on a silk cloth with a 5-minute 
levigated alumina for 2 minutes; then on a Selvyt cloth with mag- 
nesium oxide for 7 minutes. At this stage, the specimens were prac- 
tically scratch-free. The etchant, Zephiran chloride, developed by 
Cohen, Hurlich and Jacobson (4), was found most suitable for the 
work at hand. Generally, three collodion replicas of each surface 
were prepared for examination in the electron microscope. The 
replicas were shadowed with chromium in an evaporating unit con- 
structed by the author. All electron micrographs were taken with an 
RCA, Type EMB electron microscope at 60 kv, a beam current of 
200 microamperes, and at an initial magnification of X 5000. The 
negatives were enlarged two times to give the final print a magnifi- 
cation of *« 10,000. 


RESULTS AND DISCUSSION 
X-Ray Diffraction 


The X-ray precision lattice constant measurements carried out 
on the SAE 3140, 4340, and vacuum-melted 3312 steel are given in 
Table II. The lattice parameters of the samples given the non- 
embrittling treatment seem to be larger than the corresponding 
embrittled samples. However, it is seen that the decrease in the lat- 
tice parameter of ferrite following the embrittling treatment is least 
for the SAE 4340 steel. The tabulated values represent the average 
of two separate measurements made on each specimen. An additional 
0.003 inch was removed with 10% nital between the first and second 
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Table Il 
X-Ray Back-Reflection Results 





Lattice Parameter, kx Units 
c AE Steels—————- 
Heat Treatment 3140 4340 3312* 


1 hour at 1560°F (850°C), oil-quenched to room 
temperature. Tempered 1 hour at 1200°F (650°C), : 
water-quenched to room temperature. 2.8615 2.8622 2.8637 
1 hour at 1560°F (850°C), oil-quenched to room 

temperature. Tempered 1 hour at 1200°F (650°C), 

cooled 34°F per minute to 660°F (350°C), and 

water-quenched to room temperature. 2.8609 2.8620 2.8632 
1 hour at 1560°F (850°C), oil-quenched to room 
temperature. Tempered 48 hours at 930°F (500°C), 
water-quenched to room temperature. 2.8608 


*Vacuum-melted. 


determinations. It was found in each case that the separate parameter 
measurements checked to within +0.0001 kx units of the tabulated 
mean values. Consequently, the recorded differences appear highly 
significant. In the case of the SAE 3140 steel, a sample was em- 
brittled by holding for 48 hours at 930°F (500°C), followed by 
water quenching to room temperature. Its lattice parameter is in 
good agreement with that of the sample embrittled by slow cooling at 
34 °F per minute from 1200 to 660 °F (650 to 350 °C), followed by 
water quenching to room temperature. Burns (5) has shown that 
supersaturation of ferrite by fast quenching-from 1255 °F (680 °C) 
can alter its lattice parameter by as much as 0.0016 kx units. 

The X-ray, and chemical results of the residues extracted electro- 
lytically from the four SAE alloy steels are shown in Table III. 
The calculated “d”’ values (not given here) were practically identical 
for the residues extracted from embrittled and nonembrittled samples 
of the same steel, and they differed slightly for the different steels. 
Consequently, there appears to be no change in the Bravais lattice 
or structure type of the suspected brittle phase of each steel follow- 
ing the embrittling treatment, except for a change in composition 
(Table ITT). 

The identification of the extracted residues was simplified 
greatly in the case of the SAE 3140 and 4340 steels. Published 
experimental data of Crafts and Offenhauer (6, 7) indicate that in 
chromium steels (less than 1% chromium and ‘0.4% carbon), after 
quenching to martensite and tempering between 930 and 1200°F 
(500 and 650 °C), the extracted carbide is of the FesC type. The 
effect of increasing the carbon content is to increase the range of 
cementite formation, while increasing the chromium content lowers 
the temperature for alloy-carbide formation (Cr7C3). Also, in the 
case of a low molybdenum (0.25%) —chromium steel (less than 1% 
chromium), only a‘¢ementite type of structure is formed during tem- 
pering in the same temperature range (7). The carbon contents of 
the extracted residues of the SAE 3140 and 4340 steels strongly sug- 





a 
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Table Ill 


X-Ray Debye-Scherrer Results on Extracted Residues From SAE 3140, 
4340, and 3312 Steels 


Bravais X-Ray -—Composition,Weight % 
SAE Steels Heat Treatment Lattice Type Cc Cr Mo 
3140 (a) 1 hour at 1560°F (850°C), Orthorhombic (Fe,Cr)sC 7.09 7.60 


oil-quenched to room tem- 
perature. Tempered 1 hour 


34°F minute to 660°F 
(350°C) and water-quenched 
to room temperature. 
(b) 1 hour at 1560°F (850°C), Orthorhombic (Fe,Cr):C 7.15 6.87 

oil-quenched to room tem- 
perature. Tempered 1 hour 
at 1200°F (650°C), water- 
quenched to room tempera- 


ture. 
4340 Same as (a) Orthorhombic (Fe,Cr)sC 6.93 1,20 2.95 
Same as (b) Orthorhombic (Fe,Cr)3C 6.93 6.74 2.54 
3312 Same as (a) Orthorhombic (Fe,Cr)sC 6.95 21.53 
(commercial) Same as (b) Orthorhombic (Fe,Cr)sC 5.63 18.36 
3312 Same as (a) Orthorhombic (Fe,Cr)sC 6.98 22.10 
(vacuum-melted) Same as (b) Orthorhombic (Fe,€r)sC 6.80 19.05 











gest the formation of a cementite type of structure. Added confirma- 
tion was obtained by comparing the diffraction patterns with that for 
pure cementite. 

Table III shows that after the embrittling treatment a slightly 
greater enrichment of cementite in chromium occurs in the SAE 3140 
steel as compared to the SAE 4340 steel. The difference is small, but 
yet highly suggestive of the manner in which molybdenum may 
reduce temper brittleness. In the case of the SAE 4340 steel, molyb- 
denum also concentrates in the carbide phase. Enrichment of cement- 
ite in alloy content during either direct transformation of austenite 
at subcritical temperatures or in the tempering of martensite at the 
same temperature is well known in chromium (8) and molybdenum 
steels (9). 

In spite of the higher chromium contents of the residues of the 
SAE 3312 steels and the greater possibility of Cr7C; formation in 
steels of such composition (6), the carbon contents of the residues 
given in Table III again suggest strongly the cementite type of struc- 
ture, here designated as (Fe,Cr)3C. As stated previously, there were 
small differences in the “d” values of the residues extracted from the 
different steels, and probably these are simply due to the different 
percentages of chromium in (Fe,Cr)3C. Consequently, it appears 
that in spite of the fact that all four steels supposedly develop temper 
brittleness to different degrees, the extracted residues in ail cases 
possess the same X-ray structure type.® 


Electron Microscopy 


The electron microscope results are shown in Figs. 1 to 12. The 


3Existing experimental data (10) indieate that an SAE 3312 steel is more temper-brittle 
than an SAE 3140 steel, and the latter more so than an SAE 4340 steel. 
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ELECTRON MICROSCOPE MICROGRAPHS OF COLLODION REPLICAS 
SHADOWED WITH CHROMIUM 


Fig. 1—SAE 3140 Steel Oil-Quenched From 1560°F (850°C) to Room Temperature. 
Etched 6 minutes in Zephiran chloride. X 10,000. 


Fig. 2—SAE 4340 Steel, Same Treatment. XX 10,000. 
Fig. 3—SAE 3312 Steel (Commercial), Same Treatment. X 10,000. 
Fig. 4—SAE 3312 Steel (Vacuum-Melted), Same Treatment. X 10,000, 
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ELECTRON MICROSCOPE MICROGRAPHS OF REPLICAS SHADOWED 
WITH CHROMIUM 


Fig. 5—SAE 3140 Steel Cooled 34°F per Minute From 1200 to 660 °F (650 to 350°C) 
and leanne to Room Temperature. Etched 3 minutes in Zephiran chloride. 
x 10, . 


Fig. 6—SAE 4340 Stee!, Same Treatment. X 10,000. 
Fig. 7—SAE 3312 Steel (Commercial), Same Treatment. X 10,000. 
Fig. 8—-SAE 3312 Steel (Vacuum-Melted), Same Treatment. X 10,000. 
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ELECTRON MICROSCOPE MICROGRAPHS OF COLLODION REPLICAS 
SHADOWED WITH CHROMIUM 


Fig. 9—SAE 3140 Steel Water-Quenched From 1200°F (650°C) to Room Temperature. 
Etched 3 minutes in Zephiran chloride. X 10,000. 


Fig. 10—SAE 4340 Steel, Same Treatment. X 10,000. 
Fig. 11—SAE 3312 Steel (Commercial), Same Treatment. X 10,000. 
Fig. 12—SAE 3312 Steel (Vacuum-Melted), Same Treatment. X 10,000. 
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electron micrographs of the samples as-quenched in oil from 1560 °F 
(850°C) to room temperature (Figs. 1 to 4) show that little, if 
any, undissolved carbide is present; and the structures are typically 
martensitic, especially for the higher carbon steels. 

The structures of the samples given the embrittling treatment 
are shown in Figs. 5 to 8. In all steels, there is definite evidence 
of precipitation which occurs not only along grain outlines but equally 
as well within the grains. The arrow in Fig. 5 designates an actual 
grain boundary, while the remaining outlines are more likely sub- 
boundaries. The precipitated particles in the SAE 3140 steel shown 
in Fig. 5 vary considerably in size and in some cases are very irreg- 
ular. Fig. 6 of the SAE 4340 steel indicates that the particles are on 
the average smaller, less numerous, and more uniform in size and 
shape. In the case of the SAE 3312 steels (Figs. 7 and 8), there 
is even less general precipitation due to the lower carbon contents of 
these steels. Extremely fine particles are seen within the matrix 
along with some larger irregularly shaped particles. During the 
electrolytic extraction of the carbide phase from the SAE 3312 steels, 
especially from the embrittled samples, it was noted that extreme 
difficulty was encountered in causing them to settle in the beaker of 
glycerin. No such difficulty was experienced with the SAE 3140 or 
4340 steels. 

Comparing the foregoing electron micrographs with those of the 
corresponding nonembrittled samples (Figs. 9 to 12), one notes that 
three things are rather evident: First, there is decidedly less attack 
of the grain outlines in the nonembrittled samples, which is in agree- 
ment with the metallographic results of others (4, 11). Second, 
there appears to be as much precipitate present in the nonembrittled 
samples as in the corresponding embrittled ones. This finding ap- 
pears to invalidate the assumption that above 1110 °F (600°C) the 
precipitate responsible for temper brittleness is mainly in solution 
(1). Third, the precipitated particles in the SAE 4340 steel appear 
more uniform in size and shape than in either the SAE 3140 or 3312 
steels. 


Table IV 
X-Ray Back-Reflection Results on Temper-Brittle Chromium Steel 





Heat Treatment 
Thirty minutes at 1550°F (845°C), oil- 
quenched to room temperature. Tempered 


2 hours at 1150°F (620°C), oil-quenched Charpy Values at Lattice 
to room temperature. Time at 1025° F -40°F (-40°C), Hardness — Parameter, 
(550°C), hours. Ft-Lbs Rockwell ““C”’ kx Units 


0 

10 
48 36 

500 


91 26.3 2.8616 

22 25.0 2.8617 
23.4 2.8610 

19.5 « 
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SUMMARY AND CONCLUSIONS 


It has definitely been shown that following the embrittling treat- 
ment, a definite decrease in the lattice parameter of ferrite occurs 
for all steels. It is thought that this decrease is probably due more 
to the precipitation of carbide from supersaturated ferrite than to the 
change of alloy concentration in cementite as shown in Table ITI. 
The extreme fineness of some of the carbide particles observed in the 
electron micrographs of the embrittled samples of the SAF 3312 
steels is offered as a possible explanation of the greater susceptibility 
to temper embrittlement of these steels as compared to the SAE 3140 
and 4340 steels. 

If this notion of carbide size and uniformity (controlled prob- 
ably to a marked degree by the extent of alloy enrichment) is an 
exact explanation of temper brittleness, then it should be possible for 
a steel to regafn its toughness by being heated for an extended time 
at the embrittling temperature. The temperature at which the ex- 
periment is performed might well be very critical, depending on the 
relative rates of nucleation and growth of the carbide phase. Some 
impact and hardness data on a temper-brittle chromium steel (0.98% 
chromium — 0.37% carbon) were kindly furnished by the Climax 
Molybdenum Co., Michigan. The steel was embrittled at 1025 °F 
(550°C) for the times indicated in Table IV. Lattice parameter 
measurements were made on one half of the broken impact specimens. 
After 10 hours at temperature, the steel suffers a great loss in tough- 
ness and a small drop in hardness, but the lattice parameter. remains 
constant. After 48 hours the steel shows a slight gain in toughness 
and an additional drop in hardness. The lattice parameter of ferrite 
shows a definite decrease. After 500 hours the steel regains its ini- 
tial toughness and exhibits a definite drop in hardness, while the lat- 
tice parameter remains constant. The most logical explanation is that 
the steel regains its toughness with a decrease in hardness by the 
agglomeration and growth of the precipitated particles beyond a criti- 
cal size, such as to embrittle the steel. The constancy of the lattice 
parameter is a fair indication that the composition of ferrite does not 
change during this precess. It would have been interesting to have 
followed the growth of the carbide particles with the electron micro- 
scope. 
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DISCUSSION 


Written Discussion: By Philip C. Rosenthal, professor of mining and 
metallurgy, University of Wisconsin, Madison, Wis. 

In Dr. Maloof’s summary he states that the extreme fineness of some 
of the carbide particles observed in the electron micrographs may be a 
possible explanation for the greater susceptibility to temper brittleness of 
the SAE 3312 steels as compared to the 3140 and 4340 steels. However. 
he does not discuss the differences in the grain boundary structures 
which appear between the various embrittled specimens (Figs. 5 to 8) and 
between the embrittled and nonembrittled specimens (Figs. 5 and 9, 6 and 
10, etc.). It would be helpful to have some explanation for this disregard 
of these apparent differences in the grain boundaries exhibited by the 
micrographs. Furthermore, whether the grain boundaries shown are those 
of the ferrite or of the prior austenite is not mentioned. In view of the 
experience of others, that a precipitate apparently occurs on prior austenite 
grain boundaries in embrittled steels, this point ought to be clarified. 

It would appear that if Dr. Maloof’s argument regarding carbide fine- 
ness is correct, a change in our current thinking about temper brittleness 
is necessary. Hollomon and Jaffee," for instance, indicate that for em- 
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brittled steels the fracture curve is lowered and becomes strain-sensitive 
(contrary to nonembrittled steels which show no strain sensitivity if of 
tempered martensite). The resultant effect of this lowering is to raise the 
transition temperature of the embrittled steel in the notched-bar test. Now, 
it would seem that the only likely way in which a small amount of precipi- 
tate could affect the fracture curve in this way without appreciably affecting 
the flow curve would be by preferential deposition of the precipitate along 
planes or grain boundaries, since fracturing is markedly affected by 
structural inhomogeneities of this type. On the other hand, if the cause 
of temper brittleness is dependent upon the fineness of the carbide particles. 
as Dr. Maloof proposes, then one would expect that alterations of the flow 
curve and not of the fracture curve would be the governing factor. 
Actually, on the basis of the evidence submitted, it is difficult to discern 
the differences in carbide. structure mentioned by Dr. Maloof. The return 
to toughness of a steel given a long-time temper is insufficient evidence in 
itself in support of the idea that carbide particle fineness is the controlling 
factor and, as Dr. Maloof admits, electron micrographs here might have 
been helpful. Other changes could occur simultaneously with carbide growth 
to account for the increased toughness. 

The data suggest that experiments similar to those used in the four 
alloy steels might yield useful information if applied to plain carbon steel. 
Has the author investigated this point? For example, whether or not plain 
carbon steels are embrittled, even though quenched from the tempering 
temperature, an idea advanced by some investigators, might be determined. 

Dr. Maloof is to be commended for his contributions, for they add 
to the fund of knowledge we are accumulating on temper brittleness and 
which will some day be sufficient to provide the explanation for its occur- 
rence. 

Written Discussion: By B. C. Woodfine, Department of Metallurgy, 
The University of Sheffield, Sheffield, England. 

This investigation of temper-brittle steels by the X-ray diffraction 
method, and by the electron microscope, covers several neglected aspects 
of the problem of temper brittleness. It has provided new and valuable 
data, but I cannot agree with the conclusions drawn from the results. 

It is a characteristic of temper brittleness that the brittle fracture in 
the unembrittled steels occurs by cleavage across the ferrite grains, while 
in embrittled steels it takes place in an intergranular manner around what 
were the prior austenite grain boundaries. This has been demonstrated by 
the recently published work of Entwisle and Smith,** and in the unpub- 
lished work of the present writer. Thus, as temper brittleness is primarily 
a grain boundary phenomenon, the suggestion, that it might be explained 
on the basis of the size and uniformity of the carbides precipitated within 
the grains, cannot be correct. The results obtained for the quenched and 
tempered chromium steel which was embrittled for 500 hours at 550°C 
(1020 °F) show that the toughness, as measured at —40 °C, first increased 
and then decreased; they do not show that the temper embrittlement 


A. R. Entwisle and G. C. Smith discussion of paper by J. W. Spretnak and R. Speiser, 
Grain and Grain-Boundary Compositions: Mechanism of Temper Brittleness”, Transac- 
trons, American Society for Metals, Vol. 43, 1951, p. 751. 


°A. R. Entwisle, Journal, Iron and Steel Institute, Vol. 169, 1951, p. 36. 
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behaved in a similar way. Impact data for only one testing temperature 
are not sufficient to enable any conclusions to be reached, concerning temper 
brittleness.” °° However, the present writer has found in a quenched and 
tempered nickel-chromium steel that the temper embrittlement, as measured 
by the displacement of the fracture energy versus testing temperature 
curves, at first increases and then decreases with time, at both 550 and 
575 °C (1020 and 1065°F). It is hoped to show when the present work 
is published that these results can be interpreted in other ways apart from 
the aggregation and growth of precipitated particles. 

Considering the electron micrographs, in the absence of any indication 
of the shadowing angle, it is very difficult to decide whether the grain 
boundaries produced by the Zephiran chloride etchant in the embrittled 
steels are ridges or grooves. But it would appear to be fairly certain that 
they are not due to the presence of another phase, either in the form of 
small particles or as a continuous film. This is in agreement with previous 
workers who have failed to find any grain boundary precipitate in em- 
brittled steels"® ** and thus provides more evidence against the theory 
that temper brittleness is caused by the precipitation of various compounds 
from solution in the ferrite. A few separate carbide particles can be seen 
in the boundaries, but that they are not responsible for the embrittlement 
is obvious, since they are present in both the unembrittled and embrittled 
steels (Figs. 9 and 5 illustrate this point). 


Written Discussion: By Joseph A. Kies, metallurgist, Mechanics Divi- 
sion, Naval Research Laboratory, Washington, D. C. 

It is to be expected that a critical range of particle size should exist 
for which the embrittling effect should be maximum as suggested by Dr. 
Maloof. Overaging of aluminum alloys and overtempering of steels are 
well-known examples of agglomeration and rounding of precipitates accom- 
panied by a lowering of the hardness and an increase in the ductility. It 
would have been more spectacular if the author could have devised an 
experiment in which ductility or Charpy value was increased without a 
large sacrifice in hardness, as in the results of Table IV. Although the 
result stated in Table IV does not seem to be the ideal solution to the 
problem of eliminating temper brittleness, the hypothesis of critical particle 
size is of great interest and importance. 

The chief difference between the photographs of embrittled and non- 
embrittled steels seems to deserve more emphasis, that is, the apparently 
greater continuous etching out of grain boundaries in the embrittled samples. 
If a slow cool used to produce temper embrittlement permits a closer 
approach to thermodynamic equilibritim, then the grain boundary zone may 
have a significantly different chemical composition, perhaps a greater nickel 
content, because of the greater solubility of alloying elements due to the 
somewhat liquid-like properties of partially disordered atoms in that zone. 

7H. Jolivet and G. Vidal, icevue de Metallurgie, Vol. 41, 1944, p. 378-388, 403-408. 


8G. Vidal, Revue de Metallurgie, Vol. 42, 1945, p. 149. 


°J. H. Hollomon, “Temper Brittleness’, Transactions, American Society for Metals, 
Vol. 36, 1946, p. 473. 

203. Nutting and V. E. Cosslett, “Metallurgical Applications of the Electron Micro- 
scope”, Institute of Metals, 1950, p. 57. 


“DP, McLean discussion to L. D. ‘Jaffe, and D. C. Buffum, Revue de Metallurgie, 
Vol. 48, No. 8, 1951, p. 609. 
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Professor Harker of Brooklyn Polytech has ably demonstrated this 
liquid-like solvent property of the grain boundary in 50-50 iron-nickel in his 
1951 ASM seminar lecture.” A concentration of nickel would tend to result 
in retained austenite and later embrittlement from its delayed transforma- 
tion. Discrete particles at the grain boundary are not necessarily the only 
factor contributing to temper brittleness. Overaging or extended times of 
tempering would still have the effect of lowering the hardness or flow 
stress within the grains and thus offset the embrittling effect at the grain 
boundary. 

It seems evident that a great deal more work of the kind done by 
Dr. Maloof is required before ambiguities can be eliminated. 

Written Discussion: By Eric C. W. Perryman, Aluminum Laboratories 
Limited, Kingston, Ontario, Canada. 

The aitthor concludes from his electron micrographs that there is less 
attack of the grain outlines in the nonembrittled samples, thereby implying 
that the grain boundaries in the embrittled samples are attacked by the 
etchant. Without knowing the direction of shadowing and the appearance 
of the unshadowed replica, it is not possible to decide whether the grain 
boundaries in the embrittled samples after etching are grooves or elevated 
regions. Could the author shed further light on this point? It would also 
be interesting to know if the grain boundary effect was dependent upon (a) 
the relative orientation of the neighboring grains and (b) the grain 
boundary direction, or was this grain boundary effect present at all the 
grain boundaries? 

It would appear from Fig. 5 that this effect is, in fact, dependent upon 
the relative orientation of neighboring grains because it is by no means 
so marked at the subgranular boundaries where the orientation differences 
between neighboring subgrains are presumably very small. It is also in- 
teresting to note that from Figs. 5, 6, 7 and 8 it appears that molybdenum 
has decreased this grain boundary effect. As each electron micrograph 
represents such a small area, could the author say whether this effect of 
molybdenum is considered significant ? 

I find it difficult to reconcile the author’s statement on page 272 that 
there is as much precipitate in the nonembrittled samples as in the cor- 
responding embrittled ones with his statement on page 273 that temper 
embrittlement is due to the extreme fineness of the carbide particles. It seems 
clear from this paper that the embrittlement and the grain boundary effect 
shown in Figs. 5, 6, 7 and 8 are in some way connected, but it is by no 
means clear what this connection is. Due to the very different appearance 
of the carbide particles and the black grain boundaries in Figs. 5, 6, 7 and 8, 
it is difficult to conceive that the embrittlement is due to very fine carbide 
particles. It seems more likely that the black grain boundaries are due to 
the different etching characteristics of the grain boundary caused by an 
enrichment of carbon atoms. Such enrichment would be dependent upon 
the relative orientation of neighboring grains. Furthermore, under equilib- 
rium conditions this enrichment of the grain boundaries would be expected 
to increase as the temperature decreased, thus explaining the difference 


_. David Harker, “Kinetics of Recrystallization”, Seminar on Metal Interfaces, pub- 
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between Figs. 5 and 9, etc. Similarly this effect will depend upon the 


time of heating. 


Author’s Reply 


The author wishes to thank Professors P. C. Rosenthal and B. C. Wood- 
fine and Messrs. J. Kies and E. C. W. Perryman for their interesting dis- 
cussions. 

Apparently the chief objections to the notion of a critical size of carbide 
precipitated within the grains as a factor in temper embrittlement arises from 
(a) the predominantly intergranular fractures obtained at low temperatures 
in steels susceptible to temper embrittlement, as pointed out by B. C. Wood- 
fine, and (b) the apparent relationship between ‘the degree of embrittlement 
and grain boundary attack shown in Figs. 5 to 8, as pointed out by E. C. W. 
Perryman. While these facts cannot be denied, neither can it be denied that 
the flow and fractures characteristic of a steel would not be influenced by the 
size, shape and distribution of the carbide particles within the grains. There- 
fore, the notch toughness of a steel might equally as well be influenced by the 
properties of the basic mass as by any embrittling effect at the grain boundary. 
The fact that the fractures of embrittled low alloy steels at low temperatures 
are mostly intergranular” may simply mean that in such steels the grain bound- 
aries are weaker than the grains themselves at such low temperatures. While 
the same investigator found in a plain carbon steel that the fracture was pre- 
dominantly of the cleavage type (concluding that such steels are not temper- 
brittle), it has recently been reported“ that plain carbon steels are highly 
susceptible to temper embrittlement. In addition, it was stated that it was 
impossible to obtain a selective grain boundary attack using Zephiran chloride. 
Since the specific action of Zephiran chloride is not well understood, it is 
impossible to draw any definite conclusions at the moment concerning the 
amount of grain boundary attack and the degree of temper brittleness. In 
answer to one of the questions raised by E. C. W. Perryman, this grain 
boundary effect will be discussed later. 

Now, it generally is well known that the precipitation of carbide is de- 
tected in plain carbon as well as in low alloy steels at low tempering temper- 
atures (generally lower than the temperature range where temper brittleness 
becomes prominent). Therefore, any suggestion of general carbide precipita- 
tion within the grains as the cause of temper brittleness seems unwarranted. 
In this paper, however, the idea is advanced that it would require a sufficient 
number of carbide particles of such size as to embrittle the steel. At some 
temperature between room temperature and A, (lower critical), the frequency 
of nucleation (N) according to nucleation theory is a maximum. A steel held 
at this temperature should exhibit maximum embrittlement, since it would be 
the temperature at which the greatest number of fine carbide particles would 
form. Since the presence of carbon is essential to the embrittling reaction,” 
theoretically, at least, it should be possible to develop temper brittleness in 
plain carbon steels. Jaffe and Buffum” were the first to suggest that plain 


_ R. Entwisle, Journal, Iron and Steel Institute, Vol. 169, September 1951, p. 36. 
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carbon steels are indeed highly temper-brittle. This hypothesis was later re- 
pudiated™ and recently revived.” 

One would naturally expect faster rates of nucleation and growth of the 
carbide nuclei in plain carbon steels as compared to low alloy steels for this 
temperature range. Therefore, it might be difficult to develop temper brittle- 
ness in plain carbon steels because the precipitated particles would grow too 
rapidly to establish a critical size necessary to embrittle the steel. Nevertheless, 
Libsch, Powers and Bhat“ were able to develop temper brittleness in a plain 
carbon steel by establishing an unembrittled state by tempering for only 5 sec- 
onds at 1200°F (650°C). On the basis of the foregoing argument, it is 
suggested that the temperature of maximum isothermal temper embrittlement 
would be lowest for plain carbon steels and highest for, say, a molybdenum 
steel. In the latter case, because of the slow diffusion rate of molybdenum 
into the carbide phase and the necessity therein for its ultimate growth, a 
higher temperature would be required to develop sufficient particles of such 
size as to produce temper brittleness isothermally. In fact, temper brittleness 
is developed in molybdenum steels'” “ by heating isothermally at a temperature 
of 1065°F (575°C), which is considered higher than the normal range of 
maximum isothermal embrittlement for low alloy steels; that is, between 840 
and 975°F (450 and 525°C). The inevitable conclusion is that all steels are 
temper-brittle, but to different degrees. 

In answer to the second question raised by Professor Rosenthal, the etch- 
ant Zephiran chloride reveals the prior austenite grain boundaries. In Fig. 5, 
for example, is shown a portion of a prior austenite grain boundary; the re- 
maining outlines are presumably the substructures so frequently observed in 
embrittled steels. 

The degree and continuity of the grain boundary attack would depend 
upon the relative orientation of the neighboring grains as pointed out by Mr.. 
Perryman, since others” ” have not been able to correlate quantitatively their 
metallographic observations with impact properties. However, it appears in 
Kig. 6 that molybdenum has reduced this grain boundary attack; and, in answer 
to another question raised by Mr. Perryman, the effect is considered significant. 
Aside from any orientation effects and assuming that the decrease in the lattice 
parameter of ferrite following the embrittling treatment is due to the precipi- 
tation of carbide, it is quite possible that the precipitation of extremely fine 
particles at the grain boundary would accelerate attack by the etchant, be 
etched out, and not be seen in the final micrograph. Therefore, one cannot 
conclude, as does Professor Woodfine, that failure to detect a grain boundary 
precipitate is exacting evidence against the theory that temper brittleness is 
due to the precipitation of carbide from ferrite. 

Now, there is still another factor to be considered which would explain 
the different etching effects noted in the electron micrographs. Following the 
embrittling treatment, according to Table III, chromium is drained from the 
matrix while cementite is simultaneously enriched in alloy content. If this 
reaction occurred in the immediate vicinity of a grain boundary, then its cor- 


rosion resistance would be lowered in proportion to the amount of chromium 
1G. Vidal, “‘Concerning the Temper Brittleness of Chromium, Molybdenum and Tung 
sten Steels’, Revue de Métallurgie, "Ma ay 1945, p. 149-155. 
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lost from the matrix. Therefore, an explanation for the lesser degree of grain 
boundary attack shown in Fig. 6 as compared to that in Fig. 5 is that molyb- 
denum has apparently cut down on the depletion of the matrix in chromium, 
which is exactly what Table III indicates. Furthermore, stronger confirmation 
of this argument is had by a closer examination of Fig. 5. Unfortunately, the 
reproductions are hardly as clear as the original micrographs. Somewhat 
below the arrow shown in Fig. 5 is a large irregular particle obstructing the 
continuity of the grain outline. In its center are two nearly spherical particles 
which appear to stand in relief. They are believed to be the enriched cement- 
ite ({[Fe,Cr]3C) particles, more of which are seen above and below the arrow 
along the grain boundary. The irregular-shaped particle is that of cementite 
(FesC) which formed in the grain boundary at 1200°F (650°C). More of 
these irregular-shaped cementite particles enriched in chromium can be seen 
in the upper left-hand corner of Fig. 9 on closer examination. Consequently, 
during the embrittling reaction more and more of the chromium is drained 
from the immediately surrounding matrix, thus leaving the enriched (spherical ) 
cementite particles in situ. Such a mechanism would nicely explain the appar- 
ent different etching effects noticed in the embrittled specimens of the various 
steels and between the corresponding embrittled and unembrittled specimens. 
[t would also account for the small drop in hardness that is observed following 
the embrittling treatment. Although not reported here, all steels suffered a 
drop of 1 to 2 peints in Rockwell reading following the embrittling treatment. 

The concept of a critical carbide size as a factor in temper embrittlement 
was suggested mainly because the electron micrographs of the nonembrittled 
specimens showed as much precipitate as the corresponding embrittled speci- 
mens. In addition, the electron micrographs of the SAE 3312 steels show less 
general precipitation than either of the other two steels. Consequently, it 
appears that the size of the precipitate formed during the embrittling reaction 
controls the extent of embrittlement of the steel rather than the amount. The 
SAE 3312 steels are supposedly more temper-brittle than either of the other 
two steels. The return to toughness of a steel given a long-time temper at 
the embrittling temperature could nicely be explained by the growth of the 
precipitated particles beyond a size such as te embrittle the steel. However, 
as Professor Rosenthal so rightly points out, other changes could occur in the 
basic mass to account for the increased toughness. Following the embrittling 
treatment, it was observed that the X-ray back-reflection lines from ferrite 
were consistently more diffuse than those from the corresponding nonembrittled 
specimens. This is contrary to what one would expect and, if it be true, it 
appears that internal strains are generated in the ferrite lattice during the 
diffusion of the elements involved in or during the formation of the constituent 
responsible for temper brittleness. Recently,-the same observation was made 
by A. R. Weill” in his X-ray investigation on a temper-brittle nickel-chromium 
steel. A typical set of back-reflection photograms taken of the SAE 3140 steel 
is shown in Fig. 13. <A fine precipitate coherent with the matrix, formed 
during the embrittling treatment, would account for this effect. Then, too, this 
fine precipitate presumably forming along certain crystallographic planes with- 
in the grains would have a high degree of preferred orientation within each 
grain, but when considered with respect to all grains -because of their random- 

A. R. Weill, “X-Ray Investigation of Temper Brittleness in a Low Nickel-Chromium 
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ness, it would have random orientation. For this reason, the X-ray powder 
photograms of the residues extracted from the embrittled samples showed no 
evidence of preferred orientation of cementite. However, the electron micro- 
graphs of the embrittled specimens did show this effect somewhat. These 
additional factors would, therefore, contribute to the embrittlement of the steel. 
A long-time temper at the embrittling temperature would eventually remove 
these coherency strains and partially destroy the preferred orientation of the 
precipitated particles, thereby restoring the toughness of the steel. 





Fig. 13— X-Ray Back-Reflection 
Photograms of SAE 3140 Steel. (a) 
Embrittled sample; (b) Nonembrittled 
sample. 


In answer to a question raised by both Professor Woodfine and Mr. 
Perryman, the collodion replicas were shadowed with chromium at an angle 
of about 10 degrees. Depending upon the brightness and steadiness of the 
electron beam, it was possible for the grain boundaries to appear as ridges or 
grooves. Merely for convenience, the micrographs were taken when the 
boundaries appeared as grooves. 

The remarks of Mr. Kies are indeed welcome, since they concur with 
the author’s views that the over-all notch toughness of a steel would be deter- 
mined by both the properties of the grain interior and grain boundary. It is 
also gratifying to have his remarks concerning the work of Dr. Harker. 
Changes in the chemical composition of the grain boundary zone would cer- 
tainly influence the action of the etchant. 

Such experiments as performed on the alloy steels might be applied to a 
plain carbon steel as suggested by Professor Rosenthal. The author has not 
investigated this point, but hopes to do so at some later date. Also in’ any 
future experiments of this nature, it might be well to study the embrittling re- 
action isothermally and follow by chemical analysis the percentage of chromium 
in the carbide phase as a function of time and temperature. The depletion of 
chromium of the boundary zone during the embrittling reaction might be an 
additional factor contributing indirectly to the embrittlement of the steel, since 
the fractures at low temperatures are presumably intergranular. 

The published work of Professor Woodfine will be anxiously awaited. 
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INTERRELATION OF MECHANICAL PROPERTIES, 


CASTING SIZE, AND MICROSTRUCTURE 
OF DUCTILE CAST IRON 


By R. WayNE KRrRart AND RICHARD A. FLINN 


Abstract 


This investigation was conducted to evaluate cast iron 
with spheroidal graphite from three aspects: 1—Variation 
in mechanical properties in castings of varying thickness, 
analysis and heat treatment ; II—Correlation of properties 
with steels of the same matrices; I[I—Reproducibility of 
properties under commercial conditions. 

l—The austenitic specimens provide the best as-cast 
ductility (10 to 24%), while the bainitic and martensitic 
materials exhibit highest tensile strength. The ferritic 
type, produced by heat treatment, displays elongation 
similar to the austenitic bars but with higher yield and 
tensile strength. Pearlitic trons, as expected, show higher 
strength but lower elongation than the ferritic. The data 
indicate that ductile iron is section-sensitive in certain 
cases and exhibits greater shrinkage than normal cast iron. 
It was necessary to develop a new series of test blocks 
(Fig. 2) to provide sound test bars, representative of the 
general range of commercial castings (%4 to 5-inch 
sections). 

II—When the proper combination of metal process- 
ing, analysis and heat treatment was used to avoid foreign 
structures such as massive carbide or flake graphite, ex- 
cellent correlation with steels of swmilar matrix is obtained 
with approximately 20% decrease in strength caused by 
the spheroidal graphite. Hardenability is comparable to 
steels of the same analysis. Impact resistance of the aus- 
tenitic type is similar to annealed SAE 1095, while the 


ferritic type is poorer in some cases. In contrast to nor-. 


mal cast iron of the same matrix, tensile strength is two 
to three times higher and elongation is five to twenty 
times greater. Castability, however, as determined by the 
fluidity spiral, ts as good as normal cast iron. 

III—A_ statistical study of six months commercial 
production, using a basic-lined cupola, indicates that only 
9% of the heats of the ferritic type were rejected under 
the specification 60,000 psi tensile strength, 45,000 ps 
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DUCTILE CAST IRON 


yield strength, and 10% elongation minimum. In all cases, 
the cause for rejection was clear from the structure and 
remedied by a change in processing. 


AST iron with primary graphite in spherical shape is a new 

engineering material described by Gagnebin, Millis and Pilling 
(1)! in this country and Morrogh and Williams (2) in [ngland. 
Donoho (3), Vennerholm (4) and others have made substantial 
contributions. The increase in strength and ductility, which is 
accomplished by the change in graphite shape from the flake form 
encountered in normal cast iron, is shown structurally in Fig. 1. 
These two irons with the same matrix indicate that the severe stress 
concentrations and low mechanical properties accompanying the flake 
graphite structure are radically improved by developing the graphite 
in spherical form. With spherical graphite the mechanical properties 
are largely determined by the matrix and, since it will be shown that 
the ductility is 5 to 20 times greater than normal cast iron with the 
same matrix, the material has been called ductile iron as a simple 
distinction for engineering use. 

Many publications have dealt with the properties of this new 
material (References 1-5). In general, however, these have been 
limited to properties of only one section size of casting or have dealt 
mostly with ferritic or pearlitic structures. In other cases, the pres- 
ence of shrinkage in test bars has been a severe limitation. There 
has not been extensive effort to correlate properties with steels of 
similar matrix structure. Finally, few data on the reproducibility 
of properties under commercial conditions have been made available. 

The purpose of this investigation is therefore to evaluate ductile 

iron as an engineering material from three aspects: 
, I—The general range of properties to be obtained in the foundry 
with changes in the major variables of casting size, heat treatment 
and analysis. 

II—To interpret the properties obtained on the basis of micro- 
structure and the known relationships between microstructure and 
properties of steel and cast iron. Comparative data dealing with 
impact strength, hardenability and fluidity are also included. 

II1I—To assess the reproducibility of ductile iron using data ob- 
tained under commercial production conditions. 


PROCEDURE 


Preparation of Specimens 


Casting Design: To evaluate the engineering properties of any 
cast material it is essential to have test bars which are not only sound 
but also which indicate the range of properties to be expected in 
sound castings of various section sizes because of the effects of section 
size upon structure. The standard series of cast iron arbitration bars 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 1—Effect of Spherical and Flake Graphite Upon the Mechanical Properties of 
Austenite. Microspecimens cut adjacent to the fractures in tensile bars. (a) Flake 
Graphite—unetched— x 100. Illustrates weakness of surface through graphite flakes. 
(b) Spherical Graphite—unetched— xX 100. Illustrates that the matrix structure pre- 
dominates in determining properties of ductile irons. (c) Flake Graphite—3% nital etch 
—> 500. Cracks between the. graphite flakes.can be seen. (d) Spherical Graphite—3% 
nital etch— 500. Slip lines and transformation associated with elongated graphite 
nodules. 


was compared in both respects with a new design of test block (Fig. 
2) called the “Y” block. This comparison has been discussed else- 
where (5) but a short review, including some new data on heavy 
sections, seems warranted here for completeness. 

1. Soundness: In all cases, tensile specimens from the arbitra- 
tion bars exhibited shrinkage, while in*none of the specimens from 
the “Y” blocks was shrinkage encountered. This was due to the 
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Fig. 2—“Y” Block Castings Used to Obtain Sound Specimens With a Wide Range 
of Cooling Rates (Equivalent to 0.3 to 3-Inch Plates). 


Dimensions, Inches A ’% l 3 3 
Width of test coupon .. 600.2... 52%, 4 % 1 3 5 
Length of bar pak cb iy 4 6 6 12 
Height of test coupon Bike bie Relea « sid 1+, 2% 2% 2% 7% 
Over-all height including riser ....... 24 5% 5% 5% 15 
Width at top of riser ..............-. 1% 1% 2% 5 11 
Ratio—surface area/volume .......... 5.20 3.33 2.26 1.3 0.64 
Equivalent plate section, inches ....... 0.38 0.60 0.89 1.5 3.12 


difference in thermal gradient. As shown by Fig. 3, the thermal 
gradient of the “Y” blocks was from 38 to 61 °F per inch, just above 
final solidification (2110 °F), while in the arbitration bars the gra- 
dient was only 3 to 9°F per inch. An adequate supply of hot liquid 
metal was therefore always available in the “Y” blocks at the freezing 
interface to compensate for liquid-to-solid contraction, and proper 
directional solidification took place. 

2. Range of Cooling Rates: The standard 7%, 1.2 and 2.0-inch 
diameter arbitration bars compare with approximately 0.4, 0.6 and 
l-inch plates, while the ““Y” block series represents from 0.3 to 3-inch 
plates, 0.6 to 6-inch rounds and 1.2 to 9-inch cubes based on area-to- 
volume relationships (Fig. 6). Even if the heavy 5-inch block is 
omitted, the range of cooling rates is 4 times that of the arbitration 
bar series. It developed quickly that the properties of ductile iron 
were quite section-sensitive in the as-cast condition so that the arbi- 
tration bar range was unrepresentative. This may be shown by re- 
ferring to the properties for 0.4 to 1.0-inch plates (Fig. 5). 

Because of soundness and wider range of cooling rates, “Y”’ 
blocks were adopted therefore as the test specimens. In recent com- 
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Fig. 3—Directional Solidification Comparison for Y Blocks and Arbitration Bars. 
Thermal gradient at 2110 °F between thermocouple Stations A and B 


%-inch Y—61 °F per inch 0.875-inch d.—9 °F per inch ' 
¥%4-inch Y—59 °F per inch 1.2-inch d. -—3 °F per inch 
l-inch Y—42 °F per inch 2.0-inch d. -—3 °F per inch 


3-inch Y—38 °F per inch 


mercial practice the height of the test section has been reduced as 
follows: %%4-inch Y to %-inch, l-inch Y to 1%-inch. This avoids 
errors in location of the test specimen and provides even better 
feeding. 

Melting Practice: Heats were melted either in basic-lined in- 
duction furnaces of 200 to 2000 pounds capacity, a 2000-pound basic ° 
are furnace, or in a lined production cupola as indicated in the data. 
In several cases, comparative data demonstrate that the type of 
melting unit is of negligible importance, provided identical structures 
are obtained (Figs. 5 and 6). 

In the case of the induction and are furnace heats, pig iron, 
ferroalloys and steel punchings were employed, while in the cupola 
a higher percentage of steel was used because of carbon solution 
from the coke. An addition of 85% nickel, 15% magnesium alloy 
or a J0% copper, 30% magnesium alloy was used to provide the 
residual magnesium content of 0.06 to 0.12%, as indicated in the 
data. A 1% addition of 75% ferrosilicon was made after the mag- 
nesium reaction subsided. 

Heat Treatment: The heat treatments were conducted in electric 
furnaces heated with resistance elements and controlled to +10 °F. 
The ferritic structures made in production (Part III) were heat 


treated commercially in oil- and | gas- -fired car-bottom furnaces, con- 
trolled to +25 °F. 


1952 DUCTILE CAST IRON 287 


Analysis Range 
2.6/3.2% TC, 0.7/0.9%Mn, 0.02/0.08%P, 
0.01/0.02%S, 2.4/2.8%Si, 19.3/20.6% Ni 






Yield and Tensile 
1000 psi 


Strength, 








Brinell 
Hardness 


% Comb. 


See) 
otzisd 
0 O. a. I. t 1.5 
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Fig. 4—Mechanical Properties of Austenitic Ductile Iron 
Without Chromium. 


In all cases, specimens were cut from beneath the tapered riser 
section as previously described (5). 

Testing: Tensile tests were conducted with the use of resist- 
ance wire strain gages in series on opposite sides of the specimen 
for the determination of the stress-strain curves and yield strength 
(0.2% offset). A Peters extensometer was also used for yield 
strength. In production heats and a few other cases yield strength 
was determined by the drop-of-beam method and correlated well 
with the 0.2% offset method from the stress-strain curves. 


DISCUSSION 


Part I—Survey of Mechanical Properties in Castings 
of Different. Section Size, Heat Treatment and Analysis 


In steel the maximum variation in properties is obtained by 
altering analysis, heat treatment or both to produce the five principal 
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Analysis Range 
2.8/3.2% TC, 0.8/0.9% Mn, 0.02/0.07% P, 0.01/0.02%5, 
1.6/2.6%Si, 19.5/21.0%Ni, 1.4/1.7%Cr, 0.7/0.9%Cu 
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Fig. 5—Mechanical Properties of Austenitic Ductile Iron With 
Chromium. 


structures, austenite, ferrite, pearlite, bainite and martensite. In 
general, this procedure was followed to obtain the material and data 
of Figs. 4, 5, 6, 7, and 15. The broad features of the data will be 
discussed in this section, but the reasons for deviations will be taken 
up in Part IT. 

The properties follow, in general, the characteristics of steels of 
similar matrix structures. See Table I. 

Of the as-cast structures, the austenitic irons exhibit the highest 
elongation along with moderate strength. The chromium-containing 
material shows poorer elongation in the lighter sections. Stress- 
strain curves (Fig. 8) indicate a modulus of elasticity of 12,000,000 
psi for the chromium-free type and 15,000,000 psi for the 1.5% 
chromium type. 

The ferritic irons display elongation similar to the austenitic 
material but generally..better yield and tensile strength. This effect 
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Table | 
Effect of Variation of Matrix Structure on Mechanical Properties of Ductile Cast Iron 
Tensile Strength Yield Strength Elongation Brinell 
Matrix psi psi % Hardness 
Austenite 
Chromium-free 55,000/ 63,000 28,000/ 38,000 10.0/24.0 112/172 
1 to 2% Chromium 31,000/ 76,000 27,000/ 43,000 2.0/19.5 147/185 
Ferrite (H. Tr.) 57,000/ 79,000 43,000/ 60,000 9.0/25.0 144/195 
Pearlite 
As-cast 75,000/136,000 55,000/ 90,000 0.0/ 9.5 195/477 
Heat treated 75,000/136,000 55,000/ 90,000 1.5/ 9.5 195/292 
Sainite and Martensite 90,;000/166,000 80 nen 000 150/448 


0.0/ 5.0 











Analysis Range 


3.1/3.9%TC, 0.1/0.6% Mn, 0.01/0.10%P, 0.01/0.02%5, 
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Fig. 6—Mechanical Properties of Ferritic Ductile Iron. 
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Analysis Range 
3.4/3.9%TC, 0.1/0.6% Mn, 0.02/0.09%P, 
0.01/0.02%S, 2.0/3.6%Si, 0.8/1.2% Ni, 

0.9/1.1% Cu 


e Carbide Containing 

o Carbide Free 

¢ Carbide Free 
Normalized 


Tensile 


Yieid and Tensile 
Strength, 1000 psi 


% 
Elongation 


Brinell 
Hardness 





% Comb. 
Carbon 


O 0.5 1.0 1.5 2.0 2.5 3.0 
Equivalent Plate Thickness - Inches 
Fig. 7—-Mechanical Properties of Pearlitic Ductile Iron. 


is particularly marked at higher silicon levels, as discussed in Part I], 
dealing with the effects of alloyed ferrite. The modulus of elasticity 
is also higher. 

Pearlitic structures show radically wide variation in properties 
with section size in the as-cast state, but are quite consistent after 
normalizing. High yield and tensile strength with moderate elonga- 
tion may be obtained with this matrix. 

Bainitic and martensitic matrices may be considered together 
at present, since they exist together in many of the as-cast nickel- 
molybdenum irons generally termed acicular. Because of the high 
hardness, little ductility is obtained. The tensile data for these speci- 
mens may be low because of the effects of small variations in align- 
ment. The stress-strain curves (Fig. 8) exhibit very little plastic 
deformation. 

Although the general pattern of the variation of the properties 
with matrix conforms to the existing data for steel, many deviations 
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Fig. 8—Stress-Strain Curves of Spherical and Flake Graphite 
Irons. Specimens all taken from 1-inch Y blocks. 


are evident in the preceding data. For example, with an austenitic 
matrix, why should the elongation vary from 2% in a light section 
to 19.5% in a heavier section or with a ferritic matrix from 9 to 20% 
or with pearlite from 0 to 9.5%. 

Although the reasons for these differences will be explained in 
the next section, the indication of the preceding data is obvious. 
Ductile iron is a section-sensitive material especially in the as-cast 
condition but also in the heat treated condition; the cooling rate and 


subsequent treatment of the test bar should therefore approximate 
those of the casting. 


Part Il—Interpretation of Properties on the Basis of Microstructure 
and Comparison With Steels of Similar Matrix 


Three structural effects could be responsible for the variation in 
the properties of ductile cast iron which has just been discussed : 
A. Grain size. 


B. Shape and distribution of graphite and massive carbide. 















Fig. 9—Photomicrographs of Unetched Pearlitic Ductile Iron Showing Effect of 
Casting Section on Graphite Size. (a} “%-inch Y block; (b) 3-inch Y block. X 100. 
T.C. ®& Mn % P % S % Si % Cu % Mg % 

3.69 0.10 0.017 0.015 2.95 0.94 0.103 





Fig. 10—Structure of Austenitic Ductile Irons. (a) Specimen without chromium; 
(b) Specimen with 1.5% chromium. X 500. 3-inch Y block section. Etched with 3% 


nital. 

T.C.% Mn% P % S.% Si % Ni % Cr%@ Mg% 
Chromium-free ... 3.18 0.98 0.064 0.009 2. : rai kas 0.088 
1.5% chromium .. 2.90 0.86 0.014 0.021 2.15 20.55 1.49 0.150 


C. Type of matrix. 
The preceding data with a few supplementary experiments pro- 
vide the basis for evaluating the magnitude of each effect. 


A. Grain Size 


The ferritic ductile iron series (Fig. 6) affords an excellent op- 
portunity to evaluate grain size effect, since the matrix is constant 
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_ Fig. 11—Structure of Ferritic Ductile Iron. 3-inch Y block casting. Etchant: 3% 
; — < 500. 


C. % Mn % P% — S% Si % Cu % Mg % 
3.65 0.09 0.011 0.019 3.04 0.62 0.078 
Fig. 12—Structure of Pearlitic Ductile Iron. 3-inch Y block casting. Etchant: 3% 
| nital. x 500. 
T.C. % Mn % P % S % Si % Cu % Mg % 
3.69 0.10 0.017 0.015 2.95 0.94 0.103 
_ Fig. 13—Structure of Acicular Ductile Iron. 3-inch Y block section. Etchant: 3% 
nital. < 500. 
T.C. % Mn % P % S % Si % Ni % Mo % Cu % Mg % 
3.66 0.31 0.019 0.020 2.01 3.02 0.83 0.83 0.073 


| and free from carbide. Practically no change in properties from %4 
to 5-inch “Y” block sections is encountered and, since the grain size 
is the principal variable in this group, it may be concluded that it 
has littie effect upon ferritic castings in this range. 

The austenitic materials (Fig. 4) show a change in average 
properties of 12% in tensile strength and 9% in elongation between 


ot 


= 
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YZ and 3-inch test blocks. A large portion of this may be due to the 
change in combined carbon. Some transformation takes place in this 
chromium-free austenite, during strain, as shown in Figs. 10 and 1. 

It should be pointed out that in addition to the grain size of 
the matrix, the graphite nodule size increases with decreased cooling 
rate, as for example in the pearlitic specimens of Fig. 9. This has 
little effect upon properties, however, as shown by the ferritic and 
austenitic series just discussed. 


B. Effects of Massive Carbide and Shape of Graphite 


The chief deterrent to an understanding of cast iron or ductile 
cast iron by those who are more familiar with steel is the lack of 
knowledge of the variation in the “carbon-rich” structures. Perhaps 
the principal reason has been the oversimplification in stating that 
cast iron is “steel plus graphite”. This is only a special, but very 
useful, case in the system of cast iron alloys. 

In ductile iron, as in normal cast iron, the carbon can exist as 
graphite, as carbide, or dissolved in austenite or slightly in ferrite. 
All the nongraphitic carbon is referred to loosely as “combined” 
carbon. The percentage of combined carbon may vary from 0.02% 
in ferritic iron to over 3.5% in chilled as-cast sections. Neither 
graphite nor combined carbon is fixed—the graphite-carbide relation- 
ship is completely reversible, e.g., a ferritic iron may be converted to 
pearlite by normalizing or even to graphite-free white iron by over- 
heating in flame hardening or welding. 

The deviations from the properties expected of ductile iron with 
a given matrix are caused largely by differences in the carbon-rich 
structures, carbide and graphite. 


Massive Carbide Effects 


In general foundry practice for steel and gray iron, light sectioned 
castings usually possess better properties than heavy sections because 
of finer grain size. However, light sections are more favorable to the 
development of massive carbides in the as-cast ductile iron structure, 
and this effect can result in poorer properties, especially in the case 
of elongation. In the chromium containing austenitic iron (Fig. 5) 
the presence of massive carbides lowers elongation to 2% in the light 
sections. This material possesses generally lower elongation than the 
chromium-free specimens because of massive carbides even in heavy 
sections. Although approximately equivalent levels of combined 
carbon are obtained by chemical analysis, this is probably dissolved 
in the austenite to a greater extent in the chromium-free samples 
(Fig. 10). 

A supplementary case showing the effect of massive carbides in 
ferrite was found in a specimen containing about 0.3% combined 
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carbon in the form of large carbides. The presence of 0.26% chro- 
mium led to the formation of a massive carbide network which could 
not be removed even with two 20-hour treatments at 1700 °F (925 
°C). If this carbide had been present as pearlite, only a modest 
effect on elongation would have occurred, but because of the massive 
form, elongation over 5% could not be obtained, despite a ferritic 
matrix and completely spherulitic graphite. 

Massive carbides are also responsible for the practically negli- 
gible elongation in the light sections of the as-cast pearlitic and 
acicular irons (Figs. 7 and 15). 


Graphite Effects 


In general, massive carbides tend to mask the matrix properties 
in light sections. In heavy sections, deviations are usually caused 
by the shape of the graphite. In the following series, the analysis 
resulted in some flake graphite at the slower cooling rates. 


eee 


Table Il 
Effect of Cooling Rate Upon Graphite Shape of iron With Marginal Chemistry 
Tensile Elon- -—Graphite Type, %~—. 
Strength gation Gees 
“Y"’ Block Specimen psi % BHN Nodular Flake Flake 
'% inch Lower 120,000 4.0 269 90 10 
Upper 108,400 3.0 255 90 10 Ks 
1 inch Lower 95,000 3.0 255 70 20 10 
Upper 69,500 1.5 255 50 20 20 
3 inch Lower 73,250 3.0 207 50 os 50 
Upper 38,500 0.5 196 30 > 70 


Analysis: 3.83% T.C., 0.16% Mn, 0.016% S, 3.43% Si, 1.03% Cu. 








Massive carbides or variations in graphite shape may therefore 
cause marked deviations from expected properties. The question may > 
now be asked, what are the properties to be anticipated in structures 
composed only of spherulitic graphite and respectively austenite, 
ferrite, pearlite, bainite, and martensite matrices. 


C. Matrix Effects 


If the grain size effect is considered small enough to neglect, as 
shown in II-A, and if spherulitic graphite is the only “carbon-rich” 
structure present, the mechanical properties of steel with round par- 
ticles of graphite are obtained. Each matrix will be considered, 
therefore, in the light of the data available for steel. Photomicro- 
graphs of the principal structures are shown in Figs. 10 to 13 
inclusive. 


Austenite 


The chromium-free grade provides properties of the order of 
60,000-psi tensile strength, 30,000 yield strength and 20% elongation. 
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Fig. 14—Tensile Strength of Ferritic Ductile Irons in 
Comparison With Alloyed Ferritic Steels. From Gensamer (7). 


Austenitic 30% nickel, 70% iron alloys show approximately 70,000 
psi tensile strength, 35,000 yield strength and 32% elongation (6). 
Since the 3% of graphitic carbon by weight occupies about 9% of 
the volume, the properties of the ductile iron are about as expected. 
In some of the bars small amounts of transformation were encoun- 
tered because the M, point of this material is close to room temper- 
ature, especially after straining. 


Ferrite 


The tensile strength of the ferritic ductile iron of about 65,000 
psi is far above pure iron without graphite (about 34,000 psi). This 
results from the effects of alloys such as silicon and nickel in solid 
solution in the ferrite as shown by Gensamer, Lacy and others (7). 
These investigators developed a series of correction factors whereby 
the tensile strength of an alloyed ferritic steel may be estimated. 
1% nickel, for example, increases the tensile strength 9500 psi. The 
tensile strengths of ferritic steels of the same analysis (except for 
graphite) as the ferritic ductile irons may be calculated and com- 
pared with the irons as shown in Fig. 14. 


Carbide Dispersions—Pearlite, Bainite, Martensite 


The strengthening effect of carbide particles, whether as pearlite, 
spheroidite, bainite, or tempered martensite, has been shown by 
Gensamer and his co-workers to depend upon the log of the mean 
free path between particles (7). This effect also may be related to 
Brinell hardness. | | 
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Fig. 15—Tensile Strength — Brinell Hardness Relationship of Car- 
bide-Free Ductile Iron and Steels. Shaded circles are carbide-contain- 
ing ductile iron samples, %4-inch Y blocks. Open circles are samples 
from l-inch Y blocks of acicular ductile iron. 


In Fig. 15, tensile data for the various structures are plotted 
against Brinell hardness. A dashed line shows the similar relation- 
ship for steels after Briggs (12). 

Pearlitic structures, which are free from massive carbide as cast, 
and spheroidized pearlite show good linearity and fair general agree- 
ment with the data for steel. Some of the as-cast specimens, espe- 
cially the %-inch “Y”’ blocks, deviate badly because of massive 
carbides which raise Brinell hardness but not tensile strength. The 
details of the specimens which were normalized to form pearlite and 
then tempered at different temperatures are shown in Fig. 16. At 
the higher temperatures, not only spheroidization but also some 
graphitization takes place. Both of these effects decrease hardness 
and strength by increasing the mean path between carbide particles. 

In considering these data for steel and ductile iron, it should be 
pointed out that the comparison is not of materials of the same 
matrix hardness, but rather of the same over-all hardness. The 10% 
of graphite by volume makes it necessary, for example, for the ductile 
iron matrix to be finer and harder pearlite than for steel to reach 
the same over-all Brinell level. This can be confirmed by micro- 
hardness determinations, but a simple check is the consideration of 
the hardenability curve (Fig. 17). The hardness of fully quenched 
eutectoid steel is about Rockwell C-64. By comparison, the maximum 
hardness of the lowest alloy iron is Rockwell C-55 to C-60. In gen- 
eral, then, the mdtrix of the ductile irons is about Rockwell C-4 to 
C-9 or 90 to 150 BHN harder than indicated by the over-all BHN 
(which has been lowered by the graphite ) 
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The specimens with as-cast acicular structures (bainite, martens- 
ite mixtures with retairred austenite) were disappointing in Brinell- 
tensile ratio and require further study. The slight plastic elongation 
(Fig. 8) indicates that specimen alignment may be critical for this 
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Fig. 16—Effect of Tempering Temperature on Pearl. 
itic Ductile Trons. 


material to avoid bending and consequently low tensile values. 
Several attempts to derive a satisfactory relationship for oil-quenched 
and tempered specimens were similarly handicapped. The values for 
oil-quenched specimens, which were tempered at high enough tem- 
peratures to produce appreciable elongation, show a high relationship 
between tensile and Brinell, whereas the low elongation specimens 
show a poor ratio. 


Comparison of Mechanical Properties With Cast Iron 


The stress-strain gurves in tension for irons with spherical and 
flake graphite are compared in Fig. 8. The strength is generally two 
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Ductile Iron 
TC Mn P Ss Si Ni Mg 
3.90 0.50 0.048 0.012 2.72 1.06 0.072 
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Fig. 17—Hardenability of Ductile Irons Compared to Cal 
culated Hardenability of Steel. 


to three times and the ductility over five times greater in the ductile 
irons. The modulus of elasticity of the ductile irons is 20 to 25% 
higher. The general position of ductile iron is therefore much closer 
to cast steel. 


Impact Data 


No comparison of steel, ductile iron and cast iron would be 
complete without some consideration of impact data. However, rather 
than consider impact properties along with tensile and elongation 
data, a separate section is necessary because of the admittedly less 
precise correlation with structure. The use of impact data in design 
is less quantitative than tensile strength and the effect is largely 
influenced by type of specimen and test conditions; the following 
characteristics should be interpreted therefore as exhibiting trends. 

Notched and unnotched ASTM Type Y specimens were used 
and the data of Table III obtained. 

While the unnotched data do not distinguish between the pearl- 
itic steel and the austenitic iron, the notched bar data indicate a 
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TCO% Mn% P% S% Si% Ni% Cu% Ma% 


A 3.55 0.09 0.01! 0.023 3.04 _ 062 0.078 

3.65 0.12 0.014 0.025 3.30 0.73 0.079 
B 3.90 0.50 0.048 0.012 2.72 !.06 a 0.072 
C 3.7! 0.53 0.050 0012 1.91 1.74 =“ 0.169 
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Fig. 18—Hardenability Bands of Ductile Irons and SAE 4340 Steel. 


better capacity for distributing stress in the latter material. 

The data show further that the ductile iron specimens of the 
ferritic, pearlitic and austenitic types possess impact properties of a 
higher order of magnitude than pearlitic cast iron with flake graphite. 








Table Hil 
Impact Data—Type Y ASTM Specimens 


— 7. — - i ————— 


l-inch “*Y’’ Blocks 


-—— Unnotched—_,, ——— Notched—_—_, 
Max. Max. 
Average Deviation* Average Deviation* 
Material BHN Ft-Lbs Ft-Lbs Ft-Lbs Ft-Lbs 
Austenitic ductile iron 
without chromium ... 134 220+- bs 15.0 1.5 
SAE 1095 drill rod, 
spheroidized ......... 200 220+- eh 2.4 0.6 
Ferritic ductile iron, 
& lara 174 70.9 10.5 4.1 0.4 
Austenitic ductile iron 
with chromium ...... 163 42.5 2.5 4.1 0.4 
Pearlitic ductile iron ... 255 18.4 4.9 1.0 0 
Acicular ductile iron, 
600 °F—15—F.C., H.T. 416 4.1 0.9 0.5 0 
Acicular ductile iron, 
Petieemes + anes 351 3.5 1.0 0.5 0 
Class 50 gray iron ..... 212 2.8 0.3 1.0 0 


*Max. deviation shows greatest deviation from average in the quadruplicate tests made. 
For example: Values for austenitic iron without chromium, notched, were 16.5, 14.0, 15.0, 
14.5. Average is 15.0. Max. error is 16.5 — 15.0 or 1.5. 
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Hardenability 


The maximum hardness obtained in ductile iron is lower than 
for comparable steels, but the depth of hardening is equal or greater 
(Figs. 17 and 18). The hardness of the matrix is probably the same 
as indicated by previous work but the over-all hardnéss impression 
is larger because of the graphite. This distinction is important in 


Spiral Length, Inches 


ww & Mg 
4 3.25 226 — 
A 3.25 2.18 0.096 
o -Cast Irons 





0 100 200 300 400 500 
°F in Excess of Liquidus 


Fig. 19—Fluidity of Ductile Irons Compared to Other 
Cast Irons. From Schaefer, Mott and Cook (10). 


dealing with service applications where the hardness of the matrix 
may be more important than the over-all hardness. 

The depth of hardening of two ductile irons of the same effective 
alloy content is compared with the hardenability of a steel of the 
same matrix analysis, calculated according to Field (9). Since the 
factors for magnesium and phosphorus were unknown, they were 
omitted. The steel data are calculated for both coarse and fine grain 
and the depth of hardening correlates quite well with the iron. To 
develop the effect of magnesium somewhat further, a specimen with 
0.169% :magnesium was also surveyed and exhibits markedly greater 
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Fig. 20—Photograph of Fluidity Spiral. Temperatures obtained with Pt — 10% 
Pt-Rh thermocouples and fluidity measured by the length of the spirals. 


hardenability than for a comparable steel calculated without magne 
sium. These calculations were based on the silicon influence on 
hardenability (extrapolated) as shown by Field. If the influence of 
silicon were eliminated or if the effect is reversed at higher levels 
the apparent increase in hardenability due to magnesium may no 
longer hold. 

The change in hardenability with alloy content is indicated by 
Fig. 16. The variation in duplicate specimens from the same ladle 
is shown and the hardenability band for SAF 4340 is included for 
comparison. 

Casting Characteristics 

While the preceding data indicate that the mechanical properties 
of ductile iron resemble steel more closely than cast iron, the casting 
properties still resemble cast iron. Fluidity or castability is an out- 
standing example. 

It has been demonstrated by Schaefer and Mott (10) that the 
fluidity of a given cast iron is determined by the degrees of super- 
heat (above the liquidus temperature) at which it is poured. Since 
the liquidus temperature for a given cast iron is not changed mark- 
edly by magnesium treatment, the same fluidity would be expected 
as for a normal cast iron of the same analysis. . 

To test this reasoning, a heat of 3.25% carbon, 1.85% silicon 
iron was melted and two taps were made. The first tap was inocu- 
lated with 0.40% silicon as 75% FeSi, while the second was treated 
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with 2% of 70% Cu-—30% Mg alloy and 0.40% silicon. The final 
analyses were similar (Fig. 19) except for magnesium. 

Two double spirals of the type shown in Fig. 20 were poured 
from each ladle. All of the points, including the two magnesium- 
treated double spirals, fall within the general relationship previously 
developed. The fluidity of ductile iron is therefore the same as 
normal cast iron, at least in the usual composition chosen for these 
experiments. 

This excellent castability along with relative freedom from hot 
tears often results in exceptional properties in intricate castings com- 
pared with steel, as shown by Iagan (11). 


Part IIl1—Reproducibility of Data 


All the data obtained from six months production under com- 
mercial conditions are shown in Fig. 21. These test bars were poured 
after the last castings from each ladle so that they denote minimum 
properties in the sound sections of the castings they represent. The 
last metal from the ladle is the poorest, not only because of the pos- 
sibility of contamination from slag, but also because of lower pouring 
temperature and the fading effect of the inoculation. The slag con- 
tamination can be mechanical, but also affects structure chemically 
because of the presence of MgS. The level of properties is therefore 
somewhat lower than generally published but serves as a guarantee 
of the castings. 

During this production period, although commercial castings 
were poured from each heat, considerable experimentation in cupola 
practice took place. The unsatisfactory heats are in some cases 
attributable to high sulphur in the metal which combines with an 
excessive amount of the magnesium added as inoculant. This re- 
sulted in inferior graphite structures, since the residual magnesium 
was below 0.06%. In general, the cupola practice was as follows: 

The cupola used was a No. 3% Whiting with a shell diameter 
of 51 inches. The stack was lined to 32-inch diameter above the 
tuyeres. The outer lining was composed of 6-inch fireclay cupola 
block. The well was lined entirely with magnesite brick, and 4%4- 
inch thick magnesite arch brick were used to provide a basic facing 
for 72 inches above the tuyeres. Recently a monolithic basic patch, 
installed with an air gun, has been used to replace burned out zones 
and for the breast and the spout to the metal notch. 

A proprietary graphite clay mixture known as “Hellspot’ has 
also been used for the breast. A front slagging spout with a 4-inch 
metal head above the top of the tap hole is used. 

The cupola melts at about 3.5 tons per hour, and the metal is 
collected in a 2500-pound stationary forehearth which is tapped into 
ton ladles every 15 to 20°minutes. 

The bed is lighted with wood and burned in with natural draft 
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over a 4-hour period. The charge used during the heat was as 
follows :* 


Metal % Pounds 
PRR ele Bt 37.5 150 
ee SERENE = “sre? . GEN et ae 25.0 100 
MONOD. 3.0. rte, ats ca wake 37.5 150 

400 
% of 
Metal Charge Wt. 

Coke 16.3 65 

Fluxes 
CON Sk Eee is ane 5 20 
UNI. a) 5 oo ait'e. 0 Oe eeeawaes 2% 10 
ORT ee oe ly% 6 


The data of Fig. 21 show that 91% of the bars pass the specifi- 
cation of 60,000 tensile strength, 45,000 yield strength and 10% 
elongation minimum. _Microexamination of the unsatisfactory speci- 
mens indicated a good correlation with structure in all cases. 

Six per cent of the cases showed low tensile strength. This was 
caused by flake graphite in amounts over 20% of the total graphite 
content. Inferior yield strength generally accompanied low tensile 
strength. 

Nine per cent of the cases exhibited low elongation. This was 
also caused by flake graphite in amounts over 20% of the total 
graphite content or in about 2% of the failures by chromium con- 
tamination producing massive carbides. Two sources of chromium 
were encountered. In early experiments, chromite bricks were used 
in the lining to separate acid and basic refractories. This led to as 
much as 0.26% chromium in the metal. The other source was con-. 
tamination from alloyed gray iron scrap. 


CONCLUSIONS 


1. The potential properties of ductile iron may be obscured by 
unsoundness, massive carbide or flake graphite. It is a section- 
sensitive material and test bars should represent the cooling rate of 
the casting to be poured according to the area/volume chart at the 
bottom of Fig. 7. 

2. In sound specimens, free from massive carbides or flake 
graphite, the properties are generally within 20% of those of steel 
of similar matrix as exemplified by the following tabulation taken 
from Figs. 7, 14, 15, and 16. 


Yield Strength, 
psi Tensile Strength, Elongation, 
Matrix BHN 0.2% Offset psi % 
Austenite ... 140 32,000 62,000 18.0 
Ferrite ...... 175 46,000 67,000 15.0 
Pearlite ..... 260 68,000 100,000 4.0 


“In more recent practice 60% steel, 40% returns have been used. 


DUCTILE CAST IRON 


Heat Treatment 
Heating Rate - Not Exceeding 200°F/ Hr. 
Held at 16502 25°F for 6 Hours 
Cooled at Rate Not Exceeding |00°F/ Hr. 


Dota From 104 Separate Samples 
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Fig. 21—Statistical Analysis of Mechanical 


Properties of Six Months Commercial Production 
of Ferritic Ductile Iron. 





3. With accurate melting and metal handling controls, the 
properties may be produced consistently in the foundry, and all 
deviations in mechanical properties may be explained structurally. 


ACKNOWLEDGMENT 


The authors greatly appreciate the support and counsel of R. H. 
Schaefer, vice-president and director of research and development, 
and the staff of the Metallurgical Department in these experiments. 
The assistance of R. A. Pinto in supervising the production data has 
been especially helpful. The careful analytical work of B. E. Sock- 
man and his staff, especially in the determinations of magnesium and 
combined carbon, was very useful. 


















een 


pecs pe a, Sirs terme ai 
7 : 





TRANSACTIONS OF THE A.S.M. Vol. 44 


We also wish to acknowledge the cooperation of the staff of the 
Brake Shoe and Castings Division, especially T. J. Wood, chief 
metallurgist, A. J. Derrick, Mahwah plant superintendent, W. T. 
Bourke, metallurgist, and J. Miraglio, cupola foreman, in this work. 


References 


1. A. P. Gagnebin, K. D. Millis and N. B. Pilling, “Ductile Cast Iron: A 
New Engineering Material”, Iron Age, Feb. 17, 1949. 

H. Morrogh and W. J. Williams, “The Production of Nodular Graphite 
Structures in Cast Iron”, Journal, Iron and Steel Institute, Vol. 158. 
1948, p. 306; discussion, Vol. 160, 1948, p. 21.. 

3. C. K. Donoho, “Producing Nodular Graphite With Magnesium”, Ameri- 

can Foundryman, Vol. 15, February 1949, p. 30. 
4. G. Vennerholm, H. Bogart and R. Melmouth, “Section Size Relationships 
in Nodular Iron”, Transactions, American Foundrymen’s Society, Vol. 
58, 1950, p. 174-184. 
R. A. Flinn and R. W. Kraft, “Improved Test. Bars for Standard and 
Ductile Grades of Cast Iron”, Transactions, American Foundrymen’s 
Society, Vol. 58, 1950, p. 153-168. 
6. J. W. Sands, “Iron-Nickel Alloys”, ASM Merarts Hanppoox, 1948 edi- 
tion, p. 599-600. 

7. M. Gensamer, 1945 Campbell Lecture, “Strength and Ductility”, Trans- 
Actions, American Society for Metals, Vol. 36, 1946, p. 30-60. 

8. Patton, ASM Merats Hanpsoox, 1948 edition, p. 457-458. 

9. J. Field, ASM Metats Hanppoox, 1948 edition, p. 500. 


10. R. H. Schaefer, W. S. Mott and E. Cook, “Experimental Production of 
Pilot Static and Centrifugal Castings for the Armed Services: Part 
I1I—The Fluidity of Cast Alloyed Steels and Irons”, NDRC Division 
18, OSRD No. 5634. 


ll. T. E. Eagan and J. D. James, “A Practical Evaluation of Ductile Cast 
Iron”, Iron Age, Vol. 164, Dec. 8, 1949, p. 75-79; Dec. 15, 1949, p 
77-82. 

12. C. W. Briggs, “The Metallurgy of Steel Castings”, McGraw-Hill Book 
Co., Inc., 1946, p. 618-624. 

13. M. Gensamer, et al, “The Tensile Properties of Pearlite, Bainite and 


Spheroidite”, Transactions, American Society for Metals, Vol. 30, 
1942, p. 1002. . 


tw 


ws 


DISCUSSION 


Written Discussion: By T. E. Eagan, research metallurgist, The 
Cooper-Bessemer Corp., Mt. Vernon, Ohio. 

Ductile or nodular iron is a new material which is just beginning to 
he exploited. The greater share of the published literature on the physical 
properties of the material has been based on the results of tests taken 
from the 1-inch keel block or special shapes of blocks somewhat similar 
bat not exactly like the “Y” blocks. The information given in this excel- 
lent paper is a very welcome addition to our information on nodular iron. 

The “Y” block used by the authors is rather new. It was developed 
by them and a special test bar committee appointed by the AFS. We 
have very little information as to its value except that published by the 
authors. It has, however, been adopted by the ASTM committee as the 
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one specified in the new tentative specification covering nodular iron, the 
keel block being specified as optional. More test results other than those 
made by the authors are necessary before a complete evaluation of this 
test specimen can be made. 

Section sensitivity in gray iron and ductile iron has been discussed at 
length by the’authors. They have used equivalent plate thickness based 
on the area/volume ratio as the section thickness measurement of simple- 
shaped castings. Actually the area/volume ratio is a measure of cooling 
rate, as shown by the authors. The results obtained by them, therefore, 
should apply to simple-shaped castings where this ratio can be measured. 

As a check on the results presented, we have taken large numbers of 
tests on generator shafts similar to the one shown in Fig. 1 made of duc- 
tile iron and used in the “as-cast” or pearlitic condition without normal- 
izing. The chemistry of these shafts is somewhat different from that 
shown by the authors, being: 3.1/3.4% T.C.; 2.20/2.80% Si; 0.35/0.70% 
Mn; 0.05/0.14% P; <0.01% S; 1.25/1.80% Ni; 0.40/0.60% Cu; 0.05/0.08% 
Mg. The small end of these shafts is 6 inches in diameter and a 6-inch 
extension is cast on the full diameter which is cut off and a test bar is 
cut at half radius perpendicular to the cut face. 

According to Fig. 6 in the authors’ paper, a 6-inch diameter is equal 
to a plate 3 inches thick. Using this to extrapolate in Fig. 7, the tensile 
strength of these shafts should be between 75,000 and 85,000 psi. Our 
actual tests fall between 70,000 and 98,700 psi for 37 tests. On the surface 
this seems to be a very great difference; actually, only 3 of the 37 tests 
were above 85,000 psi and only 5 were below 70,000 psi. Considering the 
chemistry difference, this is a very good check on the results obtained by 
the authors, as far as tensile strength is concerned. 

We did not determine the yield point on these shafts because of the 
danger of damaging an extensometer. However, the elongation obtained 
from the extension shaft tests was between 0 and 3.5%, which is lower 
than shown by the authors. This, we find, is typical of the conditions 
found when we compare the ductility of actual castings in the “as-cast” 
condition with test bar results. We have no adequate explanation for it. 
We believe that the chemistry of ductile iron has a great deal to do with 
it; if the manganese is below 0.40% and the nickel below 1.00%, consider- 
able ductility can be obtained in the pearlitic condition. 

In the annealed or ferritic condition we check the authors’ Fig. 6 in 
that the section size seems to have little to do with the tensile properties 
obtained. Taking the results of tensile tests obtained from 21 actual cast- 
ings with section thicknesses between % and 2% inches, we obtained : 


TS. 70,500 + 5000 psi 
Tr. 56,200 + 4300 psi 
Elong. 10.1 + 4.8% 


The results obtained from the corresponding 1-inch keel block tests 
were: 


aot 71,800 + 2500 psi 
Fre 52,000 + 2300 psi 
Elong. 16.3 + 3.1% 


We again find the elongation in actual castings lower than the results 
obtained in the 1-inch well-fed keel blocks. This lower elongation can 
well be caused by some microporosity in the casting. 
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With reference to the impact data shown in Table III, attention is 
called to the fact that the ferritic ductile iron reported contained 3.22% 
silicon, which will give lower impact strength than the normal 2.40 to 
2.80% silicon. 

The results of the fluidity tests reported by the authors are somewhat 
surprising. From actual observance of the pouring of a number of heats 
of ductile iron, it is my opinion that the fluidity of ductile iron is con- 
siderably higher than gray iron. 

The physical properties of the austenitic ductile iron are the most 
comprehensive so far reported. Use of the flake graphite austenitic type 
of material was always limited by its rather low tensile strength. Now 
there is a new material available which has excellent physical properties 
and should expand the use of this type of material considerably. 

Written Discussion: By Albert P. Gagnebin, The International Nickel 
Company, Inc., Development and Research Division, New York City. 

The comprehensive and broad study of ductile iron by Messrs. Kraft 
and Flinn contributes very interesting data on the properties and charac- 
teristics of this new engineering material. The authors are to be con- 
gratulated on the quality of their work. 

The meaning of the term “section-sensitive” as used in this paper 
should be defined. It is used in a general way and the scope of its mean- 
ing is not precisely outlined. For example, the following statements are 
made: 

On page 291—‘“Ductile iron is a section-sensitive material especially 

in the as-cast condition but also in the heat treated condition ;” 
On page 2938—‘“Practically no change in properties from % to 5-inch 
“Y” block sections is encountered and since the grain size....” 

Also on page 293—“The austenitic materials (Fig. 4) show a change 
in average properties of 12% in tensile strength and 9% in elon- 
gation between % and 3-inch test blocks.” 

It is evident from these data that ductile iron is not section-sensitive 
with respect to mechanical properties. Our own data confirm this point 
and show that with a uniform microstructure there is very little change 
in mechanical properties with variation in section thickness. This has also 
been confirmed by other work* which is quoted below: 


MECHANICAL PROPERTIES OF DUCTILE IRON 





IN THE ANNEALED CONDITION (C—3.5%, Si—2.0%, P—0.05%) 
Section Yield Tensile 
Thickness Strength Strength 
inches psi psi Elongation 

Y% 52,500 71,000 20.0 
I : 51,500 70,000 19.5 
2 50,000 68,000 19.0 
4% 45,500 63,000 17.5 
6 43,000 60,000 17.0 


The same general trend, with respect to section size, can be shown for 
other microstructures. Obviously if the microstructure varies along with 
the section thickness, greater changes in the mechanical properties will 
occur. A related example might be a comparison of the properties of bars 
ranging from % to 5 inches in diameter from the same heat of SAE 1095 
steel, heat treated in one case by normalizing from 1600°F, and heat 
treated in the second case to achieve the same microstructure in all section 


2Prof. F. B. Rote, University of Michigan. 
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thicknesses. The term “section-sensitive” will obviously have a different 
meaning when applied to these two sets of test results. 

Another point is that the authors state that the modulus of elasticity 
for ductile irons is 20 to 25% higher than that of gray irons. Gray cast 
iron is not an elastic material and the normal range of modulus of 
elasticity generally quoted for it is from 12,000,000 to 20,000,000 psi. 
Ductile iron, on the other hand, is an elastic material like steel and 
develops a modulus of elasticity ranging from 24,500,000 to 26,500,000 psi. 
There are, of course, several methods of measuring the average stiffness 
of gray cast iron and it would be interesting to know which method the 
authors used. 


Authors’ Reply 


Mr. Eagan’s discussion was welcomed by the authors. In general, his 
data confirm our experiments with this material. 

With respect to the question on the apparent difference in fluidity 
between flake graphite and ductile irons, our Fig. 19 is a plot of spiral 
length (fluidity) versus degrees superheat above the liquidus (not absolute 
temperature). At the same temperature different irons will have different 
fluidities due to a difference in freezing point. However, if all the mate- 
rials are reduced to the common denominator of degrees superheat, the 
fluidity as measured by the spirals is practically identical. 

We appreciate the constructive criticism by Mr. Gagnebin and would 
like to add a few comments to clear up the question of section sensitivity. 

First of all, we would define section sensitivity as: Variation in 
properties caused by casting thickness. All cast metals are section- 
sensitive but to different degrees. In the report, we attempted to show 
the different factors in ductile iron which may cause pronounced variation 
in properties with section size. 

For example, annealed ductile iron when properly processed has 
practically no variation in properties with section. This is confirmed by 
Mr. Gagnebin’s table. 

Improperly processed material—such as that containing deleterious 
elements or too little or too much magnesium—is very section-sensitive. 
Table II shows a heat of this type with 120,000 psi tensile strength in the 
¥%-inch “Y” block and 38,000 psi tensile strength in the 3-inch “Y” block. 
This order of variation in properties would also be encountered in an- 
nealed material. 

In the above case the poorer properties in the heavy sections were 
caused by inferior graphite. Undesirably lower properties may also be 
developed in light sections due to the presence of massive carbides. For 
these reasons we believe it is necessary to represent the casting by test 
bars of the proper séction size. We do not mean to imply that ductile 
iron cannot be made reliably in a range of sections. The entire group of 
data in the paper indicates that properly processed material, as indicated 
by proper test bars, i$ perfectly dependable. 











GAS EVOLUTION FROM GRAY CAST IRON 
DURING ENAMELING 


By Lew F. Porter ANpD Pui ip C. ROSENTHAL 


Abstract 


Through a systematic control of the variables asso- 
ciated with dry-process enameling of gray cast tron, it has 
been established that the major cause of gassing during 
the firing cycle is the evolution of carbon oxide gases from 
the surface of the iron. These gases come from a reaction 
between carbon from the tron and oxygen supplied by the 
atmosphere and evolve soon after the enamel is molten, 
with the evolution increasing in intensity and then finally 
ceasing after a period of time dependent on the furnace 
temperature. Hydrogen absorbed during melting does 
not cause gassing when gray cast iron is enameled, but 
hydrogen absorbed from extensive rusting or electrolytic 
treatments of the gray iron prior to enameling can cause 
defects. Chilled or white iron, on the other hand, very 
readily reveals defects from hydrogen absorbed during 
melting. A method devised to view the enameled speci- 
mens during the entire enameling cycle made it possible 
to observe that the carbon oxide gas evolution occurred 
during the firing process, whereas hydrogen gas evolution 
occurs primarily while the plate is cooling. Carbon oxide 
defects are usually pinholes, while those from hydrogen 
are usually blisters. 


NE of the important uses for gray cast iron is as a base metal 

for vitreous enameling. There are two major problems in- 
volved in applying this finish to gray cast iron. One of these is con- 
cerned with the release of gas which occurs during and subsequent 
to the firing of the enamel coating, and the other with the factors 
affecting adherence, i.e., the strength of the bond between the enamel 
and the iron. Both of these problems are of utmost importance, since 
gassing is the cause of the most troublesome of all enameling defects, 
blistering or pinholing,’ while poor adherence will result in chipping 


1A blister may be defined as a small projection on the enamel surface caused by the 
release of gas from the casting, forming a gas bubble which remains in the finished coating. 

A pinhole is a small indentation in the enamel surface caused by the contraction of a 
subsurface gas bybble during the cooling of the fluid enamel, or by the breaking of such a 
bubble while the enamel is still molten. This allows the enamel to enter the opening, thus 
leaving a depression. 





A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. Of the authors, Lew F. Porter 
is a research metallurgist in the University of Wisconsin Engineering Experi- 
ment Station, assigned to the Department of Mining and Metallurgy, and Philip 
C. Rosenthal is a professor of metallurgy in that department. Manuscript 
received November 10, 1950. or 
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of the enamel coating when under strain. The present paper deals 
with an investigation of the sources of the gases. The problem of 
controlling the gas evolution, and the problem of adherence are to be 
considered in later papers. 

In the process under consideration a “ground coat” enamel is 
sprayed on the casting as a slip, the coating is air-dried; and the 
enamel then fired for a fixed time period in a furnace held at 1700 °F 
(925°C). The casting is removed from the furnace and, while still 
hot, a “cover coat” of enamel is applied as a dry powder. The cast- 
ing is returned to the furnace and the cover coat fused. If necessary 
a second cover coat is applied in the same manner as the first. The 
enameled casting is allowed to cool slowly to room temperature. This 
method of applying the enamel is known as “dry-process” enameling. 

Zaptte and co-workers (1-3)* present data purportedly showing 
that hydrogen is the principal cause for gassing and for the resulting 
pinhole and blister defects occurring during the firing of enamels, 
not only on sheet irons, but also on cast iron over the temperature 
range from 1350 to 1600°F (730 to 870°C). The present paper 
shows, through a series of controlled tests, that the major cause of 
gassing in dry-process enameling of gray cast iron is the evolution 
of “carbon oxide” gases and that hydrogen only occasionally con- 
tributes to gassing. This information generally supports the studies 
of such past investigators as Post (4), Strong (5), Lucian and Kautz 
(6) and Krynitsky and Harrison (7). 

That the major gassing comes from a reaction between carbon 
and oxygen was tentatively established during early experiments 
made primarily to obtain standard procedures. Special tests were 
then arranged to check this point. These involved determination of 
the role of carbon in the iron—whether it must occur as graphite, 
combined carbon, or in solution; and the source of the oxygen— 
whether it comes from the atmosphere, the iron, an iron oxide on 
the surface, or from the enamel itself. Tests were also made to be 
sure that hydrogen was not somehow involved in the phenomenon 
that had been noted. The procedures used in each. case were to 
eliminate all but one of the three elements from the iron or to control 
carefully the presence of the other two. 


EXPERIMENTAL WorK 
Materials and Standard Procedures 


The iron used for the experiments was obtained as enamelware 
scrap and remelted in a high-frequency induction furnace. It analyzed: 
TA. Si Mn P S 
3.47% 2.67% 0.55% 0.75% 0.073% 
The raw materials for enameling were obtained from the same 


*The figures appearing in parentheses pertain to the references appended to this paper. 








312 TRANSACTIONS OF THE 4A.S.M. Vol. 44 


sources as the iron scrap. The ground coat was applied as a liquid 
slip made up to the proper consistency for use. The cover coat was 
supplied as a finely ground dry white powder and was used as such. 
Although the exact compositions of the enamels were not known, 
they adhere closely to those of the standard dry-process enamels. 
Throughout the entire investigation no change was made in the 
composition of either the ground coat or the cover coat. 

Standard melting, casting and enameling techniques were devel- 
oped before any actual experiments were undertaken. 

The standard melting and casting technique consisted of induc- 
tion melting 15-pound charges of scrap as quickly as possible in a 





Fig. i—Dry Sand Mold Used to Pour Test Castings. Left—Mold 
open and casting alongside. Right—Mold closed ready for pouring. 


17-pound magnesia crucible. When the melt reached 2600 °F (1425 
°C), as measured with an optical pyrometer, it was tapped into a 
clean clay-graphite crucible preheated to 1600°F (870°C). This 
crucible was used to pour the molds. 

Typical effects of remelting on the iron composition are as 
follows : 


T.C. Si Mn P S 
Analysis charged 3.47 2.67 0.55 0.75 0.073 
Analysis after melting 3.42 2.63 0.56 0.77 0.074 


The casting used measured 9 by 2% by % inches. Six of the 
castings were poured from a 15-pound furnace charge. In order to 
minimize contamination of the castings with hydrogen from the mold, 
they were produced in a dry sand mold prepared from a mixture 
of natural molding sand, 6% Western bentonite, and 6% moisture. 
These molds were dried at 350 °F for 24 hours and assembled and 
poured while still warm. No organic binder was used. Fig. 1 illus- 
trates the mold and a typical casting. 

Considerable testing was done to establish a standard enameling 
practice. For the particular plate and furnace combination used, the 
following cycle gave the best results: 
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Fig. 2—Enameling Cycles Used During the Standardization of Procedures. 


1. A thin ground coat (5 grams per square foot) was sprayed 
on a thoroughly sand-blasted plate and air-dried. 

2. The ground coat was fired for 9 minutes in an electric fur- 
nace having a hearth approximately 3 feet long, 1% feet wide by 
1 foot high, and maintained at 1700 °F (925 °C). 

3. A standard quantity of cover coat, equivalent to 165 grams 
per square foot or about one-third the normal commercial application, 
was applied to the hot casting by a constant rate feeder. The casting 
was held out of the furnace a total of 4 minutes, the cover coat being 
applied during the first 2 minutes of this period. 

4. The cover coat was fired a total of 3 minutes in the same 
furnace. A single coat was used to make the coating more sensitive 
to gas defects. 


Procedure Variables Affecting Gassing 


During the work involved in developing standard procedures, 
certain effects were noted which have a bearing on the gassing prob- 
lem. Hence they have been recorded here. 

The various;:enameling cycles depicted in Fig. 2 were employed 
during the standardization procedures. These curves were obtained 
by taking temperature readings every half minute, using a thermo- 
couple placed in a drill hole in the middle of the plate being tested. 
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The plates which were fired to 1600 and 1700°F (870 and 
925 °C) in the 1800 °F (980 °C) furnace were found to contain gas- 
sing defects, while plates fired to the same temperature but in a 
furnace operating at 1600 or 1700 °F (870 or 925°C) were excel- 
lent. Thus the rate of heating was found to be important in control- 
ling gas defects. Additional tests indicated that ground coats fired 
in a 1700 °F furnace for less than 4 minutes and those fired for 
5 minutes or less in an 1800 °F furnace would show defects. 

From these tests it appeared that gassing always occurred during 
the firing of the ground coat and that the higher the furnace temper- 
ature the longer the ground coat must be fired to reach a point where 
the gas evolution ceased. 

Another processing variable related to gas defects was the 
amount of ground coat used. It was found that as the thickness of 
the ground coat was increased, other processing variables being held 
constant, the tendency toward pinholes increased. As explained later, 
this is the result of mechanical entrapment of the gas bubbles by the 
ground coat so that all do not escape before the cover coat is applied. 

Another source of defects was found to be voids in the castings 
which had openings to the enameled surface. These led to pinholes 
in the enamel. However, voids having no opening to the surface 
created no pinholes or blisters. 

The foregoing observations indicated that under certain con- 
ditions of processing, gassing occurs and can cause defects in the 
enamel. Metallographic examination of numerous enameled samples 
showed that oxidation and decarburization apparently took place at 
the metal-enamel interface during firing. A typical example of a 
metal-enamel interface is shown in Fig. 3. Beginning in the un- 
affected zone of the base metal, the following features are revealed: 

a) Base metal with most of the carbon-occurring as graphite as 

the result of the enameling treatment. 

b) A layer near the surface containing partially decomposed 

graphite—evidence of decarburization at the surface. 

c) The ground coat containing precipitated FegO, crystals* and 

gas holes. 

d) Part of the cover coat. 

The appearance of the interface would lead to the obvious deduction 
that carbon oxide gases formed during the firing and were responsible 
for the defects. 


Visual Observation of the Enameling Process 


Because the gassing phenomenon was one which represented a 
transient condition in the enameling cycle, it was felt that a closer 
observance of the gassing would be helpful. Nothing was found in 
the literature which suggested..a likely method to accomplish this 


; ee as such by noting extinction characteristics under the miicroscope using polar 
ized light. 
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Fig. 3—Typical Structural Features of the Metal- 
Enamel Interface. Originally magnified xX 500; reduced 
in printing. Nital etch. 1—Cover coat; 2—Ground 
coat; 3—Gas hole; 4—Precipitated FesO.; 5-—Partial- 
ly decomposed graphite; 6—Base metal. 


objective; therefore, a tube furnace for viewing specimens during 
firing was devised. A diagram of this furnace is given in Fig. 4. 
The specimen used was a 14-inch square section cut from a standard 
cast iron test plate. The specimen was placed in the center of the fur- 
nace which was maintained at a temperature of 1700 °F (925 °C). 
Arrangements were made for measuring the temperature of the sur- 
face being enameled. The surface of the enamel ground coat was 
carefully observed throughout the firing cycle by using the large mag- 
nifying glass mounted above the furnace tube. A typical log of the 
changes occurring during the firing of the normal ground coat on the 
standard cast iron specimen is recorded herewith: 

1. No change in the enamel is noted until a temperature of 
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Vertical Tube Furnace For Visual Observation 4 
Of The Firing Cycle ; 


Magnifying Glass Potentiometer 
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Fig. 4—Vertical Tube Furnace Used to View Specimens During the Enamel- 
ing Process. 


1525 °F (830°C) is reached. This takes 3 minutes. At this tem- 
perature the enamel fuses. 

2. As soon as fusion is complete, small white dots appear over 
the entire surface. 

3. The dots grow slowly until they are recognizable as gas 
bubbles. 

4. At a surface temperature of 1650°F (900°C) (after firing 
4 minutes) the evolution of gas suddenly increases. Large bubbles 
form and break. 

5. After a period of 5 to 6 minutes in the furnace, bubbles cease 
to form and the enamel smooths over. 

These observations prove that gassing is a definite part of the 
firing cycle.. There is an initial gassing, which starts as soon as the 
ground coat fuses, and a more violent gassing, occurring later at a 
higher surface temperature. Gassing eventually ceases, after which 
the application and firing of the cover coat can proceed without 
difficulty. This explains why adequate firing of the ground coat is 
necessary to avoid gas defects in the cover coat. 

The effect of a heavy ground coat on standard specimens was 
observed in a similar manner:~ It was found that the same gassing 
characteristics existed except that the heavy ground coat formed a 
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Fig: 5—-Results of Tests Linking the Pinholing of Plates Given a Heavy Ground Coat 
ih of the Base Metal. a—Standard; b—Decarburized; c—Armco 
iron; d—Mild steel. 


froth during the later gassing and the enamel never smoothed over. 
On cooling to room temperature, heavy ground coats were found 
to contain many gas bubbles of various sizes. Bits of enamel popped 
off the surface spontaneously, apparently due to strains set up on 
cooling. The retention of gas bubbles in heavy ground coats is there- 
fore responsible for the defects which occur in cover coats applied 
to such plates. 

Since a heavy ground coat results in merely a mechanical entrap- 
ment of the gas evolved, it appeared that use of a heavy ground coat 
provides an excellent way to study the gassing characteristics of 
different types of iron and thus to determine the cause of the gassing. 


For instance, an iron from which no gas evolved should enamel satis-' 


factorily, even with heavy ground coats. 
Effect of Carbon 


If, as was suspected, carbon and oxygen account for major gas- 
sing, elimination of either one of these elements during enameling 
should prevent gassing. Carbon was studied first, and it was re- 
moved by decarburizing standard cast iron plates to a depth of 0.040 
inch by holding at 1700°F (925°C) for 24 hours in sand. Plates 
of Armco iron and mild steel were also obtained for comparison. 
The above-mentioned plates, along with a standard cast iron plate, 
were thoroughly sand-blasted, coated with a heavy ground coat and 
fired according to the standard firing cycle. The results obtained 
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are shown in Fig. 5. The standard cast iron plate was the only one 
having pinholes in the enamel. Decarburized specimens were coated 
with heavy ground coats and the firing. characteristics were also 
observed in the tube furnace. No gassing occurred at any time 
during the firing. 





Fig. 6 (Left)—This Pearlite Occurred Along the Surface of the Plate Beneath the 
\ffected Area Shown in Fig. 7. Nital etch. X 250 


Fig. 7 (Right)—-Gas Defects on One Edge of an Enameled Decarburized Test Plate 
Caused by Residual Pearlite on the Iron Surface. 


During the examination of decarburized plates, two interesting 
exceptions were found. One plate contained a pattern of gas defects 
after firing a heavy ground coat. This plate was examined metallo- 
graphically and found to be decarburized less in the area of the de- 
fects than in the area free of defects. Careful examination of the 
decarburized surface in the area of the defects showed the presence 
of spheroidized carbides at the metal surface, while the metal in the 
area which did not show defects was free of such remnants of carbon. 

Another 1'%-inch square decarburized specimen coated with a 
heavy ground coat and fired in the tube furnace gassed badly along 
one edge only. This edge was examined metallographically and was 
found to contain a thin rim of pearlite at the enameled surface. Fig. 6. 
Below the pearlitic rim the iron was completely decarburized. The 
effect of this carbon on the ground coat is illustrated in Fig. 7. 
While the formation of the pearlitic rim cannot be explained, its 
reaction on enameling is further proof that the gassing which occurs 
during the enameling cycle is caused by a carbon reaction. The two 
cases just cited show, furthermore, that the carbon need not be 
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present as graphite, reacting even though it is dissolved in the iron. 

The following experiment was also performed. One half of a 
decarburized plate was coated with graphite and then the whole plate 
was given a heavy ground coat. After firing the ground coat in a 
1700 °F (925°C) furnace for 9 minutes, the plates were cooled 
and examined. The graphite-coated portion of the plate was covered 
with gas defects, and enamel continued to flake off as the plate cooled. 
No gassing took place in the uncoated portion. 

The preceding tests show that when firing in a 1700 °F furnace, 
a gassing reaction will occur if carbon, either as graphite or in 
solution, is present at the surface of the base metal. If this carbon 
is removed or if low carbon iron is used as the base metal, no gassing 
occurs. 

No information has yet been obtained to show that oxidation 
of iron carbide can also occur, because by the time the enamel 1s 
fused, the carbide is in solution in the austenite. However, work on 
another problem in this laboratory showed that when certain white 
irons were subjected to oxidizing atmospheres at elevated tempera- 
tures, massive iron carbide islands could be found in the heavy oxide 
layer that was produced. In other words, in this case iron was 
oxidized much more rapidly than the iron carbide. This suggests 
that free iron carbide is quite resistant to oxidation. 


Effect of Atmosphere 


The evidence thus far presented proves that carbon must be 
present at the enameled surface for the observed gassing to occur. 
llowever, it has not been demonstrated directly that oxygen also 
enters into the reaction. This point was settled by using the 
atmosphere-controlled furnace shown sketched in Fig. 8. Specimens 
of standard cast iron were coated with a heavy ground coat and fired 
in an atmosphere of pure argon. The progress of firing was observed, 
and at no time did any gassing occur. Fig. 9 shows the appearance 
of the ground coat after firing. The few areas free of enamel are 
the result of handling the specimen. 

Thus both oxygen and carbon must be present to cause the 
gassing observed on firing a cast iron ground coat. The elimination 
of either of these elements results in elimination of the gassing. The 
gas formed can be considered to be carbon monoxide, carbon dioxide 
or.a mixture of the two. This test is also important in ruling out 
the enamel as the original source of the oxygen, for if it were, gas- 
sing should have occurred regardless of the argon atmosphere. 

Whether the oxygen necessary for oxidizing the carbon comes 
from oxygen dissolved in the enamel or from free iron oxide has 
not been established definitely, but there are indications that free 
iron oxide may be responsible. For instance, it has been noted that 
specimens which were underfired and showed free iron oxide (oxide 
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Fig. 8—Atmosphere Controlled Furnace Used to View Specimen While Firing 
the Enamel. 


not in solution in the enamel) on the metal surface continued to 
evolve gas during the firing of the cover coat. Similarly, specimens 
which are overfired to the point where presumably free iron oxide 
again started to form at the metal surface showed evidence of gas 
bubbles beginning to form and attempting to work up through the 
enamel. It appears, then, that gassing occurs only when free iron 
oxide is present at the metal surface. A few more detailed experi- 
ments have thus far tended to substantiate this idea. For instance, 
the surface of a specimen was first oxidized by heating it to 1700 °F. 
Then it was cooled and a heavy ground coat was applied over the 
iron oxide which formed during the heating. The specimen was then 
fired in the argon atmosphere. Gassing occurred which was quite 
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Fig. 9—No Blisters or Pinholes 
Appear in the Ground Coat When 
Standard Gray Cast Iron Is Fired in 
an Argon Atmosphere. 


Fig. 10—Preoxidation of a Specimen Fired in 
an Argon Atmosphere Will Produce Severe Gassing. 


similar to the gassing which occurs when a standard specimen is 
fired in air. The appearance of the pre-oxidized specimen fired in 
argon is shown in Fig. 10. 

Another specimen was sand-blasted and coated with a heavy 
ground coat. Then it was heated to 600 °F in air and cooled. After 
cooling, the specimen was fused in the argon atmosphere. Again 
gassing occurred, due to the presence of free iron oxide formed 
during the heating to 600 °F in air. However, this time the gassing 
was much less violent than in the previously described experiment, 
presumably. because less iron oxide was present. 

The preceding tests indicate that oxygen, probably in the form 
of free iron oxide and coming initially from the atmosphere, reacts 
with carbon in the form of graphite or in solution in austenite to 
cause the gassing observed during the firing of the ground coat. 
[ron oxide initially dissolved in the cast iron is not considered a 
potential source of the oxygen needed to cause gassing. Additional 
experiments also showed that irons to which oxygen was deliberately 
added before pouring and irons deoxidized with aluminum enameled 
equally well. 

The factors that govern the rate of the carbon oxide gassing 
reaction, particularly those concerned with the stoppage of gas evo- 
lution after a given period in the furnace, are being considered fur- 
ther. It is hoped that ultimately the course of the reaction can be 
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fully explained. Since, however, this point appears to be fairly 
closely related to adherence, it is not considered further in this paper. 


Hydrogen Gassing 


4 


With the wealth of published information attesting to the dele- 
terious effects of hydrogen, it is only natural that gassing from this 
source was given much attention during the course of this investi- 
gation. Before the enameling cycle had been observed visually and 
the importance of carbon oxide gassing had been established, it was 
assumed the pinholes and blisters noted during some of the tests 
could have originated from hydrogen. Hence, various methods were 
used to introduce or remove hydrogen and to test for its presence. 
For instance, a 600 °F treatment for 4 hours was used as a hydrogen- 
relief anneal. This gave indifferent results on the enameled plates. 
The use of an argon flush during melting to remove hydrogen that 
might have been dissolved did not produce any noticeable change in 
enameling characteristics. Pickling of test plates prior to enameling 
to introduce hydrogen did not resuit in blistering or pinholing. 

The next attempts at producing hydrogen defects were by using 
hydrogen to decarburize the irons. Since it now had been established 
that decarburization during enameling was one factor accounting for 
pinholes, it was reasoned that if decarburization in a hydrogen 
atmosphere could be done prior to enameling, the test would provide 
a means of saturating the irons with hydrogen while simultaneously 
eliminating carbon from consideration. 

From the standpoint ef obtaining complete decarburization with 
hydrogen, the various tests used were unsuccessful. Some surface 
decarburization occurred, but graphitic carbon at the surface was not 
eliminated. However, there was good evidence that hydrogen had 
penetrated the iron, for after cooling to room temperature the 
hydrogen-treated irons invariably retained much more pearlite than 
the untreated irons cooled in a similar fashion. This is illustrated in 
Fig. 11. Numerous plates treated with hydrogen in this manner 
were enameled. In every case the hydrogen-treated plates enameled 
as well as the standard cast iron plates. 

The tests concerned with the evaluation of the variables in the 
enameling cycle can also be used to~demonstrate the, apparent in- 
effectiveness of hydrogen as a gassing medium. Moisture is con- 
sidered to be a good source of hydrogen, yet wet plates, placed in 
the enameling furnace immediately after spraying on the ground coat, 
enameled just as well as those thoroughly dried at 250 °F before 
enameling. 

In his work on enameling defects caused by hydrogen, Zapffe 
showed how artificial voids, filled with oil and red rouge and then 
sealed by welding plugs over the openings, produced hydrogen de- 
fects’ in sheet~irons during enameling. Similarly constructed plates 
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Fig. 11—Evidence of Hydrogen Solution Is Obtained From the Large Amount oi 
Pearlite Which Occurs Even After Slow Cooling. Nitaletch. X 250. (Left)—Slow-cooled 
standard untreated cast iron. (Right)—Slow-cooled hydrogen-treated cast iron. 
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Fig. 12—No Hydrogen Defects Occurred From Artificial Voids Filled With Lard Oil or 
Iron Oxide. The apparent defect is_from excess weld metal and not from a gas evolution. 


of standard cast iron were tested in the present investigation. Fig. 12 
is a diagram of the details of such plates and a photograph of one 
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of the plates after enameling. The one irregularity apparent on the 
plate is not a gas defect but is a bead of metal from the welding 
operation. Plates of this type enameled according to the standard 
enameling cycle showed no signs of gas defects. Small 14-inch 
square specimens similarly prepared and enameled with heavy ground 
coats produced only the normal carbon oxide gassing when observed 
in the tube furnace. 


Tests on Chilled Iron 


The results of the foregoing tests for hydrogen-created defects 
were unexpected in view of the experience of others with this gas. 
Zapffe’s tests had been made primarily on cast iron which had been 
cast in a chill mold to produce a white iron rim. The tests just de- 
scribed had been made on gray cast iron. It was felt this difference 
in structure of the base iron might account for the difference in re- 
sults. Accordingly, tests were arranged to check this point. 

A steel mold was constructed for use in producing castings 
having a chilled cast iron surface. Hydrogen gas was flushed for 
15 minutes through a 15-pound melt of standard cast iron held at 
2600 °F (1425°C). Three chill plates and three gray iron plates 
(made both in dry and green sand molds) were poured from the 
hydrogen-saturated metal thus produced. Chill plates and gray iron 
plates were enameled according to the standard procedure. The 
gray iron plates enameled without defects, while the chill plates de- 
veloped many pinholes and blisters. 

In the foregoing test, the chilled cast iron had a more rapid 
cooling rate than the gray iron cast from the same heat. To eliminate 
cooling rate as a variable, another test was conducted in which 
hydrogen-treated white cast iron was poured into sand molds. These 
castings had essentially the same cooling rate as the gray cast iron, 
but of necessity they had a lower carbon and silicon content. On 
enameling these plates, results identical to those in the previous tests 
were obtained. These results indicated that microstructure rather 
than cooling rate was the variable which accounted for the difference 
in this action of dissolved hydrogen on the enameling characteristics 
displayed. 

The blisters on the chill plate appeared quite different from the 
defects occurring as a result of carbon oxide gassing. When the 
plate was removed from the furnace after firing the cover coat, it 
was free of blisters. As the plate began to cool, blisters started to 
form and continued to form until the enamel set. This indicates that 
the gas is evolved on cooling from the enameling temperature. 

The defects on the chill plate were shown to be due to hydrogen 
by two tests. First, chill plates, produced from a similar melt held 
at 2600°F (1425°C) and flushed for 15 minutes with argon to 
remove hydrogen, enameled without difficulty. Second, a piece of 
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one of the hydrogen-filled chill plates was held at 600 °F (315 °C) 
for 24 hours to remove hydrogen. 

Subsequent enameling of this piece produced no defects, while 
the remaining piece of the same plate which had not undergone the 
hydrogen-relief heat treatment showed the typical blistering defects 
noted previously. This represents definite proof that the defects 
occurring on the chill plates are due to the hydrogen gas. 





Fig. 13—This Sample From a Hydrogen- 
Filled, Chill-Cast Plate Fired in an Argon 
Atmosphere Showed No Defects Until It Began 
to Cool in the Argon Atmosphere. 


A 1%-inch specimen of the hydrogen-filled chill-cast plate was 
coated with a heavy ground coat and then fired in the atmosphere 
furnace under an atmosphere of pure argon. No gassing was ob- 
served during the entire firing cycle. After holding at the 1700 °F 
(925 °C) firing temperature for the standard 9-minute period, the 
piece was removed to the cool zone of the atmosphere furnace where 
it cooled at a slow rate. During the cooling, fine gas blisters began 
to form, proving that the defect-producing hydrogen gas is released 
during cooling. Fig. 13 is a photograph of the resulting specimen. 


Tests on Rusted Plates 


Rusting of cast iron ware prior to enameling has been reported 
to cause blister defects. Such rust usually occurs when the cast iron 
stands in humid atmospheres. A standard gray cast iron plate was 
purposely rusted by wetting one-half of the plate and allowing it to 
dry in air. This procedure resulted in no defects in spite of the fact 
that the rusted layer was not removed before enameling. 

A second test along the same line was conducted in which two 
gray iron plates were suspended in an airtight vessel over a 2-inch 
layer of distilled water and allowed to remain in this water-saturated 
atmosphere at room temperature for a period of 3 weeks. During 
this time the plates developed a heavy layer of rich brown hydrated 





326 TRANSACTIONS OF THE A.S.M. Vol. 44 


iron oxide. One of the plates was removed and coated with a thin 
ground coat without previously sand blasting the surface of the plate. 
The plate was then fired according to the standard cycle and, on 
cooling from the firing, many blisters formed similar to those ob- 
tained in the hydrogen-filled chill-cast plates. A piece of the second 
rusted plate was thoroughly blasted and then enameled. This plate 
also developed blisters showing that the hydrogen gas apparently was 
not confined to the rust alone but was actually released from the iron. 
Another piece of the same plate was given a 24-hour hydrogen-relief 





Fig. 14—Long-Time Rusting of Gray Cast Iron 
Can Cause Hydrogen Defects in Enamels. a— 
Enameled over rust; b—Rust removed by blasting; 
c—Hydrogen relief anneal; d—0.020 inch machined 
off surface. 


heat treatment in a 600°F furnace. This piece was subsequently 
enameled after sand blasting and showed no defects, again proving 
that the defects resulted from hydrogen. 

A third section of the second rusted plate had 0,020 inch of 
metal removed from the rusted surface, after which the plate was 
blasted and enameled according to the standard procedure. No de- 
fects resulted in this plate, illustrating that the hydrogen saturation 
was confined to only the surface layers of the iron. The appearance 
of all four pieces is shown in Fig. ]4. 

On examining Fig. 14 it is seen that blistering is confined to 
the center of the plate. This “is believed to be further evidence that 
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the hydrogen is largely reieased on cooling from the enameling tem- 
perature. The edges of the plate cool much faster than the center 
and the enamel sets before the evolution of hydrogen can be appre- 
ciable in these areas, thus preventing blistering. 

A third rusting test was conducted in which eight 2%-inch 
square pieces of standard iron were suspended over water in the air- 
tight container. One piece was removed every 3 days and enameled 
without removing the rust. It was found that a total of 18 days’ 
rusting in this atmosphere was necessary to produce the hydrogen 
defects noted in the previous test. Thus, it appears that relatively 
long-time exposure to humid conditions will result in hydrogen 
defects. 


Hydrogen From Pickling and Electrolytic Treatments 


In order to evaluate more fully the sensitivity of cast iron 
enameled by the dry process to hydrogen-produced defects, still other 
methods of introducing hydrogen into the metal have been investi- 
gated. It is well known that steels and irons will readily absorb the 
nascent hydrogen released during acid pickling or in the electrolytic 
decomposition of water. 

A few preliminary tests were made in which hydrogen was 
introduced into the iron by pickling for 10 minutes in cold 1:1 hy- 
drochloric acid, or for % hour in a 20% solution of sulphuric acid 
maintained at 60°C. After pickling, these plates were washed, dried, 
sand-blasted, and enameled. In no case did the evolution of hydrogen 
gas occur. 

The electrolytic decomposition of water using cast iron plates as 
cathodes has shown greater promise of being able to cause hydrogen 
defects. The plates may be subjected to nascent hydrogen for long 
periods of time without dissolving or corroding away the metal. A 
number of electrolytes have been tried, but so far an extremely dilute 
solution of sodium hydroxide appears most promising. One specimen 
subjected to electrolytically decomposed water in this solution for a 
period of 5 days exhibited a few defects when enameled which may 
have been caused by hydrogen. Another specimen subjected for 10 
days definitely exhibited hydrogen defects. It is shown in Fig. 15. 

Thus, it has been shown that, contrary to the results reported 
by Zapffe using sheet iron or chilled iron, it is possible to obtain 
hydrogen defects in gray cast iron only by using intensive long-time 
hydrogenizing treatments. This resistance to hydrogen solution or 
penetration is believed to be due to the graphite flakes in the gray 
iron acting as discontinuities or voids into which hydrogen can diffuse 
until the partial pressure of hydrogen in the flakes is in equilibrium 
with the pressure of hydrogen in the metal. The flakes seem capable 
of containing large quantities of hydrogen in this manner and 
the metal ordinarily does not become supersaturated with hydrogen. 
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Fig. 15—Hydrogen Defects (Blisters) 

Caused by Hydrogen Penetration From the 

Electrolytic Decomposition of Water. The 

plate was immersed in the water up to the point 
where the blisters disappear. 


This means that hydrogen gas does not tend to leave the surface 
of the metal on heating and subsequent cooling as it does in steel 
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and white iron. As cast iron is heated, the solubility of the matrix 
for hydrogen increases and some hydrogen leaves the flakes and 
enters the matrix. On cooling again the hydrogen just as readily 
re-enters the flakes and there is no tendency to evolve hydrogen at 
the casting surface. 

In the case of plates maintained in contact with nascent hydro- 
gen for long periods of time, by rusting or electrolytic treatments, it 
is believed that the surface layers of the casting become so saturated 
with hydrogen that the flakes as well as the matrix reach a state of 
supersaturation. In this case the flakes supply hydrogen to the matrix 
on heating and some of this hydrogen preferentially diffuses to the 
surface on cooling. This results in hydrogen gas being evolved from 
the casting surface. Machining of the surface removes the super- 
saturated area, and the gassing is no longer obtained. 

It might be argued that other factors could be operating to re- 
duce the effects of dissolved hydrogen. Thus, high enameling tem- 
peratures used in dry process enameling might increase the solubility 
of the matrix for hydrogen, thus holding it in solution. The carbon 
oxide evolution which occurs as a normal part of the firing cycle may 
act as a purge to help prevent an additional influx of hydrogen from 
moisture in the ground coat. or in the furnace atmosphere. These 
effects, however, should be just as beneficial to chilled iron as to 
gray iron, yet chilled iron is much more sensitive to hydrogen. 
Therefore, it must be concluded that the low sensitivity to hydrogen 
defects is uniquely related to the structure of the gray cast iron. 


CONCLUSIONS 


1. Evolution of carbon oxide gases is a normal part of enamel- 
ing gray cast iron at temperatures used for dry process enameling. 

2. Graphitic carbon or carbon in solution is oxidized to form 
the gas. 

3. The initial source of the oxygen is the atmosphere, but the 
basic reaction appears to be between free iron oxide and the carbon. 

4. The carbon oxide gas evolution eventually stops during the 
firing of the ground coat. The exact cause of this stoppage has not 
been established. 

5. Hydrogen does not appear to be a serious problem in dry 
process enameling of gray cast iron. Only severe hydrogenizing 
treatments result in gas defects. Chilled iron, on the contrary, readily 
develops hydrogen defects. 

6. Enameling defects due to hydrogen gas occur as blisters 
resulting from the evolution of gas as the casting is being cooled 
from the enameling temperatures. In this respect, they are distinctive 
from the pinhole defects produced by the carbon oxide gassing which 
occurs during the firing of the enamel. 
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DISCUSSION 


Written Discussion: By A. R. Elsea and F. L. Shubert, Battelle 
Memorial Institute, Columbus, Ohio. 

This paper should prove to be of great interest to investigators con- 
cerned with the enameling of gray iron. The authors are to be congratu- 
lated for recognizing and proving conclusively that the reaction between 
carbon and oxygen is responsible for the bulk of gases evolved during the 
dry-process enameling of gray cast iron. Their explanation for the rela- 
tionship between microstructure of the cast iron and the occurrence of 
hydrogen defects in the enamel is also very interesting. 

There are several statements made in the paper which we would like 
to have clarified. The authors state that the rate of heating was found 
to be important in controlling gas defects. From the data presented, it is 
difficult to isolate the effect of heating rate from that of time at tem- 
perature. Since the enamel ground coat has a low thermal conductivity. 
at higher heating rates the teMperature gradient through the enamel 
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layer would be much steeper. Thus, it would be expected that the sur- 
face of the ground coat would fuse while the material at the enamel-metal 
interface was at a much lower temperature than if a slower heating rate 
had been used. Therefore, with faster heating rates, less oxygen could 
reach the enamel-metal interface and less iron oxide would form, result- 
ing in fewer gas bubbles. We wonder, then, if the authors are justified 
in emphasizing the importance of heating rate when perhaps the total 
time of firing is more important. 

The authors stated that as the thickness of the ground coat was 
increased, other processing variables being held constant, the tendency 
toward pinholes increased. Here, again, one would expect that with a 
thicker ground coat there would be a greater difference in temperature 
between the surface of the enamel and the enamel-metal interface, result- 
ing in less oxidation of the iron at the time the surface of the enamel 
fused, and consequently fewer gas bubbles formed, provided that the 
enamel does not supply oxygen to the reaction. 

The authors state that they produced hydrogen-saturated metal by 
bubbling hydrogen gas through the molten metal for 15 minutes prior to 
casting. Gray iron plate poured from this metal produced no hydrogen 
defects during enameling; however, in other experiments, when gray iron 
plates were heavily rusted prior to enameling, hydrogen defects were 
produced. On the basis of these experiments, we question whether bub- 
bling hydrogen gas through the molten metal resulted in hydrogen satu- 
ration. 

Written Discussion: By W. A. Deringer, Director, Ceramic Research 
and Development, A. O. Smith Corporation, Milwaukee, Wis. 

This paper deals with the phenomena involved in enameling cast iron 
by the dry process. The writer’s experience has been limited to the wet- 
process enameling of cast iron. In spite of the different method of enamel- 
ing involved, the writer agrees with the authors in the following respects: 
(a) There is a definite relationship between the blistering of cast iron 
during enameling and the oxidation of the cast iron. When cast iron is 
enameled in an inert or reducing atmosphere, no blistering of the cast 
iron occurs. In this connection, an interesting observation was made after 
enameling a series of plates of varying carbon content ranging from 0.02 
to 10%. It was found that as the carbon content increases, the amount 
of oxidation of the base metal which can be tolerated (and still give a 
smooth glass-coating) decreases. (b) The writer has never found any 
evidence of fishscaling of cast iron and has been unable to force hydrogen 
through cast iron by cathodic pickling. In this respect, cast iron is quite 
different from enameling iron which can be made to fishscale very quickly 
hy cathodic pickling. This has led the writer to believe that the authors’ 
contention that graphitic carbon in the cast iron serves as discontinuities 
or reservoirs for the storage of hydrogen is substantially correct. 

The authors’ attention is called to the article by J. E. Hurst and R. V. 
Riley.” The findings of Hurst and Riley seem to be in conflict with those 
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of Porter and Rosenthal in that the former found that even gray cast 
iron, when heated, gave off gas containing 40 to 70% hydrogen. Porter 
and Rosenthal’s case would have been stronger if they had made analyses 
of the gas evolved during the enameling operation. 

The authors are to be commended for an excellent piece of research 
which is a very worthwhile addition to the enameling literature. 

Written Discussion: By A. I. ny 502 Cumberland Ave., Som- 
erset, Chevy Chase, Md. 

The writer read this paper with great interest. The part describing 
the results of tests conducted with the specially designed vertical tube 
furnace used to view specimens during the enameling process and atmos- 
phere-controlled furnace is of particular interest. It is a valuable contri- 
bution to the study of gas evolution during enameling. 

The writer is in complete agreement with the authors that “the major 
cause of gassing during the firing cycle is the evolution of carbon oxide 
gases from the surface of the iron”. However, he can hardly agree that 
the massive graphite (such as graphite flakes) or carbon in solution 
is the principal factor responsible for this phenomenon. 

Over twenty years ago the blistering phenomena in the enameling 
of cast iron were studied at length at the National Bureau of Standards. 
The results of that investigation were reported in the paper® which was 
referred to by the authors. From microscopic data on hand at an early 
stage of the investigation, it was suspected that the source of trouble 
might be located in the surface layer. A gray iron casting of the compo- 
sition normally used for enameling acquires in freezing and cooling in 
the mold a very thin surface skin. 

This may be considered as microchill (“micro” refers here to thick- 
ness of the chilled layer). Some irons have a greater tendency to give 
the microchilled layer than others. This surface skin extends only a few 
thousandths of an inch and varies in thickness, hardness, and resistance 
to abrasion. Removal of this surface layer eliminates blistering except 
in those cases where it is caused by sponginess or some other physical 
defect. On the basis of the results obtained from a great number of 
observations, the theory had been advanced that the formation and evolu- 
tion of CO and COs gases, upon heating, result from the breakdown of 
carbide (present as a component of pearlite and free carbide) of the 
microchilled layer to a nascent, readily oxidizable form of carbon. 

This causes more or less damage, depending on the stage of the 
enameling process at which it occurs. According to this theory, there are 
probably two kinds of nonblistering iron: one in which a small amount 
of combined carbon is present in the surface layer, and the other in which 
cementite is so stable that it takes a relatively long time to break it down 
into ferrite and temper carbon. It is unlikely that massive graphite can 
be considered as invariably producing blisters during the usual enamel 
firing period. Microscopic examinations have shown that graphite flakes 
may extend to the surface of the metal without causing blisters. For 
example, the machined surface of a blistering iron did not blister in spite 
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of the fact that machining did not remove the graphite flakes extending 
to the surface of the specimen. In the above-mentioned Bureau of 
Standards investigation, experiments were made in which the weight of 
evolved CO + CO: was plotted against the firing period. It was demon- 
strated that the amount of carbon oxidized and the rate of oxidation were 
nearly the same for all the weakly and strongly blistering irons up toa 
firing time of about 8 to 10 minutes. At this point, the oxidation rate of 
carbon fell off very noticeably with all weakly blistering irons and there 
was almost no further evolution of gas up to the 20-minute limit of the 
firing period of this test. Gas evolution practically ceased over that por- 
tion of the enamel firing period during which it would be expected to 
cause blistering. 

With blistering irons there was no decrease in rate of carbon oxida- 
tion at the point where the curves for the weakly blistering irons flatten 
out, but instead there was a continuous evolution of oxidized carbon 
practically to the end of the firing period. Machining off the surface of 
the strongly blistering specimens noticeably increased the rate of carbon 
oxidation during the first 8 minutes of the firing period, but at the 8 to 
10-minute point, the evolution of oxidized carbon practically ceased. 

The assumption was made that, aside from the regular graphite par- 
ticles, there are submicroscopic particles of graphite. According to Rapsy,' 
up to 0.15% of graphitic carbon remains in the hardened part of the 
chilled casting. He states that the microscope does not show this graph- 
ite, probably because it is disseminated throughout the mass in the form 
of particles which are too minute. 

It seemed probable, therefore, that the gas evolution which takes place 
during the first part of the firing period, even from the specimens having 
the least blistering tendency, was due to this submicroscopic graphite, 
which burns too quickly to cause blisters. 

In referring to Fig. 3, showing “typical structural features of the 
metal-enamel interface”, the authors state that there is a layer near the 
surface containing partially decomposed graphite (spot marked 5)—evi- 
dence of decarburization at the surface. 

It seems to the writer that this photomicrograph only shows regular 
graphite flakes and that there is no evidence of any “partially decomposed 
graphite”. Since no structure of this surface layer before enameling is 
shown by the authors, it is difficult to discuss the change which occurred 
during enameling. 

However, one may surmise that the initial structure of this layer was 
pearlite. After the breaking down of combined carbon during enamding, 
this structure was converted into the one shown in Fig. 3. 

The authors’ observations of gas defects in the enameling of decar- 
burized plates are very interesting. In one case the authors found that 
“the decarburized surface in the area of the defects showed the presence 
of spheroidized carbides at the metal surface, while the metal in the area 
which did not show defects was free of such remnants of carbon”. In 
another case the decarburized specimen gassed badly only along one edge. 
It was observed that there was a thin rim of pearlite at the enameled 
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surface, Fig. 6. From these observations, the authors conclude that for 
the carbon reaction during enameling, “the carbon need not be present as 
graphite, reacting even though it is dissolved in iron”. 

It appears to the writer that in both of these cases, the initial struc- 
ture of the matrix was pearlite and that here again the chief cause of 
blistering was the breakdown of combined carbon. As far as it can be 
judged from the examination of the photomicrograph given in Fig. 6. 
there was also present a considerable amount of ferrite. 

The enameling process itself is a short anneal and it is known that 
considerable change in the structure of iron usually takes place during 
the enameling. 

It was observed frequently that a cast iron specimen which before 
enameling contained lamellar pearlite matrix showed, after enameling. 
large ferritic areas, the remainder of the pearlite being usually spheroid- 
ized. 

The writer believes that it would be of great interest to conduct 
enameling tests on the specimens cast of the nodular iron, the structure 
of which would consist of ferrite and the graphite nodules. 


Authors’ Reply 


The authors appreciate the comments and generally corroborative 
evidence offered by the discussers. 

We agree with Messrs. Elsea and Shubert that it is difficult to isolate 
the effects of heating rate from that of time at temperature in the enam- 
eling tests described in the paper. Since the results obtained by us-are 
contrary to those postulated by Elsea and Shubert if heating rate were 
the important variable, it would appear that temperature and time held at 
temperature are more important than the rate of heating in determining 
the extent of gassing. This is the thought we had intended to convey in 
the paragraph following the one referred to by Elsea and Shubert. [1 
must be remembered, also, that no attempt was made to establish the 
amount of gas evolved, but only the time period for its evolution. 

With regard to the question of thickness of the ground coat raised 
by Elsea and Shubert, we believe the action of the ground coat is ade- 
quately explained in the last two paragraphs of the discussion on visual 
observations of the enameling process. It may be true that less gas 1s 
formed when a thick ground coat is used, but it is also true that this gas 
has less chance to escape and is then available for creating defects in 
the cover coat. 

Regarding the question involving the addition of hydrogen to gray 
iron melts by bubbling hydrogen gas“through them, we must agree that 
this treatment did not result in saturation of the solid metal matrix. 
However, in the case of white iron the same treatment did result in satu- 
ration and therefore gave hydrogen defects on enameling. This represents 
a basic difference in the susceptibility of gray and white cast iron to 
hydrogen saturation, which we believe is explained by the presence oi! 
graphite flake that can act as innumerable reservoirs for hydrogen, mak- 
ing it much more difficult if not impossible to saturate the solid matrix 
of gray iron by treating the melt with hydrogen. The comments in 
answer to Mr. Deringer’s discussion are applicable here also. 
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Mr. Deringer refers to Hurst and Riley’s article,° in which it is 
reported that 40 to 70% hydrogen was found by hot extraction. We 
do not contend that the cast iron is free of hydrogen but only that evi- 
dence of its release is not normally noted during the enameling cycle. As 
a matter of fact, Hurst and Riley’s article tends to substantiate our find- 
ing in that they found that it was impossible to get most of the hydrogen 
out of the iron by vacuum annealing, i.e., hydrogen is not readily evolved 
from gray cast iron. They concluded that the graphite in gray cast iron 
may be associated with this effect, since white cast iron behaved like steel 
and released its hydrogen much more readily. 

We have begun a program of analysis in which a specimen is placed 
in a combustion tube and fired in a stream of air or inert atmosphere 
and the evolved gases are caught in the appropriate absorbers. Results 
to date using this apparatus show that as much as 62 cc. of CO and COs: 
gas is evolved during the firing of the ground coat, while only 3 cc. of 
hydrogen is evolved from a test specimen measuring 2 by % by % inches. 

In answer to Mr. Krynitsky’s remarks, the argument for the presence 
and effect of a microchill layer on the as-cast surface of gray iron has 
been recognized by the authors. However, in the irons used we have been 
unable to detect a prolonged gassing from this source, such as described 
by Mr. Krynitsky for blistering irons. Gassing characteristics of machined 
surfaces were found to be the same as those of as-cast surfaces. Castings 
with purposely chilled surfaces showed the same gassing characteristics as 
normal gray iron plates. However, the chilled surfaces were much more 
susceptible to hydrogen defects and it could be postulated that gassing 
defects resulting from microchill may be associated with a release of 
hydrogen gas rather than a prolonged evolution of carbon oxide gases. 

Tests made with eutectoid steels, which would not be expected to 
break down to temper carbon on heating, indicated that carbon in solu- 
tion in austenite can indeed cause release of CO gases. 

Admittedly, it is difficult to recognize partially decomposed graphite 
in the micrograph in Fig. 3. However, this decomposition of graphite by 
oxidation is strikingly evident in the original micrograph. In some cases 
almost the entire graphite flake has been replaced by what is believed to 
be an oxygen-rich ferrite. 

We agree that a study of the enameling characteristics of nodular 
irons would be of interest. 














ALUMINUM -6% MAGNESIUM WROUGHT ALLOYS FOR 
ELEVATED-TEMPERATURE SERVICE 


By K. GrusBe AND L. W. Eastwoop 


Abstract 


Aluminum alloys containing 6% magnesium have lou’ 
density, good resistance to corrosion and high tensile and 
yteld strengths at elevated temperatures. Their resistance 
to creep at 600 °F (315°C) ts poor. It has been found 
that greatly improved resistance to creep can be obtained 
by adding 0.25% chromium and 0.10% titanium to the 
aluminum —6% magnesium base. 


HE aluminum-base wrought alloys containing magnesium are 

not so strong at room temperature as the high strength, heat- 
treatable 24S and 75S alloys of aluminum, but they have advantages 
of low density, excellent resistance to corrosion, moderately high 
tensile properties at room temperature, and very high tensile proper- 
ties at elevated temperatures up to 600 °F (315°C). The high ten- 
sile properties at 600 °F (315°C) are indicated by the following 
data : 

Tensile Properties at 600 °F 


Yield Tensile Elongation 
Nominal Strength, Strength, in 2 

Alloy Composition psi psi Inches, % 
2S (1)' 99.5% Al 1,500 2,500 90 
32S-T (1) 0.9% Cu, 12.5% Si, 3,500 6,000 60 

1.0% Mg, 0.9% Ni 
24S-T (1) 4.5% Cu, 0.6% Mn, 6,000 7,500 65 
1.5% Mg 

— 6% Mg — 10,000 ; 90 


The above tensile data on all the alloys were obtained after they were 
substantially stabilized at the temperature of test. 

As compared with such materials as 2S, the 6% magnesium 
alloys not only have much higher tensile properties at room temper- 
ature to 600 °F (315 °C), but they have very much greater resistance 
to creep. However, as compared with 24S, the creep resistance of 
'The figures appearing in parehtheses pertain to the references appended to this paper. 
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the aluminum — 6% magnesium alloys is markedly inferior, as shown 
by the following data: 


Initial Final Minimum 
Stress, Duration, Deforma- Deforma- Creep Rate, 
\lloy psi Hours tion, % tion, % % per Hour 
24S 2,000 269 0.05 0.23 0.00016 
6% Mg 2,000 4.6 0.05 4.79 Too high to 
measure 


The general aim of the work described in this paper, then, was 
to obtain improved resistance to creep at 600°F (315°C), and 
obtain, if possible, still higher tensile properties at 600 °F (315 °C), 
but retain the good resistance to corrosion and the low density 
inherent in these alloys. Previous studies (2, 4) have shown that 
small additions, particularly those having limited solid solubility, 
sometimes have a beneficial effect upon the resistance of the alloys 
to creep at elevated temperature. Though some study was made of 
the properties of binary alloys, the principal effort was devoted to the 
improvement of the high temperature properties of the aluminum — 
6% magnesium alloy by making small additions of one or more 
elements to it. 


EXPERIMENTAL PROCEDURES 


Melting and Casting—All the melts were prepared in a clay- 
graphite, gas-fired crucible. High-purity ingot containing 99.85% 
aluminum was used except for a few heats, as noted in the accom- 
panying tables. In these instances, 99.5% aluminum was employed. 
The principal impurities in the aluminum ingot were iron and silicon. 
The alloy additions, excepting magnesium, were added in the form 
of aluminum-rich “hardeners”. The magnesium was, of course, 
added in the form of commercial magnesium ingot. The melts were 
fluxed for 15 minutes with chlorine just prier to casting. This flux- 
ing Operation was carried out at a temperature of 1300 to 1350 °I* 
(705 to 730°C). The purpose of this fluxing operation was to 
provide high-quality melts relatively free of dross and gas. It is 
known that, if such melts contain an appreciable volume of gas, a 
defect known as “microporosity” is produced in alloys of the type 
investigated. 

The melts were poured at about 1300 to 1320 °F (705 to 715 
°C) into chill-cast slabs of the following dimensions : 


1. 1 inch by 6 inches by 8 inches. 
2. 1% inches by 6 inches by 10 inches. 
3. % inch by 4 inches by 6 inches. 


Fabrication—Usually, the surface of the ingots was quite smooth 
and no scalping was necessary. If, however, the surface was moder- 
ately rough, the ingot was hot-rolled a relatively small amount and 
the resulting slab scalped to produce a sound, clean surface. 
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The procedure for rolling the various aluminum alloys was as 
follows: 

1. The ingot was preheated for i6 hours near the rolling tem- 
perature. 

2. The ingots were rolled at 810 °F (430 °C) to produce a slab 
0.125 inch thick. During this operation, the metal was given five 
reheatings to 810-820 °F (430-440 °C). 

3. The slabs were then annealed 2 hours at 650 °F (345 °C). 

4. The annealed slabs were cold-rolled to 0.060 inch thick, re- 
annealed 2 hours at 650°F (345°C), and further cold-rolled to 
0.030 inch. 

5. The 0.030-inch sheet was heat treated as indicated in the 
accompanying tables. 

Heat Treatments—All the heat treatments were carried out in 
an automatically controlled electric furnace in which the air was 
circulated. During the solution heat treatment, the specimens were 
suspended in the furnace to avoid warpage. As indicated in the 
accompanying tables, most of the heat treatments included a cold 
water quench from the solution heat treating temperature. After this 
quenching operation, the specimens were immediately wiped dry to 
avoid any corrosive attack. Aging and stabilizing treatments were 
applied to the specimens after the solution heat treatment. In some 
instances, the specimens were also given a 5% reduction by cold 
rolling as the final operation. 

Tensile Tests—Test specimens were taken parallel to the direc- 
tion of rolling. A standard ASTM rectangular tension test specimen 
was employed for the tensile tests at room temperature as well as at 
600 °F (315°C). A 2-inch gage length was employed throughout 
the testing program. The yield strengths of the various materials 
were determined at room temperature by the use of the stress-strain 
recording device. The yield strengths were not obtained at elevated 
temperatures, however, because of the special equipment required to 
obtain these values. 

The tensile tests at room temperature were carried out at a cross- 
head speed of 0.03 inch per minute per inch of gage length until the 
yield strength was reached. After the yield strength was reached, 
the rate was increased to 0.06 inch per minute per inch of gage 
length. The tensile tests at 600°F (315°C) were conducted at a 
crosshead speed of 0.02 inch per minute per inch of gage length until 
about the maximum load was reached. The speed of the movement 
of the crosshead was then increased to 0.06 inch per minute per inch 
of gage length until the specimen failed. 

A more detailed account of the furnace construction and its 
calibration is contained elsewhere (2). 

Creep Tests—The same ASTM rectangular standard specimens 
employed for the tensile tests were also employed for the creep tests. 
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When performing the creep test, two thermocouples of 22-gage 
chromel-alumel wire were attached to the 2-inch gage lengths. 
Deformations were measured by the employment of a single platinum 
strip, though check tests were made by using two platinum strips, 
one on each side. Readings were made on the platinum strips by 
two observers daily. To eliminate errors in the measurement of the 
initial deformation—errors caused by lack of straightness of the sheet 
specimen—all initial deformations were corrected to the calculated 
amount of 0.05 inch. A detailed account of the creep test units, their 
calibration, and operation has been presented elsewhere (2). 


ALLoY DEVELOPMENT 


Tensile and creep properties were obtained on a limited number 
of commercial alloys and a 6% magnesium binary for purposes of 
comparison with the experimental alloys. Table I contains a small 
amount of tensile and creep data on these alloys. Alloys 2S and 72S, 
of course, have very poor properties at 600°F (315°C), whereas, 
at 600 °F, 24S is known to possess the best creep resistance of any 
of the commercial aluminum-base wrought alloys in use today in the 
United States (3). The high tensile properties of the unstabilized 
24S-T3 at 600 °F (315°C) are quite evident. When this compo- 
sition is stabilized prior to test at 600°F (315°C), the tensile 
properties at room temperature and at 600°F (315°C) are very 
markedly reduced. Even with the stabilizing treatment of 24 hours 
at 650 °F (345 °C), the alloy is probably not completely stabilized. 
This is indicated by the fact that the tensile properties of the alloy 
in this partially stabilized condition at 600 °F (315 °C) are somewhat 
higher than those reported for this composition completely stabilized 
before testing at 600°F (315°C) (1). The high tensile properties 
and poor resistance to creep characterize the aluminum —6% magne- 
sium alloys. 

Tensile data, not reproduced here, were also obtained on several 
binary alloys, including aluminum-magnesium alloys over some range 
in magnesium content. The purpose was to make certain that the 
aluminum —6% magnesium base offered the greatest possibilities on 
which further alloy development could be based. 

Of those elements added to form binary alloys, only magnesium 
and manganese produce alloys which have fairly high tensile proper- 
ties at 600 °F (315°C). Of these two elements, 6% magnesium is 
somewhat superior to the manganese, which can be useful in amounts 
of 1 or 2% only. The aluminum-base alloys containing magnesium, 
of course, also have markedly better tensile properties at room tem- 
perature. 

Heat treatments have no appreciable effect upon the tensile 
properties of the wrought -6% magnesium alloy at room temperature 
or at 600°F (315°C). The reason is that, in the as-hot-rolled 
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Table I 
Tensile and Creep Properties of a Few Commercial Alloys 
in Form of 0.030-Inch Aluminum Sheet 





-————Tensile Properties ——— 
Yield 
Test Elong., Strength, Tensile 
Heat Heat* Temp., %in2 0.2% Offset, Strength, 
No. Composition, % Treatment °F Inches psi. psi 
A5582 2S HTS-16 Room 35.8 5,400 12,500 
HTS-16 600 66.0 2,850 
A5582 2S S Room 35.0 4,700 12,400 
A5850 2S S Room 44.0 3,600 9,630 
Ss 600 77.5 2,250 
A6137 28 ' HTS-1 Room 28.3 5,025 12,775 
HTS-1 600 56.0 2,500 
A5583 728 HTS-16 Room 33.7 6,000 12,300 
HTS-16 600 47.0 2,885 
A6138 72S HTS-1 Room 25.5 4,950 12,250 
HTS-1 600 58.0 2,150 
Commercial 24S T3 Room 17.5 53,600 69,100 
Product T3 600 12.0 20,000 
Commercial 24S x Room 16.0 14,350 37,400 
Product xX 600 37.0 9,225 
A5584 6.0% Mg, Bal. Al HTS-16 Room 28.7 17,850 40,000 
HTS-16 600 93.5 10,150 
HTS 600 
A5584 same S Room 27.7 18,725 41,050 
A5985 6.0% Mg, Bal. Al HTS-1 Room 26.0 17,000 38,875 
600 111.3 9,425 
A5985 same HTAS-1 Room 26.5 16,725 38,050 
— ———Creep Properties** —_—————— —__—— 
Final Minimum Total 
Initial Total Creep Deformation 
Heat Stress, Duration, Deforma- Deforma- Rate, % in 250 
No. psi Hours tion, % tion, % per Hour Hours, % 
A5582 2,000 Creep rate at 600°F very high 
A5582 
A5850 2,000 Creep rate at 600°F very high 
A6137 2,000 Creep rate at 600°F very high 
A5583 2,000 Creep rate at 600°F very high 
A6138 2,000 Creep rate at 600°F very high 
Commercial 2,000 499 0 0.05 0.225 0.00022 0.176 
Product 2,000 501 .7 0.05 0.233 0.00022 0.156 
Commercial 
Product 2,000 269.1 0.05 0.229 0.00016 0.224 
A5584 1,000 53.0 0.05 4.746 Se. ere bag 
1.300 35.0 0.05 10.4 0.275 
A5584 « 500 47.6 0.046 1.25 0.024 
A5985 2,000 4.6 0.05 4.791 
A5985 





*Heat Treatment: 

HT—Solution heat treated at 810 to 820°F for the time indicated by the number attached, 
and quenched in cold water. An ‘“‘S’’ following the HT indicates that the alloy has also been 
stabilized at 650°F for 24 hours. 

T3—Commercial designation indicating the material to be solution heat treated at 920°F 
and then cold-straightened by the producer. 

X—Material received in the T3 condition, then stabilized 24 hours at 650°F prior to testing. 
S—Indicates the alloy was stabilized only at 650°F for 24 hours. 
**Composition and heat treatments same as above for the corresponding heat numbers. 





condition, all of the magnesium is in solid solution. Consequently, 
a subsequent heat treatment has no appreciable effect upon the 
structure or properties obtained. As indicated previously, the resist- 
ance to creep of such 6% magnesium binary alloys is rather poor as 
compared with that of the 24S composition. 
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In view of the good tensile properties of the 6% magnesium 
binary alloy, its low density, and high resistance to corrosion in 
normal exposures, it was selected as a base for further development. 
This further development was carried out by making additions to 







Composition of Experimental 
Aluminum Alloys 


A5980 6.0 0.5! 0.09 0.15 0.06 0.04 
A6I2@0 60 0.49 0.07 0.13 0.05 0.02 
* Spectrographic Analysis; 

% Mg is Intended Amount 


























































Fig. 1—-Comparison of the Tensile Properties of 24S, 6% Mg-Al Binary 
and Experimental Alloys at Room Temperature. Material tested in form of 
0.030-inch rolled sheet. 
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this base, the purpose of which was mainly to improve the resistance 
to creep at 600°F (315°C). Accordingly, a considerable number 
of single additions were made to this binary base. The effects pro- 
duced on the creep resistance are quite remarkable. However, be- 
cause the creep resistance of the ternary alloys is inferior to that of . 
some of the complex alloys, creep data on them are not included. . 
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As noted previously, when the binary alloy at 600°F (315°C) is 
subjected to a 2000-psi load, the rate of creep is too rapid to measure 
successfully. When chromium is added, very substantial reductions 
in creep rate were obtained. Fair resistance to creep is also obtained 
by reducing the magnesium and adding approximately 4.5% copper, 
approaching the 24S composition. However, 1 to 3% copper in a 
5% magnesium base is without appreciable benefit. Manganese, 
vanadium, and possibly zirconium also appear to have some beneficial 
effect upon the creep resistance of the 6% magnesium alloys. Of 
these additions, however, chromium appeared to be the most bene- 
ficial, and considerable effort was made to make further additions 
to the 6% magnesium—0.5% chromium base to improve its creep 
resistance. | 
The tensile properties and creep data on a considerable number 

of the best complex alloys, all of which contain 6% magnesium, are 
listed in Table II. Of the additions to the aluminum —6% magnesium 
base, chromium and titanium appear to be the most beneficial. As a 
result of this work, the following alloy appeared to have an excellent 
combination of tensile properties and creep resistance at 600 °F 
(315 °C): 

6% magnesium 

0.5% chromium 

0.10% titanium 


Although an alloy of this type without the chromium and titanium 
has a creep rate at 600°F (315 °C) —2000-psi load which is too 
rapid to be measured, the alloy with these additions had a minimum 
creep rate of only 0.003 to 0.0004% per hour. 

The high temperature tensile properties of alloys cold-rolled 5% 
are somewhat inferior to those of the same material not given such a 
cold-rolled treatment. Creep data on alloys cold-rolled 5% were not 
obtained. In all probability, however, such a treatment would have 
an adverse effect upon the creep resistance because of the recrystal- 
lization which may occur during the course of the test. 

Fig. 1 shows a comparison of the tensile properties of the follow- 
ing five alloys at room temperature: 


24S-T3 (solution heat treated and cold straightened by the producer). 
24S-T3 stabilized 24 hours at 650°F (345°C). 

Aluminum —6% magnesium binary—heat treated and stabilized. 
Experimental alloy, containing 6% Mg, 0.5% Cr, 0.1% Ti—heat 
treated and stabilized. 

5. Same (duplicate heat). 


fF eN PS 


This figure shows that, after the alloys have been stabilized 24 hours 
at 650°F (345 °C), the room-temperature tensile properties of the 
experimental alloy are appreciably superior to those of the 24S 
composition. 
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ALUMINUM-MAGNESIUM ALLOYS 





Composition of Experimental 
Alloys 


Mg Cr*® Ti® Fe¥ Si* Mn* 
A5980 60 0.5! 0.09 0.15 0.06 0.04 
A6IiI20O 6.0 0.49 0.07 0.13 0.05 0.02 
* Spectrographic Analysis; 
% Mg is Intended Amount 
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I LLL at 

End of 250 Hours, 
2000 psi 

Fig. 2—-Comparison of the Tensile and Creep Properties of 24S, 


6% Mg-Al Binary and Experimental Alloys at 600°F. Material 
tested in form of 0.030-inch sheet. 


ns 


Tensile Strength 


Fig. 2 shows the tensile and creep properties of the same five 
materials at 600 °F (315°C). After stabilization prior to test, the 
experimental alloy has the highest tensile properties at 600 °F (315 
°C). The creep resistance of the 6% magnesium binary is very poor, 
whereas the experimental alloy has a creep resistance about equiva- 
lent to that of 24S-T3 with or without prior stabilization. 

Typical time-deformation curves are shown in Figs. 3 and 4. i 
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Key Designation Composition Mintmum Creep Rate 
od Al Mg Cr _ Others % per Hour 
x 24S-T3 Bal. 1.5 45 O60Mn 0.00022 
& 24S (Stabilized) Bal. 1.5 45 O60Mn 0.00016 
o A6Ii2I-!I (Stabilized) Bal. 6.0 0.50 O.IOTI 0.0015 
0 A6I25-1 (Stabilized) Bal. 6.0 0.50 0.10 Ti 0.00043 
¢ A6I27-1 (Stabilized) Bal. 6.0 O50 0.25 Ti 
1.0 | 
0.9 | 
0.8 4 T | 
0.7 
A6I2I-! ? 
x —Tahel 
¢ 0.6 t pa : ee : Pi Off 
2 0 
Ss {) 
E " see: 
Bins = 
a Load 
0.3 o~| 24S-(Received in T3 Condition- 


S 24H 650°F) pas on 

tabilized 24 Hrs. at oF 0 0 
—7. — —- A——— th 

[+ Load! Off 0 

ieee mmm 


To 0.233% | 
in 501.7 Hours 


O 40 80 \20 160 200 240 280 
Time, Hours 


Fig. 3—Time-Deformation Curves of Three Experimental Aluminum Alloys and 
24S Alloy. Material tested in form of 0.030-inch rolled sheet at 600°F, 2000-psi load. 


Fig. 3 illustrates a comparison of the time-deformation curves of 
24S-T3, 24S stabilized, and three experimental alloys of optimum 
composition. The two time-deformation curves for Heat A5980 in 
Fig. 4 are also representative time-deformation curves of the experi- 
mental alloy of optimum composition. It may be concluded from 
these curves that the resistance of the experimental alloy of optimum 
composition to creep is of the same order of magnitude as that of 24S. 

It should be noted in Table II that the creep resistance of the 
6% magnesium alloys containing chromium and titanium is sensitive 
to unknown factors. In this respect, it will be noted that a high 
creep rate was obtained on one specifnen of Heat A6124, and a low 
creep rate obtained on a similar specimen from the same heat. Like- 
wise, Heat A6023, containing 6% magnesium, 0.50% chromium, 
0.25% titanium, has a high creep rate under a 2000-psi load at 600 
°F (315°C). In this instance, however, the poor resistance to 
creep may be caused by the high titanium content. 

Fig. 4 graphically illustrates the profound effect produced on 
the creep rate when 0.5% chromium and approximately 0.10% 
titanium are added to the 6% magnesium alloys. 
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Key Designation Composition Minimum Creep Rate, 
— “) F4 eed eee: ais CC Si Fe Mn Ti % per Hour 

© AGQQ6-|..G0.. 60 sm —rsxT“ ss" -" Very High 

O A5593-!| Bal. 60050 — — —- - 0.0137 

OB A5980-! Bol. 6.0 0.51* 0.06* 0.15* 0.04* 0.09* 0.00034 

& A5980-2 Bal. Same 0.00020 


* Spectrographic Analysis; Others Are intended Amounts 


| 





Deformation, % 
© - 6 © © oo 
- pf OC & Ra @ 


To 0.182% in 358 Hours 
Bie et 
; . P A A Load 
01 f |.  |AS980-1 Off 
O 40 80 120 160 200 240 280 


Time, Hours 
Fig. 4—The Effect of Composition on the Creep Properties of Three Experimental 


Aluminum Alloys. Material tested in form of 0.030-inch rolled sheet at 600°F, 2000- 
psi load. 


CoNCLUSIONS 


An investigation was undertaken to improve the properties of 
wrought aluminum—6% magnesium alloys at 600°F (315°C). 
Although the 6% magnesium binary alloy has very poor resistance 
to creep, it has been found that the addition of 0.5% chromium and 
approximately 0.10% titanium produces an alloy which, after stabili- 
zation at 650 °F (345 °C) prior to test, has higher tensile properties 
at room temperature and at 600°F (315°C) than 24S. Its resist- 
ance to creep at 600 °F (315 °C) — 2000-psi load is about equivalent 
to that of 24S aluminum alloy. In addition, the aluminum -6% 
magnesium, 0.5% chromium, 0.10% titanium alloy has low density 
and probably good resistance to corrosion in ordinary environments. 
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A STUDY OF THE MICROHARDNESS OF THE MAJOR 
CARBIDES IN SOME HIGH SPEED STEELS 


By P. Leckrr-EwInc 


Abstract 


The major carbides in several ligh vanadium types 
of the so-called “super high speed” steels as well as in 
representative grades of the standard tungsten and molyb- 
denum-tungsten high speed steels were investigated with 
regard to their microhardness and approximate relative 
quantities. 

Carbides were identified using the differential etches 
developed by Blickwede, Cohen and Roberts (1). Micro- 
hardnesses were obtained with an Eberbach tester using 
25-gram load and 136-degree Vickers-type diamond 
indenter. 

Between 25% and 40% of the total carbides observed 
in the high vanadium super high speed steels were found 
to be an extremely hard, high vanadium-type carbide. 
Converted Rockwell C readings obtained on this carbide 
indicated a range of Rockwell C-83.5 to C-85 (VPN 
2700 to 2990), 1 to 2% points Rockwell C harder than pure 
IWC. The high vanadium steels also contained, as their 
major phase, the complex molybdenum-tungsten-rich car- 
bide described in Reference 1. This carbide was appre- 
ciably softer, gwing converted Rockwell C readings of 
73.5 to 77.0 (VPN 1495 to 1812). 

The standard high speed steels examined, T-1, M-1 
and M-2, apparently possessed but small amounts of the 
high vanadium-type carbide, T-1 containing by far the 
least. The major carbide phase in these steels is also the 
complex tungsten-molybdenum-rich carbide possessing the 
same microhardness as that found in the high vanadium 
high speed steels. 


$F the course of investigating the structure of some of the super 
high speed steels, it was noted that microhardness readings 
obtained on separate carbides were not consistent. It was thought 
that this was due either to instrumental errors or the brittleness and 
anisotropy of the carbides themselves. Further work indicated the 
presence of “hard” and “soft” carbides in the same steel. A more 





1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. The author, P. Leckie-Ewing, 
is metallurgist, Butterfield Division, Union Twist Drill Co., Rock Island, 
Quebec, Canada. Manuscript received April 6, 1951. 
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detailed investigatioh_was then undertaken in which was included 
some preliminary work on the relative proportions of these two 
carbide types in different steels. 


MATERIALS TESTED AND PROCEDURE 


The compositions of the steels examined are shown in Table I. 


Table | 





Composition of Steels Examined 

Steel Cc Mo W Cr V Co 
] 1.50 12.50 4.75 5.00 5.00 
2 1.25 0.75 18.50 4.00 4.00 
3 1.00 6.25 6.25 4.00 2.40 

T-1 0.74 18.00 4.00 1.15 

M-1 0.80 8.50 1.50 4.00 1.15 

M-2 0.82 5.50 6.25 4.00 1.90 





Steels 1, 2 and 3 are typical of the high vanadium type of super high 
speed steels, while Steels T-1, M-1 and M-2 are three different types 
of standard high speed steel included for comparison. 

All steels examined were in the hardened and tempered condition 
having a Rockwell hardness from C-65 to C-67. No attempt was 
made to obtain uniform hardness or grain size, since these factors 
were not judged critical. Hardening and tempering temperatures 
are shown in Table II. 


Table Il 











Condition of Steels Examined 
Hardened Tempered 
Steel °F °F Rockwell C 
1 2275 1050 67 
2 2275 1100 65 
3 2175 1050 66 
T-! 2320 1050 65 
M-1 2175 1025 65 
M-2 2225 1025 65 
Polishing 


Owing to the difficulty in obtaining a satisfactory polish on the 
high vanadium steels because of smearing and relief polishing of the 
hard carbide particles, it was necessary to prepare these specimens 
as follows: 

(a) Grind to 400-grit emery paper. 

(b) Polish on Microcloth lap, using Diamet Hyprez (0 to 2 microns) com- 
pound, until smooth polish is obtained. 

(c) Repolish on Microcloth lap, using No. 3 Fisher Alumina. This step 
should be a very short operation, not over 30 seconds. 

The diamond polish produces a perfectly flat field with no relief 
or smearing effects but appears to leave very fine scratches visible 
at high magnification. The alumina polish removes these scratches 
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but polishing time must be kept as short as possible to avoid relief 
polishing. This procedure was also used with the standard high 
speed steels. 

Microhardness 


Indentations were made using an Eberbach microhardness tester, 
25-gram load, 136-degree Vickers diamond indenter. After reading 
the diagonals of each impression with a 2.75-mm fluorite oil immer- 
sion objective and filar micrometer eyepiece, the results were con- 





Rockwell C 





Vickers 25 Gram Microhardness (Calculated ) 


e 4 5 ee C33 4 Ce. 
Length of Diagonal - Microns 


Fig. 1—-Conversion Chart. Rockwell C versus diagnonal of impression 
I by Vickers 136-degree diamond, 25-gram load. Eberbach micro- 
hardness tester. Optics: 2.75-mm oil immersion fluorite objective, 1.25 
N.A. Bausch & Lomb filar micrometer eyepiece. Note: Calculated — 
25-gram microhardness for reference only. 


verted to Rockwell C by means of a chart developed in the writer’s 
laboratory, and shown in Fig. 1. This figure also shows calculated 
25-gram Vickers microhardness. 

While the Rockwell data shown in Fig. 1 were obtained by 
direct comparison of numerous samples of alloy and high speed steel, 
heat treated to various hardnesses, it is believed the extrapolation 
of the curve above the highest directly obtained point for steel 
(Rockwell C-66.5) would not introduce serious errors when the 
extrapolated curve is used for carbides, despite the difference in 
elastic modulus of the two materials. That any such errors should 
not be large is indicated by the fact that readings obtained on com- 
mercial tungsten carbide gave a point falling on the curve obtained 
for the steel specimens (see Fig. 1). 


Etching 
The two types of carbide investigated were differentiated by 





> 


1952 CARBIDES IN HIGH SPEED STEELS 351 


means of the etches described by Blickwede, Cohen and Roberts (1). 
These etches are described below: 


Phase 
Etchant Constitution and Use Identified 
A 1% aqueous solution of chromic acid. Etch MC 
electrolytically at 3 volts for 3 to 5 sec- carbides 
onds. Specimen anode and stainless steel blackened 
cathode. 
B 4% aqueous solution of sodium hydroxide, McC 
saturated with KMnO,. Etch 5 seconds. stained brown 


The general structure of the hardened and tempered specimens 
was revealed by the standard method using 2% nital for 1 minute. 

In the cases where all three etches were used consecutively, it 
was found advisable to remove the nital etch by a light repolish 
before etching with etchant A. This avoided objectionable staining 
of the groundmass which could then be re-etched in nital. Using 
etch B after a nital etch “bleached” the structure somewhat but did 
not produce objectionable staining. 


RESULTS 
High Vanadium Steels 


Figs. 2 through 5 show the results of this study on the three 
high vanadium steels examined. 

Steel No. 1 is shown in Figs. 2a, 2b and 2c, which reveal the 
microhardness impressions and the effect of etches A and B on some 
of the various carbides in a carbide streak in this steel. The difference 
in microhardness of the carbides is apparent in Fig. 2a, the con- 
verted Rockwell readings being C-83.5 to C-85 for the hard carbides 
and C-74 to C-77 for the soft carbides. Apparently more anisotropy 
in hardness is apparent in the softer-type carbide. (It may be noted 
that the highest microhardness values obtained on large WC crystals 
in a plain tungsten carbide compact (Carboloy 883) were Rockwell 
C-82.5, shown in Fig. 5.) . 

Fig. 2b is the same field as Fig. 2a and shows the effect after 
etching in reagent A by the method described in the test procedure. 
It will be noted that the hard carbides are blackened and attacked 
while the softer carbides are unaffected. This indicates the hard 
carbides correspond to the MC type described in Reference 1. This 
is a high vanadium carbide of the general composition VC, having 
a range of composition between VC and V4C3 and being capable of 
dissolving limited amounts of tungsten, molybdenum, chromium and 
iron. As indicated above, this type of carbide is apparently harder 
than crystals of WC found in a commercial grade of plain tungsten 
carbide. 

Fig. 2c shows the effect of etch B applied after consecutively 
etching in nital and etch A as described. The remaining carbides 
not darkened by etch A are tinted and attacked by this reagent, 
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Fig. 2—Photomicrographs of Micrghardness Impressions on Steel 1 and Effect of Etches 
\ and B on Some of the Various Cafbides Visible in a Carbide Streak. Fig. 2a—Etchant, 
2% nital. Fig. 2b—Etchant A plus 2% nital. Fig. 2-—Etchant A plus 2% nital plus 
etchant B. All photomicrographs are of the same specimen and location. XX 750. 
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te 3——Photomicrographs of Microhardness Impressions on Steel 2 and Effect of ae 
on Some of the Varicus Carbides. Fig. 3a—Etchant, 2% nital. Fig. 3b—Etchant A 
a 2% nital. Fig. 3c—Etchant A plus 22, i plus etchant B. All photomicrographs 
are of the same specimen and location. X 750 
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Fig. 5—Photomicrographs of Microhardness Impressions on Tungsten Carbide in 883 
Carboloy. Etched in 1:1 solution of 10% NaOH and KsFeCNe. X 2000. The microhard- 
ness impressions show this carbide to Rockwell C-82.5 (VPN 2470). 


indicating clearly that their composition corresponds to the MeC 
type of compiex tungsten-molybdenum-rich carbide. This type car- 
bide is appreciably softer than synthetic WC as found in commercial 
carbides (Fig. 5) but is much harder than the groundmass of the 
steel (Rockwell C-67). 

A peculiar effect of this etch is the “veining” developed in the 
large MgC carbides. Whether these markings are actual or merely 
a stain due to the characteristics of the etching reagent has not at 
present been investigated. Note also the pronounced bleaching 
properties of the reagent on the nital etch. 

Steel 2 is shown in Figs. 3a, 3b and 3c. These photomicro- 
graphs show the same set of tests as applied to Steel 1. It will be 
noted that substantially the same microhardness is developed in the 
two: different types of carbide as was developed in these carbides in 
Steel 1; also that the etching reactions of reagents A and B are 
similar for Steels 1 and 2. 

Steel 3 is shown in Figs. 4a, 4b and 4c. These show the micro- 
hardness and distribution of carbides in this steel. Owing to the 
much finer carbide distribution, a somewhat different technique was 
used to bring out the variations in carbide composition more clearly. 

Fig. 4a shows a microhardness impression in a hard carbide 
after etching the specimen in nital to reveal the carbide distribution. 
It will be noted the microhardness of this carbide is in the same 
range as that of the hard carbides in Steels 1 and 2—that is, Rock- 
well C-84. 
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Figs. 4b and 4c show a different section of the same specimen 
but repolished to remove the nital etch. The large mark at the top 
center of these photographs is a scratch made by the microhardness 
indenter and used to locate the area for consecutive operations. The 
large carbide shown in Fig. 4b has been revealed by etching in 
reagent A and then has been indented for microhardness testing. 
Fig. 4b therefore shows the amount and distribution of the MC-type 
carbide in this steel. 

Fig. 4c is a photomicrograph taken after re-etching the specimen 
in Fig. 4b in reagent B without intermediate repolishing, and shows 
the amount and distribution of both MC and M¢C-type carbides. 


“Standard” High Speed Steels 


It would be interesting to make a study of all types of high 
speed steel with respect to carbide type and microhardness but a full 
investigation has not as yet been possible. Such work as has been 
carried out, however, indicates that the standard grades of tungsten 
and tungsten-molybdenum high speed steel contain little high 
vanadium (MC) carbide, by far the majority of the carbides being 
the M.¢C type. This is shown in the following photographs of rep 
resentative specimens. 

Before comparing structures of any of the high speed steels, it 
should be mentioned that a reasonably true comparison cannot be 
obtained unless the sections examined are of equivalent size. This 
follows from the pronounced effect of reduction in breaking up and 
redistributing the hard carbide particles. The accompanying photo- 
micrographs, which attempt to compare the amount and distribution 
of the two types of carbide under discussion in steels of different 
analysis, were therefore obtained from bars varying from }3 to 1% 


16 
inches in diameter and are believed to represent average conditions 


for bars of these sizes. 

Figs. 6a, 6b and 6c and Figs. 7a, 7b and 7c show typical areas 
of standard T-1, M-1 and M-2 steels after polishing and etching 
with reagents A and B only. 

Figs. 8a, 8b and &c and Figs. 9a, 9b and 9c show typical areas 
of the high vanadium Steels 1, 2 and 3 after polishing and etching 
in reagents A and B only. 

Figs. 6 and 8 compare the rélative quantities and distribution 
of the MC carbides and very clearly show the enormous increase in 
this type of carbide in the high vanadium “super high speed’’ types 
as compared to the standard grades. This is particularly evident 
when T-1 is used as a basis for comparison. 

Of the standard grades, T-1 apparently contains the least MC 
carbide; M-1 and M-2 contain respectively greater amounts although 
there is close similarity between the molybdenum grades. It may be 
noted that the MC carbides in the M-2 steel are somewhat larger 
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Fig. 6—Photomicrographs of Typical Areas of Standard High Speed Steels T-1, M-2 
and M-2 After Polishing and Etching With Reagent A Only. 900. The MC carbides, 
darkened by reagent A, show up as dark pinpoints throughout the field. The relative quanti- 
ties of this carbide in these three high speed steels indicate the T-1 steel to contain con- 
siderably less MC than either M-1 or M-2. 


and tend to concentrate more in streaks than in either the T-1 or 
M-1 steels. 

Fig. 7 shows typical areas of T-1, M-1 and M-2 after successive 
etches in reagents A and B and reveals both MC and MgC carbides. 
The much finer distribution and apparently greater amount of M¢6C 
carbide in the M-1 and M-2 steels are apparent. 

Examination of Fig. 8 shows that Steels 1 and 2 contain approx- 
imately equal proportions of MC, both containing considerably larger 
amounts than Steel 3. Comparison of Steel 3 with M-2, which it 
resembles in analysis, indicates the presence of some quite large MC 
particles which were not observed in any of the standard high speed 
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Fig. 7—Photomicrographs of Typical Areas of Standard High Speed Steels T-1, M-1 
and M-2 After Polishing and Etching With Reagents A and B. XX 900. The MéC carbides 
have been stained by reagent B; thus both MC and MéC are revealed by the combination etch. 


steels. In Steel 2 it is interesting to note the characteristic concave 
diamond shape of some of the large MC carbides. 

Fig. 9 shows the structure revealed after successive etches in 
reagents A and B on Steels 1, 2 and 3. (The individual photos are 
of the same areas shown in Fig. 8, as a glance at the carbide dis- 
tribution will show.) These structures indicate the MC carbides in 
Steels 1 and 2 amount to about 40% of the total carbides while in 
Steel 3 the proportion is about 25% -MC. The large number of 
carbides of all types in Steels 1 and 2 and the particularly large MeC 
carbides in Steel 2 are characteristic. The fine distribution and size 
of the carbides in Steel 3 are-also noteworthy. 
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Fig. 8—Photomicrographs of Typical Areas of High Vanadium High Speed Steels 1, 2 
and 3 After Polishing and Etching in Reagent A Only. 900. The etch has darkened the 
MC carbides. These steels contain much higher percentages of MC carbides than the stand- 
ard tungsten Steel T-1 and molybdenum (M-1 and M-2) grades. 


Microhardness of Carbides in “Standard” High Speed Steels 


Such MC carbides as could be discovered by etching the stand- 
ard grades of high speed steel were much too small.to allow micro- 
hardness readings (Fig. 6). It is reasonable to suppose, however, 
that these carbides would be the same hardness no matter in what 
steel they appear. 

Numerous microhardness readings have been obtained on T-1 
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Fig. 9—Photomicrographs of Microhardness Impressions on Steels 1, 2 and 3. Same 
field as Fig. 8. 900. Etchant used was reagent A plus reagent B. The combination of 
etches has revealed many more carbides, the fresh particles being the McC type. Steels 1 
and 2 contain numerous large carbides. It is estimated that the proportion of MC /MsC 
for Steels 1 and 2 is about 2:3 and for Steel 3 about 1:3. 


steels (4), and a few on the M-1 and M-2 steels, on the MgC-type 
carbide and show this carbide to be the same hardness as reported 
herein for M¢C in the high vanadium high speed steels. 
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CARBIDES IN HIGH SPEED STEELS 


SUMMARY AND DISCUSSION OF RESULTS 


Inspection of the various photomicrographs and the accompany- 
ing microhardness results reveal the following: 

(a) Carbides in the three high vanadium high carbon super 
high speed steels examined are of at least two types. One type is 
extremely hard, being approximately 2 points Rockwell C harder than 
tungsten carbide particles found in a plain tungsten carbide compact. 
Etching reactions indicate this carbide (type name MC) corresponds 
to a VC-V4Cz analysis (1). 

The second-type carbide found in observable amounts is com- 
paratively soft, being approximately 8 points Rockwell C softer than 
tungsten carbide. Etching reactions indicate this carbide (type 
name MgC) corresponds to a complex tungsten-molybdenum-rich 
(FegWeC-FeyMoeC) analysis (1). 

(b) Both types of carbide described above are considerably 
harder than the matrix of the steels containing them. Comparative 


values are: 
Calculated Vickers 25-Gram 


Rockwell C Microhardness 
es ee ce 65 -67 1043-1141 
Ws SOLVE. FES TA, 83.5-85 2700-2990 
a eA SIMS ORS 73.5-77 1495-1812 


(c) Judging by the differential etching technique used in this 
investigation, the standard tungsten and tungsten-molybdenum high 
speed (T-1, M-1 and M-2) contain very much less MC carbide than 
the high vanadium-type steels. T-1 in particular is deficient in MC 
carbides while M-2 contains the largest amount of the three standard 
steels investigated. Since MC carbides are vanadium-rich it is to be 
expected the higher vanadium steels would possess greater amounts ; 
however, there is a considerable difference in the relative amounts 
present in M-1 and T-1 (which contain closely similar amounts of 
vanadium), so that it appears other elements, probably carbon and/ 
or molybdenum, also favor the formation of the MC-type carbide. 

The microhardness as well as the relative and total quantities 
of MC and M¢C carbides in these steels gives a partial explanation 
of the very high wearing properties and consequently the difficulty 
observed in grinding the high vanadium high speed steels, for not 
only are the steels themselves extremely hard, but the high vanadium 
carbides, which constitute approximately 30 to 40% of the large 
amount of carbides present, are hard enough to cause extremely 
rapid wear of most commercial grinding wheels. This fact has been 
noted before, particularly by Tarasov (2). In his latest paper (3), 
the grindability of these three steels has been accurately measured. 
Steels 1 and 3 (Tarasov notation BEA and DB-2) are reported very 
close in grindability while Steel 2 (Tarasov notation AD) possesses 
the lowest grindability of all steels reported. No doubt these results 
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are related to the relative proportions and distribution of the hard 
MC-type carbide particles, the large angular MC carbides found in 
Steel 2 being most effective in reducing grindability. 

With regard to the grindability of the standard high speed steels 
examined, experience in general follows the pattern indicated in 
Fig. 6. That is, T-1, M-1 and M-2 grind progressively harder, 
though indeed the difference between T-1 and M-1 is often difficult 
to detect and only in severe operations becomes noticeable. In these 
analyses too, therefore, there appears to be a connection between the 
relative amounts of MC carbide and grindability. 
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DISCUSSION 


Written Discussion: By L. P. Tarasov, Research and Development 
Dept., Norton Company, Worcester, Mass. 

This paper adds significantly to our understanding of the marked dif- 
ferences in the wear resistance and grinding characteristics of a variety 
of high speed steels. It is a considerable extension of the writer’s earlier 
work, which dealt with only the hardness of the MC type of carbide in a 
single high vanadium, high speed steel. The microstructural studies are 
very helpful in that they show the relative amounts and sizes of the two 
types of carbides in the various steels, both of these being factors, in addition 
to the microhardness itself, in the resistance of these steels to wear and 
grinding. 

The Vickers microhardness values in the summary call for comment 
because they are appreciably higher for the MC carbide than the Knoop 
indenter values reported by the writer. Any errors that may exist in the 
author’s conversion chart from.filar micrometer readings to the Rockwell 
scale are immaterial to this discussion, since the Vickers microhardness 
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numbers are directly obtainable from the filar micrometer data if the 
filar micrometer has been calibrated in terms of microns. 

Since the Vickers hardness number is based on the surface area of 
the indentation, while the Knoop hardness number is based on the projected 
area of the indentation, any inquiry into the possible reasons for a difference 
in hardness numbers obtained with the two indenters requires that the 
data for both indenters first be expressed on the same basis. From the 
geometry of the Vickers 136-degree pyramid indenter, it can be readily 
shown that the hardness number based on the projected area is 7.9% higher 
than the commonly used DPH value, which is based on the surface area. 
Thus, Mr. Leckie-Ewing’s range for the MC carbide, given as 2700 to 2990 
DPH, becomes 2910 to 3230 when recalculated in terms of the projected 
area. The latter is to be compared with the writer’s Knoop hardness range 
of 2340 to 2760. On the average, the comparable microhardness for the 
Vickers indenter is 21% higher than for the Knoop indenter. 

Both Mr. Leckie-Ewing and the writer used a 25-gram load and 
measured the indentations with the help of oil-immersion objectives so that 
the 21% discrepancy cannot be attributed to differences in either the load 
or the resolving power, each of which is known to be capable of affecting 
the measured length of the indentation diagonal. Three other factors may 
serve to explain the discrepancy. One is the calibration of the filar microm- 
eter, another is the accuracy of the applied load, and the third is the 
shape of the indenter. 

The writer’s filar micrometer was calibrated by means of two certified 
stage micrometers ruled by the National Bureau of Standards, the intervals 
of which are believed to be accurate to within 0.02 micron. A 100-micron 
length on the two-stage micrometers differed by only 1 part in 4000. Thus 
the writer’s calibration was based upon a standard of extremely high 
accuracy. Many of the stage micrometers available in the past have been 
relatively inaccurate, and it would be interesting to learn in terms of what 
standard the author calibrated his filar micrometer. 

A difference between the actual and the nominal load will obviously 
affect the hardness number. Frictional effects will decrease the actual load, 
cause the indentation to be smaller, and thus increase the hardness number. 
At a 25-gram load, this effect may be considerable. 

Any discrepancy not accounted for by calibration and load errors must 
be attributed to the effect of the indenter geometry upon the size of the 
indentation. This may be the major source of the discrepancy, since the 
elastic recovery of the indentation, which occurs before the diagonal can be 
measured, is likely to be affected considerably by the shape of the indenter. 
The larger the indentation, the less is the relative importance of such 
differences in elastic recovery, so that the effect of the indenter shape may 
not be noticed in softer materials. 

Written Discussion: By George A. Roberts, chief metallurgist, Vana- 
dium-Alloys Steel Company, Latrobe, Pa. 

The detailed investigation conducted by Mr. Leckie-Ewing is further 
evidence of the widéspread interest in and the industrial importance of the 
super high speed steels containing 2.50 to 5.00% vanadium and from 1.00 to 
1.50% carbon. The interesting comparisons made between the carbide 
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hardness in three different super high speed steels and three of the more 
generally used types show further that, regardless of base composition, high 
carbon and high vanadium contents produce a hard MC vanadium carbide 
and that the quantity of this carbide increases as the carbon-vanadium 
contents are simultaneously raised. 

I should like to call attention to recent quantitative work, as yet un- 
published, which has been conducted for us at the Massachusetts Institute 
of Technology by Frank Kayser. This information confirms that the quantity 
of MC in 18-4-1 high speed steel is practically nil but that in the 6-5-4-2 
tungsten-molybdenum high speed steel approximately 5 to 15% of the total 
carbide left after heat treatment is of this type. Mr. Leckie-Ewing points 
out that when this tungsten-molybdenum steel was manufactured with 1.00% 
carbon and 2.50% vanadium the proportion of MC to total carbide is about 
25%, and this figure is confirmed by the work mentioned above. However, 
for higher carbon and vanadium contents it has been found that a greater 
portion of the carbide is MC than is indicated in the author’s paper. Thus, 
in Steel 1 of the accompanying table, the first commercial high speed steel 
with 4.00% vanadium introduced in 1937, the proportion of MC to total 
carbide is 50%, and in a steel containing 1.50% carbon and 5.00% vanadium, 
such as Steel 1 of the author’s paper, the proportion is even greater than 
50%. It is also felt that in steels containing 1.50% carbon and 5.00% vana- 
dium the percentage of MC to total carbide is greater than in any of the 
grades containing only 4.00% vanadium, including Steel 2 in the author’s 
paper. 

We are submitting with this discussion a photomicrograph of a new 
addition to the high speed steel group (Steel 2 of the accompanying table), 
which was designed to retain the superior cutting characteristics and wear 





resistance of Steel 1 in the author’s paper, but to permit a conservation 
of currently strategic tungsten. The photomicrograph, taken at > 1000, 
shows a typical structure in which the specimen was first etched in 4% nital 
to outline and reveal all of the ¢xcess carbide. Subsequently it was etched 
with a 4% aqueous solution of sodium hydroxide, saturated with potassium 
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permanganate, for 3 seconds. In this way a clear outline of all particles is 
obtained and the McC casnbides are stained brown and appear black in the 
photomicrograph. A study of this photomicrograph indicates that more 
than 50% of the carbide is of the MC type. 

Regardless of these slight differences, we are pleased to have the 
author’s interesting and detailed confirmation of the extremely high hard- 
ness of the MC carbide in any of the high speed steels in which it appears, 
since we agree that this is perhaps the major reason for the superior wear 
resistance of these steels over the standard types that are available. 

Chemical Compoosition— % 


Carbon Vanadium Tungsten Molybdenum Chromium Cobalt 


Steel 1 1.30 4.00 5.50 4.50 4.50 — 
Steel 2 1.53 5.00 6.50 3.00 4.75 5.00 


Author’s Reply 


May I take this opportunity of thanking Drs. Roberts and Tarasov for 
their discussion and for the interest that prompted their comments. 

Replying to the discussion of Dr. Roberts, I should like to point out 
that the relative proportions of MC and McC as given by the writer were 
based on visual estimates only after examination of various sections at 
magnifications up to & 1000. It is quite possible, therefore, in fact, I may 
say it is indeed probable, that the precise determination of the MC/MeC 
ratio by, I assume, chemical separation and analysis would indicate some 
discrepancies. Coupled with the difference in the metallographic technique, 
there may also be slight differences in the carbide distribution from bar 
to bar, and between different sections of the same bar, particularly if the 
bar is large and the section examined is small. Taken all in all, therefore, 
the writer feels the agreement between our two methods of examination 
is within reasonable limits and perhaps better than he had hoped. 

Before discussing in detail Dr. Tarasov’s remarks, a brief description 
of our testing procedure may be of interest. The Eberbach machine is 
spring loaded and requires some care to ensure accurate readings free from 
frictional effects and spring characteristics. Once these relatively minor 
difficulties are overcome, the tester is as simple and accurate to use as one 
could wish. In our operation, we calibrate ‘the machine, whenever loads 
are changed and at other regular intervals, using a dead-weight method 
with certified balance weights. This serves as our major checking procedure, 
but the instrument is further checked before each series of readings by 5 
to 10 direct microhardness readings taken on a standard test block of 
definite Rockwell hardness and microhardness. This test block* is similar 
to a Rockwell test block in principle but has been given a careful metallo 
graphic polish on one side and has been stabilized to a constant microhard- 
ness. The use of this calibration and checking method we believe ensures: 
(a) Accuracy of the applied load within 0.1% (25mg on 25 grams) and 
(b) elimination of random instrumental errors due to. sticking, spring 
characteristics and friction. 

With regard to Dr. Tarasov’s particular discussion, I feel there are two 
or perhaps three main reasons for the fact that the Knoop values obtained 


*Manufactured by the Kent-Cliff Laboratories, Peekskill, N. Y. 
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by Dr. Tarasov were lower than the converted Vickers readings obtained 
from the present work. Two of these reasons have been mentioned by 
Dr. Tarasov; for instance, it is probable that our stage micrometer was 
not of the quality described by Dr. Tarasov, although it was obtained from 
one of our leading instrument makers. The accuracy of the diamond is of 
paramount importance, particularly since only the very point of the diamond 
is in contact with the work under the light loads used. This consideration, 
of course, applies to both Knoop and Vickers diamon@s. I may say in this 
regard we have had some experience with a Vickers diamond showing a 
slight chisel point and, while readings were consistent, the calibration 
varied from a “perfect” diamond by about 3 points Rockwell C. With 
regard to Dr. Tarasov’s third point, the effect of friction, I believe this was 
negligible under the conditions of test as described above. 

With respect to the third reason for the discrepancy in Dr. Tarasov’s 
Knoop-Rockwell conversion, the writer feels a little uneasy about con- 
verting Vickers to Knoop readings on a strictly mathematical basis. A 
quick glance at any conversion chart, for example, indicates an apparent 
lack of mathematical relationship between any of the various hardness 
scales, particularly between VPN and Rockwell C which use closely similar 
methods. Almost all such conversions are based on empirical procedure, 
and while an empirical relationship between Knoop and Vickers 25-gram 
microhardness may be impractical, it may be the only justifiable procedure. 








PARTICLE-SIZE ANALYSIS OF METAL POWDERS 


By C. C. Grecc AND BERNARD KopPpELMAN 


Abstract 


A rapid, routine method is developed for engineering 
control in the manufacture of metal powders. <A _ proce- 
dure was worked out for determining particle size and size 
distribution of sub-sieve tungsten powder and has also 
been adapted with considerable success to other metal 
and inorganic powders. A spatulation technique was util- 
ized for dispersion of the powder in a liquid, after which 
particle-size distribution data were ebtained by a turbidi- 
metric — sedimentation method with the Photelometer. 
This procedure, used in conjunction with a separate size 
determination by a gas permeability method, was adopted 
as a standard particle-size analysis technique. Data by 
the two methods for average diameter of tungsten powders 
were in consistent agreement within 0.2 micron. Other 
methods of analyses are discussed. 


INTRODUCTION 


ARTICLE-size analysis in the sub-sieve range is an important 

tool in the many industries which manufacture or utilize pow- 
dered materials. Analyses of particle size and distribution represent 
a valuable aid in the engineering control of powder processing and 
in research on the properties and behavior of powders. Since this 
field is comparatively new, as applied to metal powders, a consider- 
able amount of effort has been expended in the development of meth- 
ods. The growth of the metal powder industry in recent years has 
re-emphasized the need for rapid and reliable means of analysis. 

In general, most of the methods used in industry have been 
(leveloped for specific applications and gradually refined upon the 
basis of experience. In many instances, procedures and techniques 
developed for one material, particularly with respect to dispersion, 
are of little value when applied to other materials. 

The investigation described in this paper was initiated in an 
attempt to develop a rapid, routine method for engineering control 
in the manufacture of tungsten metal powder. Various procedures 
were considered, including sedimentation, gas permeability, gas 
elutriation and turbidimetric types, and limited to instruments and 
equipment of commercial availability. At the same time, it was found 

A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. The authors, C. C. Gregg and 


Bernard Kopelman, are associated with the Metallurgical Laboratories of the 
ae Electric Products Inc.,.Bayside, N. Y. Manuscript received April 4, 
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necessary to examine the problem of dispersion of powders, which 
proved to be a major factor, particularly in the application of wet 
methods of analysis. 

‘ As a result of the successful utilization of a simple spatulation 
technique for dispersion of tungsten metal powder in liquids, satis- 
factory particle-size distribution data were obtained with the Pho- 
telometer, a turbidimetric— sedimentation method. Furthermore, 
average particle diameters calculated from these data were correlated 
consistently with those obtained by the Sub-Sieve Sizer, a gas per- 
meability apparatus. These two methods in combination were ac- 
cordingly adopted as a standard control method for application to 
tungsten metal powder. 

Subsequent application of these methods to other metal and 
inorganic powders was attempted with considerable success, although 
variations in dispersion techniques were required in some instances. 


EXPERIMENTAL PROCEDURE 


The instruments and methods used in this investigation have 
been described in detail elsewhere. Accordingly, only a brief descrip- 
tion will be included. The following specific methods were investi- 
gated: 


1. Photelometer (1, 2) 


A turbidimetric — sedimentation method based upon the meas- 
urement of transmission of a parallel beam of light through a sus- 
pension of powder while the powder is allowed to settle. The light 
is transmitted through a narrow slit at a fixed reference level below 
the surface of the suspension. It is assumed that sedimentation pro- 
ceeds according to Stokes’ Law. 

The instrument is calibrated initially with the clear liquid me- 
dium in the light path. Particle-size distribution and surface area 
may be calculated from the fundamental relationship between light 
transmission and surface area. The apparatus utilizes small samples 
(0.05 to 0.1 gram, depending upon coarseness of the powder), which 
is advantageous from the standpoint of dispersion. 


2. Fisher Sub-Sieve Sizer 


A gas permeability method for determination of the average par- 
ticle diameter of powders, based on an apparatus developed by 
Gooden and Smith (3). A sample equal in weight (grams) to the 
true density of the material is compacted between two porous plugs 
in a metal tube, to a known porosity. Air or a suitable gas, under 
a constant pressure head, is passed through the compressed sample 
and rate of flow measured by a calibrated flowmeter. The average 
particle diameter of the powder is indicated directly on a self- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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calculating chart by the liquid height in one arm of the flowmeter 
tube. No dispersion is required and results are unaffected by par- 
ticle shape. | 


3. Roller Analyzer (4, 5) 


A gas elutriation method for the fractionation of powders and 
determination of particle-size distribution. Separation of fractions 
is effected by an air or gas stream of controlled velocity, passing 
upward through a metal settling chamber. Those particles which are 
too small to settle against the upward velocity of the gas (based 
upon Stokes’ Law) are floated out of the chamber and collected 
in a porous paper thimble. Dispersion is accomplished by means 
of a nozzle through which the gas enters the sample tube under pres- 
sure. Oscillation of the sample tube forces the powder continuously 
toward the nozzle, creating an effective dispersion action. A wide 
range of particle sizes may be separated by substitution of settling 
chambers of various sizes. A particular advantage of the method is 
the physical separation of fractions permitting further study of sepa- 
rated material by other means. Results are most satisfactory when 
fractions with a spread in size of 5 or more microns are separated. 


4. Andreasen Pipette (6) 


A sedimentation apparatus consisting of a large glass cylinder 
to which is joined a 10-milliliter pipette with stem extending to a 
fixed level in the cylinder. A homogeneous suspension of powder in 
a liquid is allowed to settle, and samples are withdrawn through the 
pipette at a predetermined schedule calculated from Stokes’ Law data. 
The samples are evaporated to dryness and weighed. Particle-size 
distribution may be calculated from the weights of the residues. Dis- 
persion is an especially critical problem due to the relatively large 
samples required. 


5. Palo-Travis Analyzer (7) 


A sedimentation apparatus based upon the settling of powder 
through a long sedimentation tube filled with liquid. The instru- 
ment consists of the sedimentation tube, a smaller reservoir at the 
top joined to the tube through a large-bore stopcock, and a calibrated 
capillary mounted concentrically at the bottom of the tube. An 
initially concentrated suspension of powder is allowed to settle in the 
sedimentation tube and a small portion of the powder is diverted into 
the capillary. Particle-size distribution data may be calculated from 
observations of the height of powder in the capillary at a predeter- 
mined time schedule based on Stokes’ Law. Large samples are 
required, again emphasizing the need for effective dispersion. 

Dispersion of samples for all wet methods of analysis is effected 
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by a spatulation technique which was found to yield superior results 
to all other methods tested. The sample, placed on a flat glass plate, 
is maintained in the form of a thin paste by addition of small amounts 
of liquid and worked with a stainless steel spatula in a circular move- 
ment with considerable pressure. By this means, an effective shear- 
ing action combined with pressure is applied to the powder. After 
dispersion, a suspension of the desired concentration is prepared and 
the analysis completed. Samples of 0.05 to 0.1 gram are generally 
sufficient for Photelometer analysis, whereas the Andreasen pipette 
and Palo-Travis analyzer require 5 to 20 grams of material. The 
time and intensity of spatulation to obtain optimum dispersion is a 
variable factor depending upon the specific characteristics of the 
powder. 

Distilied water has been found to be a satisfactory liquid medium 
for the majority of powders tested, but substitution of other liquids 
may be necessary in the case of powders which react with water or 
are not completely insoluble. 

All calculations of particle size, distribution, and average diam- 
eter in this investigation have been made on the basis of weight. 
Thus, 50% of a powder by weight is finer than the stated value of 
average particle diameter. It is also assumed, for purposes of cal- 
culation, that the average diameter in each fraction is the median 
diameter. 


RESULTS 
Photelometer and Sub-Sieve Sizer 


In Table | are listed typical results of analyses of various meta! 
and inorganic powders by the Sub-Sieve Sizer and Photelometer 
methods. In connection with these results it should be emphasized 
that the Sub-Sieve Sizer yields an average diameter directly, while 
the Photelometer gives particle-size distribution data, from which 
an average diameter is calculated. 

It is noted that correlation of average diameters within +0.5y 
by the two independent methods has been obtained in the analysis 
of a variety of powders. This variation is considered satisfactory for 
analyses on a routine basis. 

In the original development of a dispersion procedure for tung- 
sten metal powder, it was found that, with the maximum degree of 
dispersion attainable by spatulation, Photelometer analyses yielded a 
calculated average diameter within +0.lp of the Sub-Sieve Sizer 
value. As a routine procedure, this variation was increased to +0.2y. 

Application of these methods to other powders was attempted, 
using the Sub-Sieve Sizer data as a standard and the dispersion pro- 
cedure for the Photelometer as developed for tungsten. Some modi- 
fications in techniques were required to obtain satisfactory dispersion 
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Table | 
Analyses of Various Metal and Inorganic Powders 





Average Particle Diameter 


Sub-Sieve Sizer Photelometer 
Material (experimental) (calculated) 
Metal Powders: 
Tungsten 1.84 2.04 
3 3.6 
5.9 5.8 
Molybdenum 3.4 3.3 
Zirconium 2.7 3.0 
5.5 5.3 
14.6 13.6 
Beryllium 21.0 21.3 
Rhenium 2.3 2.1 
Germanium 12.5 11.6 


Inorganic Powders ; 
Tungsten trioxide 
Zirconium hydride 
Red phosphorus 
Titanium hydride 
Tantalum carbide 
Germanium dioxide 
Aluminum oxide 
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of other powders. However, no attempt was made to investigate 
thoroughly the dispersion problems relating to each material. Cor- 
relation of Sub-Sieve Sizer and Photelometer results was thus some- 
what less satisfactory than in the case of tungsten, as indicated in 
Table I. 

If the gas permeability method is assumed to be valid, the data 
from Sub-Sieve Sizer measurements would be expected to be less 
susceptible to experimental errors than the corresponding Photel- 
ometer data. No pretreatment of powder samples is required, and 
it has been shown that the results are unaffected by the physical 
condition of the sample. On the other hand, the Photelometer deter- 
mination includes a more elaborate procedure for dispersion, analy- 
sis, and calculation of data, each step of which may introduce an 
indeterminate error in the final results. 

Inadequate dispersion is probably the most important cause of 
discrepancies between the average diameter by the Sub-Sieve Sizer 
and Photelometer methods. This factor, however, is not readily 
verified, since the reaction of any specific material to dispersion tech- 
niques cannot be predicted with certainty. 

Deviations may also result from the method of calculation of 
average particle diameter which, on a weight basis, is largely depend- 
ent upon the relative magnitude of the coarser fractions in the 
material. 

Thus, small variations in particle-size distribution in the coarser 
ranges may be reflected in a considerable change in average diameter. 
The initial readings of light transmission which correspond to this 
range are also those most subject to error. Such errors, however, 
can be minimized by observations of light transmission at short inter- 
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vals at the start of a determination to establish the initial portion of 
the curve of light transmission versus time. 

In the case of tungsten metal powder, it has been shown that 
Photelometer and Sub-Sieve Sizer analyses consistently indicate an 
apparently coarser particle size than the ultimate size and distribu- 
tion as determined by microscopic examination. A large amount of 
comparative analyses has demonstrated this discrepancy. This is a 
result of the presence of varied amounts of strongly bonded aggre- 
gates formed by partial sintering during reduction of oxide at high 
temperatures. Electron microscopic examination has confirmed the 
presence of such aggregates. During spatulation, apparently ~ only 
the more weakly bonded aggregates are dispersed and the remainder 
behave as single particles. From the close correlation between 
Photelometer and Sub-Sieve Sizer data, it may be inferred that this 
apparent particle size represents a true property of the material which 
may be more significant than the ultimate size and distribution if 
these aggregates act as single particles in the subsequent processing 
steps of pressing and sintering. A partial confirmation of this fact 
is found in the behavior of the powder in the Sub-Sieve Sizer pro- 
cedure, which simulates to some extent the technique involved in 
pressing the powder. 

Although this investigation has been limited to tungsten metal 
powders, it is probable that the results listed above would apply to 
other powders prepared in a similar manner. 


OTHER METHODS 


Analyses of a typical tungsten metal powder by direct micro- 
scopic examination, Andreasen pipette, Roller analyzer and the 
Photelometer method are shown in Fig. 1 and the data listed in 
Table II. 

It will be noted that the microscopic analysis indicates a finer 
particle size than the other methods, although these data may be cor- 


Table Tl 


Particle-Size Distribution of Tungsten Metal Powder 
(% by weight) 
’ 
Andreasen Roller 

Fraction Microscope Photelometer Pipette Analyzer 

O- la 0.2 3.6 aioe 

1- 2u 15.2 11.3 8.2 (0-2n) 

2- 3u 43.4 37.4 16.3 oa 

3- 4u 37.2 30.2 30.6 47.2 (0-44) 

4- Su 4.0 11.3 22.4 dd 

S- 64 eek 3.6 12.3 35.6 (4-6) 

6- 8u 2.6 8.1 13.9 

8-124 oe, 2.1 3.3 
Average 
Diameter ww 3.26 4.04 4.1 


2.84 
(Sub-Sieve Sizer = 3.54) 
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related qualitatively with the Photelometer results. A large number 
of analyses of tungsten metal powder have indicated that the Pho- 
telometer consistently yields definite quantities of particles coarser 
than the largest size revealed by the microscope, as shown in Table 
II. These deviations, however, are found to be variable, precluding 
the use of a correction factor for conversion of Photelometer data 
into ultimate size and distribution. 


100 
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e Microscope 
20 x Photelometer 

o Andreasen Pipette 
le oO Roller Analyzer 





0 2 G 6 8 iO i2 14 
Particle Diameter (Ai) 


Fig. 1—Particle-Size Analysis of Tungs‘en 
Metal Doden by Various Methods. 


The Andreasen pipette and Roller analyzer, while yielding re- 
sults widely divergent from the previous methods, show a high degree 
of mutual correlation. This discrepancy is probably due to a large 
extent to the increased difficulties of dispersion involved in the large 
samples required in these methods. In the case of the Roller ana- 
lyzer, results may be improved by re-fractionation of the individual 
fractions of material separated in the initial analysis. 

Further confirmation of the discrepancies between the Photel- 
ometer and Roller analyses is shown in Table III which lists Photel- 
ometer analyses of a series of individual fractions of tungsten and 
molybdenum metal powder previously separated by the Roller ana- 
lyzer. These fractions were obtained by successive separations of a 
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Table Ill 
Photelometer Analysis of Fractions Separated in Roller Analyzer 




































Fraction 
(Roller Analyzer) Photelometer . 
Tungsten 4 
0O- 4u O- 44 88.8, 4*u 11.2 
4- 6u 4- 64 48.8, 4-m 26.2, 6tu 25.0 . 
Molybdenum 
O- 24 0- 24 80.2, 2+u 19.8 
2- 4u 2- 44 67.1, 2-m 14.7, 4+ 18.2 
4- 6u 4- 6m 58.5, 4-m 34.5, Stu 7.0 . 
6-104 6-10” 31.4, 6-u 63.6, 10+u 5.0 | 





single batch of material in each case, with each separation carried to 
the point of apparent completion. This is the normal procedure in 
utilizing the Roller analyzer for particle-size analysis. 

These data indicate that a clear-cut separation of a powder into 
fractions of narrow size limits is difficult to obtain with the Roller 
analyzer. Furthermore, the efficiency of separation decreases with 
each succeeding separation in the series, as shown by the gradually 
decreasing percentage of material in the desired fraction plus the 
increasing overlapping of sizes in later fractions. Another factor 
which may account for the increase in undersize material in later 
fractions is the continuous exposure of the powder to the dispersing 
action of the air jet which may produce fine particles from previously 
undispersed material. The oversize material is probably due to the 
known tendency of this instrument to carry over small amounts of 
coarser particles as the separation nears completion. 

Data obtained with the Palo-Travis analyzer in the analysis of 
tungsten metal powder exhibit marked discrepancies in comparison 
with other methods calculated. Average particle sizes range from 3 
to 4 times the values from Sub-Sieve Sizer determinations. Again, 
it is felt that inadequate dispersion is the major cause of the discrep- 
ancies, since this instrument requires the largest sample of all the 
wet methods which were investigated. 

On the basis of the above investigation, it would appear that the 
Photelometer and Sub-Sieve Sizer, in combination, offer a satisfac- 
tory procedure for routine analysis of particle size and distribution 
of powders from the standpoint of reliability, speed, duplicability and 
ease of manipulation. While the results may deviate from the ulti- ij 
mate size and distribution, in the case of metal powders, this factor 
is not considered significant from a practical point of view. 







DISPERSION OF POWDERS 










The dispersion in liquid media of powders exposed to high tem- 
perature in their preparation, as by reduction of oxides, presents a 
severe problem, due to the presence of strongly bonded, partially sin- 7 
tered aggregates. The strength of such bonds shows wide variations 
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and in some cases may approach the true cohesive strength of the 
material. Also present is the relatively weak bonding of particles 
due to forces of surface attraction. In an earlier paper (2) it was 
shown that these latter bonds are easily broken by dispersion in 
liquids of high dielectric constant, and an empirical relationship 
between apparent particle size and dielectric constant was developed. 
Thus, the major problem resolves itself into development of a suit- 
able procedure for effective dispersion of the partially sintered 
aggregates. 

A number of methods for preparation of dispersion of tungsten 
metal powder for Photelometer analysis were investigated, including 
use of dispersing agents and wetting agents, vigorous mechanical 
agitation, variation.in pH of liquid, and spatulation. Although these 
methods were not tested exhaustively, it became evident that particle- 
size data using these methods of dispersion, with the exception of 
spatulation, showed no significant improvement over data yielded by 
analysis of samples without pretreatment. Accordingly, the investi- 
gation was limited to a study of the dispersion of tungsten powder 
by spatulation. 

Effects of the following factors in preparing dispersions by 
spatulation were examined : 


1. History of the Material 


Previous exposure to high temperatures was found to be a criti- 
cal factor, as illustrated by the presence of partially sintered aggre- 
gates in tungsten metal powder. Further investigation disclosed that 
tungsten produced from oxide at 600 to 700°C (1110 to 1290 °F) 
could be dispersed more readily than material reduced at 850 to 
900 °C (1560 to 1650°F). Likewise, germanium dioxide powder 
fired at 750°C (1380°F) could be dispersed to yield Photelometer 
analyses comparable to Sub-Sieve Sizer data, whereas powder fired 
at 950°C (1740 °F) could not be dispersed satisfactorily by this 
technique. 


2. Time of Spatulation 


A series of 0.l-gram samples of tungsten metal powder were 
spatulated for varying periods of time. The calculated average diam- 
eter was found to decrease rapidly and reached a constant value at 5 
minutes. Further spatulation up to a period of 20 minutes had no 
effect. These data are shown in Fig. 2 and Table IV. 


3. Size of Sample 


Further data on tungsten powder indicated an approximate cor- 
relation between sample size and time of spatulation, as shown in 
Table V and plotted in Fig. 2. 
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Table IV 
Dispersion of 0.1-Gram Samples of Tungsten Powder by Spatulation 


Spatulation Time Average Diameter 
(No pretreatment of sample) 12.04 





0.5 min. 5.3 
1.0 4.3 
1.5 a 
2.0 3.6 
3.0 3.4 
4.0 3.2 
5.0 3.1 
6.0 3.1 
&.0 3.0 
10.0 2.9 
12.0 2.9 
20.0 3.1 


x 
S i i i tie 


x «x 


A 


Average Particle Diameter (4) 


x 0.1 g. Samples 
© Miscellaneous Wts. 





2 4 6 8 10 t2 14 16 18 20 
Spatulation Time (minutes) 


Fig. 2—Dispersion of 0.1-Gram Samples of 




















Tungsten Metal Powder by Spatulation. i 

Table V j 

Dispersion of Various Weights of Tungsten Powder by Spatulation ‘ 
Equivalent Time ty 

Code Weight of Spatulation (Based on Average 4 
(Fig. 2) Sample Time 0.1-Gram Sample) Diameter : 
A 0.05 g. 3 min. - 6min. 3.1 : 

B 0.3 3 1 ; 3.9 ; 

Cc 0.2 4 2 3.3 j 
D 0.4 4 1 4.1 4 

E 0.5 3 0.6 4.9 4 
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4. Concentration of Suspension 4 

The tendency of fine particles to flocculate would be expected 4 





to increase with the concentration of powder in a suspension, result- i: 
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ing in an apparently coarser particle size. A series of analyses with 
the Andreasen pipette confirmed this tendency. Analysis of a 2% 
suspension of tungsten powder in water yielded a calculated average 
diameter of 5.84. When the concentration was decreased to 1%, an 
apparent size of 4.74 was obtained, which further decreased to 4.0p 
with a 0.5% suspension. It should be noted that in the Photelometer 
analysis, the range of concentration is defined by the necessity of 
maintaining the turbidity of the suspension within proper limits. 
Based on the above series of tests, the procedure for preparation 
of dispersions of tungsten powder for the Photelometer was stand- 
ardized at a 3-minute spatulation period for a sample of 0.05 gram. 
The same procedure was applied to other metal and inorganic pow- 
ders with suitable modification if preliminary tests indicated unsatis- 
factory correlation of Photelometer and Sub-Sieve Sizer results. 


SUMMARY 


The results of this investigation may be summarized as follows: 

1. Satisfactory particle-size analyses of tungsten metal powder 
may be obtained by use of the Sub-Sieve Sizer and Photelometer 
methods, based on consistent correlation of average diameters within 
+0.2 by these methods. 

2. Dispersion of tungsten metal powder for wet methods of 
particle-size analysis may be accomplished by a simple spatulation 
technique. 

3. Analysis of a variety of other metal and inorganic powders 
by the Sub-Sieve Sizer and Photelometer methods yields satisfactory 
results. 

4. The apparent finer particle size of tungsten metal powder 
observed under microscopic examination is explained by the presence 
of nondispersible aggregates which act as single particles in Sub- 
Sieve Sizer and Photelometer analysis. 

5. The Andreasen pipette and Roller analyzer consistently indi- 
cate a coarser size in analysis of tungsten powder, but correlate 
satisfactorily with each other. 

6. The Palo-Travis analyzer yields results for tungsten powder 
which are widely divergent from those of other methods. 
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DISCUSSION 


Written Discussion: By Mauritz L. Anderson, Raytheon Manufac 
turing Company, Newton, Mass. 

! found this paper by Gregg and Kopelman very interesting and in- 
structive. This subject—the selection of an alternate check method for 
comparison with the Cenco-Sheard-Sanford Photelometer—is one that 
has concerned us of late. We use the Photelometer extensively for such 
materials as alundum and the emissive carbonates, but rarely for metal 
powders. It has been our impression that this instrument gives high 
values with metal powders when compared to results obtained by micro- 
scopic measurement and count. One such determination made here re- 
cently on molybdenum powder gave an average particle size of 144 
microns with the Photelometer and 11.89 microns by microscopic count 
(917 magnifications, 2945 particles measured), and 11.39 microns by 
another microscopic check, using 1942 magnifications, with 304 particles 
measured. 

On some substances other than metal powders we have also used 
the Andreasen pipette as an additional check method. Some of our 
results are given below: 


1. Barium and Strontium Carbonate 
(dispersing medium: methanol) 


Microscopic Photelometer Andreasen 
Average particle size () 6.14 6.64 3.64 
2. Same as above except dispersing liquid was gum arabic solution 
(0.02% plus 0.02% NazCOs) 


6.23 6.00 3.84 
3. Magnesium Tungstate 


(in gum arabic solution as above) 


4. Zine Sulphide : 
(in viscous methanol, using nitrocellulose, butyl alcohol, butyl acetate and methanol 
Viscosity 5.85 cps.) 


3.42 3.53 3.58 


24.82 31.48 31.71 
5. Willemite 
(in methanol) 
Sample I 
7.25 7.66 Not made 
Sample II . 
Not made 18.96 17.94 


We have had no experience with the Fisher Sub-Sieve Sizer. From 
the description and data given, it appears to be simple in operation and 
capable of excellent results. a 
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Written Discussion: By A. G. Metcalfe, Deloro Smelting and Refin- 
ing Company, Ltd., Deloro, Ont. 

There are two questions | would like to ask the authors. The first 
concerns the calculation of the Photelometer results. What was the 
fundamental relationship used to calculate the results and how did this 
hold for particles in the size range 0.1 to 2 microns? The other concerns 
the effect of concentration of the suspension on these results. The very 
large effect of this variable reported on page 377 makes the comparison 
with the microscope in Table II less reliable than the reported figures 
might suggest. There would seem to be three main causes for this con- 
centration effect :*° Aggregates held together by surface forces, aggregates 
formed by the commencement of sintering during the preparation of the 
powder, and coincidence of particles in the light beam, so that simple 
blocking theories break down. It has been suggested® that the first and 
last sources of error would be expected to vanish at zero concentration. 
Applying this method of extrapolation to the results quoted on page 377 
gives a corrected grain size of 3.2 microns. 

Written Discussion: By L. L. Wyman, General Electric Company, 
Research Laboratories, Schenectady, N. Y. 

The very interesting results of the particle-size experiments con- 
ducted by the authors have ably demonstrated the variations in data 
obtained from the various methods used. 

The departure of various “settling” methods from rigid microscopic 
analysis, using Greene’s method at X 3000 was firmly established over a 
quarter of a century ago when the particle-size tungsten powder was 
being studied. In addition, the cooperative efforts of a number of labora- 
tories verified these observations as they applied to tungsten powder, as 
well as other powders, in the “round robin” tests conducted by Subcom- 
mittee VIII of Committee B-4 of ASTM in 1944. 

In contrast to this, the microscopic method was established as an 
accurate production control of tungsten powder in 1926, and thus is not 
at all new. 

When one looks at the broad implications of the excellent set of 
experiments shown by the authors, one is struck by the fact that “spatu- 
lation”, or mechanical work, is necessary in order to obtain more nearly 
comparable results by the several methods. This, in turn, is most prob- 
ably due to the fact that agglomerates are reduced to the individual 
particles which have stuck together. 

As applied to hydrogen-reduced tungsten powder, the individual par- 
ticles of which are fortunately quite regularly shaped solids and not “pine 
trees”, the microscopic method has given remarkably precise results if one 
operates on the principle that any agglomerate should be analyzed for its 
component particles. Furthermore, this usually tends to increase the 
count for the smaller sizes of particles. Thus, a spatulation prior to a 
settling method of analysis is obviously accomplishing this same kind of 
end result. 


2A. G. Metcalfe, Discussion of a paper by H. Burden and A. Barker, “The Measure- 
ment of the Grain Size of Tungsten and Tungsten Carbide Powders Used for the Manu 
facture of Hard-Metal”, Journal, Institute of Metals, Vol. 75, 1949, p. 1011. 


°*D. S. Beard and A. G. Metcalfe, unpublished work. 
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One may logically challenge the legitimacy of both of the above 
procedures. However, if one further considers the fact that, in produc- 
tion, a mass of dry tungsten powder is placed in a mold and subjected 
to the disintegration action of tons of pressure per square inch during 
compacting, then aggregate counting and spatulating appear to be jus- 
tifiable. 

By the same token, this brings to light two additional factors which 
enter into these attempts to correlate particle-size distribution with per- 
formance. 

First, if the processing from powder to finished product does not 
cause a disintegration of the ._powder particle or the agglomerate, then 
spatulation and agglomerate analysis should not be permitted. 

Second, whenever highly irregularly shaped particles, such as the 
“pine tree” dendritic particles of some metal powders, are subjected to 
several methods of particle-size analysis, the results may lack coordina- 
tion with product performance, primarily because of the fact that you did 
not have what you thought you had. 

For example, one might feel quite sure that a metal powder which is 
composed of “pine tree” dendrites will exhibit quite different character- 
istics of inherent packing ability, compression ratio, density, shrinkage 
on sintering, grain growth, etc., than those from a powder composed of 
spherical particles. Fragmentation during pressing may well account for 
this. 

The experiences of the authors should provide the background for 
further enlightenment on this subject if they would care to comment 
further on some of the above-mentioned factors. 

Written Discussion: By Lincoln T. Work, consulting engineer, 420 
Lexington Ave., New York. 

The authors have developed a point in which metal powders behave 
at least in degree somewhat differently than do most other powders. In 
the reduction of tungsten oxide, a unit crystal appears to be formed of a 
size determined by the reduction temperature, time, and by some proper- 
ties of the oxide. There appears to be a further sintering action binding 
these particles together into clusters or agglomerates. It is not difficult 
to separate individual clusters from each other, but further breakdown 
presents a problem. Many of them are weak, but others are not. 

The observations of the authors shed valuable light on the actual 
behavior of aggregates, and serve as a guide to good practice in dispersion 
and measurement of metal powders. 





Authors’ Reply 


The authors wish to thank Messrs. Anderson, Metcalfe, Wyman, and 
Work for their very interesting discussion and comments on the paper. 

Our experience generally confirms Mr. Anderson’s observation that 
the Photelometer yields high values relative to the microscope in the 
analysis of metal powders. The discrepancy is increased if the individual 
particles in agglomerates are considered as single particles in making the 
microscopic measurements. Analyses of tungsten metal powder with the 
Andreasen pipette have given higher results than the Photelometer. We 
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attribute this to the increased ineffectiveness of dispersion techniques 
when applied to the considerably larger samples required for this instru- 
ment. We have not, however, applied this instrument to other types 
of powders. 

In reply to Mr. Metcalfe, the method of calculation is similar to that 
developed by Wagner,* and States (Ref. 1), and was described in detail by 
the authors in an earlier paper (Ref. 2). It is assumed that the particles 
obey Stokes’ law down to a diameter of 1 micron. No attempt has been 
made to analyze particles below this range of sizes. Mr. Metcalfe’s 
remarks regarding the effect of concentration are very interesting. We 
have not studied this variable extensively, since the Photelometer method 
does not permit any significant variations in concentration, i.e., the turbid- 
ity of the suspension must be maintained within relatively narrow limits 
to remain within the range of the photocell. The concentration of the sus- 
pension generally amounts to 0.2 to 0.5%, depending upon the coarseness 
of the powder. The presence of aggregates bound by varying degrees of 
sintering in tungsten metal powder has been confirmed by electron micro- 
scope studies. It is believed that spatulation effects a breakdown of the 
more weakly bonded aggregates. The aggregates held together by surface 
forces may be deflocculated by use of liquids of high dielectric constant 
as dispersion media, as shown by the authors in a previous paper (Ref. 2). 

In reply to Mr. Wyman, the Photelometer and Sub-Sieve Sizer meth- 
ods are not offered as a substitute for the microscopic method, which 
seems to be the only feasible method for determination of ultimate size 
and distribution of metal powders. These methods, however, offer a 
means for obtaining rapid control to serve as a guide in production of 
metal powders. The particle size and distribution thus obtained appear 
to represent a significant property of the material, especially if they can 
be related to product performance. We concur with Mr. Wyman’s re- 
marks that this type of analysis may be challenged if subsequent process- 
ing of the powder does not conform to the methods used for dispersion. 
It is clear that spatulation in itself will not result in complete dispersion 
of these types of powders. Hence, the Photelometer method as consti- 
tuted cannot yield the ultimate size and distribution of these powders. 
However, the consistent correlation between Sub-Sieve Sizer and Pho- 
telometer data indicates that those agglomerates which act as single par- 
ticles in the Sub-Sieve Sizer are not dispersed by spatulation and respond 
similarly in Photelometer analyses. We have had no experience with 
irregularly shaped particles, such as “pine trees”, and thus can make no 
comments regarding their behavior in these analyses. 

Mr. Work’s observations regarding the behavior of tungsten metal 
powder are valid and conform to the experience of the authors. 





*L. A. Wagner, ““A Rapid Method for the Determination of the Specific Surface of 
a Cement”, Proceedings, American Society for Testing Materials, Vol. 33, II, 1933, 
p. . 


INTERSTITIAL DIFFUSION 
Part I 
Analysis of Experimental Data 


By A. G. Guy 


Abstract 


The data of Wells, Batz and Mehl on the interstitial 
diffusion of carbon in austenite are employed in obtaining 
empirical evidence for the hypothesis that an activity dif- 
fusion coefficient, which is independent of solute concen- 
tration, adequately describes diffusion phenomena. A 
step-by-step method of solving diffusion equations is de- 
scribed. Smith’s data on steady-state diffusion of carbon 
are plotted in terms of activities and the results tend to 
support the hypothesis that activity diffusion coefficients 
are independent of concentration. 


INTRODUCTION 


HREE relatively recent developments promise to improve the 

understanding of diffusion processes in solid metals. These are: 

1. The use of a generalized form of the first Fick law; this 

topic has been reviewed by Darken (1). 
2. The recognition of the fact that the individual components 
in a system diffuse at different rates. The classical experiment 
in metallic systems is that of Smigelskas and Kirkendall (2). 
3. The suggestion that a difference in free energy rather than a 
difference in concentration is the driving force for diffusion. 
Glasstone, Laidler and Eyring (3) reviewed this topic in 
1941. 
It can be safely predicted that these three developments will produce 
a marked change in the treatment of diffusion in metals in the course 
of the next few years. 

However, an attempt to investigate any one of these factors is 
generally complicated by the fact that the other two may also affect 
the experimental results. Therefore it is often difficult to obtain 
adequate information on any one of these three factors. For example, 
le Claire (10) has concluded from the available experimental evidence 
that the use of activities does not lead to a diffusion constant that is 
: 1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. The author, A. G. Guy, is 
associate professor of metallurgy, Mechanical Engineering Department, North 
Carolina State College, Raleigh, N. C. Manuscript received April 18, 1951. 


382 





} 

$ 

: 
s 





statin | Nee cacceclationee xi a 


PO sineenorintanns 


ai Soham 


agree eo ere 


























1952 INTERSTITIAI DIFFUSION 383 


independent of concentration. It is now clear that the data he used 
were inadequate for the purpose of his analysis because of variations 
introduced by the first two of the factors listed above. Therefore, 
his conclusion is questionable. Fortunately, data on interstitial dif- 
fusion offer a means of isolating the last of the three factors from 
the other two. Thus, when carbon diffuses in iron it can be assumed 
that the princinal process occurring is the movement of carbon atoms 
from one interstitial position to another. That is, the iron atoms 
form a relatively immobile framework within which the carbon atoms 
move. It is likely that this circumstance reduces the generalized 
first Fick law to the usual form, which involves a single diffusion 
coefficient. This matter is discussed later. The immobility of the 
iron atoms also eliminates the complications associated with the usual 
“Kirkendall effect”. Volume changes accompanying diffusion should 
theoretically be taken into account, but they are so small in the 
diffusion of carbon in austenite (and possibly in all cases of inter- 
stitial diffusion) that they can safely be neglected. [A rough cal- 
culation indicated that this factor would change the position of the 
weld interface by about 0.001 cm in a typical diffusion run.] 

Thus, the analysis of data on the diffusion of carbon in austenite 
permits the study of one of the controversial new developments in 
diffusion theory—the hypothesis that a difference in free energy is 
the driving force for diffusion. Specifically, it will be shown by use 
of the data of Wells, Batz and Mehl (4) that an activity diffusion 
coefficient, which is independent of solute concentration, adequately 
describes the diffusion of carbon in austenite. In the companion 
paper a theoretical analysis of the same problem is made to show 
that there is theoretical as well as experimental justification for the 
belief that thermodynamic activities are more fundamental than 
chemical concentrations in the process of interstitial diffusion. Pre- 
liminary evidence indicates that the same conclusion applies to sub- 
stitutional diffusion, and this more complex subject will be the sub- 
ject of later papers. 


EQUATION FoR Use WitH CONCENTRATIONS 


Before discussing the form of the Fick law that is used with a 
function of the free energy (such as thermodynamic activity), the 
more usual form of this law involving concentration will be consid- 
ered in order to show why the analysis employed by Wells, Batz 
and Mehl was mathematically inadequate. 

The usual form of the first Fick law for one-dimensional diffu- 
sion is: 


dm = — D ba Equation 1 
Ox 
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where, 
dm = the mame of grams of carbon that cross one cm’ in the time 
t secs. 
D = the diffusion coefficient (which is a function of concentration) ; 
its units are cm*/sec. 
C = the concentration of carbon expressed in units of grams/cm* 
x= the distance in cm. It is assumed that the dimensions of the 
matrix remain constant during diffusion. 


A simple derivation (1) leads to the second Fick law, 
ac 2, 2c 


— = ; Equation 2 
Ot Ox Ox 


The units of concentration can be the same as those used in 
Equation 1. 

It is not common to use concentrations expressed in gm/cm%, 
and often it is more convenient to use other units of concentration 
in Equation 2. These other units of concentration can be used in 
Equation 2 without error, provided a certain condition is met. This 
condition is that, over the range of concentrations being considered, 

Cis © Equation 3 
where, 
K =a constant 


C’ = an alternative concentration unit 
C = concentration in gm/cm* 


Unfortunately, Wells, Batz and Mehl chose to use concentrations 
expressed in atomic per cent, apparently unaware of the large error 
that might be introduced as a result of this choice. Over a range of 
concentrations employed by them, K in Equation 3 changes by almost 
5% when C’ represents atomic per cent. It is difficult to predict in 
general the error in the value of D that this error should cause, but 
rough recalculations of their tests 7 and 16 indicated that the values 
reported by Wells, Batz and Mehl may be 10 or 20% too high on 
this account. Even more serious errors might be, and apparently 
are, present in their values of the temperature coefficients, Q, which 
they derived from plots of D values. In a recent paper, Wells (1) 
has admitted that the error may be over 10% but has attempted to 
justify the use of atomic per cent concentrations by comparing experi- 
mental error to the error introduced by errors in calculation. Such 
reasoning is unsound when the errors are of comparable magnitude 
as in this case. In the same connection Wells has attempted to show 
that an error on the order of 10% is introduced by neglecting density 
changes. It can be concluded from the equation Wells gives for 
changing from one D value to the other that he has not fully appre- 
ciated the relation between a nonlinear coordinate system (such as 
his “lattice spacing”) and the usual centimeter scale. This difficult 
mathematical problem is treated from the viewpoint of tensor analysis 
in a forthcoming paper. ‘Phe essential result obtained is this: the 
numerical value of D is the same, regardless of the coordinate system 
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chosen for the analysis. Neglecting the small volume change that 
occurs during diffusion, which was discussed above, may introduce 
an error on the order of 1%. 

It should be noted that the errors considered above are not 
inherent in the data obtained by Wells, Batz and Mehl, but were 
introduced in the results which they deduced from these data. An 
adequate analysis of these data by the Matano method using suitable 
concentration units should give results consistent with those obtained 
here by another method. It would be interesting to have the results 
of such an analysis for comparison. 

It appears that the principal significance of the diffusion coeff- 
cient obtained from Equation 2 is that it is useful in making diffusion 
calculations for metallic systems for which the thermodynamic data, 
necessary for applying the method discussed below, are not available. 
When the necessary thermodynamic data are available, an activity 
diffusion coefficient can be used. This diffusion coefficient has the 
advantages that it has greater theoretical significance. In addition 
it is generally easier to handle mathematically. It will be shown in 
the present case to be a constant at a given temperature, whereas the 
(concentration) diffusion coefficient is a function of concentration. 


EQUATION FoR Use WitH ACTIVITIES 


In applying the hypothesis that the difference in free energy is 
the driving force for diffusion, three different thermodynamic func- 
tions have been used. Onsager (5) chose chemical potential, ». It 
is shown in the companion paper that this choice leads to a definition 
of mobility coefficients that are generally not independent of concen- 
tration. Birchenall and Mehl (6) used Eyring’s method (3) and 
applied activities, a. However, Birchenall and Mehl fell into the trap 
that has caught many users of activity data in that they used standard 
states inconsistent with the conclusions they drew from their results. 
This led them, for example, to report a QO value of 42,000 for the 
diffusion of carbon in austenite, whereas the correct value is prob- 
ably less than 36,000. Their confusion of standard states casts serious 
doubt on the validity of the conclusions that they drew from their 
analysis. This difficulty with activity values, which has also vexed 
many other workers, is avoided by using an approach to activities 
based on fugacities. 

The third thermodynamic function that has been employed in de- 
riving diffusion equations is the fugacity, f. The use of this function 
has been previously described (7), and its advantages will be only 
briefly mentioned here. It shares with the chemical potential the 
advantage of being a direct function of free energy change; it is there- 
fore independent of the choice of standard state. However, once a 
standard state, f°, is chosen, the fugacities are readily converted into 
activities, a. It is these activity values that are then used in the 
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analysis of diffusion. Thus, one advantage of starting with fugacities 
is that the standard state appears explicitly as the term f° and is not 
likely to be overlooked or used incorrectly. The principal advantage 
of the use of fugacities or activities, however, is that the diffusion 
coefficient defined by either of these functions appears to be inde- 
pendent of concentration, at least in the case of carbon diffusing in 
austenite. 
The equation for interstitial diffusion in terms of activities can 
be written (7), 
Oa _7p.% 
a " Ox? 


where, a-=an activity of carbon in austenite defined so that 8 = 1 at C—0: 
8 = an activity coefficient defined so that a= 8C: 
C = carbon concentration in gm/cm* 
Z => B + CoP 
aC 
D-** = an activity diffusion coefficient, assumed to be independent of con- 
centration; the units are gm/(cm sec). 





Equation 4 


This particular choice of standard state is convenient because the 
value of Do¥* is then essentially equal to the value that the (concen- 
tration) diffusion coefficient, D, has in dilute solutions. 

There are a number of ways in which Equation 4 can be solved: 
(a) A Matano-type graphical solution can be employed; a separate 
paper will be devoted to solutions of this type. (b) When the varia- 
tion of the term Z is not large or when great accuracy is not re- 
quired, a convenient approximate solution involving the Gauss error- 
function can be employed. For example, a carbon penetration curve 
during a carburizing treatment was predicted fairly successfully by 
this means (8). Also, this approximate method was used previously 
to analyze carbon diffusion data at carbon contents below about 1% 
carbon (7). (c) Step-by-step procedures are widely used to solve 
differential equations for which solutions of a closed form are not 
known. A solution of this type will be used to demonstrate that 
Equation 4 accurately describes the data of Wells, Batz and Mehl 
for the diffusion of carbon in austenite. 


A Step-By-Step MetHop oF SoL_vinG DirFusIon EQUATIONS 


The carbon activity, a, in a diffusion specimen is a function of 
time and distance at a given temperature. Therefore, it is possible 
to represent by means of a two-dimensional array of activity values, 
at.x, in the manner illustrated in Fig. 1, the carbon activities after 
various times, t, of diffusion and at various distances, x, from the 
interface of the diffusion couple. Four general values of a,x, but 
related to one another in the manner shown in Fig. 1, are indicated 
by the symbols? a, B, y, and 8 Some of the a%,, values are easily 
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*The use of § here to represent a general activity value should not be confused with the 
previous use of the same symbol as an activity coefficient. 
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Table I 
Step-by-Step Calculation of Test 25, 212 Hours Diffusion at 1472 °F (800 °C) 
From 0.928 to 0.256 Weight Per Cent Carbon 


0.810 0.675 0.540 0.405 0.270 —0.135 0 +0.135 0.270 0.405 0.540 


0.928 0.927 0.920 0.902 0.850 0.751 0.605 0.450 0.330 0.275 


0 
0.0860 0.0859 0.0852 0.0829 0.0770 0.0662 0.0515 0.0364 0.0259 0.0214 0 
0.0860 0.0860 0.0856 0.0838 0.0784 0.0675 0.0516 0.0353 0.0248 0.0209 0. 
0.0860 0.0860 0.0859 0.0847 0.0800 0.0690 0.0518 (.0339 0.0236 0.0205 0.0200 
ee 0.0860 0.0860 0.0855 0.0818 0.0710 0.0520 0.0320 0.0223 0.0202 0 
sae Op 3 De 0.0860 0.0860 0.0839 0.0736 0.0524 0.0294 0.0210 0.0200 0. 

SB te ...... 0.0860 0.0860 0.0776 0.0530 0.0256 0.0200 0.0200 ...... 
...+-- 0.0860 0.0860 0.0530 0.0200 0.0200 ...... eee 

—6 -5 4 J 3 fl 0 1 2 3 4 
Ax 
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Time ——> 








ne 


O----— > +x 
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Fig. 1—Illustration of an Array of Carbon Activity 
Values, at,x, as a Function of the Time, t, of Diffusion and 
the Distance, x, From the Weld Interface. 


determined from the boundary conditions of the diffusion experiment. 
for example, at time equal to zero the value of ao, is equal to the 
carbon activity of the low carbon steel for x less than zero, and is 
equal to the carbon activity of the high carbon steel for x greater 
than zero. At x = 0 and t = 0 the mean value of carbon activity is 
assumed to exist. 

The problem is to determine the remaining values of a,x. In 
the calculation illustrated in Table I six time intervals were found 
to be sufficient to give an accurate penetration curve, so it was neces- 
sary to determine the values of ag. only for a limited range of dis- 
tances from the origin. These values are sufficient to plot a curve of 
carbon penetration for the time of diffusion employed experimentally. 
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A suitable form for Equation 4 can be obtained in the following 
manner. Fig. 1 permits the approximations to be made, 


ae eae 





= Equation 5 
ee " 
Oa _ y—B B—a Equati 
a SS ee, ee “quation ¢ 
Ox Ax Ax saeco 
y¥-—B8 8 so 
3a Ax Ax y 4+a— 28 Equation 7 
ox? Ax (Ax)? 
Substituting Equations 5 and 7 in Equation 4 gives 
6—f _. oe (Y — 28) i 
oe Se Le S22" Equation 8 


At (Ax)? 


Since the At and Ax intervals can be chosen arbitrarily, it is con- 
venient to choose them so that, 


At = K (Ax)? Equation 9 
where K is a constant. [Equation 8 becomes on making this sub 
stitution and rearranging 

§=—8B+ZDo"K (¥+a—28) Equation 10 


This equation permits the solution of any problem involving the dif- 
fusion of carbon in iron once the boundary conditions are known. 
The conditions of test 25 of Wells, Batz and Mehl will be used 
to illustrate the manner of applying Equation 10. In this test a 
0.928% carbon steel was welded to a 0.256% carbon steel, and dif- 
fusion occurred at 1472 °F (800°C) for 212 hours. It is convenient 
to fix the value of the product K DcF*. A useful value was found to be 


K Dc®* = 0.17 Equation 11 


The variable coefficient in Equation 10 then became 0.17 Z. From 
the activity data of Smith (9) it was possible to calculate this co- 
efficient, Fig. 2, and the carbon activity, Fig. 3. Although both of 
these plots should vary with temperature, this variation appears to be 
masked by the experimental error in determining the activity values. 

The details of the step-by-step calculation for test 25 are shown 
in Table I. The weight per cent carbon values corresponding to the 
series of activity values at 6At were read from Fig. 3 (actually from 
an essentially identical plot prepared specifically for use at the tem- 
perature of this test). These weight per cent carbon values were 
then compared with the experimentally determined curve to obtain a 
value of Ax that would give good agreement between the experi- 
mental and calculated curvee In this case the agreement shown in 
Fig. 4 was obtained by choosing Ax = 0.135 cm. Additional experi- 
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Fig. 2—Plot of 0.17Z Versus Carbon Activity. 


mental data for comparison were obtained from a similar diffusion 
run, test 24, by correcting the distance values of this run for the 
fact that the diffusion temperature was 1476°F (802°C) rather 
than 1472°F (800°C). The value of At was easily determined, 
since six time intervals were used and the total diffusion time was 
212 hours. Therefore, 


0 
Bt ERS — 1097 oe 10 sae: | Reematin! 12 


Using Equation 9 the value of K was found to be, 


i ae 
~ (Ax)? (0.135)? 








= 6.98 x 10° Equation 13 


and by Equation 11, 


De = 0.17 = 0.243 x 10° gm/cm sec. Equation 14 
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Fig. 3—-The Carbon Activity, a, in Austenite. 
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Fig. 4—Comparison of the Experimental Data With the Calculated Penetration 
Curve for Diffusion at 1472 °F (800 °C) for 212 Hours. 


Similar calculations were made at four other temperatures using 
data obtained by Wells, Batz and Mehl. The excellent agreement 
obtained between the calculated and the experimental curves is shown 
in Figs. 5 to 8. The five values of Do®* were plotted as shown in 
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Fig. 5—Comparison of the Experimental Data With the Calculated Curve for 
Diffusion at 1661 °F (905 °C) for 72 Hours. 
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Fig. 6—Com 
Diffusion at 1742 °F (950 °C) for 48 Hours. 
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Fig. 7—Comparison of the Experimental Data With the Calculated Curve for 
Diffusion at 1830 °F (999 °C) for 24 Hours. 


Fig. 9 to determine the values of A and Q in the equation Dce¥* = 
Ae-Y/8T, The resulting equation was, 


De” = O372 e -O* Equation 15 


It has been shown (7) that this equation is identical with that for 
the (concentration) diffusion coefficient in dilute solution. How- 
ever, the equation obtained by Wells, Batz and Mehl by extra- 
polation was, 


(0% carbon) ~~ 6. Equation 16 


The difference between Equations 15 and 16 was presumably largely 
caused by the unjustified use of atomic per cent by Wells, Batz and 
Mehl. 


DaTA From STEADY-STATE DIFFUSION 


Darken (1) has recently emphasized the usefulness of data ob- 
tained under steady-state conditions in reaching conclusions on the 
variability of diffusion coefficients. This method would appear to be 
an especially powerful tool for studying the constancy of the activity 
diffusion coefficient, Do¥*. For this purpose Smith’s. data, which 
were cited by Darken, have been plotted in terms of activity in Fig. 
10. The corresporiding concentration plot is also known. If Do 
is independent of concentration, the filled circles should fall on a 
straight line. The departure of these points from a straight line is 
not great and may represent experimental error. — 
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Fig. 8—Comparison of the Experimental Data With the Calculated 
Curve for Diffusion at 2061 °F (1127 °C) for 19.5 Hours. 


The earlier experiment of Harris (11) on steady-state diffusion 
also gives information on the activity diffusion coefficient. Harris 
determined that the average carbon content of a steel plate was 0.84% 
after the steady-state condition was reached for surface carbon con- 
tents of 0.05 and 1.38 on the two sides of the plate. From the carbon 
activities corresponding to the surface carbon contents it would be 
predicted that the average carbon content should have been 0.80% 
if Do¥* were independent of concentration. This discrepancy between 
the observed and the predicted values is qualitatively the same as in 
the case of Smith’s data, Fig. 10, and thus may be significant. Addi- 
tional steady-state experiments are desirable to clarify this point. 


CONCLUSIONS 


The importance of the results obtained in this paper is that they 
present the experimental evidence for the hypothesis that the use of 
activities in the analysis of the diffusion of carbon in austenite (and 
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presumably in the analysis of interstitial diffusion generally) leads 
to a diffusion coefficient that is independent of concentration. Fur- 
thermore, these results suggest by analogy that a corresponding con- 
stancy of the diffusion coefficients perhaps exists in substitutional 
diffusion when activities are used instead of concentrations. Tenta- 
tive experimental verification of the latter relationship has been ob- 
tained in the writer’s laboratory. 

The constancy of activity diffusion coefficients has theoretical 
and practical importance. The analysis of diffusion data and the 
control of diffusion-influenced processes are simplified. Also, it is 
convenient to consider that the diffusion coefficient of carbon in iron 
has a single value at a given temperature ; leading, incidentally, to a 
single A and Q value in Equation 15. Perhaps the principal theo- 
retical significance of a constant activity diffusion coefficient is that 
it affords a convenient means,of obtaining values of the “place change 
coefficient”, °D,¥*, and gives support for the view that the latter 
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ig. 10 Comenrignn of Smith’s Data on Steady-State Diffusion Plotted in Terms 
of Aetibity With the Corresponding Plot in Terms of Concentration. 


diffusion coefficient is a measure of the actual diffusion rate of carbon 
in austenite of a given carbon content. This subject is treated in 
some detail in the companion paper. 

An interesting question concerns the relation of Do¥*, the activity 
diffusion coefficient, to the diffusion constants, “D, that appear in the 
generalized first Fick law. This generalized law for the diffusion of 
carbon in austenite can be written (1) 


Oac Oare 
dmearbon = — De" a dt — De** o dt Equation 17 
x x 


Oare 





3 
dmiron = —Dre° a dt — Dr.?* dt Equation 18 
=x 


x 


in terms of activity gradients. In this equation dm represents the 
number of grams of substance that diffuse across unit area in the 
time dt sec. Both the activity gradient of carbon and that of iron 
are involved. 

Now, it is known that dmjron is small compared to dt carbon. 
This result could be produced if the two terms on the right-hand side 
of Equation 18 were equal and opposite. However, it is more likely 
that DoF*, Dy.° and D,y,¥* are small compared to ‘Dc¢°, since this 
condition would also lead to a negligible value of dmjron. Assuming 
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the latter alternative is correct, Equation 17 reduces to, 


Q Q 
dmearvon = — De® = dt = — Do” a dt Equation 19 


That is, DeF* is equal to “De®, and it is for this reason that it is con- 
stant. It will be shown in a later paper that the activity diffusion 
coefficient, Dz,%, for the substitutional diffusion of zinc in copper 
is not constant, because it involves a combination of the two activity 
diffusion constants “Dz,2" and “Dz,%. Thus, the analysis of inter- 
stitial diffusion is especially simple because the activity diffusion 
coefficient (which is in general a function of concentration) is 
identical with one of the activity diffusion constants. 
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INTERSTITIAL DIFFUSION 
Part Il 
Theoretical Considerations 


By A. G. Guy 


Abstract 


On the basis of the generally accepted mechanism of 
interstitial diffusion, expressions are derived for three 
possible diffusion constants governing diffusion of carbon 
in austenite. It is concluded that the usual concentration 
diffusion constant has little fundamental significance. Data 
on the “place change coefficient” should permit determina- 
tion of the energy of activation of the elementary “jump” 
process. The expression for the activity diffusion constant 
suggests a useful relation between an activity coefficient 
and the free energy of activation. 


INTRODUCTION 


N the companion paper the data of Wells, Batz and Mehl and 
steady-state data on the diffusion of carbon in austenite were re- 
analyzed in terms of thermodynamic activities. The results of this 
analysis give strong experimental support for the hypothesis that the 
activity diffusion coefficient for the diffusion of carbon in austenite 
(and presumably for interstitial diffusion in general) is independent 
of concentration. In view of the common assertion that there is no 
theoretical basis for believing that the activity diffusion coefficient, 
De”, should be a constant, it is important to point out what support 
does exist for the hypothesis that D,¥* is independent of concentration. 
Previous attempts to establish the theoretical foundation for the 
constancy of D,F* are open to criticism.- Fisher, Hollomon and 
Turnbull (12) introduced an assumption concerning the activity co- 
efficient of the activated complex; it will be shown that such an 
assumption is unnecessary. The same activity coefficient appears 
explicitly, but as an undetermined quantity, in the equation obtained 
by Huntington (1). Wert and Zener (13) avoided this difficulty, 
but they neglected the change in jump frequency with change in 
carbon concentration. The present treatment shows that consider- 
ation of this factor leads to more satisfactory expressions for the 
various diffusion coefficients. 


DERIVATION OF THE EQUATION 


For diffusion in cubic metals, for which the diffusion constant is 
believed to be a scalar, it is possible to derive a diffusion equation 
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from a consideration of the atomic movements that result in observ- 
able diffusion effects. The present derivation is made specifically for 
one-dimensional, interstitial diffusion of carbon in austenite, but there 
‘is reason to believe that it may apply equally well, mutatis mutandis, 
for substitutional diffusion in face-centered cubic and in_ body- 
centered cubic lattices. 

The problem that will be considered first is the calculation of 
the number of carbon atoms that cross a given mathematical plane 
in the crystal lattice. If n is the number of carbon atoms per square 
centimeter in a (100) plane; if v is the “jump” frequency with which 
the average carbon atom moves from one interstitial position in the 
lattice to one of the twelve adjacent positions; and, since movement 
of a carbon atom into any one of four of these twelve positions will 
move the carbon atom into the (100)-type plane that is half a lattice 
spacing to the right of the original (100) plane; it follows that the 
number, N, of carbon atoms making this movement from left to 
right per second is, 


N= 3 yn Equation 1 


The number, N’, of carbon atoms making the reverse movement from 
right to left is, 


l Ov O ° 
N’ = 3 € + os 4 dx) (n +5 dx ) Equation 2 
n= 5 ( or On 20) ( on 2) Beis 
N’'= 3 oa ax 2 aT > ~quation 


where a, is the lattice constant of the solid solution in which the 
carbon atoms are moving. By virtue of the presumed isotropy of 
diffusion in cubic metals, the above analysis should be valid for any 
direction of diffusion in the austenite. 

The net number, (N)net, of carbon atoms crossing each square 
centimeter of a given plane per second from left to right is then, 


Ov) ae On 


ea e. Equation 4 


1 
N net ae N ee N’ See OP ( 
(N) 3 


when the term involving (a,)? is neglected. The relation between n 
and C, the concentration in grams per cm’%, is, 
_ % A 


= = . Equation 5 
2 A, " 


where A is Avogadro’s number and A, is the atomic weight of carbon 
Therefore, 


er Equation 6 





és aaa. 
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Also, the number of grams of carbon, dm, represented by N atoms is, 


N= * dm Equation 7 
Ay 
Substitution of Equations 6 and 7 in Equation 4 leads to the equation, 
1 /’ Q oC 
dm = — R yv+C = ao” Ox Equation 8 


Comparison of this equation with the first Fick law written for D, 
the concentration diffusion coefficient, leads to the conclusion that, 


D= = (, +C =~) ao” Equation 9 
Wert and Zener (13) have obtained the following expression for 


v from Eyring’s rate theory, 
y = n* yp? @ ~AP/BT Equation 10 


where n* is the number of nearest neighbor interstitial positions, v° 
is the frequency of vibration of the carbon atom in an interstitial 
position, and AF is the free energy of activation. In a face-centered 
cubic lattice n* = 12. Since, 


or 2 O(AF) 


ee 
the expression for D can be written, 


bi Cc O(AF) at e ~AP/RT 
as) | 6OG 

It is significant that the coefficient of e~4*/®" in this expression 
for the concentration diffusion coefficient, D, is also strongly tem- 
perature-dependent. Therefore, a 1/T plot of InD does not have 
its slope determined by a simple quantity. In contrast, the slope of 
the corresponding plot of °D = GkT, the “place change coefficient”’ 
(5), will be shown to have direct significance (see Appendix). 

The place change coefficient, °D, is determined in the absence 
of a chemical concentration gradient. Reasoning similar to that used 
in arriving at Equation 12 leads to the result, 


*D = »® a,*e -4"™ Equation 13 


since @v/Q9C =0. At any concentration, C, the slope of the plot of 
In°D versus 1/T is —E/R, where E is the activation energy for the 
jump process at the given concentration. Thus, analysis of data on 
°D gives significant information on the diffusion process. — 

The hypothesis that the activity diffusion coefficient, Do**, has 
a temperature coefficient independent of concentration suggests the 
following analysis. . For the purpose of the analysis it is convenient 


to define the jump frequency in the standard-state concentration, 
C =0, as, a 


Equation 11 


D = v° ae? E Equation 12 


vo = * ye “A” = Equation 14 
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so that the jump frequency at any concentration, C, is, 


ea n* pe -¥™* Equation 15 





(Arr) + {" OCF) ae 
Oe ac 
» (RT @ - (AF) o/RT 


y—n* pe “SAF”, Equation 16 


Using the relation D;-** = - ri (6), the following expres 
Cc oan 
eg 


sion for DeF* can be obtained from Equations 12 and 16, 


D.** — »° Ae” | (1 be om ot) ( 1 =) e (\F) o/RT 
Se 


, Equation 17 





a* CAF) ,/RT 


The slope of the plot of In De¥® versus 1/T by hypothesis is inde- 
pendent of concentration. Therefore, the bracketed portion of Equa- 
tion 17 is generally not a function of temperature. Furthermore, 
since D,** is independent of concentration at a given temperature, 
the bracketed portion of Equation 17 is also independent of concen- 
tration. Setting the bracketed portion of Equation 17 equal to a 
constant, K, gives, 


(js 4un 


~ _dp ; 
~ RT dC ) e ~ {4% c/™* — K (6 +C : ) Equation 18 


dC 


When this equation is multiplied by dC, it can be put in the form, 


Cc -~s c 
C d(AF 
if (« cis RT ee . . anor ) ie fo + CdB) dC 


Equation 19 


Since’ the expressions in parentheses are exact derivatives Equation 
19 can be integrated to give, 


Ce ~‘APc/8T —~ K BC Equation 20 


and therefore, 


s&= 


~ e ~ SAP) o/BT Equation 21 

K 

At C=0, (AF)co=0, and 8 has-the value characteristics of dilute 
solution. Ordinarily this value of the activity coefficient is chosen 
to be unity. The value of K is then unity, and for this choice of 
standard state Equation 21 becomes, 


Be etiie™ Equation 22 


That is, if the activity diffusion constant is independent of concen- 
tration, then Equation 22 must be true. (Jvualitative reasoning sup- 
ports the validity of this eqeration, but no exact proof of the relation 
has been found in the literature. 
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CONCLUSIONS 


The results of this fundamental analysis of the movement of 
carbon atoms in austenite lend further support to the picture that 
has been given by experimental results. Specifically, the usual (con- 
centration) diffusion coefficient appears to have no fundamental sig- 
nificance, nor can any simple interpretation be given to its tempera- 
ture coefficient. The “place change coefficient”, °D = GkT, on the 
other hand is a measure of the rate of movement of carbon atoms in 
austenite in the absence of a concentration gradient, and its temper- 
ature coefficient is the activation energy of the “jump” process at a 
given carbon content. Additional support for the hypothesis that the 
activity diffusion coefficient is independent of concentration is given 
by the reasonable relation (Equation 22) that is a necessary condition 
for the hypothesis to be true. It is likely that independent verification 
of Equation 22 will not be difficult to obtain. 


Appendix 
Derivation of the “Place Change Coefficient”, °D 


Although le Claire (10) and others have considered the relation 
between the “place change coefficient”, °D, the concentration diffusion 
coefficient, D, and the activity diffusion coefficient, which will be de- 
noted here for the iron-carbon system by Dc¥*, the present derivation 
offers advantages in ease and directness. 

The derivation is based on the use of chemical potential (10). In 
this method the effective diffusion “force”, f, acting on an atom of an 
element in a solid solution is taken to be, 

1 Ou 
~ A Ox 
where A is Avogadro’s number and yp is the chemical potential of the 
diffusing element. If the mobility, G, of an atom of the diffusing ele- 
ment is defined as its average velocity under unit diffusion force, then, 

Gu 
~ A Ox 
where v is the average velocity of diffusion of the interstitial atom with 
respect to the matrix lattice. 

The number of grams, dm, of the element crossing a square 
centimeter perpendicular to the x direction in unit time is, 


GO 
dm=—C rend Equation A3 
where C is the concentration of the interstitial element in gm/cm*. 
The definition of p is, 


wake (T,p) +RTIna 


{= Equation Al 


v= Equation A2 


Equation A4 
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where the constant, k,, is a function only of the absolute temperature, 
T, and the pressure, p. From Equation A4 it follows that at constant 
temperature and pressure, 


“rt =rat-S Equation A 
Ox ox a Ox en 


where k is Boltzmann’s constant. Substitution of Equation A5 in 
Equation A3 gives, 


C 3 1 
dene pe CA tae Equation A6 
a Ox B Ox 
Since the corresponding equation using the activity derivation is, 
Q 
dm = — D-** a Equation A7 
Ox 
it follows that, 
l 
Do™* = 8 GkT Equation A8 
If GkT is defined to be the “place change coefficient’, °D, so that 
°D = GkT Equation A9 
then 
°D = B Dc** cm*/sec. Equation A10 


Unlike the activity diffusion coefficient, Do®*, the place change 
coefficient, °D, is not presumed to be independent of concentration. 
However, it has a property that may be of even greater value in the 
study of diffusion processes. It represents the characteristic rate of 
movement of the solute atoms in the absence of a gradient of chemical 
concentration ; the rate that would be determined in a homogeneous 
solid solution using a radioactive tracer technique. To demonstrate 
this fact it is only necessary to consider that the equation for the 
diffusion of radioactive atoms is, 


Oc* 

Ox 
where c* refers to the concentration of radioactive atoms and m* is 
the number of grams of such atoms. The same equation can be writ- 
ten in terms of the activities of the radioactive atoms in the form, 


oO * 
dm* — — (De®*)* Equation A12 
x 





dm* = — D* Equation All 


Since the chemical concentration does net change as a result of the 
diffusion of the radioactive atoms, 8 is constant and therefore, 
Qat __, dct 


= p-— E ion Al 
ae B Ox quation Al3 


Substitution of Equation Al3 in Equation Al2 and comparison with 
Equation All shows that, 


D* = 6 (De**)* Equation Al4 
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Since the radioactive atoms are representative of all of the atoms in 
the solid solution, it follows that Equation A14 is equivalent to, 

°"D = B Dc” Equation Al15 
as given by Equation A10. 

Evidently both Do¥* and °D are useful diffusion coefficients. 
°D gives information on the character of the atom motions that are 
actually occurring in an alloy of a given concentration. However, 
DoF¢ is far more convenient for the purpose of calculating diffusion 
coefficient values, since it is unnecessary to be concerned with varia- 
tions of this diffusion coefficient with concentration in the case of 
carbon diffusing in austenite. Since °D is related to Do®* by Equa- 
tion Al0, it is possible to determine the value of °D characteristic 
of any concentration from a knowledge of the carbon activity coeff- 
cients. 
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DISCUSSION 


Written Discussion: By H. B. Huntington, Rensselaer Polytechnic 
Institute, Troy, N. Y. 

This paper develops many points that merit consideration. In par- 
ticular, the possible source of error arising from improper units for meas- 
uring concentration is clearly exposed. The demonstration of a numerical 
solution for an approximate diffusion equation displays to advantage 
a valuable tool for analyzing diffusion data. The discussions regarding 
activation energies in Part II are pertinent and illuminating. 

In regard to the main contention of the paper that the activity coeffi- 
cient of diffusion may well be a constant, there are a few comments that 
are perhaps in order. In the first place, it is certainly by now very clear 
that one may expect the activity coefficient of diffusion to be much more 
nearly constant than the concentration coefficient of diffusion. In par- 
ticular situations it may actually be a constant, though some of the 
experimental evidence brought forward in this paper is not very convinc- 
ing. (A cursory glance at the solid points in Fig. 10 gives one the impres- 
sion that it is unlikely that the departure from a straight line can 
reasonably be ascribed to “experimental error”.) In the second place I 
am quite skeptical that it will ever be possible to prove that the activity 
coefficient of diffusion is exactly constant. On this point Professor Guy 
has shown very clearly what condition must be fulfilled—namely, Equa- 
tion 22 in Part II. On the left-hand side the quantity depends only upon 
the activity of the diffusing atoms in their equilibrium sites, but on the 
right, the quantity AFe depends not only on the activity of the diffusing 
atoms in their equilibrium sites but also on their activity in the activated 
configuration, since AF measures the difference in free energy between 
these two configurations. Effectively, Equation 22 relates an equilibrium 
quantity to rate-process parameters and there appears little likelihood 
that such a relation should be generally valid—i.e., independent of the 
rate process. 

Written Discussion: By Cyril Wells and C. E. Birchenall, Carnegie 
Institute of Technology, Pittsburgh. 

We give this discussion with some hesitation because the essential 
points were covered by Darken*® and by Wells and Batz*‘ in published 
comments on an earlier paper by the present author.® Since the present 
paper is little but a repetition of the one cited, though somewhat ex- 
panded and in more detail, it seems that the objections should be restated 
and amplified. 

This paper (a) accepts the data of Wells, Batz and Mehl® as the best 
available; (b) purports to demonstrate that these data have been inter- 
preted inadequately by their authors; and (c) attempts to convince the 
reader that D.'*, assumed to be independent of solute concentration, 
adequately describes carbon diffusion in austenite. 


SL. S. Darken, discussion to footnote 5. 

‘C. Wells and W. Batz, discussion to footnote 5. 4 

5A. G. Guy, “Analysis of Interstitial Diffusion Using Activity Methods”, Transactions, 
American Institute of Mining and Metallurgical Engineers, Vol. 185, 1949, p. 607-610. 


®C. Wells, W. Batz and R. F. 1, “Diffusion Coefficient_of Carbon in Austenite’’, 
Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 188, 1950, 
p. 553-560. 
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Reasons for believing that the data obtained by Wells and Mehl’ 
and later by Wells, Batz and Mehl were interpreted more adequately than 
one might suspect from Guy's statements should be apparent from previ- 
ously published material.” ° 

Up to 1.00% by weight of carbon the variation of the activity dif- 
fusion coefficient is quite small—practically within experimental error, 
but at higher concentrations the experimental data indicate a significant 
increase in De** with concentration. 

Fugacity and activity are both numerical correction factors deter- 
mined by experiment for each particular system and set of conditions 
which permit the systems to be described by equations normally applied 
to ideal systems. Hence, one is no more fundamental than the other. A 
conscious choice of standard states must be made in either case. 

The use of thermodynamic quantities in kinetic equations always 
involves some special assumptions about the nature of the process and 
its immediate states. It is there whether one wishes to acknowledge it 
or not. The simplest assumption is that the process depends only on the 
difference in free energy or the difference in activity (the same assump- 
tion except for the form of the dependency) of the initial and final states. 
Such an assumption was made in the paper by Birchenall and Mehl,’ and 
Fisher, Hollomon and Turnbull” later showed that this was equivalent to 
assuming the activity coefficient of the activated state to be independent 
of concentration. This is a reasonable assumption for a first try, especially 
if, as was the case in 1946, it fits the best available data within the ex- 
perimental uncertainty. Guy’s choice of infinite dilution as standard state 
is a better one than graphite for this purpose, and the latter does lead 
to an error in the activation energy in footnote 9; but this particular 
assumption leads to that error only, and not to many others as Dr. Guy 
implies. 

Since Birchenall and Mehl’s Equation 9 is the same as Guy’s Equa- 
tion 4 in footnote 5, the resulting equations are the same, as Guy has 
pointed out. Any essential differences in the treatment arise in Guy’s 
assumption that De** is a constant, while Birchenall and Mehl admit 
that it might vary, then set out to see if it does. In the latter case, the 
test employed was a sensitive one, very much more sensitive than 
attempting to fit penetration curves where small differences in the con- 
centration computed for a given distance will lead to large differences in 
the D computed at that point by a Matano analysis. While this equation 
agreed with the data available at that time, the more extended recent 
data of Wells, Batz and Mehl do not lead to reasonable agreement. 
Hence, it must be concluded that the assumption that Dc** is constant 


7C, Wells and R. F. Mehl, “Rate of Diffusion of Carbon in Austenite in Plain Carbon, 
in Nickel and in Manganese Steels”, Transactions, American Institute of Mining and Metal- 
lurgical Engineers, Vol. 140, 1940, ’p. 279. 


8C. Wells, “Atom Movements”, published by American Society for Metals, Cleveland, 
1951. See Table Il, p. 32. 
°C. E. Birchenall and.R. F. Mehl, “Thermodynamic Activities and Diffusion in Metallic 


Solid Solutions”, Transdctions, American Institute of Mining and Metallurgical Engineers, 
Vol. 171, 1947, p. 143-165. 


%0J, Fisher, J. H. Hollomon and D. Turnbull, ‘Absolute Reaction Rate Theory for 
Diffusion in Metals”, Transactions, American Institute of Mining and Metallurgical Engi- 
neers, Vol. 175, 1948, p. 202-215. 
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is not demonstrated without proof, not now known to us, that either the 
experimental diffusion or activity coefficients are wrong. 

.,One who has measured diffusion coefficients cannot help but regard 
Fig. 5 as relatively poor data to choose for fitting, Figs. 6 and 8 as poor 
fits, and. Fig. 4 as an exceedingly poor fit. In addition, Fig. 10 contains 
one of the curviest straight lines in the current literature. The latter is 
particularly surprising since, in general, the steady-state method has 
tended to indicate a slightly less extreme dependence for D on concen- 
tration at the high carbon contents. Many curves may be drawn which 
appear to fit a set of data as well or better than those considered by 
the author to be excellent, and yet differences among computed D values 
based on these curves are quite large, sometimes as much as 50%. Ob- 
servation of these differences was responsible for the statistical treatment 
of the data employed by. Wells, Batz and Mehl to obtain a maximum of 
precise information from the pool rather than from data obtained on an 
individual test. Perhaps Guy would accept this point of view if he had 
our experience in experimentally determining diffusion data of the type 
on which his paper is based. 

Our understanding is that Guy selected the value of 0.17 (page 388) 
for the expression KDc** because he thinks this choice makes it possible 
to utilize the data of Wells, Batz and Mehl (Test 25) to demonstrate the 
validity of his hypothesis. If the value of 0.17 has the significance 
claimed, one should be able to calculate quantitatively the relation be- 
tween carbon concentration and distance for any selected elapsed time 
at the diffusion temperature; computed concentration-penetration curves 
should then coincide with experimentally determined curves within ex- 
perimental error. Plans to study the degree of significance of such a 
selected value of KDc** were made some time ago, but unfortunately 
these have not yet been executed. The experimental work to be done is 
of necessity very time-consuming and needs to be performed with the 
utmost of care. 

Written Discussion: By W. J. Wrazej, 271 Laurier East Avenue, 
Ottawa, Ontario, Canada. 

I must agree with the author that the results presented in his paper 
give strong support for the hypothesis that the use of activities in the 
analysis of the diffusion of carbon in austenite (iron-carbon gamma solid 
solution) leads to a diffusion coefficient that is independent of the con- 
centration. This conclusion concerning interstitial diffusion is ipso facto 
extended by the author to subtitutional diffusion. In doing so the author 
is perfectly right, because there would-be a difference in the energy re- 
quired in the two cases when the diffusion coefficient is independent ot 
concentration. There is no way of finding the final solution for the dif- 
fusion of general value when the two sorts of diffusion are dealt with 
completely separately. 

It is obvious that any foreign atom, whether carbon or nickel, in iron 
will cause distortion of the gamma unit cell. In doing so the atom will 
try, especially in the case of interstitial diffusion where the distortion is 
the highest, to produce the lowest state of free energy. Owing to this 
fact, the locations of carbon atéms in gamma iron will be determined by 
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the achievement of equilibrium. Thus it will be the state of lowest free 
energy which will govern the distribution of atoms. Trying to express 
this in another way it can be said that the distortion of a lattice by the 
introduction of foreign atoms produces a state of strain not only in the 
unit cell but also in the surrounding cells, thus forming a cell group. The 
lowest free energy can be attained only when these atoms are uniformly 
dispersed. Domains composed of such cell groups are to be expected. 
They will be formed during diffusion in different places in the grain. The 
new state of lowest energy in such domains will keep them intact and so 
the ratio of the domains to the remainder of the solvent will be estab- 
lished. A single grain of the solvent. will in this way become composed 
of domains differing in concentration of the atoms. This feature can 
differentiate, more or less, the parts of the grains, i.e., influence the 
heterogeneity of the solid solution. The driving force for diffusion is to 
be understood as the difference in the states of free energy between 
domains of solvent and the new solid solution. 

In the case of iron-carbon alloys there have been three stages of low- 
est free energy assumed when the gamma solid solution is produced in 
alloys differing in carbon content.” 

I will be glad to learn how much the assumption of the heterogeneity 
of gamma solid solution, i.e., the formation of domains in grains, will 
influence the interpretation of diffusion. 


Author’s Reply 


This interesting discussion has added much toward accomplishing the 
purpose of this paper; namely, to determine the usefulness of thermo- 
dynamic activities in the treatment of interstitial diffusion. 

Dr. Huntington and Drs. Wells and Birchenall have emphasized the 
amount of disagreement that exists between the steady-state data of 
Smith and the straight line that would be predicted if Do®* is independent 
of concentration. This disagreement stands in contrast ‘to the good fit 
between the calculated cutves based on a constant value of Dc*®*® and the 
experimental data of Wells, Batz and Mehl obtained using the more com- 
mon unsteady-state experimental conditions. In view of these divergent 
results, the question whether Dc** is independent of concentration should 
probably be considered unsettled and should be the subject of further 
study. 

Dr. Huntington has pointed out the problem that exists in attempt- 
ing to relate an equilibrium quantity, such as activity, to a rate process 
like diffusion. Perhaps, in view of the manner in which activities are 
determined, it is not unlikely that a generally valid relationship should 
exist. For example, the vapor pressure method of measuring activities 
involves an equilibrium between opposing rate processes. Therefore, it is 
possible that the activities so determined should play a fundamental part 
in other rate processes, including diffusion. 

In connection with the initial comments of Drs. Wells and Birchenall, 
it is pertinent to nete that the present paper differs in several significant 
aspects from my previous paper on this subject (7). The range of car- 


UNature, Vol. 158, 1946, p. 308. 
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bon contents is higher in this paper, but the agreement of calculated and 
experimental unsteady-state diffusion curves is shown to be as good as 
that previously found at lower carbon contents, thus answering one of 
the questions raised by the previous discussion of Wells and Batz. At 
the higher carbon contents considered in the present paper it is not 
feasible to use the convenient approximate analysis employed with lower 
carbon ranges. Therefore, a step-by-step analytical procedure was used 
to obtain results of the desired accuracy. It is likely that analyses of this 
type will become increasingly useful as further attempts are made to 
refine the treatment of metallic diffusion. Since Dr. Darken, in his dis- 
cussion of the previous paper, had commented on the lack of a thecretical 
basis for the use of activities in the treatment of diffusion, a discussion 
of the pertinent theoretical considerations was included in the present 
paper. This discussion shows the advantage of using the “place change 
coefficient”, °D, rather than the usual diffusion coefficient, D. It also 
indicates the relation that must exist if Dc** is to be independent of 
concentration. 

Since there appears to be no doubt that Wells, Batz and Mehl were 
incorrect in expressing concentration as atomic per cent rather than as 
grams per cubic centimeter in calculating D values from their experi- 
mental data, the only question that remains is whether appreciable error 
was introduced in this manner. In view of the care that these investi- 
gators used in their experimental procedure, it appears likely that the 
best possible analysis of the data would be necessary to fully exploit the 
value of these data. Dr. Wells’ consideration of this point (1) can be 
interpreted as supporting this conclusion. 

The choice of standard states in the use of activities is an important 
matter because the numerical value of the corresponding diffusion coeffi- 
cient is influenced by this choice. Evidently several supposedly related 
diffusion coefficients determined for different temperatures lose much of 
their meaning if each one is referred unintentionally to a different stand- 
ard state as a result of the inevitable change of the chosen standard state 
with temperature. In this case the difference between the values of the 
diffusion coefficients at two temperatures reflects both the change in 
diffusivity with temperature and. the change involved in the variation 
of standard state. 

The reason for setting KDc** equal to 0.17 in the example shown is 
one of mathematical convenience and does not concern the final analytical 
result. The larger the value that can be used for this number, the 
smaller is the number of steps that need be used in obtaining an adequate 
solution to the problem. However, thé value should not be chosen above 
a certain, indefinite number because an undesired oscillation in the step- 
by-step values is then produced. The problem of determining the opti- 
mum value of the number in question is one that has not been solved 
for the general case; therefore, a suitable value was determined by trial 
in the present instance. 

Concerning the suggestion by Mr. Wrazej that the gamma solid solu- 
tion may be heterogeneous, it is possible that such heterogeneity could 
influence the course of diffusion, However, more information on the 
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character of the heterogeneity should probably be obtained before con- 
sidering in detail its effect on diffusion. 

Apart from the question of the exact constancy of Dc** with respect 
to change in concentration, the present results suggest that the use of 
activities in place of concentrations should in some instances permit con- 
venient solution of diffusion problems by eliminating, for practical pur- 
poses, the variations of diffusion coefficients with concentration. In view 
of the complex nature of substitutional diffusion, a simplification of this 
kind may be a practical necessity for the useful analysis of experimental 
data. 








INVESTIGATIONS INTO THE CARBONITRIDING 
OF PLAIN CARBON STEEL 


By H. C. Frepier, M. B. BEveR AND C. F. FLoe 


Abstract 


AISI 1020 was carbonitrided for 4 hours at 1625 °F 
and oil-quenched; the inlet gas composition was 10% 
NHs3, 10% CH, and 80% carrier gas. Hardness measure- 
ments were made, the case structure was examined metal- 
lographically, and the retained austenite content deter- 
mined by lineal analysis. The results extend published 
data in the direction of higher temperatures and lower 
ammonia concentrations which are representative of a 
trend in industrial carbonitriding practice. 

The following methods for controlling austenite in 
carbonitrided cases were investigated: (a) interruption 
of ammonia flow, (b) cooling to subatmospheric temper- 
atures, and (c) multiple tempering. .The effectiveness of 
these treatments was determined quantitatively. 

Dimensional changes were measured as a function of 
carbonitriding time at 1500°F. A comparison of growth 
as a function of case depth was made between cases 
formed by carburizing at 1700°F and carbonitriding at 
1500 °F. 


REVIOUS publications were concerned with the effects of process 

variables on the carbonitriding of plain carbon steel (1) and 
the constitution of the cases produced (2). The present paper deals 
with several aspects of the carbonitriding of plain carbon steel sug- 
gested by the earlier research, while a concurrent paper (3) reports 
on an investigation of the carbonitriding of alloy steels. 


CARBONITRIDING oF AISI 1020 at 1625 °F 


Industrial practice has in recent years tended toward the use of 
higher carbonitriding temperatures. There is also a trend toward 
lower ammonia contents in the furnace atmosphere. In order to 
supplement earlier work, AISI 1020 was carbonitrided at 1625 °F 
(885°C) for 4 hours in an atmosphere of 10% ammonia, 10% 

1The figures appearing in parentheses pertain to the references appended to this paper. 


This paper is based on a_portion of a thesis submitted by H. C. Fiedler in September 
1950 to the Department of Metallurgy at the Massachusetts Institute of Technology in 
partial fulfillment ef the requirements for the degree of Master of Science. 





A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. The authors are associated 
with the Department of Metallurgy, Massachusetts Institute of Technology, 
Cambridge, Mass. Manuscript receh 


ved April 16, 1951. 
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CARBONITRIDING CARBON STEEL 
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Knoop Hardness Number 
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Fig. 1—Specimen of AISI 1020 Carbonitrided 4 Hours at 1625 °F and Oil-Quenched. 
Gas composition: 10% NHs:, 10% CH4,.80% carrier gas. Microhardness and retained 
austenite as functions of depth. 


methane and 80% carrier gas followed by oil quenching. For details 
of experimental procedure, reference is made to an earlier (1) or to 
the concurrent (3) paper. 

The inner layer of the case formed at 1625 °F is thicker than 
that formed at lower temperatures. The compound is present in very 
thin patches and is entirely absent from some portions of the carbo- 
nitrided surface. The total case depths are approximately 0.036 inch 
after carbonitriding at 1625 °F and 0.024 inch after carbonitriding at 
1500 °F (815 °C) (1). 

The surface hardness is 89 Rockwell 15N and the microhardness 
characteristics are excellent throughout the depth of the case pro- 
duced at 1625 °F, as seen in Fig. 1. The amount of retained austenite 
is high even at a considerable depth beneath the surface. Moreover, 
the austenite content increases as the carbonitriding temperature is 
raised from 1500 to 1625 °F (815 to 885 °C) as is also true for alloy 
steels (3). Experiments on other specimens have shown that retained 
austenite can be controlled by various treatments which result in an 
increase of several points in the Rockwell 15N hardness at the surface. 
The hardness of the 1625 °F specimen can, therefore, be increased by 
reduction of the amount of retained austenite. 
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Fig. 2—-Photomicrographs of AISI 1020 Carbonitrided 4 Hours at 1400°F and Oil- 
Quenched. X 500. Gas compositions: 40% NHs, 10% CHa, 50% carrier gas. Test condi- 
tions: (a) NHs on 4 hours, (b) NHs off last 2 hours, (c) NHs on 4 hours, specimen cooled to 
—105°F, (d) NHs off last 2 hours, specimen cooled to —82°F. Photomicrographs are placed 
so that the edge representing the surface of the specimen is at the left. 


METHODS FOR REDUCING THE AMOUNT OF RETAINED AUSTENITE 





Carbonitrided cases in the as-quenched condition frequently con- 
tain large amounts of retained austenite, primarily because of the 
effect of nitrogen on the austenite-martensite reaction. For many 
applications it may be desirable to control the amount of this con- 
stituent and therefore experiments were made to investigate the 
effects of (a) shutting off the ammonia before completion of a run 
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to allow a diffusion period, (b) cooling to subatmospheric tempera- 
tures after oil quenching, and (c) various tempering treatments. 


Interruption of Ammonia Flow and Refrigeration 


Specimens were carbonitrided at 1400 °F (760 °C) to produce a 
readily measured amount of retained austenite. However, the treat- 
ments for reducing the amounts of retained austenite can be expected 
to be similarly effective for cases produced at higher carbonitriding 
temperatures. 


% Retained Austenite 





0.003 0.006 
Inches Below Compound Layer 


Fig. 3—Retained Austenite as a Function of Depth 
After Carbonitriding 4 Hours at 1400°F Followed by Oil 
Quenching. (A) NH: on 4 hours, (B) NHs off after 2 
hours, (C) NH; off after 1% hours, (D) specimen cooled 
to —105°F after oil a (E) NHs off after 2 hours, 
specimen cooled to —82° 


Fig. 2 allows a comparison of the case structure of a specimen 
carbonitrided 4 hours and quenched in oil at 110 °F with specimens 
carbonitrided in an identical manner except for the following modifi- 
cations: in one case the ammonia was shut off after 2 hours, in 
another the specimen after quenching was refrigerated at —105 °F 
(—78°C), and in a third case the ammonia was shut off after 
2 hours and, after quenching, the specimen was refrigerated at —82 
°F (—65 °C). A specimen was also carbonitrided without ammonia 
flow in the last 224 hours. The results of lineal analysis of all these 
samples are shown in Fig. 3. 

Previous research has shown that carbonitriding AISI 1020 at 
1400 °F (760°C) for 4 hours produces a case depth (1) of 0.016 
inch and a maximum nitrogen concentration (2) in the inner layer 
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Fig. 4—Microhardness as a Function of Depth for AISI 1020 Carbonitrided 4 Hours at 
1400°F and Oil-Quenched. (a) NH: on 4 hours, (b) NHs off after 2 hours, (c) NH: on 4 hours, 
specimen cooled to —105°F, (d) NHs off after 2 hours, specimen cooled,to —82°F. 


of approximately 0.7%. Shutting off the ammonia before completion 
of the run may be assumed to reduce the total amount of nitrogen 
absorbed and to level the nitrogen concentration gradient. As a con- 
sequence, the amount of retained austenite is decreased. 

Fig. 4 summarizes the effects of various treatments on the micro- 
hardness of the cases. Shutting off the ammonia during the latter 
half of a run changes the microhardness characteristics as indicated 
by a comparison of Fig. 4a and Fig. 4b and also increases the surface 
hardness from 86 to nearly 90 Rockwell 15N. In particular, the 
microhardness is increased in the region immediately beneath the 
compound layer, which is to be expected, since this is the region in 
which the greatest amount of retained austenite is found as shown 
in Fig. 3. Comparison of the hardness curves, however, indicates 
that in shutting off the ammonia some case depth was sacrificed for 
the increased hardness. The case that is formed may-also be ex- 
pected to have less hardenability than the standard sample, due to the 
lower nitrogen content. 

Shutting the ammonia off after 114 hours results in a case with 
still less retained austenite which, consequently, increases the case 
hardness. However, the loss in case depth becomes. appreciable 
under these conditions. 

Refrigeration is a well-known method for reducing the retained 
austenite in alloy steels (4), especially in tool steels (5). Since the 
degree of completion of the martensite reaction depends upon how far 
below M, the austenite is cooled, subatmospheric cooling increases 
the amount of the transformation. A comparison of Fig. 4a and 
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Fig. 4c shows the benefits to be derived from this method when 
applied to carbonitrided cases. The microhardness has been in- 
creased, particularly in the region immediately beneath the compound 
layer. It should be pointed out that in all of the curves in Fig. 4 
the microhardness values near the surface are those of the compound 
layer which is relatively soft and which is not affected by the treat- 
ments designed to reduce retained austenite. 

When the ammonia is shut off during the last 2 hours and the 
sample is also refrigerated, the hardness of the case reaches very 
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Fig. 5—Microhardness as a Function of Depth for AISI 1020 Carbonitrided 
4 Hours at 1500°F, Oil-Quenched, and Tempered at 600°F for Various Times. 


nearly the maximum value immediately beneath the compound layer 
as shown by Fig. 4d. Fig. 3 indicates that the retained austenite has 
fallen from a maximum of 45% in the standard sample to 8% in the 
specimen given this double treatment. The effectiveness of the double 
treatment is due to the fact that the loss of nitrogen in the diffusion 
period results in the raising of the M, temperature of the region 
which becomes the case and, consequently, more austenite trans- 
forms upon refrigeration. 


Multiple Tempering 


To investigate the effect of tempering upon the amount of re- 
tained austenite present in AISI 1020 carbonitrided at 1500 °F (815 
°C) single and double tempering was done at 600 and 800°F (315 
and 425°C). The total times for the 600 °F group were 10, 20 and 
30 minutes, respectively. Only one set of samples was tempered at 
800 °F, the total time being 10 minutes. 

Lineal analyses showed that approximately 18% austenite was 
retained at depths of 0.003 and 0.006 inch in the as-quenched samples. 
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The tempering treatments reduced this amount to between 2 and 6% 
in all cases. 

The microhardness values of the as-quenched specimen and of 
specimens tempered at 600 °F are shown in Fig. 5. Tempering re- 
sults in a lowering of the hardness in the area of maximum hardness 
of the as-quenched structure. 


GROWTH OF CARBONITRIDED AND CARBURIZED CASES 


In case hardening processes dimensional changes are caused by 
changes in composition and in structure. The “growth” of nitrided 
parts is appreciable and carburized parts are also known to undergo 
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Fig. 6—-Growth and Thickness of Compound Layer as Functions ot 
Carbonitriding Time for AISI 1020 Case-Hardened at 1500°F. 


dimensional changes. In view of the absence of published information 
on dimensional changes caused by carbonitriding, an investigation of 
this subject was undertaken. For purposes of comparison the growth 
caused by carburizing was also determined. 

Special specimens measuring 0.20 by 0.75 by 5.0 inches were 
used for a comparison of the growth of carbonitrided and carburized 
cases, while other measurements were made on specimens having a 
cross section of 0.75 inch square. The specimens were ground so as 
to produce a set of parallel faces. Measurements were taken with a 
micrometer caliper reading to 4 decimal places (in inches) at half- 
inch intervals along the center line. Prior to the measurements, 
specimens were cleaned with carbon tetrachloride. To remove in- 
soluble material present after case hardening, each specimen was 
carefully polished on 3/0 metallographic emery paper. The growth 
measured at a given position on the sample was usually within 15% 
of the average value. a 
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In Fig. 6 the thickness of the compound layer and the growth 
of plain carbon steel are shown as functions of carbonitriding time. 
A close relation between growth and the thickness of the compound 
layer of carbonitrided samples exists. It is also of interest to note 
that the rate of formation of the compound layer is initially high but 
decreases and tends to become constant after the first hour of carbo- 
nitriding. This results in a high rate of growth during the early 
stages of carbonitriding as the compound layer is being formed. 

Specimens carbonitrided at 1500 °F (815 °C) from 1 to 4 hours 
were compared with specimens carburized at 1700°F (925°C) to 
produce the same range of case depths. The growth of the carbo- 
nitrided cases was between one and one-half to three times greater 
than that of the carburized cases, which can be explained by the 
presence of a compound layer on the former. 

The amount of growth at 1300, 1400 and 1500°F (705, 760 
and 815 °C) was approximately 0.001 inch on a side after a 4-hour 
carbonitriding cycle. The two major factors in growth, total case 
depth and depth of compound layer, vary with temperature in such 
a way that under the carbonitriding conditions used the growth did 
not change appreciably. However, it would change if the conditions 
were such as to produce more or less compound layer. 


SUMMARY AND CONCLUSIONS 


(a) Carbonitriding AISI 1020 at 1625°F (885°C) with an 
inlet gas containing 10% ammonia, 10% methane and 80% carrier 
gas produces a satisfactory case. 

The compound layer exists only in thin, small patches. The case 
depth produced in 4 hours is greater than that resulting at lower 
temperatures. More austenite is retained than when carbonitriding 
at 1500 °F (815 °C). 

The surface hardness is 89 Rockwell 15N and the microhardness 
characteristics throughout the case are good. 

(b) Several treatments designed to control the amount of re- 
tained austenite in carbonitrided cases were investigated. 

Shutting off the ammonia toward the end of the carbonitriding 
period greatly reduces the amount of retained austenite. Adaptations 
of this procedure appear feasible in industrial practice. The slight 
loss in case depth would be well worth the gain in surface hardness. 

Cooling to subatmospheric temperatures reduces the retained 
austenite. This treatment is particularly effective in combination 
with the diffusion period described in the preceding paragraph. 

Tempering at 600°F (315°C) for short times is sufficient to 
transform a major portion of the retained austenite, but some soften- 
ing due to concurrent tempering of the martensite is inevitable. 

(c) The amount of growth of carbonitrided and carburized 
specimens was compared as a function of case depth. For equal case 
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depths, carbonitriding causes considerably more growth than does 
carburizing, which may be attributed to the formation of a compound 
layer. It should be pointed out, however, that in industrial carburiz- 
ing practice distortion rather than growth is the critical factor affect- 
ing final dimensions. 

Although carbonitriding is usually carried out for from 1 to 3 
hours, the compound layer reaches an appreciable thickness very 
early and the amount of growth may be considerable despite the 
short carbonitriding time. 
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DISCUSSION 


Written Discussion: By W. H. Holcroft, executive vice-president, 
Holcroft & Company, Detroit. 

Once again it is a privilege to congratulate the authors on the fine and 
extensive work they have done. The papers presented at this time in con- 
junction with those of last year give a_very comprehensive picture of the 
subject. 

We believe that the amount of retained austenite shown in Fig. 1 would 
be much decreased by use of lower percentages of both ammonia and 
methane. Such a reduction would be beneficial to the case. Quenching 
conditions will, of course, affect the amount of retained austenite. We have 
not found that the amount of retained austenite increased as the carbo- 
nitriding temperature is raised from 1500 to 1625°F (815 to 885°C). If 
anything, the reverse has been true. 

The results shown when tht ammonia flow is interrupted are based 
on tests run at 1400°F (760°C). As we have previously stated, we do 
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not believe that carbonitrided cases produced at 1400°F (760°C) and 
under are comparable with those produced at 1500°F (815°C) and over. 
As shown in last year’s paper, high surface carbons are typical at 1400 °F 
(760°C). This rather than the nitrogen content may account for the 
high retained austenite and the refrigeration effect. We have found that 
1020 steel carbonitrided at 1500°F (815°C) and over increases in hard- 
ness only 2 to 3 Rockwell C points when refrigeration is used. 


Editor’s Note: Mr. F. E. Harris, Buick Motor Division, General Motors 
Corporation, has presented written discussion on this paper and also the paper 
entitled “The Carbonitriding of Alloy Steels”. Mr. Harris has combined his 
discussion of the two papers in one presentation which follows the second paper, 
page 433. The authors likewise are replying to Mr. Harris’ combined discus- 
sion, and also Mr. Holcroft’s discussion, in their closure on page 435. 








THE CARBONITRIDING OF ALLOY STEELS 


By H. C. Frepier, M. B. BEvER ANp C. F, FLoE 


Abstract 


Specimens of AIST 5120, 4620 and C1117 were carbo 
nitrided for 4 hours at 1300, 1400, 1500 and 1625 °F 
and ou-quenched. The inlet gas contained 10% methane, 
the ammonia ranged from 40% at the lower temperatures 
to 10% at 1625 °F and the balance was carrier gas. Sam- 
ples of AISI 5120 were tempered for 2 hours in the 
range of 500 to 900°F. A titanium-bearing steel was 
carbonitrided at 1200, 1300 and 1500 °F. Microhardness 
and depth hardness measurements were made. Case struc- 
tures were examined metallographically and retained aus- 
tenite was measured by lineal analysis. The resulting data 
are compared with those previously published for plain 
carbon steel. 


oO carbonitriding process of case hardening is used in indus- 
trial practice with alloy steels as well as with plain carbon steels. 
ine effects which alloy elements have on the structure and properties 
of carbonitrided cases therefore are of considerable practical interest. 
Carbonitriding of alloy steels also sheds some light on the funda- 
mental behavior of complex iron — alloy — carbon — nitrogen systems 
for which systematic knowledge is still almost entirely lacking. 

This paper reports the results of an investigation in which a 
chromium steel, a nickel steel and a manganese-bearing free-machin- 
ing steel were carbonitrided and in which the carbonitriding of a 
titanium-bearing steel was also explored as a more speculative part 
of the research. The experimental procedure was the same as that 
previously used in an investigation of the carbonitriding of a plain 
carbon steel (1, 2). This earlier investigation also provided a basis 
of comparison, since the same variables had been covered. 


EXPERIMENTAL PROCEDURES 


The steels used, which were obtained in the form of rounds or 
bars, were AISI 5120, 4620, C1117, and a special analysis contain- 
ing 0.05% carbon, 0.45% titanium, and 0.45% manganese. After 
__¥Phe figures appearing in parentheses pertain to the references appended to this paper. 


This poner is based on a portion of a thesis submitted by H. C. Fiedler in September 
1950 to the Department of Metallurgy at the Massachusetts Institute of Technology in 
partial fulfillment of the requirements for the degree of Master of Science. 





A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. The authors are associated 
with the Department of Metallurgy, Massachusetts Institute of Technology, 
Cambridge, Mass. Manuscript reetived April 16, 1951. 
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normalizing, specimens intended for metallographic investigation and 
hardness measurement were prepared by milling and surface grinding 
to a cross section of 0.75 inch square, while specimens for chemical 
analysis were turned to a diameter of about 0.8 inch. 

Since the description of the experimental equipment and pro- 
cedure and the gas analyses published previously (1) apply again, 
only the most essential features will be summarized here. The tank 
gases used were anhydrous ammonia, methane, propane and nitrogen. 
Thermal decomposition was expected to take place under the condi- 
tions of the experiments to a somewhat larger extent than in typical 
industrial furnaces; fairly large ammonia concentrations in the inlet 
gas were therefore used. Propane and air were passed over a cata- 
lyst of nickel oxide at 1800 to 1850 °F (980 to 1010 °C) to produce 
a carrier gas analyzing approximately 40% hydrogen, 20% carbon 
monoxide, 40% nitrogen and 0.6% methane with only traces of car- 
bon dioxide and water vapor. The total gas flow into the furnace 
was 5 cubic feet per hour. 

An electrically heated tube furnace equipped with automatic 
temperature control was used.” (See Fig. 1 of Reference 1.) The 
duration of all runs was 4 hours. 

The standard carbonitriding atmosphere was made up of 40% 
ammonia, 10% methane and 50% carrier gas. This mixture was 
used for all experiments unless otherwise noted. The specimens for 
metallographic and hardness tests were quenched in oil at 110 °F: 
specimens for chemical analyses were cooled in air. 

Depth-hardness measurements were made by taking Rockwell 
15N readings at intervals of 1/10 or 1/20 of an inch along a case- 
hardened surface ground to a taper of 0.015 inch per inch. Micro- 
hardness was determined at different positions across a section with 
a Knoop indenter loaded to 500 grams in a Tukon tester. The curves 
determined by these methods will be referred to as “depth-hardness” 
and “‘microhardness’’, respectively. Retained austenite was deter- 


mined by lineal analysis after darkening the martensite by tempering 
at 600 °F for 1 minute. iti 


RESULTS OF EXPERIMENTS?” 
Case Structures and Hardness Values of Carbonitrided AISI 5120 


1300 °F Specimen—A compound layer and an inner layer are 
formed. The total thickness of the compound layer, however, is only 
about one-third as great as in AISI 1020 carbonitrided under iden- 
tical conditions. As shown in Fig. la, the compound layer in 5120 
consists of a-dark and a light constituent of nearly equal thickness. 
Corresponding constituents in carbonitrided 1020 have been found to 
be a nitrogen-bearing cementite (Fe,;X) and epsilon carbonitride (2). 

®The data given here are only a part of the experimental results reported in Reference 3. 
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Fig. 1—Photomicrographs of AISI 5120 Carbonitrided 4 Hours at Various Temperatures 
and Oil-Quenched. Xx 100. Carbonitriding temperatures: (a) 1300°F, (b) 1500°F, (c) 
1625°F. Gas compositions: (a) and (b) 40% NHs, 10% CHa, 50% carrier gas; (c) 10% NHs, 
10% CHs, 80% carrier gas. Photomicrographs are placed so that the edge representing the 
surface of the specimen is at the left. 


The inner layer is almost entirely austenitic, but a jog in the 
microhardness curve (Fig. 2a) near the case-core interface suggests 
that a slight amount of martensite has formed. The precipitate ob- 
served within the austenite grains and especially at the grain bound- 
aries is believed to be chromium nitride, since it was not seen when 
the same steel was carburized at 1500°F (815°C). This precipi- 
tate extends beneath the inner layer for a distance of about 0.020 
inch, which equals approximately four times the thickness of the case ; 
this structure will be referred to as a sub-case. A rapid decrease in 
the nitrogen concentration coincides approximately with the thickness 
of this sub-case, thus furnishing additional evidence that the precipi- 
tate is chromium nitride. 

The hardening effect of the chromium nitride precipitate in the 
sub-case is slight, as shown in Fig. 2a. The reason for this is that the 
nitride precipitate is very coarse compared to that resulting from 
normal nitriding practice at 975 °F (525 °C). 

1400 °F Specimen—tThe structure is similar to that formed on 
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Fig. 2—Microhardness as a Function of Depth for Specimens of AISI 5120 Carbonitrided 


4 Hours at Various Temperatures and Oil-Quenched. Gas compositions: (a), (b) and (c) 
40% NHs, 10% CHa, 50% carrier gas, and (d) 10% NHs, 10% CHs, 80% carrier gas. Cor- 
responding values for AISI 1020 are represented by dashed lines in (a), (b) and (c) after 
Rengstorff (Ref. 1) and in (d) after Ref. 4. 
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_Fig. 3—Depth Hardness on Tapered Surfaces of Specimens of AISI 5120 Car- 
bonitrided 4 Hours at Various Temperatures and Oil-Quenched. Gas compositions: 
40% NHs, 10% CHa, 50% carrier gas. Corresponding values for AISI 1020 are repre- 
sented by dashed lines after Rengstorff (Ref. b. 


the 1300 °F (705 °C) specimen. The outer compound layer is some- 
what thinner and the proportion of dark-etching constituent is less. 
The inner layer consists of retained austenite, martensite, and chro- 


mium nitride precipitate. However, no sub-case*is formed as in the 
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Fig. 4—Retained Austenite in the Inner Layer of Specimens of (a) AISI 5120 
and (b) AISI 1020 Carbonitrided 4 Hours at Various Temperatures and Oil-Quenched. 
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1300 °F (705 °C) sample. Figs. 2b and 3b show that the compound 
layer is soft and that the inner layer increases in hardness with depth, 
presumably as the amount of retained austenite decreases, as shown 
in Fig. 4a. 

Compared with 1020 carbonitrided under the same conditions, 
the case formed on 5120 has a compound layer only one-third as thick 
and the amount of retained austenite in the inner layer is consider- 
ably greater, a maximum of 85% compared to 35% in 1020 (see 
Fig. 4). This difference in retained austenite may be expected in 
view of the presence of chromium and an increased amount of man- 
ganese in the alloy steel. 

1500 °F Specimen—The case structure is shown in Fig. Ib. 
It consists of a very thin compound layer and an inner layer of mar- 
tensite, retained austenite and chromium nitride precipitate. Micro- 
hardness and depth-hardness curves are given in Figs. 2 and 3. 
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The case formed on 1020 under the same carbonitriding condi- 
tions has a compound layer three times as thick. The inner layer 
contains a maximum of 25% retained austenite compared to 35% 
for 5120 (see Fig. 4). 

Specimens of 5120 were also carbonitrided at 1550 °F (845 °C) 
using the standard atmosphere in one case and a 20% ammonia, 10% 
methane and 70% carrier gas mixture in the other. The resulting 
cases were not appreciably different in structure and also resembled 
the case formed at 1500 °F (815 °C). . 

1625 °F Specumen—In line with industrial practice, the ammonia 
concentration in experiments at this temperature was reduced to 10% 
which resulted in a 10-10-80 carbonitriding mixture. 

As the carbonitriding temperature is increased from 1300 to 
1500 °F (705 to 815 °C), cases are produced which contain progres- 
sively less retained austenite. Raising the case hardening tempera- 
ture to 1625 °F (885 °C) reverses this trend and a maximum of over 
60% austenite is retained, as shown in Fig. 4a. The greater stability 
of the austenite at this temperature is probably due to its ability to 
dissolve larger amounts of carbon with a consequent lowering of the 
Ms. The retention of austenite is largely attributable to the presence 
of dissolved nitrogen, the amount of which decreases with increasing 
temperature due to a decrease in the effective ammonia concentration. 
At an intermediate temperature (1500 °F) the two effects, nitrogen 
and carbon concentration, result in a minimum of retained austenite. 
The compound layer at 1625°F (885°C) is very thin but not 
noticeably thinner than that formed at 1500 °F (815 °C). 


Carbon and Nitrogen Analyses of Carbonitrided AISI 5120 


The carbon and nitrogen concentrations as functions of depth 
after carbonitriding at 1300, 1400 and 1500 °F (705, 760 and 815 °C) 
were determined. The accuracy of the analyses is adversely affected 
by two factors. First, it is difficult to remove uniform thicknesses 
from the circumference of the bar in each cut. Second, nitrogen is 
lost from the surface layer in not inappreciable amounts during air 
cooling. (Slow cooling had to be used to produce a structure that 
could be machined.) It should be pointed out that the nitrogen 
analyses represent total nitrogen which is made up of dissolved nitro- 
gen and nitrogen present as chromium nitride precipitate. 

The carbon content of the compound layer at all temperatures 
is from 2 to 2.5%. Immediately beneath this layer, it appears to 
decrease to about 1% at 1500 °F (815°C) and to somewhat lower 
concentrations at lower temperatures. The gradient decreases to 
0.23%, the carbon content of the steel, at a depth of (a) 0.005 inch 
for the 1300 °F (705 °C) specimen, (b) 0.015 inch for the 1400 °F 
(760 °C) specimen, and (c) 0.030 inch for the 1500 °F (815 °C) 
specimen, which correspond approximately to the case depths. 
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Fig. 5—Maximum Microhardness and Surface Hardness for Carbonitrided AISI 


5120 as a Function of Tempering Temperature. Tempering time: 2 hours. Values 
for AISI 1020 after Rengstorff (Ref. 1.) 


The total nitrogen concentration at the surface as indicated by 
the extrapolation of the concentration gradient was approximately 
0.7% after carbonitriding at all three temperatures. This behavior, 
which differs markedly from that found in plain carbon steels (2), 
is attributed to changes in the equilibrium between dissolved nitro- 
gen, carbon and chromium, and chromium nitride and carbide. At 
1300 °F (705 °C) the nitrogen diffused to three times the case depth, 
at 1400 °F (760 °C) the greatest depth of nitrogen penetration and 
the case depth coincided approximately, and at 1500°F (815 °C) 
the nitrogen concentration equaled that of the core before the lower 
edge of the case was reached. 


Tempering of Carbonitrided AISI 5120 


For plain carbon steel, carbonitrided cases have greater resist- 
ance to tempering than carbtfrized cases. Fig. 5 shows that 5120 


ene se 


BME tt TREC on 








CARBONITRIDING ALLOY STEELS 


3 
o 
o 





Knoop Microhardness Number 


O 0.010 0.020 0.030 0.040 
Depth Below Surface -Inches 


Fig. 6—Microhardness as a Function of Depth for AISI 5120 Car- 
bonitrided at 1506°F for 4 Hours and Tempered at the Temperatures 
Indicated. Tempering time: 2 hours. 
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Fig. 7—Microhardness as a Function of Depth for 
AISI 5120 Carbonitrided at 1500°F for 4 Hours and Tem- 
pered at 600°F for 5 and 60 Minutes. 


carbonitrided at 1500 and 1550°F (815 and 845°C) also resists 
tempering more strongly than the same steel carburized at~1700 °F 
(925°C). The carbonitrided case in the as-quenched condition, 
however, has a lower surface hardness and a lower maximum micro- 
hardness. 

AISI 5120 carburized at 1700 °F (925 °C) was found to soften 
less on tempering than 1020, carburized at the same temperature. 
The resistance of chromium steels to tempering can be attributed to 
the inhibition of growth of the carbide precipitate (5). 

The microhardness curves in Fig. 6 show that after tempering 
the 1500 °F specimen at 500 °F the high austenite region increases 
in hardness. This is also true for-specimens carbonitrided at 1300, 
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Fig. 8—Retained Austenite in the Inner Layer of Specimens of (a) AISI 4620 and 
(b) AISI C1117 Carbonitrided 4 Hours at Various Temperatures and Oil-Quenched. 


1400 and 1550 °F (705, 760 and 845 °C). After tempering at higher 
temperatures this region decreases in hardness. Fig. 7, which com- 
pares the microhardness after tempering for 5 and 60 minutes at 
600 °F with the as-quenched microhardness, also indicates that the 
principal increase in hardness occurs in the outer region of the inner 
layer where the greatest amount of retained austenite is found. As 
a result, the position of maximum-hardness moves nearer to the inter- 
face between the compound layer and the inner layer. 

It has not been established by what mechanism nitrogen con- 
tributes to the superior tempering resistance of carbonitrided cases. 
Several possibilities should be considered. (a) The rate of the tem- 
pering reaction in nitrogen martensite may be markedly slower than 
in carbon martensite. (b) The retained nitrogen-bearing austenite 
of the as-quenched case may transform upon tempering to a product 
which has less tendency to soften than plain carbon martensite. (c) 
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Fig. 9—Photomicrographs of AISI 4620 Carbonitrided 4 Hours at Various Temperatures 
and Oil-Quenched. xX 100. Carbonitriding temperatures: (a) 1300°F, (b) 1500°F, (c) 
1625°F. Gas compositions: (a) and (b) 40% NHs, 10% CH, 50% carrier gas, (c) 10% 
NHs, 10% CHa, 80% carrier gas. Photomicrographs are placed so that the edge representing 
the surface of the specimen is at the left. 


Small amounts of chromium and nitrogen are dissolved in the aus- 
tenite formed in 5120 and may produce a precipitation hardening 
effect upon tempering. It is interesting to note that Rapatz and 
Frehser (6) reported an increase in the tempering resistance of a 
tool steel when alloyed with about 0.1% nitrogen and 0.1% titanium. 


Case Structures and Hardness Values of AISI 4620 and AISI C1117 


The chief difference between these alloy steels and 1020 after 
carbonitriding lies in the greater amount of retained austenite which 
is present in the former at all temperatures investigated. (Compare 
Figs. 4 and 8.) This increased retention of austenite can be explained 
by the presence of nickel in the 4620 and of manganese in the C1117. 
While the microhardness curves are not shown in this paper, the effect 
of retained austenite on hardness can be seen from the size of the 
Tukon tester impressions shown in Figs. 9 and 10. Although the 
maximum hardness of the case in any of these alloy steels is not 
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Fig. 10—Photomicrographs of AISI C1117 Carbonitrided 4 Hours at Various Temperatures 
and Oil-Quenched. X 100. Caton temperatures: (a) 1300°F, (b) 1500°F, (c) 1625°F. 
Gas com tions: (a) and (b) 40% NHs, 10% CHy,, 50% carrier gas, (c) 10% NHs, 10% 
CH,, 80% carrier gas. Photomicrographs are placed so that the edge representing the sur- 
face of the specimen is at the left. 


affected by the greater amount of austenite, the microhardness of 


the outer portion of the inner layer is considerably reduced compared 
to 1020. 


Case Structures and Hardness Values of a Carbonitrided 
Titanium-Bearing Steel 


It appeared interesting to investigate the carbonitriding of a steel 
containing an element known to have a very strong nitride-forming 
tendency. Hence, a titanium-bearing steel was carbonitrided under 
the conditions listed above. The resulting structures are shown in 
Fig. 11 and the microhardness values in Fig. 12. 

The microhardness values for the titanium-bearing steel carbo- 
nitrided at 1500 °F (815 °C) are lower than those for the other alloy 
steels at that temperature ; in particular, the maximum value is lower 
and occurs at considerably less depth. The total case depth also is 
much less than in the other alloy steels. This shallow case depth is 
presumiably caused by heavy precipitation of titanium nitride or 
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Fig. 11—Photomicrographs of Titanium-Bearing Steel Carbonitrided 4 Hours at Various 
Temperatures and Oil-Quenched. X 500. Carbonitriding temperatures: (a) 1200°F, (b) 
1300 °F, (c) 1500°F. Gas compositions: 40% NHs, 10% CHa, 50% carrier gas. Photomicro- 
graphs are placed so that the edge representing the surface of the specimen is at the left. 


carbide and also because the case is ferritic at ‘the carbonitriding 
temperatures. The fact that the initial carbon content of the titanium 
steel was lower also reduces the case depth. 

The specimen carbonitrided at 1300 °F (705°C) shows a com- 
pound layer and a shallow martensite-austenite region. The micro- 
hardness values revealed a sub-case extending to a depth of at least 
0.040 inch. This sub-case consists of titanium nitride and has appre- 
ciable hardness compared to the corresponding case in 5120. 

Decreasing the case hardening temperature to 1200 °F (650 °C) 
increases the thickness of the compound layer while markedly de- 
creasing the inner layer of austenite and martensite. Microscopic 
examination shows that very little of the austenite formed at this 
carbonitriding temperature transforms upon cooling. Beneath the 
inner layer a sub-case of considerable depth and appreciable hardness 
is found. This layer ‘consists of finely dispersed titanium nitride 
in ferrite and it is formed by the normal nitriding reaction. 
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Fig. 12—Microhardness as a Function of Depth for Specimens 
of Titanium-Bearing Steel Carbonitrided 4 Hours at 1200 and 1500°F 


and Oil-Quenched. Gas composition: 40% NHs, 10% CH, 50% 
carrier gas. 


SUMMARY AND CONCLUSIONS 


(a) The case structure of AISI 5120 carbonitrided at various 
temperatures differs from that of AISI 1020 in that a precipitate of 
chromium nitride is formed and the compound layer for a given 
temperature is only one-third as thick. Except for larger amounts 
of retained austenite, the cases formed on AISI 4620 and AISI 
C1117 are not markedly different from those formed on AISI 1020. 

(b) The case hardness of AISI 5120, 4620 and C1117 steel is 
in general less than that of carbonitrided plain carbon steel. This is 
mainly due to the presence of greater amounts of retained austenite. 

(c) The resistance to tempering of carbonitrided cases formed 
at 1500 and 1550 °F (815 and 845 °C) on AISI 5120 is greater than 
that of carburized cases formed at 1700°F (925°C) on the same 
steel. It is also greater than that of carbonitrided cases formed on 
AISI 1020 at the same temperatures. 

(d) Chromium nitride precipitate formed during carbonitriding 
of AISI 5120 at temperatures of 1300°F (705°C) and above does 
not result in a significant increase in hardness, because the precipi- 
tate is too coarse. 

(e) Carbonitrided titanium-bearing steel containing very small 
amounts of carbon has a low case hardness and a shallow case depth 
compared to other steels. At low temperatures, particularly at 1200 
°F, a sub-case of appreciable hardness forms which consists of finely 
dispersed titanium nitride in ferrite. 

(f) Although the hardness of carbonitrided cases on alloy steels 
in the as-quenched condition is lower than that for plain carbon steel, 
the core properties of alloy steels are superior. Greater resistance to 
tempering which was found for the carbonitrided chromium steel may 
also favor the use of alloy steels.. No definite conclusions regarding 
wear properties can be based on hardness measurements alone, par- 
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ticularly in structures containing retained austenite. For some types 
of wear service, therefore, carbonitrided alloy steels may be preferable 
to plain carbon steels even though the case is softer. 
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DISCUSSION 


Written Discussion: By F. E. Harris, Buick Motor Division, General 
Motors Corporation, Flint, Mich. 

The authors are to be congratulated for their careful presentation of 
the properties of iron-—carbon-—nitrogen compositions. The high carbon 
concentrations found at the surface have a pronounced effect on the 
properties of carbonitrided parts and I would like to comment on surface 
conditions relative to experimental procedure. 

In evaluating gas—solid phases at one temperature, it is quite helpful 
to favor certain factors. For example, a standard atmosphere unit may 
be employed where the retort volume is several hundred times that employed 
by the authors, and where the following advantages may be found: 

1. The retort may be conditioned previous to the insertion of the test 

specimen with respect to both the temperature and the gas phase. 

2. The insertion of the test piece does not affect appreciably the retort 

temperature or the gas composition. The time to temperature may 
be accurately evaluated. 
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3. Flow rates within reason will in no way affect the temperature of 
the specimen. 

4. The recirculation of the atmosphere promotes the uniformity of gas 
composition at the surface of the specimen. A check on the effluent 
gases may be assumed to be reasonably close to that at the surface 
of the specimen. 

An excellent example of insufficient supply rates is cited by Dr. Wells 
in last year’s “Diffusion Symposium”, where a 20-hour decarburizing 
experiment by Bramley is evaluated. Here it is evident that boundary con- 
ditions are not held constant for all time, and the assumption is made that 
the diffusion couple is more dependable for analytical work. But the test 
furnace employed was approximately 2% inch diameter by 24 inch long, 
the test specimen 144 inch diameter by 10 inch long, and the flow rate 4% 
cubic foot per hour. Using adequate equipment, a flow rate one hundred 
times that of Bramley’s may be safely used, and the boundary conditions 
may be held, with small chance of error. 

It is by no means certain that the combined use of methane and ammonia 
assures surface concentrations of carbon above the solubility of nitrogen-free 
austenite. In fact, test data on production cycles indicate on the first 
0.002-inch cut that the solubility limit for carbon is not exceeded. That is, 
with nitrogen contents quite similar to those found by the authors, the 
carbon concentration—penetration curve may be similar to that expected 
without the use of ammonia. This is not to deny that high carbon con- 
centrations may be found at the surface when “rough” atmospheres are 
present during some portion of the heating cycle. High chromium steels 
are particularly vulnerable under the best of operating conditions. It may 
not be too far-fetched to suggest that at least part of the explanation in this 
case is due to the staining phenomenon caused by carbon monoxide in the 
atmosphere, since steels without chromium remain quite oxide-free. 

Written Discussion: By W. H. Holcroft, executive vice-president, 
Holcroft & Company, Detroit. 

The work done on the carbonitriding of alloy steels should provide a 
basis for very interesting discussion. We have done very little work with 
the straight chromium series steels, but .have worked with the other two 
types mentioned as well as doing considerable work. with the nickel- 
chromium series steels. 

Most of our work has been done with the idea of eliminating as much 
retained austenite as possible and, as previously mentioned, we believe 
ammonia and hydrocarbon additions should be kept to a minimum. Our 
tendency on chromium-bearing steels is to keep the carburizing potential 
of the gas as low as feasible, thus avoiding the chromium carbides, and 
under these conditions the high carbon content mentioned in the compound 
layer is not present. 

We have not found that the presence of nickel and manganese in a 
steel increases the tendency for retained austenite. Again, however, we are 
working with lower values of ammonia and hydrocarbon addition. Neither 
have we found that the case hardness is in general less than that of carbo- 
nitrided plain carbon steel. 
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Authors’ Reply 


(Eprror’s Nore: This closure also covers the discussion by W. H. 
Holcroft on page 418.) 

The authors wish to express their appreciation to Mr. Holcroft and 
to Mr. Harris for their contributions to the discussion. In general, we are 
in agreement with the remarks of both. 

Mr. Holcroft is correct in his statement that lower percentages of 
afmmonia and methane in the inlet gas offer the possibility of obtaining 
less retained austenite in the case. However, the effect would not be large 
unless the percentages were reduced to the point where no compound layer 
was formed. This may not be good practice in some instances, since under 
such conditions small variations in the carburizing and nitriding power 
of the gas in different parts of the furnace could result in erratic harden- 
ability of the case. 

Mr. Holcroft mentions that he has not found that raising the car- 
bonitriding temperature from 1500 to 1625°F (815 to 885°C) increases 
the amount of retained austenite in the case; if anything, the reverse has 
been true. Again, if the carburizing and nitriding power of the gas at 
1500 °F (815°C) is not sufficient to form a compound layer, at 1625 °F 
(885 °C) the carburizing and nitriding power will be even less. The result 
is that at 1625°F (885°C) less carbon and nitrogen will be dissolved and 
consequently less austenite will be retained after quenching. However, if a 
compound layer is formed at both 1500 and 1625 °F (815 and 885 °C), which 
was true for the experiments reported here, the higher solubility at 1625 °F 
(885°C) of both carbon and nitrogen in the region immediately beneath 
the compound will result in greater amounts of retained austenite after 
quenching. In other words, if the carbon and nitrogen are available in the 
compound layer for solution, more will dissolve at higher temperatures 
and more austenite will be retained. 

The high retained austenite present in the case formed at 1400°F 
(760 °C) as compared to 1500°F (815°C) is probably due to the difference 
in nitrogen content rather than surface carbon, as Mr. Holcroft suggests. 
The carbon content immediately beneath the compound layer does not differ 
appreciably in the cases formed at the two temperatures. In this part of 
the investigation a deliberate effort was made to produce large amounts 
of retained austenite in order to study methods for transforming it. The 
nitrogen content affects both the hardenability and the amount of retained 
austenite to a greater extent than the carbon content. 

Mr. Harris correctly points out the advantages of a large ratio of gas 
volume to specimen volume. In particular, a larger furnace chamber would 
reduce the effect of the furnace walls on dissociation. In industrial furnaces, 
however, the usual large furnace charge tends to reduce the ratio of gas 
volume to metal volume. Also, if a compound layer is formed, the boundary 
conditions for the main body of the cases are constant, even with a small 
gas volume. Under such conditions the composition of the austenite is 
determined by transfer from the compound layer and not from the gas 
phase. The compound layer is formed as soon as the solubility of catbon 
and nitrogen in austenite is exceeded. 








CHROMIUM DIFFUSIVITY IN ALPHA COBALT- 
CHROMIUM SOLID SOLUTIONS 


By Joun W. WEETON 


Abstract 


Diffusion of chromium in alpha cobalt-chromium was 
investigated in the range 0 to 40 atomic per cent at temper- 
atures of 1360, 1300, 1150 and 1000 °C (2480, 2370, 2100 
and 1830°F): The activation heat of diffusion was de- 
termined to be 63,600 calories per mole and the equation 
relating the diffusion coefficient D to temperature T 1s: 

D = 0.443 e~63,600/RT 
where R 1s the gas constant. 

When compared with the diffusion data previously 
obtained by other investigators, for most alloy systems, 
the diffusion rates of chromium in alpha cobalt-chromium 
were found to be low. 

Chromium diffusivity from alpha cobalt-chromium 
alloys into pure cobalt is greater than chromium diffusivity 
from high chromium alpha-alloys to low chromium alpha- 
alloys for all concentration gradients studied. 


EVERAL important high temperature alloys (H.S.-21, X-40, 61, 

and 422-19) consist primarily of cobalt and chtomium. H.S.-21, 

for example (an alloy similar to Vitallium), has been one of the most 

extensively used turbojet-blade alloys in the United States. This 

program was undertaken because of the importance of cobalt- 

chromium-base alloys, and because diffusion controls many reactions 
within solid metals. 


PROCEDURE 


The method employed consisted of pressure welding cobalt and 
cobalt-chromium bars unlike in composition, annealing these joined 
bars at constant temperatures to cause an interdiffusion of atoms, 
and determining the distribution of chromium through the diffusion 
zones thus formed by machining and. ‘chemically analyzing several 
successive turnings through this zone. 

Diffusion coefficients were determined for 11 specimens at the 
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requirements for the degree of Master of Science in Physical Meta The investigation 
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nominal-temperature and composition ranges shown in Table I. 
With the exceptions of Specimens 1 and 2 which were originally 
intended for annealing at 900 °C (1650 °F), the specimens were made 


Table I 
Chromium Content of Welded Specimens (Atomic Per Cent) ¢ 


1360 °C 1300 °C 1150°C 1000 °C 
Composition Composition Composition Composition 
Range Range Range Range 
Spec- Low igh Spec- Low High Spec- Low High Spec- Low High 
imen r r imen Cr Cr imen Cr Cr imen Cr Cr 
No. Half Half No. Half Half No. Half Half No. Half Half 
1 0 22.20 3 0 28.00 6 13.15 38.65 8 0 24.92 
2 9.60 28.06 4 9,60 41.15 7 0 28.06 9 9.80 39.97 
11 0 28.00 5 9.98 39.20 
10 0 28.15 
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Fig. 1—Cobalt-Chromium Equilibrium Diagram From 
Reference 1. Also drawn are composition ranges at anneal- 
ing temperatures used in this investigation. 


to cover the entire composition range of the alpha field in the cobalt- 
chromium equilibrium diagram, Fig. 1 (1). 

Cobalt and cobalt-chromium melts of nominally 0, 10, 25, and 
35% by weight chromium (0, 11, 27, and 38 atomic per cent) were 
made in zirconium silicate crucibles from cobalt rondeles and electro- 


‘The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 2—Pressure-Welded Specimens With Flats. Polished for Metallographic 
Examination. Full size. 


lytic chromium.* The melts were cast in copper molds and the cast- 
ings were forged at 980 to 1090°C (1800 to 2000°F) to reduce 
grain size and homogenize the structure. 

Cylinders approximately 7 inch in diameter and 2 inches long 
were turned from these forgings; both ends were surface ground to 
produce flatness; and one end of each bar was precision lapped by 
a gage block manufacturer. Bars unlike in composition (Fig. 2) 
were pressure welded in the apparatus of Fig. 3 by placing lapped 
surfaces together, applying loads of 4000 to 5000 pounds with a ten- 
sile machine and raising the temperature to 1120-1205 °C (2050- 
2200 °F) for 1% to 2 minutes with an induction unit. Metallo- 

It rondeles (analyzed at NACA) Ni 6.38%, Fe 0.10%, Cu 0.08%, Mn, Sn, Ag, 


*Coba 
Pb, Ti, V, <0.01% each. 


o a ‘chromium (analysis by supplier, U. S. Bureau of Mines) Fe 0.31%, 
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graphic examinations of the weld were made to determine whether 
they were satisfactory and to measure the initial diffusion zones 
formed during welding (Fig. 4). The thicknesses of these zones 
ranged from less than 0.0001 inch to 0.00046 inch (<0.00254 mm 
to 0.0117 mm) and were considered negligible. 

Cylinders 1% inches long and }4 to }% inch in diameter, which 
included the weld interface, were machined from the welded speci- 
mens and were heated in an argon atmosphere to within +4 °C 
(+7.2 °F) of the desired annealing temperatures for various periods 
of time to cause, diffusion. 










Brass Specimen Holder — Steel Plate Fastens Holder 


to Tensile Machine 


a To 35-kw, 360,000-cps 
Induction Machine 


Ball Bearing for 
Alinement 





Cobalt or Low-Chromium 
Specimen os 





High-Chromium Specimen 


Copper Supports ——————_ be 25-Turn Induction ‘Coil 


Brass Specimen Holder — Base of Tensile Machine 


Fig. 3—Sketch of Pressure Welding Apparatus. 


After annealing, the diameters of the specimens were reduced 
from y's to #5 inch to eliminate surface defects. Flats similar to 
those shown in Fig. 2 were ground on the specimens, polished and 
etched. Metallographic examinations were made of each specimen 
to determine the approximate size of the diffusion zone and whether 
oxide segregations were present. Before machining successive layers 
through the diffusion zone, excess metal was removed from the low 
chromium half of the specimen to establish a reference surface from 
which certs for analyses were made. Starting at the above surface, 
a series of turnings was made across the entire cross section, per- 
pendicular to the axis of the cylinder. After each turning, the dis- 
tance machined off was measured and the chips were gathered for 
chemical analysis. Cuts farthest from the interfaces were 0.010 inch 
(0.254 mm) thick; cuts were reduced to 0.003-0.005 inch (0.0762- 
0.127 mm) in the diffusion zone. In all specimens except Specimen 
3, the entire zone was covered by the smallest cuts made. 


ny am ener Tr 
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. Weld 
; interface 
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Fig. 4—Appearance of Satisfactory and Unsatisfactory Welds. 


Fig. 4a—Unsatisfactory Weld Interface. Etchant, none. X 750. Examination of 
unetched polished flat shows almost unbroken oxide layer in interface. 


Fig. 4b—Satisfactory Weld Interface. Etchant, 10% nitric acid in ethyl alcohol. 
< 750. Examination of heavily etched surface reveals approximately half of diffusion 
zone caused by welding. Distance between dark area and weld interface approximately 
0.00012 inch wide. Etchant has attacked only cobalt half of weld. 


Three machining techniques were used. Specimens 2 to 7 were 
machined with a large rigid lathe, the face plate of which was ma- 
chined and used as a surface plate. The thickness of metal removed 
per cut was measured by using the face plate and a calibrated surface 
dial gage, which could be read to Q,0001 inch and estimated to 0.00001 
inch, The maximum total machining error is believed to be less 
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than 2%. Specimens 1, 8, and 9 were machined with a high- 
precision vertical jig borer (SIP Hydrostatic 7) in an air-conditioned 
room. A calibrated gage was used to measure the cuts, and machin- 
ing errors ranged from 0.25 to 2%. Specimens 10 and 11 were 
machined by a third method with an error of 0.025% in 32 cuts 
and 0% in 36 cuts, respectively. The vertical jig borer was again 
used but an electronic height gage was used to measure the thickness 
of each cut to 0.00001 inch. Each reading was confirmed with a 
surface plate checker to 0.00001 inch. 

At least two chemical analyses and usually three were made for 
every sample machined from the diffusion zone. 

The diffusion coefficients for all specimens were cakulated by 
the Grube method (2).* In addition, calculations using the Matano 
method (2) were made for Specimens 3 and 5. The Matano method 
was not used throughout because it is extremely time-consuming and 
the results closely paralleled those calculated by the Grube method, 
as will subsequently be shown. 


RESULTs AND DIscuSSION 


Concentration-penetration curves of all specimens are plotted in 
Fig. 5. Several of these curves, such as those for Specimens 3, 4, 
7, 8, and 10, Figs. 5d, 5e, 5i, 5j, and 5g, respectively, are very 
symmetrical. When data from these curves are plotted on probability 
graphs in the form C — Cp /C,; — Co against the distance from the 
Grube interface,* approximately straight lines are formed, Fig. 6. 
In these cases, the diffusion coefficient D is almost invariant with 
the concentration C. The curves pass through the point x — 0, 
C—COy/C, — Co X 100 = 50. Other curves, such as that for 
Specimen 5 (Fig. 5f), bend slightly from a smooth curve in the 
upper right, or high chromium portions of the diffusion curves. 
These bends also show up in the probability plots (Fig. 6f). De- 
viations from smooth concentration-penetration curves and from a 
straight line in the probability plots could be a function of concen- 
tration. The deviations, however, are believed to be caused by oxide 
segregations that may have been present in the high chromium half 
of the welded specimens before the diffusion anneal, or that may 
have formed during the annealing by migrations of oxides that were 
originally randomly scattered throughout the matrix of the metal. 
The metallographic examinations and the smooth lower portions of 
most of the curves indicate that migration is the most probable case. 

Diffusion coefficients calculated by the Grube method from the 


’For further details see author’s NACA publication TN 2218 (1950) which is obtainable 
from the NACA Washington office. 
‘The Grube interface is the distance in the diffusion zone at which the concentration is 
halfway between the lower and upper concentrations Cy and C;, respectively. 
= chromium concentration, atomic per cent. 
Co = chromium concentration of low chromium bar, atomic per cent. 
C, = chromium concentration of high chromium bar, atomic per cent. 
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(a) Specimen!, Annealed (b) Specimen 2, Annealed (c) Specimen ii, Annealed 
at 360°C (2481°F) for at 1360°C (2481°F) for at 1369°C (2496°F) for 
3.384 «105 Sec.(3.92 Days) 3.384x105Sec.(3.92 Days) 3.321 x !05Sec.(3.84 Days) 
* Data to Left of Bracket Are Inaccurate Because of Quench Cracks 
Which Formed After Diffusion Had Taken Place 
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5S at 1303°C (2377°F) for at !298°C (2368°F) for at 1299°C (2371°F) for 


3.522 x 105 Sec.(4.08 Days) 6.216 xiO5 Sec.(7.19 Days) 9.549 x 105 Sec. (11.05 Days) 
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20 28. 36 we 24 .. 23... 25 45 49 53 
(g) Specimen 10, Annealed (h) Specimen6, Annealed (i) Specimen 7, Annealed 
at 1297°C (2367°F) for at 1150°C (2102°F) for at IISI°C (2103°F) for 
6.198 x |O® Sec. (7.17 Days) 1.0446 xl0&Sec.(I2.09Days) 2.152 10®Sec.(24.91 Days) 





2.2 2.6 3.0 24 2.6 2.8 
(j) Specimen 8, Annealed (k) Specimen 9, Annealed 
at 1O00°C (1833°F) for at 1\000°C (1833°F) for 


7.664 x 106Sec. (87.70 Days) 7.664x10®Sec. (87.70 Days) 
Distance From Reference Surfoce, mm. 


Fig. 5—Concentration-Penetration Curves. 


concentration-penetration curves are plotted against concentration in 
Fig. 7. Values of diffusion coefficients obtained from the extreme 
ends of the diffusion-penetration curves and from portions near the 
Grube interfaces were omitted from the plot because they are in- 
herently inaccurate. The degree of reproducibility of data appears 
good, as shown in the cases of Specimens 3 and 10, and 4 and 5, 
which were annealed at 1300 + 3 °C (2370 °F). 





1952 COBALT-CHROMIUM SOLID SOLUTIONS 443 


E 
? 
Fi 
NS 










-04 -02 O O02 04 -08-04 0 O04 O8 -08-04 0 04 08 


(a) Specimen | (b) Specimen 2 (c) Specimen II 
Annealed at I360°C Annealed at |I360°C Annealed at 1369°C 
3.92 Days 3.92 Days 3.84 Days 
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(j) Specimens (k) Specimen9 
Annealed at IO00°C Annealed at |IOO0°C 
87.7 Days 87.7 Days 


Distance From Grube Interface, mm 
Fig. 6—Plots of C—C)/C,;—C,) Against Distance From Grube Interface. 


Fig. 8, a plot of diffusion coefficients against concentration, 
shows the small differences between values determined by the Grube 
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Fig. 7—Diffusion Coefficients Against Concentration. 
(Data to left of 8 atomic per cent not plotted for 
Specimen 1 because of quench crack that formed after 
diffusion took place.) 
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Fig. 8—Comparison of Diffusion Coefficients Calculated by Grube and 
Matano Methods. 


Diffusion Coefficient x i0'°, 





and Matano methods. The relationships between diffusion coefficients 
and reciprocal temperatures are shown in Fig. 9. The upper and 
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lower curves were plotted from data obtained for 16 atomic per cent 
chromium, since these values are close to averages of the flat portions 
of the curves of Fig. 7. The dashed, middle curve of Fig. 9 has been 
drawn halfway between the upper and lower values. The upper curve 
represents diffusion coefficients obtained from specimens of cobalt 
welded to cobalt-chromium alloys, while the lower curve represents 
alloys of approximately 9 to 14 atomic per cent chromium welded to 
alloys of approximately 28 to 41 atomic per. cent chromium. 


Temperature °C 
1000 1150 1300 1360 


Specimen of Pure Co Welded to 


a Co-Cr Alloys (22-28% Cr) VI 


1o-9 






6 


Specimen of a@ Co-Cr Alloys 
(9-14 %Cr) Welded to 
a Co-Cr Alloys (28-41 %Cr) 


Diffusion Coefficient, cm2/sec. 
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i/°K x 1O4 


Legend 
Specimen Specimen 
7 


& 
4 
4 
> 





_ Fig. 9—Diffusion Coefficients Against 1/°K. Dif- 
fusion coefficients were plotted from data for 16 atomic 
per cent chromium. 


The differences in diffusion coefficients shown by the upper and 
lower curves of Fig. 9 are not the results of such experimental vari- 
ables as: 

1. Differences in sources of materials, since single supplies of 
cobalt and of chromium were used in this study. 

2. Differences in annealing temperatures, since Specimens 1 
and 2 and Specimens 8 and 9 were annealed together at identical 
temperatures and the remaining specimens were annealed at temper- 
atures very close to the desired nominal temperatures. 
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Alloys Reference Alloys Reference Alloys Reference . 

| Mg in Al 4 It Cuin Ag 9 21 Cd incu 2 
2 Gu in Al 4 12 Sbin Ag 9 22 Au inPb 10 
3 Au in Au 6 13 Snin Ag 9 23 Ag inPb 10 
4 Cu in Au 7 14 Cdin Ag 9 24 Cd in Pb 10 
5 Cu in Au 7 i5 Thinw 10 25 Bi inPb 10 
6 Pd in Ag 7 16 Be in Cu 2 26 Ti in Pb 10 
7 Pd in Au 7 17 Sn in Cu 2 27 Sn in Pb 10 
8 Pt in Au 7 18 Zn in Cu 2 28 Pb inPb 10 
9 Au in Ag 8 19 Alin Cu 2 Cr inCo a 
10 Au in Ag 9 20 Si in Cu 2 ° Present 


Investigation |! 
Temperature °C ' 


227 283 352 44/1 560 727 971 1394 2227 


Present 
Investigation 








Log jo Diffusion Coefficient (Log D)(D, cm.*/sec.) 
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Fig. 10—Comparison of Diffusion Behavior of Chromium in Alpha Cobalt- 
Cc sien Alloys With Other Substitutional Solid-Solution Alloys. 


3. Differences due to the closeness of the high chromium speci- 
mens to the alpha-gamma region, since Specimens 1 and 2 were well ) 
within the alpha region. 

A somewhat similar observation may be made in Fig. 10, where 
curves 4 and 5 represent the diffusion of pure copper into pure gold, 
and copper from a gold-copper alloy into gold, respectively. 

Using the dashed curve of Fig. 9 and the exponential equation 
relating temperature and diffusion*® 


D cS Aev®t 
where: 
D = diffusion coefficient (cm*/sec) 
Q = activation heat of diffusion (cal/mole) ; 
e = base of Napierian logarithms 
A = constant, cm’*/sec 
T = temperature (°K) oth 
R = gas eonstant (cal/mole/°K) 
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the activation heat of diffusion Q and the constant A were deter- 
mined to be 

QO = 63,600 (cal/mole) 

A = 0.443 (cm*/sec) 


The experimental data give additional confirmation to the 
Dushman-Langmuir equation* 





D= Q B2e-VRT 
Nh 

where: 

D = diffusion coefficient (cm?/sec) 

Q = activation heat of diffusion (cal/mole) 

N = Avogadro’s number 

h = Planck’s constant (cal-sec) 

ae = distance of closest approach of atoms, ao/\/2 (cm) 

= lattice parameter 

R = gas constant (cal/mole/°K ) 

T = temperature (°K) 
The value for the activation heat of diffusion calculated from this 
equation, using an arbitrarily selected point on the dashed curve of 


Fig. 9 and a value of a, = 3.54 K 10°° cm (Ref. 5), is as follows: 
Q = 63,400 (cal/mole) 


Diffusion behavior of chromium in alpha cobalt-chromium may 
be compared with that of other metal systems in Fig. 10, where 
values from the dashed curve of Fig. 9 were replotted for the com- 
parison. The curves for the other alloy systems were taken from 
the graphs of References 2, 4, and 6 through 10. 

The diffusion rates of chromium in alpha cobalt-chromium are 
very low compared with those of most other alloys for which data 
had previously been obtained. For example, it can be determined 
from Fig. 10 that a high temperature (1030 °C) is required to pro- 
duce log D = —11 for chromium in cobalt, whereas annealing tem- 
peratures of 360, 630, and 785°C (680, 1165, and 1445 °F) are 
required for Mg in Al, Zn in Cu, Pt in Au, respectively. The 
sluggishness of diffusion of chromium in alpha cobalt-chromium is 
congruous with the fact that cobalt-chromium-base alloys have good 
high temperature characteristics. 

The activation heat of diffusion for chromium in alpha cobalt- 
chromium alloys is greater than those for most systems previously 
investigated, with tungsten alloys being the chief exceptions (11). 
Higher activation heats of diffusion show up in the forms of steeper 
slopes on the log D against 1/°K curve, Fig. 10. 


SUMMARY OF RESULTS 


The following results have been obtained : 


1. The exponeéntial equation relating diffusion coefficients D 
and temperatures T is as follows: 


D = 0.443 rt 
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where R is the gas constant. The activation heat of diffusion is 
63,600 cal/mole. 

2. When compared with the diffusion data previously obtained 
by. other investigators for most alloy systems, the diffusion rates of 
chromium in alpha cobalt-chromium were found to be low. 

3. Diffusion coefficients are relatively constant within the con- 
centration ranges covered by each specimen. 

4. Chromium diffusivity from alpha cobalt-chromium alloys into 
pure cobalt is greater than chromium diffusivity from high chromium 
alpha-alloys to low chromium alpha-alloys for all concentration gra- 
dients studied. 

5. The results of this investigation are further confirmation of 
the Dushman-Langmuir equation. The value for the activation heat 
of diffusion calculated by means of this equation agrees closely with 
the experimentally determined value (63,400 cal/mole as calculated 
against 63,600 cal/mole obtained from experimentation). 
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DISCUSSION 


Written Discussion: By A. G. Metcalfe, Deloro Smelting and Re- 
fining Co. Ltd., Deloro, Ontario, Canada. 

During an investigation® of cobalt-chromium alloys of better than 
99.9% purity, dilatometric and other evidence was found which suggested 
that the alpha solid solution (face-centered cubic) transformed at elevated 
temperatures to a phase termed gamma. This phase was believed to be 
hexagonal close-packed. In cobalt, this transformation occurred between 
1119 and 1145°C (2045 and 2095°F) for the particular polycrystalline 
specimen used, and on the addition of chromium rose to 1323 °C (2410 °F) 
at the peritectoid, gamma (38% chromium) + delta (46% chromium) = 
alpha (39% chromium). 

At 1300°C (2370°F) the two-phase field extends from about 31.5 to 
37.5% chromium and at 1150°C (2100°F) from 1 to 9% chromium. The 
length change at the transformation varied from 4 to 20 x 10° centimeters 
per centimeter. Considered in conjunction with the extremely small 
thermal effect and the similarity of the coordination numbers, it seemed 
that any difference in the diffusion coefficient would probably be very 
small. Mr. Weeton’s results were examined from this point of view. 
However, the temperatures used restrict to three the number of specimens 
which might show some effect. These are Specimens 4, 5, and 7. Fig. 7 
shows a marked change in the value of D between the composition limits 
of the alpha + gamma field for Specimens 5 and 7, but not for 4. It is 
interesting that originally Specimen 4 must have been two-phased at the 
high chromium end, consisting of a matrix containing about 35% chro- 
mium (if it was in equilibrium after the forging at 980 to 1090°C) to- 
gether with delta phase. (It was found® that the alpha + delta = gamma 
reaction shown in Fig. 1 occurs at 1285°C (2345°F), so that the inter- 
metallic phase at 1300 °C (2370°F) will be taken to be delta.) The chro- 
mium which diffuses from the high chromium bar will be replaced, to a 
certain extent, by the solution of this delta phase, so that the gradual 
falling off in the chromium content found in Specimen 5 will not be so 
marked in Specimen 4. Whatever the explanation, it is obvious that the 
presence of the delta phase will disturb the diffusion process. 

It can be seen that the formation of gamma solid solution can explain 


the shape of the concentration-penetration curve for Specimen 5 shown 


®From a thesis submitted to the University of Cambridge, England, 1950, for the degree 
of Doctor of Philosophy. This investigation was made under the supervision of Prof. G. 
Wesley Austin in the Metallurgy Laboratories of the University. 
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in Fig. 5f. On the other hand, the higher diffusion coefficient at the 
higher chromium contents would not be expected to result from the pres- 
ence of oxide particles because these would tend to block the diffusion. 
The structure of the gamma solid solution is less tightly packed than that 
of the alpha, so that a higher diffusion coefficient would not be unexpected. 

The above comments also embody a criticism of the method because 
the alloys were apparently used immediately after forging. After forging, 
a certain amount of the coring will undoubtedly remain, in addition to 
which some precipitation of the intermetallic phase will occur in those 
alloys containing over 35% chromium. In view of the sluggishness of the 
diffusion found-in these experiments, it seems evident that much of the 
diffusion time will be taken up before equilibrium is established in each 
bar. Prior annealing of the separate portions of the composite bar at the 
appropriate temperature could have avoided this. 

The sluggishness of the diffusion of chromium in the alpha and gamma 
solid solutions seems to result largely from the cobalt lattice. This is 
suggested both by Mr. Weeton’s results for the small variation of the 
diffusion coefficient with chromium content, and also by the value of the 
self-diffusion coefficient for cobalt (D=10™ square centimeters per sec- 
ond at 1150°C).° It would be interesting to have Mr. Weeton’s com- 
ments on this point. 

Finally, I would like to offer my thanks to Mr. Weeton for the timely 
production of these much-needed figures. 


Author’s Reply 


The author would like to thank Dr. Metcalfe for his interesting com- 
ments. It is understood that Dr. Metcalfe has obtained evidence of the 
existence of a hitherto undiscovered high temperature phase in pure cobalt 
and in cobalt-chromium binary alloys ranging in composition from 0 to 
about 38% chromium. This phase, which is called gamma (and which 
should not be confused with the vy of Fig. 1), is believed to be hexagonal 
close-packed and exists at temperatures and compositions that would 
include some of the diffusion annealing temperatures and composition 
ranges experimentally covered in the present investigation. This would 
be true, since a phase boundary curve would divide the alpha field shown 
in Fig. 1 and extend from about 1119 to 1145 °C (2045 to 2095 °F) for pure 
cobalt to about 1323°C (2410°F) at 38% chromium. However, as Dr. 
Metcalfe pointed out, the presence of this hexagonal close-packed phase 
would probably not appreciably affect the values of the diffusion coeffi- 
cients, considering the similarity of the face-centered cubic and close- 
packed hexagonal structures. In fact, any differences would probably be 
within the experimental errors of the method. 

In Fig. 7 Dr. Metcalfe notices that in the low chromium portion of 
the plot for Specimen 5 the diffusion coefficient increases with concentra- 
tion and that for Specimen 7 the diffusion coefficient increases with con- 
centration in the high chromium portion of the curve. In the case of 
Specimen 7, the plot in the very low chromium portion of the diffusion- 
penetration curve (Fig. 5) has relatively few data points in a portion of 


wer 
®*R. C. Ruder and -C. E. Birchenall, “Cobalt Sub-Diffusion: A Study of the Method 
of Decrease in Surface Activity”, Journal of Metals, Vol. 191, February 1951, p. 142. 
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the curve which changes very abruptly. This makes the diffusion calcu- 
lations extremely sensitive to the drawing of the curve. Further, in the 
case of Specimen 7, the total diffusion-penetration curve is 0.9 mm long 
and the D values obtained from the ends of the curve should not be inter- 
preted too rigidly. 

The apparent change in diffusion coefficients with concentration for 
Specimen 5 (Fig. 7) almost certainly resulted from oxide segregations 
rather than the presence of “gamma” (the hexagonal form), since values 
of D suddenly increase only at higher chromium contents and since a 
segregation was observed metallographically. Nor was this segregation a 
mechanical barrier in the ordinary sense. The oxide particles were be- 
lieved to segregate during the diffusion-anneal by migrating. Chemical 
analyses made in the area containing the oxides would yield low chromium 
values, drop the curve, extend the values of X, and thereby increase the 
calculated “D” values. 

The presence of the delta or gamma phases (shown in Fig. 1) in some 
of the higher chromium alloys is possible in view of inherent uncertainties 
in the cobalt-chromium diagram, or because of possible incomplete ho- 
mogenization. However, since no phases such as these were observed 
metallographically, the reasons for the apparent changes in diffusion co- 
efficients with concentration for a few specimens are not believed to be 
caused by the presence of the gamma or delta phases or incomplete 
homogenization. 

In regard to the comments about annealing after forging and possible 
coring: the specimens were annealed at 1204°C (2200°F) for 3 hours 
after forging but the forging, in itself, should have done much more to 
break up cast cored structures than the anneal. More details of experi- 
mental procedure may be obtained from NACA TN 2218, 1950. Dr. Met- 
calfe also indicates that the sluggishness of diffusion results from the 
cobalt lattice. If diffusion data for several transition elements are exam- 
ined it will be observed that all of the diffusion rates are very low and 
of the same order of magnitude. For example, at 1100°C (2010°F) the 
following approximate diffusion coefficients have previously been deter- 
mined : 


Mo inFe=4 XX 10-" square centimeters per second 
MninFe=2 X 10- square centimeters per second 
Ni inFe=8 X 10-! square centimeters per second 
Co in Fe=2.5 X 10-” square centimeters per second 
Fe inFe=9 XX 10-” square centimeters per second 
= in Ni= 1.9 X 10-™ square centimeters per second 

inCo=4 X 10- square centimeters per second 
Cr inCo=3 XX 10- (present investigation) 











ANISOTHERMAL DIFFUSION OF CARBON 
IN AUSTENITE 


By JosepH E. BLAcK AND GILBERT E. Doan 


Abstract 


The problem of antsothermal diffusion, wherein a 
constant temperature gradient is maintained along the 
linear diffusion axis, is investigated. Experimental appli- 
cation is made to the diffusion system, carbon in austenite, 
at an interface temperature of 1800°F (980°C). The 
mathematical treatment is based upon Fick’s fundamental 
partial differential equation and the Arrhenius exponential 
temperature function. It 1s assumed that diffusivity is not 

‘a varying function of the concentration. The analytical 
solutions are restricted to certain temperature gradient 
conditions, whereas the numerical solution is not so 
encumbered. 

This provides for an integrated verification of the 
isothermally determined temperature effect. Further, a 
means is available to evaluate the magnitude of distortion 
of diffusion data introduced by temperature variations in 
ostensibly isothermal studies. Evidence indicates that for 
moderate temperature gradients in austenite, there are but 
small departures between the anisothermal and the classical 
isothermal carbon diffusion penetrations. 


IFFUSION in the solid metal state is most conveniently 

investigated through isothermal studies performed at various 
temperatures. Such procedures have yielded a wealth of technical 
data pertaining to temperatures, concentrations and other known 
variables. It becomes of interest now to utilize the existing data in 
an examination of anisothermal diffusion. The problem is intriguing, 
for, among other things, it would provide an integrated means of 
examining the isothermally determined exponential temperature 
effect. 

It is the purpose herein to present an approach to the study 
of linear anisothermal diffusion, i.e diffusion wherein a constant 
temperature gradient is maintained along the linear diffusion axis. 

The material presented in this paper has been abridged from a dissertation submitted 


by J. E. Black in rtial fulfillment of the requirements for the degree of Doctor of 
Philosophy, Lehigh Uuiversity, October 1950. 





A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. Of the authors, Joseph E. 
Black is captain, Ordnance Department, United States Army, Detroit Arsenal, 
Michigan, and Gilbert E. Doan is professor and head, Department of Metal- 
lurgical Engineering, Lehigh University, Bethlehem, Pa. Manuscript received 
December 20, 1950. 
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Mathematical solutions are developed which are applied to the 
diffusion system, carbon in austenite. 

Mathematical Analysis: For the most general case, the problem 
under consideration is that of the infinite solid extending to plus 
infinity and minus infinity respectively from the interface. The 
interface is assumed mathematically perfect; i.e., there is a mathe- 
matical discontinuity at the interface, and there is no impediment 
except for the phenomena of diffusion. The system is assumed to 
obey the fundamental diffusion partial differential equation 


oc 3 oc 
wine p“— E i 1 
at a x ( =) quation 





Mathematically it is assumed that at zero time, the diffusion 
couple is brought to a definite, constant temperature gradient along 
the linear diffusion axis. The thermal properties are such’ that 
isothermal conditions may be assumed along sections perpendicular 
to this axis. 

The diffusion coefficient, D, is further assumed to obey the 
familiar relation 


D= Ae** = Ae™ Equation 2 


where A and Q/R=b may be considered as constants, or their 
variation under the specific conditions is negligible. Thus the general 
equation whose solution is sought is 


oC 2 oC 
— — ——— A -b/f (x) E ° 3 
at ae e 2 x | quation 





It develops that such an equation is wholly inextricable by any 
ordinary means due primarily to the exponential function. Thus it 
becomes necessary in a real situation to transform the exponential 
function to a closely approximate form which will reduce the differ- 
ential equation to a solvable Bessel equation. This may be done by 
least squares for the linear distance in which the diffusion occurs. 
The transformation is 


e"/? — [ax + 8]” 


where n= 1, and x represents distance along the diffusion axis. 


The approximations in this investigation were made to cover dis- 
tances to plus and minus 0.320 inch from the interface and were 
accurate generally to better than 1% over this range. 

It should be noted that the transformation implies a negative 
diffusion coefficient when x is more negative than 8/a, and an 
infinite diffusion coefficient as x approaches infinity. Thus a finite 
couple must be considered such that x is zero at a finite distance h 
to the left of the interface, and the interface is located at x equals h. 
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For convenience, the finite end (x =/) of the right half may be 
taken as equal to h such that / = 2h. 
Thus 





et = = | Acer S| Equation 4 


Let Z = Aa®, and assume that the variables are separable. Thus the 
solution takes the form 


l-r Se 
C(x, t) = Ai e~™* |» 2 4 (3* 9) Equation 5 


1-n 








2-—n 


where A; = a constant of integration 
k = an arbitrary constant 
It develops that this equation may be solved only for certain 
values of “n”. The most mathematically convenient values are n = 
4/3 and n= 1. It was found that these could be employed for the 
temperature gradients encountered in this investigation within the 
limits of the experimental accuracy involved. It should be noted 
that the diffusion penetration must be less than the distance h to 
either side of the interface. 
The boundary conditions are 
C(0,t) = finite 
CG, t) = Ce 
Cea.) = 400) = (ROLES, 


where C, is the initial concentration difference in the two halves of 
the couple. 
For n— 4/3, the solution is 


, | Ragabah.. as 
2 l —Zm’r*t x mmpcos Map —sinmmp} | 
C(x thee hongeh ge LS SEP sn ine PB) feemeg sie 


3; m=1 
= J Equation 6 
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For n = 1, the solution is 
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Equation 7 


where Am are roots of Jy. x 
The reverse of the preceding equation, i.e., the higher concen- 
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tration is on the lower temperature side, can be stipulated by the 
following boundary conditions 


C(0,t) = finite 
Cit) =0 


C(x, 0) = f(x) = (ae h 


For n= at the solution is 


SE 
e —Zmint : x 
C(x,t) =——— ore sin (mz /-) 


m= i 





map cos map — sin map | 


m°* 


Equation 8 
For n = 1, the solution is 


2 


con 26, eM TRO Db OD | 


2 Xm [J (Xm) |? 
Equation 9 

The use of the foregoing equations requires the knowledge of A and 
QO, which are assumed as constants in this treatment. Wells, Batz 
and Mehl! have shown, however, that A and Q vary somewhat with 
the concentration, for carbon in austenite. For the purpose of this 
investigation the values of A and Q were determined by inter- 
polation of the data of Wells, Batz and Mehl for the averaged initial 
carbon concentrations of the couples. 

The steels used in this investigation are indicated below (com- 
positions are in weight per cent). 


Steel Carbon Manganese Phosphorus Sulphur Silicon 
- 0.954 0.24 0.012 0.013 0.13 
O 0.744 0.25 0.012 0.023 0.12 
S 0.320 0.64 0.011 0.039 0.15 


The essential experimental data of one of the tests (Test No. 4) 
is given in Table I, where the positive distances refer to the high 
temperature side. The time count was begun when the interface 
reached 1400°F (760°C) and was concluded when the interface 
cooled to this temperature. It was endeavored to maintain the inter- 
face at 1800°F (980°C) throughout all the tests. Mathematical 
considerations indicate that the time and temperature errors intro- 
duced during the heating and cooling phases are essentially negligible 
in this study. . 

The results of calculations for test No. 4 for n = 4/3 and n= 1 
are tabulated in Table II. The slopes for n= 4/3 and n=1 are 
much the same and it is to be expected that the results by both 


1Wells, Batz and Mehl, “Diffusion Coefficient of Carbon in Austenite’, American 
Institute of Mining and Metallurgical Engineers, Technical Paper 2792, November 1949. 
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Steels used were “‘T"’ and “‘O”’ 


Vol. 44 


Co =0.21 weight % carbon 
Q =31,800 cal/mole 
A =2.32 X 10°? in?/sec 
Elapsed time = 1.6002 x 10° sec 


e- o/T =[2.425x +2.221] x 10°¢ 
e- >/T =[4.214x +2.929] x 10° 


Table I 
Test No. 4 
-———Average Temperatures———. 
Dist. (inches) 7 
+1.000 1998 (T) 
+0.500 1914 
+0 .000 1800 
—0.500 1650 . 
—1.000 1478 (O) 
Table II 


Dist. (inches) 


+0 .300 
+0 .200 
+0.100 
+0 .000 
—0.100 


ooocooceo 


Table 


Test No. 4—Analytical Concentration Calculations 





n=1 
.949 
.935 
.904 
.853 
.798 
. 760 
. 747 


eoccoceo 


Test No. 4—Numerical Concentration Calculations 


Dist. (inches) 





Dist. (inch 
+0 .300 
+0 .200 
+0.100 
+0 .000 
—0.100 
—0.200 
—0.300 


Concentration 


0 


0. 


es) 


.954 
0. 
0. 
0. 
oO. 
0. 


950 
945 
939 
930 
918 
904 


. 886 
. 865 








Dist. (inches) 


—0 


—0. 
—@. 
—0: 
—0. 
—O0. 
—Q. 
—@. 
—0. 


Table IV 





Isothermal 


0.950 
0.936 
0.902 
0.849 
0.796 
0.762 
0.748 


.020 


Concentration 


eccocececo 





Concentration (weight % carbon)—— 


.842 


Test No. 4 Compared to Isothermal Diffusion at the Interface Temperature 


Anisothermal 


cocoooo 


.950 
.935 
.904 
.853 
. 798 
. 760 
.747 


Test No. 6 Compared to Isothermal Diffusion at the Interface Temperature 


. Dist. (inches) 


+0 .400 
+0 .300 
+0.200 
+0.100 
+0 .000 
—0.100 
—0.200 
—0.300 


ww .761 


———Concentration (weight % carbon) 
Isothermal 


0.948 
0.937 
0.917 
0.887 
0.849 
0.811 
0.781 





Anisothermal 


ocoococso 


.943 


935 
920 
894 
858 
816 
779 
754 
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Table VI 
Test No. 8 Compared to Isothermal Diffusion at the Interface Temperature 


-——Concentration (weight % carbon) 





Dist. (inches) Isothermal Anisothermal 
+0.300 - 0.947 0.944 
+0 .200 0.914 0.910 
+0.100 0.813 0.815 
+0 .000 0.637 0.647 
—0.100 0.461 0.465 
—0.200 0.360 0.356 
—0.300 0.327 0.321 





solutions should be rather close. It is seen that this is the case. 
Experience indicates that the n = 1 solution is less time consuming 
and is to be preferred over the n = 4/3 solution. 

It is rather difficult to extend the analytical treatment to other 
values of n and therefore the method is not truly general. Further, 
it is encumbered by the necessity of a mathematically finite couple, 
and the elapsed time must be restricted such that penetrations do not 
proceed beyond x = 0 and x = /. 

A more general solution is available through a numerical analysis 
which can be miade as accurate as desired, depending upon the magni- 
tude of the numerical work which is practical. 

If finite increments are employed in Equation 1, there evolves 
the solution 


Cx(t + At) = [yD(x + Ax)] Ce(x + Ax) + 

[— yD(x + Ax) — yD(x) + 1] Cex) 

+ [yD(x)] Ce (x — Ax) Equation 10 
where w= At/Ax’ 
Let q: = YD (x + Ax) 

qo — 1 — WD(x + Ax) — yD(x) 
: qa = yD(x) 
Then 
Cx(t + At) = qi C(x + Ax, t) + qo C(x, t) + gq C(x — Ax, t) 
Equation 11 

The values of Ax and At found most suitable in this investigation 
are Ax = 0.040 inch, At = 5,000 to 15,000 seconds, as these gave 
results well within the limits of the carbon analysis. The initial 
condition for the interface is stipulated as C,/2. 

The method was applied to test No. 4, where the elapsed time 
was divided into 25 equal increments, and Ax = 0.040 inch. The 
results of the calculations are indicated in Table III; and a com- 
parison of the experimental, analytical, and numerical results is 
shown in Fig. 1. 


DISCUSSION 


The essential résults of several experimental tests are indicated in 
Figs. 1, 2, 3 and 4. Examination of Fig. 4 indicates that even for a 
concentration spread of 0.63 weight per cent carbon in austenite the 
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magnitudes of the departures between the calculated and experimen- 
tal determinations are not very great. Further, the experimental 
points on the lower concentration side are generally less than the 
calculated curve, while the same is generally true on the higher con- 
centration side. This is in agreement with the fact that the diffusion 
coefficient increases somewhat with carbon concentration. 
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Fig. 1—Comparison of Experimental, Numerical and 
Analytical Results of Test No. 4. 


[In order more fully to appraise the effects of the temperature 
gradient, it is well to compare the calculated results of tests No. 4, 
6, and 8 with hypothetical isothermal diffusion for the respective 
interface temperatures and times. The isothermal calculations are 
made by the use of Equation 12. 





C(x, t) = 7 [ terf (sm) | Equation 12 


The results are indicated in Tables IV, V, and VI. 

For test No. 4 the deviations are very small and are within the 
usual accuracy of the experimental carbon determinations, +except 
perhaps at the interface. For test No. 6 the departures are more 
apparent, but still not very great, in spite of the fact that test No. 6 
is approximately twice as long (elapsed time is 3.385 & 10° sec) as 
test No. 4. In test No. 8 (elapsed time is 1.774 x 10° sec) the 
concentration spread is 0.63 weight per cent carbon, and here the 
deviations are very small also. These results tend to indicate that 
elaborate experimental arrangements to attain more nearly perfect 
isothermal conditions for diffusion studies of carbon in austenite may 
be somewhat redundant unless extremely accurate means become 
available for analytical determinations. 
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Fig. 2—Comparison of Experimental and Calculated Results of Test No. 2. 
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Fig. 4—Comparison of Experimental and Calculated Results of Test No. 8. 
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An added refinement in the application of Equation 10 is the 
correction of the respective diffusion coefficients for temperature and 
concentration, for each time increment. 

An interesting mathematical observation is that for anisothermal 
diffusion the concentration at the interface increases slightly above 
C,/2 when the higher concentration is on the higher temperature 
side, and conversely when the higher concentration is on the lower 
temperature side. The phenomenon, if it truly exists experimentally, 
is too small to be readily verified by chemical analytical means. 
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CONSTITUTION AND PROPERTIES OF COBALT-IRON- 
VANADIUM ALLOYS 


By D. L. Martin Anp A. H. GEISLER 


Abstract 


A portion of the Co-Fe-V phase diagram near the 
equiatomic FeCo composition was determined by thermal 
analyses and X-ray diffraction studies. These results 
showed that thermal treatments could promote both the 
precipitation of an austenitic phase as well as ordering in 
the ferritic phase. The changes in hardness and magnetic 
properties in the course of heat treatment were studied for 
a variety of Co-Fe-V alloys. Most of the alloys exhibited 
pronounced hardening after aging in the range 400 to 
700°C (750 to 1290°F); in some the hardness was 
equivalent to that of hardened steel. 


INTRODUCTION 


HE Co-Fe-V alloys located near the equiatomic FeCo composi- 
tion represent an interesting class of magnetic materials. The 

alloys with low vanadium additions (about 2% ) have high saturation, 
high permeability characteristics (1),’ whereas alloys with increased 
vanadium content possess permanent magnet quality of the same 
order as the alnicos (2, 3). The alloys also have the useful charac- 
teristics of being ductile and machinable. From a metallurgical view- 
point the ternary alloys containing cobalt and iron are of interest 
for three reasons: First, the alloys are based on the little under- 
stood high saturation iron-cobalt alloys and thus inherit the mysteries 
of these alloys. Second, the constitution of this system has not been 
completely established. ‘Third, the mechanism of hardening respon- 
sible for the high coercive force in Co-Fe-V alloys has not been 
satisfactorily explained. 

The present work is concerned mainly with the hard magnetic 
materials. Previously Nesbitt (4) studied a variety of alloys in the 
composition range of 4 to 16% vanadium and 36 to 62% cobalt. 
From these he proposed two for commercial applications as perma- 
nent magnets: Vicalloy I with 9.5% vanadium and 52% cobalt and 
H, = 300, B, = 9000, BHmax = 1.0 x 10® on aging 2 hours at 
600 °C (1110 °F) after either quenching, annealing or cold finishing, 

1The figures appearing in parentheses pertain to the references appended to this paper. 
A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. The authors, D. L. Martin and 
A. H. Geisler, are associated with the General Electric Research Laboratory, 


the Knolls, Schenectady, N. Y. Manuscript received April 9, 1951. 
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and Vicalloy II with 13% vanadium and 52% cobalt and H, = 500, 
B, = 10,000, BHwax = 3.5 & 10® on aging at 600°C (1110°F) 
after cold reduction of 95%. 

The permanent magnet properties of these materials were attrib- 
uted by Nesbitt to the precipitation of an austenitic phase, y, during 
the aging treatment at 600°C (1110°F). The basis of this expla- 
nation was the phase diagram work of Koster and Lang (5) which 
showed that the addition of vanadium to Co-Fe alloys lowers the 
alpha-to-gamma transformation to temperatures in the same range 
as the aging temperature. While the X-ray data confirm the forma- 
tion of y, the precipitation of this nonmagnetic phase hardly seems 
to be an adequate explanation of magnetic hardening in Co-Fe-V 
alloys. It was thought that the order-disorder reaction inherent in 
the Co-Fe alloy system near equiatomic per cent of the two metals 
as shown by Ellis and Greiner (6) might be playing an important 
role in the hardening of the ternary alloys. Accordingly, an exten- 
sive investigation of the constitution and structure of Co-Fe-V alloys 
was undertaken and the effects of heat treatments on hardness and 
magnetic properties were determined. 


EXPERIMENTAL PROCEDURE 


Ternary Co-Fe-V alloys of compositions indicated in Fig. 1 
were made from electrolytic iron, commercial cobalt, and ferro- 
vanadium by vacuum melting and were cast into a l-inch round mold. 
A 134-inch long piece of each ingot was taken, usually from the 
center, for the thermal analyses. The balance was hot-swaged to a 
¥4-inch diameter bar when possible. Some of the magnetic tests 
were made on this stock while a portion was further hot-swaged to 
\%4-inch diameter bar which was used for the hardness tests. Finally 
part of each rod was further hot-swaged to 0.100-inch diameter and 
cold-swaged to 0.050-inch or smaller wire for additional magnetic 
tests and X-ray diffraction analyses. Further details of specimen 
preparation are given under the sections df the report according to 
type of test. 


CONSTITUTION OF Co-FE-V ALLoys 
Thermal Analysis 


One of the most useful methods of establishing phase-field 
boundaries as they vary with temperature and composition consists 
of studying the rate of change of temperature of a material as heat 
is supplied or extracted at a constant rate. Transformation temper- 
atures are indicated by inflections on such heating or cooling curves. 
The inverse-rate method used here was described in detail previously 
(7) but, briefly, it consisted of observing the time required for the 
specimen to heat or cool a specified temperature interval at a con- 
stant rate of heat flow. When this time is plotted versus the tem- 


ae: pew ot ore 





ee 


accesses CCT EL 


1952 COBALT-IRON-V ANADIUM ALLOYS 463 


30 Co 
30 Fe 
40 V 
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30 Co 40 Co 50 Co 60 Co 70 Co 
70 Fe 60 Fe 50 Fe 40 Fe 30 Fe 
Fig. 1—-Compositions in Weight Per Cent and Designations of Alloys Investigated. 
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Fig. 2—Typical Inverse-Rate Heating Curves for P25 and P20 Alloys With 
Inflections Indicated. 


perature of the specimen;curves such as those in Fig. 2 are obtained. 
The four significant inflections for two alloys are marked where, on 
heating, “A” is interpreted as the start of the formation of the dis- 
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Table |! 
Results of Thermal Analyses on Co-Fe-V Alloys 
Alloy ——Weight %—— <S -———Coolingt, °C-———~ 
No. V Fe* Co A B . 
P20 0 48.8 51.2 730 740 977 986 728 735 967 £4977 
Averaget 729 738 972 £982 
P21 1.8 48.2 50.0 700 708 916 969 699 708 839 904 
Averaget 700 708 878 937 
P22 3.7 47.3 49.0 700 706 851 951 685 697 752 781 
685 697 oP 958 679 694 oe 793 
Averaget 688 699 802 871 
P24 a al 45.9 46.8 670 684 742 907 a a 614 
Averaget 670 684 761 
P25 9.1 44.7 46.2 660 676 730 876 i a oak’ 474 
659 666 725 871 ai AS 462 
Averaget 660 671 m8 671 
P26 9.9 43.8 46.3 658 667 721 861 ge oe 417 
Averaget 658 667 a4 639 
P23 3.0 48.8 48.2 693 702 886 969 696 702 757 861 
692 703 uke 969 693 702 = 876 
Averaget 694 702 822 919 
Pi 7.4. 8... B28 696 706 736 nt ah og ag 
683 691 729 844 Ais eae 561 
674 685 723 oR Mi aos PS 
Averaget 684 694 703 
PIA 9.5 37.5 53.0 699 708 737 bia 
695 ae 769 880 ae aoa, 
Averaget 697 708 
P4 8.2 44.1 47.7 690 696 752 889 fa ak 505 
Averaget 690 696 697 





*Iron by difference. 
+The inflections “‘A’’, ‘‘B’’, “‘C’’, and “*‘D” are shown in Fig. 2. 
tAverage of heating and cooling data. 














ordered phase, “B” is the completion of disordering, “C”’ is the 
start of the transformation of ferrite to austenite, and “D” marks 
the completion of the formation of austenite. The specimens for 
thermal analyses were first immersed in liquid nitrogen to transform 
retained austenite and then were held for % hour in the temperature 
range of 600 to 700°C (1110 to 1290°F) and slowly cooled to 
produce an ordered structure. In this condition heating curves fol- 
lowed by cooling curves were made, using a rate of temperature 
change of 6 to 8 °C per minute and a temperature interval of 90 °C. 

The transformation temperatures for the Co-Fe-V alloys as de- 
termined from the heating and cooling curves are listed in Table I. 
The heating curves gave the more complete data, since the samples 
consisted of low temperature phases at the start and the transforma- 
tions were not completely suppressed on heating. On the other hand, 
the y to a transformation on cooling could be suppressed and in the 
absence of a the ordering did not occur. When ordering occurred 
there was little hysteresis. In contrast, the y to a transformation 
exhibited pronounced hysteresis as shown by the data which are 
plotted in Fig. 3. For the purpose of plotting the phase diagram, 
the heating and cooling measurements were averaged, and measure- 
ments for the ordering transformation on heating alone were used 
in the absence of cooling data. 
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1000 Y Thermal Analyses 
y “wane PO ae | 
~~ ? . 
~ 
e 800 Se: a+7 Heating 
< 700 prec Ae 
8 ae 
® 600 XN at7 < 
; a ~ 
- 500 ¥—-Cooling ba 
a 
400 
& 
& a N wu aw 
300 fa. a a a. a a 
| ri 
0 | \2 3 ‘4 5 6 7 | 8 9g : 10 Wy i2 
| . 
| | Vanadium %y 
5! 50 49 48 47 46 45 
Cobalt % 


Fig. 3—Thermal Analyses Data Showing Hysteresis of the ay Transforma- 
tion for Alloys Along Section “‘A’”’ of Fig. 1. 


X-Ray Diffraction Analysis 


Most of the X-ray studies were made on cold drawn 0.020-inch 
wire samples (1% inch long) that had been held for different periods 
at various aging temperatures. Early in the work an attempt was 
made to study changes in structure produced by aging samples that 
were initially disordered at 1000°C (1830°F). This temperature 
is in the y field of the phase diagram, and it was soon discovered 
that the sluggishness of the y to a transformation was a serious 
handicap to such studies. The data in Table II, for example, show 
that with alloys of the higher vanadium contents the apparent struc- 
ture depends upon the extent of etching the specimen. The trans- 
formation y to a on cooling occurs faster at the surface of the speci- 
men so that it was possible to have a surface layer of a which would 
predominate in an X-ray pattern of an unetched specimen and a core 
of y which would show up on etching the specimen. 

The X-ray diffraction data were used mainly to establish the 
phase relationships in conjunction with results of thermal analyses. 
The data are listed in Table III for alloys of composition along 
Section “A” in Fig, 1 and in Table IV for those along Section “B”. 
Two main conclusions are permitted by these data: First, an 
austenitic phase, y, can be precipitated at temperatures below 700 °C 
(1290 °F) in alloys of compositions from those of Vicalloy down to 
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Results of X-Ray Diffraction Analyses on 55% Co - 33.5 


Table Il 
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Fe- 11.5% V Alloy (P2) 


Showing Variation in Structure From Center to Surface ef 0.020-Inch Wire 


Heat Treatments 


As drawn 


1 hour at 1000 °C, w.q. 


1 hour at 1000 °C, w.a. 
67 hours at 600 ° 


As drawn—1 hour at 760 °C 


Alloy 
P21 


P22 


P24 


P25 


P26 


*Aged after heat treatment of 2 hours at 800°C. All others were aged from the cold 


Weight % 

V Fe 

1.8 48.2 
3.7 47.3 
7.3 45.9 
9.1 44.7 
$.9 43.8 


drawn condition. 


Aging 
Temp., 
"he 


400 
500 
600 
600 
700 
700 
800 
800 


600 
600* 
600* 
600* 
600* 
600* 
600* 
600* 
600* 
700 
800 
800 


400 
400 
500 
600 
600* 
600* 
600* 
600* 
600* 
600* 
600* 
600* 
700 
800 
800 


400 
500 
600 
700 
800 


400 
500 


600 
700 
800 


Predominate 
Location Phase 
center a 
surface a 
center Y 
surface a 
center ¥ 
surface a 
center v 
surface a 
Table II! 
Aging 
ime, 
Hours Phasest 
500 a 
500 Ord. a+ ¥ 
24 Unr. ord. a 
500 Ord. a 
24 Rec. a 
500 Ord. a 
24 Rec. a 
500 Rec. a 
24 Unr. Ord. a + tr. vy 
2 Ord. a + tr. ¥ 
4 Ord. a + tr. y 
16 Ord. a + tr. ¥ 
32 Ord. a + tr. ¥ 
50 Ord. a + tr. ¥ 
100 Ord. a+v¥ 
500 Ord. a+ ¥ 
1000 Ord. a+ ¥ 
24 Rec. a 
2 Rec. a + tr. ¥ 
24 Rec. a 
100 a 
250 Ord. (?) a 
100 Ord. (?) a+tr. ¥ 
24 Unr. Ord. (?) a+tr. 
2 a+ 
4 Ord. a+y¥ 
16 Ord.a++¥ 
32 Ord.a+v¥ 
50 Ord. a + ¥ 
100 Ord. a+ ¥ 
500 Ord. a+ +7 
1000 Ord. a+ +¥ 
24 Rec. a + 
2 Rec. a+ v 
24 Rec. a 
500 a 
500 a+v*¥ 
500 Ord. a+ +7 
500 Ord. a + ¥ 
500 a 
500 a 
500 a+y¥y 
500 a+y¥ 
500 a+y 
500 a 


2 


large amount a 
large amount ‘+ 


Results of X-Ray Diffraction Analyses on Co-Fe-V Alloys on Section “A” 


Remarks 


no y 
no ¥ 


some a 
some ‘y 
noa 
some ‘yY 





Parameters 

a Y 
2.849 
2.859 3.569 
2.857 3.569 
2.855 3.561 
2.864 3.577 
2.864 3.576 
2.859 3.568 
2.858 
2.857 


tUnr. = unrecrystallized; Rec. =?tcrystallized; Ord. = ordered; tr. = trace. 
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Table IV 
Results of X-Ray Diffraction Analyses on Co-Fe-V Alloys on Section “B”’ 


Aging Aging 





Weight % Temp., Time, Parameter 
Alloy V Fe “"—; Hours Phasest a 
P23 3.0 48.8 400 500 a 
500 500 a+tr. ¥ 
600 500 Ord. a+ tr. ¥ 
700 500 Ord. a 
800 500 Rec, a 2.851 
P45 5.7 43.9 400 500 a 
500 500 Ord. a+ ¥ 
600 500 Ord. a+v¥ 
700 500 Ord. a+ ¥ 
800 500 Rec. a 2.856 
PIA 9.5 37.5 400 500 a 
500 500 a+v¥y 
ad 0 a 
600 i a-+tr. y 
600 1 Ord. a+ tr. v 
600 a Ord. a+ tr. y 
600 16 Unr. Ord. a+ ¥ 
600 100 Ord. a+ ¥ 
| 600 500 Ord. a+ ¥ 
700 500 Ord. a+ ¥ 2.855 
800 500 y¥+a 2.855 
P2 11.5 33.5 400 100 a 
400 250 a 
kc 500 100 a+v 
5s 500 250 a+y¥ 
F 555 6 a+v+7 
—_ 0 a 
600 4 Ord. a+ +¥ 
600 1 a+y¥ 
600 5 Ord. a + tr. ¥ 
600 24 Unr. Ord. a + vy 
600 96 Ord. a++7 
600 336 Ord. a + tr. y 
furnace cool* a+¥7 
water-quenched* a+y 
600* % a+y 
600* 1 a+y 
600* 5 aty 
600* 24 a t ¥ 
P 67 a+y¥ 
600* 336 ¥+a 
650 1 Y¥+a 
715 1 y+a 
sk 760 1 ¥ 
“Prior heat treatment of 1 hour at 1000°C. All others were aged from the cold drawn 
condition. ~ 


tFor abbreviations, see footnote, Table III. 





as low as 1.8% vanadium. This confirms the results of Nesbitt. 
Second, an ordered ferritic phase (ord. a or a) can be detected 
under suitable conditions. While the lattice parameter change on 
ordering is very small (6) and undetectable in the present work, the 
appearance of two or three superlattice lines was unmistakable in 
patterns for many of the samples; however, the use of filtered cobalt 
X-radiation was essential. Thus, ordering in the ferrite, overlooked 


by Nesbitt, could be playing a prominent role in the hardening of 
these alloys. 


The Phase Diagram 


On the basis of the results of thermal analyses and X-ray dif- 
fraction studies it is possible to propose a new phase diagram for 
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Fig. 4—Vertical Section of Co-Fe-V Phase Diagram for aoe With Approxi- 
mately Equiatomic Ratio of Co: Fe Along Section “‘A’’ of Fig. 1. 
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0-7 


Temperature °C 
Dsj-D 


> DP 


2 ! 2 3 4 5 | 6 7 8 9 1O i 12 
Vanadium % | 
46 48 50 52 54 

Cobalt % 


Fig. 5—Vertical Section of Co-Fe-V Phase Diagram for Alloys Along Section 
“B” of Fig. 1. _ 
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Co-Fe-V alloys. Data for the two series of alloys on sections “A”’ 
and “B” in Fig. 1 have been used in Figs. 4 and 5 to establish 
boundaries of the various phase fields. The data from thermal 
analyses show very nicely a consistent change in transformation 
temperatures as composition changes. On the other hand, there are 
some inconsistencies in the X-ray diffraction data which probably 
can be traced to experimental difficulties such as: (a) the tendency 
for the y to a transformation to occur on quenching from the higher 
temperatures, (b) the sluggishness of the transformations in ap- 
proaching completion at the lower temperatures, and (c) the difficulty 
of detecting the ordered phase. - 

The new phase diagram should be compared with a recent one 
developed by Greiner (8). The agreement is fairly good; however, 
there are two significant points of difference. First, the present 
authors have included regions in which the ordered (a,) and dis- 
ordered (aq) phases coexist in equilibrium. These include a three- 
phase region of y + ag+a,. As we have drawn it, the diagram is 
‘in conformance with the Phase Rule. Although it was not possible 
to confirm the coexistence of the ordered and disordered phases by 
X-ray diffraction in this alloy system, the existence of such regions 
in the phase diagram is to be expected on the basis of work on other 
alloy systems such as Co-Pt and Cu-Au where conditions for de- 
tection are more favorable. On this premise the points “A” and “B” 
on thermal analyses curves were interpreted as boundaries of hetero- 
geneous fields between order and disorder. The second point of dif- 
ference is concerned with the phases present below 400 °C (750 °F). 
Greiner does not indicate the presence of a single-phase ferrite field 
at low temperatures up to the higher vanadium contents. On the 
other hand, we have indicated such a field by a boundary that curves 
sharply back and then to the right. The exact location of this bound- 
ary is not known so it has been shown as a broken line in Figs. 4 
and 5. Nevertheless, it must curve in somewhat the fashion shown, 
for all the alloys were ferritic in the cold drawn condition, and after 
500 hours at 400 °C (750 °F) they still were 100% ferritic. | 


Age Hardening 


The change in Vickers hardness during the course of ordering 
the alloys was studied using thin disks cut from ™%4-inch rod. Most 
of the tests were made on specimens from the hot-swaged rod which 
were aged for various intervals at temperatures of 400 to 800°C 
(750 to 1470 °F). In addition, some alloys were tested after heat 
treating at 1000 °C (1830 °F) and water quenching. Prior to aging, 
the latter specimens ,were ‘given a cold treatment in liquid nitrogen 
to transform retained austenite. 

The degree of age hardening of the alloys varied appreciably 
with composition. The hardening curves for one of the more exten- 
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46.2 % Co 
44.7 % Fe 

9.1% V 
P25 As-Swaged 
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Initial 0.! 1.0 10 100 1000 
wa Aging Time, hours 
Fig. 6—Age Hardening Curves for the 46.2% Co-—44.7% Fe-—9.1% V Alloy. 
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Fig. 7—Dependence of the Maximum Observed Vickers Hardness on Composition. 















Aging 

Weight% Temp. 

Alloy Vv Fe Co "— 
P20 0 48.8 51.2 400 
500 

600 

700 

P21 1.8 48.2 50.0 400 
600 

P22 3.7 47.3 49.0 400 
500 

600 

700 

P24 1.2 45.9 46.8 400 
500 

600 

700 

P25 9.1 44.7 46.2 400 
500 

600 

700 

P26 9.9 43.8 46.3 400 
500 

600 

700 

P23 3.0 48.8 48.2 400 
600 

P1A 9.5 37.5 53.0 400 
500 

550 

600 

700 

PI 9.7 38.3 52.0 500 
600 

P2 11.5 33.5 55.0 400 
500 

600 

700 

P4 8:3 44.1 47.7 500 
600 

700 

p44 9.8 40.3 49.9 400 
500 

600 

700 

P45 5.7 43.9 50.4 400 
500 

600 

‘700 

P55 8.9 40.7 50.4 500 
600 

700 

800 

P64 9.5 49.2 41.3 500 
600 

700 

800 

P65 13,9 30.4 55.7 500 
600 

700 

800 

P66 13.9 26.6 59.5 500 
600 

700 

800 

P67 11.9 42.9 45.2 500 
600 

700 

800 

P71. 4.0. 58:9: 37.3.: 360 
600 

700 

800 

pee: 44 57.0 38.9 500 
600 

700 

800 





* I =incom 


reached in less time than the 
tCold-rolled 0 .050-inch strip. 





Table V 
Results of Hardness Tests on Co-Fe-V Alloys 





Init. 


Hard. 


250 
250 
250 
310 
310 
370 
355 
370 
370 
415 
420 
415 
415 
385 
385 
385 
385 
355 
355 
355 
355 
295 
295 
330 
335 


295 


COBALT-IRON-V ANADIUM ALLOYS 


As-swaged 
Time 
Max. Max. 
Hard.* Hard. 
2601 8 Hrs. 
250 0 
250 0 
3351 8M 
3201 8M 
385 0.75 
485 104 
530 64 
375 4 
5351 296M 
7351 296M 
695 16 
460 1 
585I 104M 
8601 296M 
835 8 
6151 0.25 
6251 104M 
8451 296M 
850 2 
6501 0.25 
330 2 
325 2 
6651 128M 
895I 128M 
875 6 
835 0.25 
795I 0.25 
860 42 
965I 1000M 
1035 100 
1045 0.25 
8751 0.25 
8201 “— 
780 
640 ois. 
6751 128M 
925 128 
855 r 
6301 0.25 
495I 64M 
7951 296M 
700 8 
470 a 
875 240 
840 1 
6101 0.25 
3801 0.25 
675 240 
580 10 
385 1 
320 0.25 
230 50 
2501 100M 
2901 100M 
190 1 
255 10 
264 24 
315 50 
205 10 
855 100 
790 i 
5801 0.25 
3551 0.25 
255 24 
250 2.5 
220 .5 
210 0.25 
325 5 
295 5 
240 0.5 
225 0.25 





H. T. at 1000°C, W.Q. 


Max. 
Hard. 


Init. 


Hard. 


205 
205 


310 
310 
310 
330 
330 
330 
330 
330 
330 
325 
325 
325 


100 
315 
315 
330 
330 
305 
305 


M =maximum time. 


230 
215 


5051 
5251 
340 
6751 
675 
425 
790 
555 
8151 
795 
5651 


865 
2101 
7501 
790 
8751 
910 


7001 
720 


Time 
Max. 
Hard. 


0.2 
0.5 


0.5 
0.25M 
128M 
135M 
8 


128M 
32 


pretening ott progressing at ep time of test or maximum was probably 
ortest aging interval; 


.25Hr. 


PORE i mi sac ite oe - 
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sively investigated alloys are shown in Fig. 6. These curves are 
typical of all alloys in regard to the temperature dependence of the 
time required to reach maximum hardness. In lieu of presenting 
curves for all of the alloys, the coordinates for the initial and maxi- 
mum points only should suffice to summarize the behaviors. These 
data are listed in Table V. The letter “I” following the maximum 
hardness means that the data were not complete because: (a) this 
was the maximum value observed but hardening was still progress- 
ing at conclusion of aging run (longest time), or (b) all the hard- 
ening occurred during the first aging interval, which was usually 
0.25 hour, and softening progressed continuously after the first aging 
interval. The letter “M” following the maximum time means that 
this was the longest aging time used. In the absence of both of these 
notations the data refer to the hardness value and aging time to 
attain this value respectively for the peak in the aging curve. 

Several conclusions can be drawn from the hardness data in 
Table V. In general the as-swaged specimens were initially harder 
and usually developed somewhat higher maximum hardness on aging 
than the heat treated specimens. The difference, although small in 
most cases, can be attributed to work hardening. The three notable 
exceptions, P22, P44 and P45, exhibited somewhat higher hardness 
on aging heat treated rather than as-swaged specimens. The excep- 
tionally low hardness for the heat treated 11.5% vanadium alloy 
specimen (P2) probably is due to the presence of a large amount 
of retained austenite, since samples cold-rolled and aged were as hard 
as quenched steel (e.g., about Rockwell C-65). The relationship be- 
tween the maximum observed hardness and composition is illustrated 
by Fig. 7. The data are sufficiently complete to indicate that hard- 
ness increases rapidly with increasing vanadium as shown by the 
contours at intervals of 200 points hardness. The highest hardness 
values are observed for compositions that have a Co-Fe ratio of 
60:40 rather than 51:49 which represents the equiatomic ratio. 
The peak hardness apparently occurs in the composition range 50 
to 56% cobalt, 33 to 39% iron plus 10 to 12% vanadium. The rate 
of hardening was faster in these high vanadium alloys. For example, 
the peak hardness was obtained in less than 15 minutes at 600 °C 
(1110 °F) for the P2 alloy compared to 64 hours aging for the P22 
alloy. 


Magnetic Properties 


Magnetic hysteresis properties were determined both on 14-inch 
diameter rod and on bundles of 0.050-inch wires (0.050-inch rolled 
strip in the case of alloy P2). The latter-type specimens were found 
to be the more suitable, since a greater amount of cold work (about 
75%) had been imparted to the alloy and retained austenite could be 
completely transformed, Tests were made on :%4-inch diameter rod 
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Alloy 
P20 


P21 


P22 


P24 


P25 


P26 


P23 


PIA 


Pi 
P2 
P4 
P44 


P45 


-—Weight%— 
V Fe 
0 48.8 
1.8 48.2 
3.7 47.3 
tas 45.9 
9.1 44.7 
9.9 43.8 
3.0 48.8 
9.5 37.5 
9.7 38.3 
154 32.5 
8.2 44.1 
9.8 40.3 
5.7 43.9 





Table VI 


Results of Magnetic Tests on Co-Fe-V Alloys 


————8 .050-Inch Wire—____ 


Aging Aging 
-———\-Inch Dia. Rod. Temp. Time 10-* x 
Treat. He Br pa a hours He Br BHmax 
A.S. 25 13900 ae 4 
Mhr., 600°C =—20-—Ss_: 10600 a OW. es seem 
A.S. 25 9000 ‘bis 0 34 9600 0.14 
Yhr., 600°C 25 10000 575 i 30 18400 0.24 
575 50 34 17300 0.36 
575 100 36 16500 0.34 
A.S. 40 10300 ‘ih 0 40 8700 0.13 
Yhr., 600°C 35 12500 575 i 75 18000 0.45 
575 50 59 16100 0.53 
A.S. 75 7400 ae 0 25 7200 0.06 
Yhr., 600°C 75 9600 575 1 78 16200 0.62 
575 8 99 13800 0.85 
575 24 104 13400 0.81 
A.S. 70 5900 ie 0 40 7700 0.14 
Yehr., 600°C 125 9500 575 2 125 12700 0.93 
575 4 139 12400 1.09 
575 24 150 12000 =1.06 
A.S. 65 5400 sao 0 40 7400 0.12 
Yhr., 600°C 150 9400 575 1 152 11800 0.98 
575 8 172 11400 1.17 
575 24 178 11000 1.10 
A.S. 25 12300 sa 0 35 8900 0.12 
hr., 600°C 40 13300 575 1 54 13800 =0.45 
575 2 32 17500 0.29 
A.S. 80 5900 Sue vad raga ae 
Mhr., 750°C 145 1100 575 1 227 11725 1.68 
575 2 238 11500 1.69 
AS. 80 5200 ay asd ei ele oss 
Yhr., 750°C 165 1300 600 1 235 11800 1.68 
A.S. 0 0 alia A.R. 49 4900 0.09 
Yhr., 750°C 0 0 575 2 375 8600 1.68 
A.S. 80 6000 “oe “a nas San Wien 
Yhr., 750°C 125 3000 ici sie eae rm 
A.S. 69 5700 eee 0 40 6900 0.11 
4hr., 555°C 217 8900 575 1 220 11000 1.37 
575 4 227 10700 1.46 
A.S. 77 7500 ie 0 30 8600 0.13 
4hr,, 555°C 80 9700 575 1 78 14700 0.06 
575 0 105 13900 0.94 
0 a7. 8650 0.16 
1 27.5 17000 0.32 
4:3 37.5 16800 0.36 
0 120 1820 0.08 
232 453 1300 0.18 
0 27 6650 0.10 
1 263 8650 1.06 
5 296 8200 1.19 
0 26.5 6750 0.09 
0.5 53.5 11450 0.24 
5 142 8650 0.39 
0 24 8050 0. 
1 42 13000 0. 
0 45.8 6800 0. 
0.5 131.5 13200 a 
4.0 174 12650 eis 
0 32.5 6675 0. 
0.5 39 14500 0. 
2.5 69.7 14100 0. 
0 §2 1700 0. 
2.5 372 920 0. 
0 4 1300. —s(*OO.. 
2.5 227 545 0. 
0 29 5700 =—*O. 
1 53 12400 sO. 
2.5 58 12000 OO. 
0 27 8300 0. 
1 17 14500 0. 
0 24 8400 0. 
1 oO. 
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Fig. 8—Changes in Magnetic Properties on Aging the 46.2% Co-— 44.7% Fe- 
9.1% v (P25) Alloy at 575 °C. 


MO 


PIs 


Maximum Goercive 
Force of Co-Fe-V 
Alloys, Oersteds 


40 





30 70 







_» Cobalt % 


Fig. 9—Dependence of Maximum Observed Coercive Force (He) in Oersteds 
on Composition. 
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Fig. 10—Dependence of Maximum Observed Residual Induction (Br) in 
Kilogausses on Composition. 


for the as-swaged condition and only one or two aging treatments. 
Energy product values (BHmax) were not reported in these tests. 
On the other hand, the as-drawn 0.050-inch wire specimens were 
tested after various aging intervals at 500, 575 or 600 °C (930, 1065 
or 1110°F). A typical set of aging curves for one of the alloys is 
shown by Fig. 8. 

The data for ternary Co-Fe-V alloys are summarized in Table 
VI. The measured values of coercive force and residual induction 
are listed for the two conditions of %4-inch diameter rod specimens. 
The tabulated values for the wire specimens include the initial values 
and the aging periods required to get maximum values of H,, B,. 
and BHywax. For example, with alloy P21 an aging period of 1 hour 
gives the maximum B,, 50 hours the maximum BHyax, and 100 
hours the maximum H,. When two properties attain the maximum 
at the same time, the data are not repeated in the table. Thus, among 
the listed values will be found the maxima in each of the properties. 
These maxima are plotted in Figs. 9 to 11 to show their dependence 
on alloy composition. 

Several conclusions can be deaths in regard to the effect of 
composition on magnetic properties. The coercive force increases 
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Fig. 11—Composition Dependence of Maximum Observed Energy Product 
(BHmax) in Gauss-Oersteds X 10. 


with increasing vanadium content much the same as Vickers hard- 
ness. (Compare Fig. 9 with Fig. 7.) However, the highest coercive 
force values are found in alloys with 50 to 55% cobalt, 30 to 36% 
iron plus 12 to 14% vanadium, which is a composition range that is 
slightly displaced to higher vanadium and lower iron contents than 
the peak for Vickers hardness. The residual induction, Fig. 10, 
decreases with increasing amount of vanadium. Presumably the 
saturation induction would follow the same course. The highest 
residual induction values occur in the vicinity of the binary 50:50 
cobalt-iron alloys where high saturation values would be expected. 
When the vanadium content is less than 2%, the residual induction 
may attain a value of 18,000 gausses. The maximum energy product 
which depends to a large extent upon both coercive force and residual 
induction attains a maximum in a certain composition range like 
both Vickers hardness and coercive force. The range for the maxi- 
mum—sS0 to 56% cobalt, 32 to 41% iron plus 8 to 12% vanadium— 
is displaced, however, to somewhat lower vanadium content. This 
effect would be expected, since higher residual induction values occur 
at the lower vanadium contents. The energy product values observed 
in this work were similar to those reported by Nesbitt (4) for alloys 
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Fig. 12—Microstructures of 52% Co- 38.3% Fe-—9.7% V _(P1) Alloy That Had 
Been Air-Cooled From 950°C and Chilled to —196°C. Etch: FeCl, solution. X 1000. 
a. Treated as above. VH = 315. b. Aged % hour at 400 °C, water-quenched, VH = 480. 
c. Aged % hour at 500°C, water-quenched, VH=/715. d. Aged % hour at 600 °C, 
water-quenched, VH = 835. 


that had been cold-worked 75% ; however, he has shown that higher 
values may be obtained by increasing the amount of cold work to 


95%. 
Correlation of Structure With Properties During Ordering 


A comparison of the data for X-ray diffraction analyses with 
hardness and magnetic property measurements should permit iden- 
tification of the origin of hardening in the Co-Fe-V alloys. Corre- 
lations should be made cautiously, however, for (a) specimens of 
different sizes may react differently due to the different prior history 
and (b) X-ray diffraction techniques are not capable of detecting 
small amounts of a new phase. Because of the limitations it was not 
possible to decide uniquely whether precipitation of y or ordering in 
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Fig. 13—Microstructure of 52% Co-—38.3% Fe-—9.7% V (P1) Alloy That Had 
Been ies Cooled From 950°C and Chilled to —196 °C. Etch: FeCl, solution. x 1000. 
a. Aged % hour at = - water-quenched, VH = 740. b. Aged % hour at 690 °C, 
water-quenched, VH = 


the ferrite is responsible for the hardening. Comparison of the data 
in Table III and IV with those in Table V will show that appreciable 
hardening occurs in %4-inch diameter rod specimens of alloys P24, 
P25 and P26 on aging at 400°C (750°F), and that y was not 
detected in wire specimens aged at the same temperature. Although 
not detected, ordering would be expected in these alloys, while pos- 
sibly precipitation of y may not occur at 400°C (750°F). On the 
other hand, at least a trace of y appeared in specimens aged at 500 
to 700°C (930 to 1290°F) for time periods that corresponded to 
those for hardening of the rod specimens. Ordering was more diffi- 
cult to detect than was precipitation of y, but it cannot be dis- 
counted as a source of hardening. 

Microstructures of specimens of the 10% vanadium alloy (P1) 
are shown by Figs. 12, 13 and 14, while the hardness of the speci- 
mens is included in each caption. As-swaged specimens of 14-inch 
diameter rod were aged at increasing temperatures in the series, 
Figs. 12a to 14a. These specimens had been swaged at 950°C 
(1740 °F), air-cooled, then chilled to —196 °C (—320 °F) prior to 
aging. For the second series, Figs. 14b to 14d, the swaged speci- 
mens had been first heat treated for % hour at 940°C (1725 °F). 
furnace-cooled, chilled to —196°C (—320°F) and then aged. _In 
all cases water quenching followed the aging treatment. According 
to prior results all specimens would be expected to contain a mixture 
of a plus y, and the amount of y would be rather large when tem- 
— above 600 °C (1110 °F) were involved. Aging at 400 and 

500 °C (750 and 930 °F) (Figs. 12b and 12c) did not change the 
background structure appreciably from that of the as-swaged speci- 
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Fig. 14—Microstructure of 52% Co-—38.3% Fe-—9.7% V (P1) Alloy That Had 
Been Air-Cooled From 950 °C and Chilled to —196°C. Etch: FeCl, solution. X 1000. 
a. Aged 40 minutes at 780 °C, water-quenched, VH = 335. b. Heated % hour at 940 °C, 
furnace-cooled, aged % hour at 590 °C, water-quenched, VH = 480. c. Heated % hour 
at 940 °C, furnace-cooled, aged 1 hour at 715 °C, water-quenched, VH = 480. d. Heated 
% hour at 940°C, furnace-cooled, aged % hour at 800°C, water-quenched, VH = 335. 


men (Fig. 12a). The darker particles of precipitate in Figs. 12b 
and 12c are coarser than would be expected for precipitation at 400 
to 500 °C (750 to 930°F) and may be characteristic of segregation 
in the as-swaged bar. They probably contribute little to the harden- 
ing. Because of the similarity of Figs. 12b and 12c, the origin of the 
prominent increase in hardness (481 to 715) does not seem to be 
metallographically recognizable. This illustrates the usual limitation 
of metallography when submicroscopic precipitates are formed. At 
600°C (1110°F), Fig. 12d, the fine precipitate (of a, or y) is 
apparent as a darkening or gray mottling of the ferrite which coarsens 
at still higher temperatures. The light constituent in Figs. 13 to 14 
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is probably retained y. Hardness decreases as the amount of retained 
y increases and the precipitate particles in a grow.. The black con- 
stituent in Fig. 13a is probably the same as that in Fig. 14b. This 
may be ordered ferrite that had formed from retained y during aging. 

Correlation of the magnetic properties with structure shows 
clearly that the presence of y detracts from residual induction as 
would be expected, since y is a nonmagnetic phase. Alloy P2 was 
nonmagnetic when in the form of %-inch diameter rod (see Table 
VI), and this alloy exhibited the greatest tendency to retain y 
according to X-ray results (Table II). In regard to coercive force 
it is again difficult to distinguish between the effect of precipitation 
of y and that of the ordered phase. Alloys P22, P24 and P45 ex- 
hibited a slight to moderate increase in H, as ordered a plus a trace 
of y formed. Under the same circumstances alloys of PIA and P2 
exhibited pronounced increases in H,. 


CONCLUSIONS AND SUMMARY 


On the basis of modern theory which relates coercive force with 
fine particles of a ferromagnetic material, the coercive force of these 
materials could be attributed to the formation of fine particles of the 
ordered a phase. The effect of vanadium on ultimate coercive force 
of Co-Fe alloys may originate either through the influence of this 
addition on a characteristic of the ordering process such as coherency 
' strain or particle size and shape or through its influence on a property 
of the ordered phase such as magnetostriction or magnetocrystalline 
anisotropy. Further fundamental research is required to identify the 
exact function of vanadium in these alloys. 

A more complete determination of a portion of the Co-Fe-V 
equilibrium diagram was made in the present work than was pre- 
viously available. On the basis of these results it has been proposed 
that the phase fields a (ordered) plus a (disordered) and a (ordered) 
plus a (disordered) plus y be included in the diagram. 

Some of these alloys in the aged condition possess high mechani- 
cal hardness (e.g. 900 to 1000 Vickers or about Rockwell C-65) and 
high magnetic hardness (e.g. H, over 400 oersteds). The origin of 
the hardening, whether by precipitation of y or by ordering in a, was 
not determined because of experimental difficulties in detecting the 
ordered phase and small quantities of y. Nevertheless, it was shown 
that ordering in a does occur in these alloys. Since ordering has 
been responsible for pronounced mechanical and magnetic hardening 
in other alloys, this process should also be considered in explaining 
the hardening of Co-Fe-V alloys. 
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DISCUSSION 


Written Discussion: By Earl S. Greiner, Bell Telephone Laboratories, 
Inc., New York City. 

The authors have contributed much valuable information to the 
knowledge of Co-Fe-V alloys. It was gratifying to note the general 
agreement between the present results and those for the Co/Fe=1/1 
alloys reported by me. In this earlier study, the temperature range below 
500 °C (980°F) was not included. The work of Nesbitt? and that in the 
present paper indicate that the solubility of vanadium in the alpha phase 
is greatly increased at temperatures below 500°C (930 °F). 

The major point of difference between the constitutional diagram of 
the Co-Fe-V alloys reported here and that reported previously concerns 
the coexistence of ordered and disordered body-centered phases as indi- 
cated in Figs. 4 and 5. The authors cite the Co-Pt and Cu-Au alloys as 
examples of systems in which ordered and disordered phases coexist. In 
these alloys, the order-disorder transition occurs in face-centered lattices. 
On the premise that this phenomenon should be in accord with the phase 
rule, the authors have concluded that such phases coexist in Co-Fe and 
Co-Fe-V alloys, although it was not established experimentally. While 
future theoretical and. experimental work may confirm this for these 
alloys, at present such a conclusion is premature. . 

The order-disorder change in beta brass occurs in a body-centered 


“Published in book by R. M. Bozorth, ““Ferromagnetism”’, p. 201, 1951, Van Nostrand Co. 
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cubic lattice and as such. may be analogous to that in the Co-Fe and 
Co-Fe-V alloys. Keating and Warren® investigated the long-range order 
in a single crystal of beta brass and observed that: the (222) X-ray re- 
flection was not split at any temperature between room temperature and 
520°C (970°F); the latter is above the critical temperature of order, 
which, depending upon the composition, AS between 454 and 468°C (835 
“and 875°F).* If the ordered and disordered phases had coexisted at cer- 
tain temperatures, the reflections from the two would have been resolved 
under the conditions of this experiment. Instead, it was observed that 
the reflection position shifted continuously with temperature in accordance 
with the increase in cell size accompanying disordering in the vicinity of 
400°C (750°F). These authors state, however, that there is the possi- 
bility of a very narrow two-phase region at the critical temperature be- 
cause of a +5°C uncertainty in sample temperature. 

This investigation of beta brass showed that below the critical tem- 
perature of order there is a single ordered phase having a long-range 
order parameter which varies continuously with temperature and ap- 
proaches zero at the critical temperature. Thus there should be no long- 
range order at or above the critical temperature. Specific heat measure- 
ments by Sykes and Wilkinson® have shown the presence of short-range 
order in beta brass just above the critical temperature of order. The 
specific heat curve for beta brass is similar in shape to that for the 51.2% 
cobalt, 48.8% iron alloy (P20) shown in Fig. 2b. Following this inter- 
pretation, the point “A” on the curve would correspond to the critical 
temperature of order, and point “B” would correspond to the temperature 
above which short-range order no longer exists. Does the ordered phase 
which the authors have postulated between points “A” and “B” in Fig. 2b 
refer only to the short-range order which should exist in this temperature 
range, according to earlier theories and experiments on ordering ?® 

In our investigation of Co-Fe and Co-Fe-V alloys it was observed 
that the lattice constants of the body-centered cubic phase of certain 
alloys quenched from below the critical temperature were significantly 
larger than those quenched from above that temperature. This is shown 
by the following data, previously unpublished: 


Alloy Composition Lattice Constant (kX) at 25 °C 
[ron Vanadium Cobalt After Quenching From: 
wt. % wt. % wt. % 580 ° 800 °C 
48.35 page Balance 2.8504 2.8488 
48.24 0.64 Balance 2.8508 2.8492 
47.89 1.45 Balance 2.8514. 2.8501 
47.33 2.59 Balance 2.8518 2.8510 


Heating periods prior to quenching wére one month at 580°C (1075 °F), 
5 hours at 800°C (1470°F). These changes of cell size with quenching 
temperature’ cause measurable shifts in the positions of the cobalt a: and 
a, reflections from the (310) planes. This indicates that if ordered and 


sp. Keating and B. E. Warren, “Long-Range Order in Beta Brass and CusAu”, 
Journal of Applied Physics, Vol. 22, 1951, p. 286. 


cont Phillips and R. M. Brick, “‘Copper-Zinc’”’, ASM Metats Hanpsoox, 1948 edition, 
p.- 


SJournal, Institute of Metals, Vol. 61, 1937, p. 223. 
*F, C. Nix and W. Shockley, Review of Modern Physics, Vol. 10, 1938, p. 1. 


tAn explanation of the larger latti€® constants of the ordered alloys has been given by 
M. E. Fine and W. C. Eis, Transactions, American Institute of Mining and Metallurgical 
Engineers, Vol. 175, 1948, p. 742. 
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disordered alpha phases coexist, alloys equilibrated and quenched from 
this area should have broadened or split reflections in the region of the 
large Bragg angles. The authors seem to have available, therefore, an 
experimental test of the validity of their conclusion through an exami- 
nation of the X-ray diffraction patterns of alloys P20 and P21 after 
appropriate thermal treatment. 


Authors’ Reply 


We wish to thank Dr. Greiner for his comments on the paper. His 
data on lattice parameters of the ordered and disordered phases make a 
significant contribution to the knowledge of Co-Fe-V alloys for which we 
are grateful. We had considered the suggested criterion for confirming a 
two-phase region by X-ray vanadium diffraction, but we decided not to 
attempt to distinguish between the ordered and disordered phases on the 
basis of lattice parameter because of the very small difference involved. 
Our measurements were not better than +0.001 A, whereas the values 
given by Dr. Greiner show that the difference in parameters of the two 
phases is 0.0016 A for the binary alloy and it diminishes to 0.0008 A for 
as little as 2.6% vanadium. 

Examination of the films for samples of alloys P22 (3.7% vanadium) 
and P23 (3.0% vanadium) that had been aged at 700°C (1290°F) in the 
two-phase region revealed a slight broadening of the (310) line which 
might be attributed to the coexistence of ordered and disordered ‘phases; 
however, other sources of broadening might also be contributing. We 
hope to have results for a binary Co-Fe alloy soon. 

Regarding the interpretation of the inflections on the specific heat 
curve, we prefer to associate the point “A” in Fig. 2b with the first ap- 
pearance of the disordered phase on heating and point “B” with the com- 
plete disappearance of the ordered phase. We cannot agree with the 
older interpretation that all short-range order disappears at a temperature 
of only 9°C above that at which long-range order disappears. The 
ordered phase has a moderate degree of Jong-range order between the 
temperatures “A” and “B”, and it is in equilibrium with a disordered 
phase with appropriate short-range order in this temperature interval. 
The amount of the disordered phase increases from 0% of the total at “A” 
to 100% at “B” on heating. We see no reason to expect a behavior for 
body-centered cubic lattices different from that for face-centered cubic 
lattices in this transformation any more than in the melting of solid 
solutions of the two lattice types. 









































PHASE RELATIONSHIPS IN THE 
IRON-CHROMIUM-VANADIUM SYSTEM 


By Howarp MARTENS AND Pot DuUWEz 


Abstract 


The phase boundaries of the iron-chromium-vana- 
dium ternary system have been investigated at 700 °C. 
One hundred and twenty alloys were prepared by powder 
metallurgy methods or by melting in a helium arc furnace. 
The alloys were aged in vacuum for 10 days at 1290 °F 
(700°C). The phases present in the alloys after aging 
were determined by X-ray diffraction. It was found that 
the sigma phase extends across the ternary diagram from 
the tron-chromium to the iron-vanadium side. Solid-solu- 
tion regions exist around the iron apex and along the 
chromium-vanadium side of the diagram. 


HE constitution diagrams of the iron-chromium and the iron- 

vanadium systems have been extensively studied. Both dia- 
grams are of the solid solution type, with a closed gamma loop on the 
iron side and an intermediate phase of the sigma type around the 
50-50 atomic per cent composition (1).1 No previous work could be 
found on the chromium-vanadium system nor on the ternary iron- 
chromium-vanadium system. The purpose of the present study was 
to investigate the phase relationships in the chromium-vanadium 
system and to establish the phase boundaries in the ternary iron- 
chromium-vanadium system at a temperature of 1290°F (700 °C). 


PREPARATION OF ALLOYS AND EXPERIMENTAL TECHNIQUE 


Alloys were prepared by powder metallurgy technique or by 
melting. The amount of each powder necessary to make the desired 
alloys was weighed out with an accuracy of 0.01 gram. ‘The metal 
powders were mixed for several hours and then pressed in a hardened 
steel die using a compacting pressure of 80,000 psi. The compacts 
were 4 inch in diameter and approximately 3% inch thick. 

. The alloys in the iron-vanadium system were sintered in a 
vacuum of 10% mm of mercury or less. The temperature was 
increased at approximately 570°F (300°C) -per hour and held at 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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2370 °F (1300 °C) for 4 hours. This treatment was not used for the 
alloys containing chromium because of the high rate of evaporation 
of chromium in vacuum at high temperature. These chromium- 
bearing alloys were heated in vacuum at 1830°F (1000°C) for 1 
hour. They were then reheated to 2370°F (1300°C) and kept at 
that temperature for 4 hours in an atmosphere of purified helium. 
This treatment was followed by furnace cooling. After sintering, all 
the alloys were sealed in evacuated silica tubes and held at 1290 °F 
(700 °C) for 240 hours. The specimens were air-cooled. More rapid 
quenching was not required since, as found later, the only possible 
phase change during cooling was a transformation from an alpha 
solid solution to sigma, which transformation is very slow at tem- 
peratures below 1290°F (700°C). A few alloys of compositions 
located in the critical regions of the phase diagram were also held for 
500 hours at 1290 °F (700°C). Since no difference was noted in 
the structure of these specimens compared with that of the specimens 
held for 240 hours at 1290 °F (700°C), it was assumed that equi- 
librium was reached after the 240-hour treatment. 

After the specimens were homogenized, a powder sample for 
X-ray diffraction studies was prepared from each alloy. In most 
cases the alloy could be crushed in a hardened steel mortar and the 
powder passed through a 200-mesh screen (opening of 74 microns) 
before being X-rayed. However, the more ductile alloys, those con- 
taining high percentages of iron, could not be crushed and filings 
were used for X-ray purposes. 

Another series of chromium-vanadium binary alloys was com- 
pacted, presintered in evacuated quartz for 1 hour at 1830 °F (1000 
°C), and then melted in a helium arc apparatus similar to that de- 
scribed by Schramm et al (2). Whether sintering or melting was 
used, the loss in weight of the compact after processing was less than 
0.5%. It was therefore assumed that the actual composition of the 
alloy was the initial composition of the powder mixtures and no 
chemical analysis was made. 

At the start of this investigation, a source of very pure vanadium 
powder could not be found. A large number of alloys were then 
prepared with the 95-grade vanadium powder of the Vanadium Cor- 
poration of America. This powder, according to the manufacturer, 
contains 95.18% vanadium, 1% aluminum, 0.27% silicon, 0.35% 
iron, and 0.40% carbon, the balance being chiefly oxygen. Later, a 
limited amount of pure powder was procured from the Westinghouse 
Electric Corporation and a duplicate series of chromium-vanadium 
binary alloys was prepared. 

The chromium, powder, received from Charles Hardy, Inc., had 
the following spectroscopic analysis: 0.1% sodium, 0.05% calcium, 
traces of copper, aluminum, manganese, silicon, cobalt, and magne- 
sium. The iron powder was carbonyl iron, Type L, from Charles 
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Fig. 1—Ternary Diagram Showing the Alloy Compositions in Atomic Per- 
centages and the Various Phases Present in Iron-Chromium-Vanadium Alloys. 
Open circles—alpha solid solution; solid circles—sigma; semi-solid circles—alpha 

plus sigma 


Hardy. The carbon content was less than 0.01% and a spectroscopic 
analysis showed the following impurities: 0.05% silicon, 0.005% 
manganese, 0.05% calcium, and 0.01% nickel. 

The compositions of the 120 alloys investigated are shown on 
the ternary diagram of Fig. 1. The X-ray diffraction measurements 
were obtained using a 70-mm diameter, and occasionally a 214.86-mm 
diameter, powder camera. Chromium Ka radiation was used, gen- 
erally without filtering, since most alloys contained enough vanadium 
to absorb the K @ radiation. The film was mounted asymmetrically in 
the camera (Straumanis technique) so that film shrinkage correc- 
tions were easily taken into account. _.No absorption corrections were 
applied to the diffraction readings, because it was believed unnec- 
essary to determine lattice parameters with an accuracy greater than 
1 part in 2000. 

The determination of the phase boundaries was based on meth- 
ods previously used by many investigators and descriked in detail by 
Andersen and Jette (3). The principle of the method consists in 
locating the intersection of a constant lattice parameter contour in a 
one-phase region with the corresponding tie-line in the adjacent two- 
phase region. The accuracy of the method, which depends on many 
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factors, will be briefly discussed in a subsequent section. The struc- 
ture of some of the alloys was also observed microscopically. Diffi- 
culties were encountered, however, because most of the alloys pre- 
pared by powder metallurgy were quite porous (from 5 to 40% 
porosity, depending on composition). In addition, no suitable reag- 
ent was found for a reliable detection of the sigma phase. 


THE BINARY SYSTEMS 


Iron-Chromium—Phase boundaries which involve the sigma 
phase in the iron-chromium system have been established most reli- 
ably by Cooke and Jones (4). At 1290 °F (700 °C) the sigma phase 
extends from 42 to 50 atomic per cent chromium and the end points 
of the two-phase regions are at 31 and 70 atomic per cent chromium. 

Tron-V anadium—Wever and Jellinghaus (5) have shown that 
the iron-vanadium system is very similar to the iron-chromium sys- 
tem. The two metals are completely soluble at high temperature 
(except for a closed gamma loop on the iron side) and a phase of the 
sigma type centered around 50% vanadium is stable below 2250 °F 
(1234°C). According to these authors, the sigma phase at 1290 °F 
(700 °C) is stable between approximately 30 and 60% vanadium and 
the sigma plus alpha two-phase regions on both sides of sigma are 
very narrow. In the last edition of Metats Hanpsoox (1), J. 
Strauss indicates that at 1290 °F (700°C) the sigma phase (which 
is called epsilon in this diagram) extends from 46 to 54% vanadium 
and the two-phase regions extend as far as 18% vanadium on the 
iron side and 80% vanadium on the vanadium side. In view of these 
discrepancies, a study was made of the binary iron-vanadium alloys 
in order to establish the boundaries of the sigma field and the sigma 
plus alpha fields at 1290 °F (700°C). 

The obvious method for determining phase boundaries in this 
system would make use of accurate lattice parameter measurements 
of the alpha and the sigma phases. Since these parameters should 
vary (almost linearly) in a one-phase region and remain constant in 
two-phase regions, the phase boundaries could be obtained from a plot 
of lattice parameter versus concentration. Special conditions, how- 
ever, prevented this method from being used to best advantage in the 
present problem. ‘First, since chromium radiation had to be used 
because of the presence of vanadium in the alloys, only three reflec- 
tions were present in the alpha solid solution pattern. The high angle 
reflection (211) was suitable for lattice parameter determinations 
in the alpha solid solution field; unfortunately this reflection is very 
close to a reflection in the sigma pattern, which made the determina- 
tion of the alpha lattice parameter in the two-phase regions very diffi- 
cult. Difficulties were also encountered in measuring the parameter 
of sigma in the two-phase region because the back-reflection lines of 
sigma were relatively weak for specimens containing two phases. 
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The method finally adopted consisted of detecting the presence 
of a second phase by observing the appearance of the strong reflec- 
tions of either alpha or sigma. Using this method, the boundaries 
of the one-phase sigma field were located at 37 and 57 atomic per 
cent vanadium, because the patterns of Alloys 116 (40% .V) and 
132 (56% V) were pure sigma patterns and those of Alloys 139 
(35% V) and 131 (58% V) contained a weak line identified as the 
(110) reflection of the alpha phase (strongest reflection of the alpha 
pattern). For the boundaries between the alpha and the alpha plus 
sigma regions, the presence of sigma lines was taken as the criterion 
of a two-phase alloy. These boundaries were located at 24 and 66% 
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Fig. 2—Variation of Lattice Parameter Ver- 
sus Composition in Iron-Vanadium Alloys at 1290 
°F (700 °C). 


vanadium. The following observations justify this choice: on the 
vanadium-poor side of the diagram, Alloy 118 (20% V) was pure 
alpha and Alloy 126 (25% V) contained very weak sigma lines; on 
the vanadium-rich side, Alloy 128 (66% V) contained sigma and 
Alloy 127 (68% V) was pure alpha. 

As mentioned above, reliable measurements of lattice parameter 
of the alpha phase could not be determined for all the specimens in 
the alpha plus sigma two-phase regions. For specimens in the one- 
phase alpha regions, however, such parameters could be obtained. 
The results are presented in Fig. 2. The arrows shown in Fig. 2 
are the boundaries between the alpha and the alpha plus sigma 
regions determined on the basis of the presence of some sigma reflec- 
tions in the X-ray diffraction patterns. The three points which are 
outside the one-phase alpha regions do not appear to contradict the 
rule. that in a two-phase region the lattice parameters remain con- 
stant; however, the break in the parameter curves alone would not 
have been obvious enough to locate the phase boundaries. 

The variation of lattice parameter of the alpha phase with con- 
centration shown in Fig. 2 indigates a strong negative deviation from 
Vegard’s law. The same deviation has been observed by Wever ‘and 
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Jellinghaus (5) for the same alloys quenched from 2370°F (1300 
°C), in which case the lattice parameter curve of the alpha phase is 
continuous from 0 to 100% vanadium. This deviation, which indi- 
cates a contraction in the atomic volume of the alpha solid solution, 
may be related to the fact that the solid solution has a strong tend- 
ency to break down and form the intermediate sigma phase. 

Chromium-V anadium—No previous work on the chromium- 
vanadium system has been found in the literature. Since the two 
metals are transition elements, have the same cubic body-centered 
structure, and differ in atomic size by only 4.6%, it was anticipated 
that they would form an uninterrupted series of solid solutions. 
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Fig. 3—Variation of Lattice Parameter Ver- 
sus Composition in Chromium-Vanadium Alloys 
at 1290 °F (700 °C). 


As stated above, binary chromium-vanadium alloys were pre- 
pared with both commercial grade and with the pure vanadium pow- 
der, helium arc melting being used in the latter case, and powder 
metallurgy in the former. In both cases, only the alpha solid solu- 
tion phase was detected, using both X-ray diffraction and microscopy. 
The variation of lattice parameter of this solid solution with compo- 
sition is shown in Fig. 3. This diagram indicates a rather slight 
deviation from Vegard’s law. Since the alloys used for this investi- 
gation were held for 240 hours at 1290 °F (700 °C), it seems certain 
that, at this temperature at least, there is no phase of the sigma type. 


THe TERNARY SYSTEM 


The cross section of the ternary phase diagram at 1290 °F 
(700 °C) is given in Fig. 4. The number of phase regions is the 
minimum that could have been predicted from the knowledge of the 
binary systems. The sigma phase extends across the diagram from 
the iron-chromium to the iron-vanadium side. Solid-solution fields 
are located around the iron apex and along the chromium-vanadium 
side, and are separated from the sigma field by two two-phase regions. 
The phase -boundaries between the alpha solid-solution regions and 
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Fig. 4—Phase Boundaries in the Ternary Iron-Chromium-Vanadium System 
at 1290 °F (700 °C). 
Compositions are in Atomic Percentages. 
Lines of Constant Lattice Parameters are in kx Units. 


the alpha plus sigma two-phase regions were obtained from the inter- 
section of lattice parameter contours and tie-lines. 

Difficulties were encountered in using the same method for locat- 
ing the phase boundaries between the sigma field and the two-phase 
alpha plus sigma regions. In this sigma region, the general direction 
of the constant lattice parameter lines was found to be perpendicular 
to the chromium-vanadium side of the diagram. These lines are 
therefore almost parallel to the tie-lines in the two-phase alpha plus 
sigma fields, and hence the uncertainty in locating the intersection 
of lattice parameter contours and tie-lines is quite large. As a result, 
the boundaries of the sigma phase region shown in Fig. 4 were drawn 
as smooth lines separating the one-phase from the two-phase alloys. 
The accuracy of this method obviously depends on the number of 
alloys located in the neighborhood of the phase boundaries. In the 
present case, the best method for estimating the uncertainty in the 
phase boundaries of sigma is to retrace lines separating the one-phase 
alloys from the two-phase ones in Fig. 1 and compare the results 
with the boundaries shown in Fig. 4. It is estimated that the maxi- 
mum deviation between the varjous sets of possible phase boundaries 
would not exceed +2% iron in alloy composition. . 
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THE TERNARY [RON-CHROMIUM-VANADIUM SIGMA PHASE 


For the last few years, the crystal structure of the sigma phase 
has been the object of many investigations (6-9). All the proposed 
crystal structures, being derived from powder diffraction patterns 
(7,9) or from rather liimited evidence obtained from a Laue photo- 
graph (8), were only tentative. Recently, Shoemaker and Bergman 
(10) made a complete single-crystal study of the sigma phase and 
definitely established that the structure is tetragonal with a D4, Laue 
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Fig. 5—Variation of Lattice Parameters (a) and 
(c) and of Axial Ratio (c/a) of the Sigma Phase Ver- 
sus Chromium or Vanadium Content in Ternary Iron- 
peaueeem:y Seappare Alloys Containing 50 Atomic Per 
ent iron. 


symmetry and 30 atoms per unit cell. For an iron-chromium alloy 
containing 46.5 atomic per cent chromium, the unit cell dimensions 
are a= 8.799 A and c = 4.546 A. 

The crystal structure of sigma béing known, all the reflections 
of the powder patterns may be indexed and the lattice parameters 
computed. The results of the present study show that the sigma 
phase exists in ternary iron-chromium-vanadiuntalloys and forms a 
continuous series of solid solutions across the diagram from iron- 
chromium to iron-vanadium. Lattice parameters were determined 
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for alloys containing 50 atomic per cent iron and extending across 
the ternary diagram from iron-chromium to iron-vanadium. The 
parameters were computed by applying the least squares method to 
the following reflections: (511), (522), (710), (413), (333), 
(720), (622), and (721). Using chromium Ka radiation, these 
reflections have Bragg angles greater than 45 degrees. 

The variations of lattice parameters (a) and (c) and the change 
in the c/a ratio with composition are shown in Fig. 5. The (a) 
parameter shows an almost linear increase when vanadium substitutes 
for chromium in the sigma solid solution. The variation of (c), 
however, is far from being linear with composition and as a result 
the c/a ratio decreases very rapidly from 0 to 20% vanadium and 
then remains practically constant from 20 to 50% vanadium. This 
change in the c/a ratio caused by the substitution of vanadium for 
chromium in the ternary sigma phase will probably be explained 
when a better knowledge is gained of the electron theory of the sigma 
alloys. 


SUMMARY AND CONCLUSIONS 


The phase boundaries in the iron-chromium-vanadium system 
have been established at 1290°F (700°C). Solid-solution fields 
exist in the iron-rich corner of the diagram and along the chromium- 
vanadium side, up to about 30% iron. In the center of the diagram, 
the sigma phase covers a field which is limited by two straight lines 
joining the end points of the sigma fields in the two binary systems, 
iron-chromium and iron-vanadium. 

The ternary sigma phase has been investigated on the basis of 
the recently established tetragonal structure. It is shown that by 
substituting vanadium for chromium in alloys containing 50 atomic 
per cent iron, the lattice parameters increase regularly, but the ratio 
c/a does not remain constant. 
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DISCUSSION 


Written Discussion: By Paul A. Beck, research professor of physical 
metallurgy, University of Illinois, Urbana, III. 

The results of this investigation by Martens and Duwez are particularly 
interesting to me, since they are quite consistent with our own results with 
four other ternary systems containing the sigma phase.’ 

The Cr-Co-Ni, Cr-Co-Fe, Cr-Co-Mo, and Cr-Ni-Mo ternary systems 
also have extended sigma solid solution fields. It was found in the first 
two of these systems that nickel or iron may partially or wholly replace 
cobalt in forming sigma. In the last two systems mentioned, chromium 
and molybdenum are partially replacing each other in the sigma phase. 
But our results can be formulated even more accurately in terms of electron 
vacancy concentrations than in terms of atom-for-atom substitution, as 
described above. A condition for the occurrence of the sigma phase appears 
to be the attainment of a range of 3d (respectively 4d for molybdenum) 
electron vacancy numbers per atom Ny intermediate between that in the 
face-centered cubic transition elements nickel, cobalt, iron and in the body- 
centered cubic transition elements chromium and molybdenum. In the 
Cr-Co-Fe system, where Fe (Ny=2.7) is replacing Co (Nv=1.7) the 
substitution is not atom for atom. In order to accommodate in the sigma 
lattice the lower 3d electron vacancy number of iron, the increasing iron 
content (in place of cobalt) has to be compensated for by a decrease in 
the chromium concentration. The fact brought out in the present investiga- 
tion, that in the Cr-Fe-V system chromium and vanadium are replacing 
each other without appreciable change in the mean iron concentration across 
the width of the sigma phase, may be taken as a strong indication that the 
__ 8Sheldon Rideout, W. D. Manly, E. L. Kamen, B. S. Lement and Paul A. Beck 


“Intermediate Phases in Ternary Alloy Systems of Transition Elements”, Journal of 
Metals, October 1951. 
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3d electron vacancy numbers for chromium and vanadium are nearly the 
same in these alloys. 

Written Discussion: By C. H. Samans, associate director, Engineering 
Research Department, Standard Oil Co. (Indiana), Chicago. 

In our laboratory we have had an opportunity to secure X-ray patterns 
of several alloyed-sigma phases. We have found, by comparing them 
directly, that these patterns differ not only in parameters but also, to minor 
extents, in some of the reflections which appear. Hence, I would like to 
ask if, in this iron-chromium-vanadium ternary sigma phase, any extra or 
missing reflections were found in the X-ray patterns of alloys taken from 
various parts of the field or if all the X-ray patterns showed the same 
reflections and differed only in parameters? 

Written Discussion: By Peter R. Kosting, Watertown Arsenal Labo- 
ratory, Watertown, Mass. 

The contributions by the Jet Propulsion Laboratory to metallurgical 
knowledge about alloy systems are extensive as well as thorough and the 
authors are to be doubly congratulated. 

In considering the chromium used in such: studies it is important that 
the content of the nonmetallic elements such as carbon, oxygen, hydrogen, 
nitrogen, etc., be also known. The oxygen content of chromium obtained 
by some processes may be very high. Heating at high temperatures does 
not necessarily eliminate all oxide, even when hydrogen is present. 


Authors’ Reply 


The authors thank the discussers for their interest in this paper. As Dr. 
Samans pointed out, the X-ray patterns of the sigma phase in various systems 
may differ appreciably and some lines have been observed, for example, in the 
iron-molybdenum sigma which were not present in the chromium-cobalt sigma. 
In the particular case of the iron-chromium-vanadium ternary sigma phase, 
the same reflections were observed for all compositions studied, and only minor 
changes in intensities were noticed. 

Professor Beck’s comments are very interesting and it is probable that 
the notion of electron concentration will play an important part in the under- 
standing of the sigma phase. 
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A PARTIAL TITANIUM-CHROMIUM PHASE DIAGRAM 
AND THE CRYSTAL STRUCTURE OF TiCr, 


By Pot Duwez anp J. L. TAYLoR 


Abstract 


This study is concerned with the part of the titanium- 
chromium diagram involving the solid-state reactions in 
titanium-rich alloys. It is shown that chromium is soluble 
in beta titanium to the extent of 25 atomic per cent chro- 
mium at 1100 °C (2010°F). By quenching from temper- 
ature in the beta field, the alloys containing up to 5% 
chromium were transformed into a supersaturated alpha 
solid solution. Above 6% chromium, the beta structure 
is retained. The eutectoid temperature is about 660 °C 
(1220 °F ) and the eutectoid composition is near 13 atomic 
per cent chromium. The solubility of chromium in alpha 
titanium is less than 1%. The only intermediate phase 
found in the system corresponds to an ideal composition 
TiCr,. The crystal structure of this phase is face-centered 
cubic with 24 atoms per cell (MgCug type). 


INTRODUCTION 


HE purpose of this investigation was to study the part of the 

titanium-chromium phase diagram which contains the boundaries 
between the solid-state phases resulting from the allotropic transfor- 
mation of titanium from the high temperature body-centered cubic 
form (beta) to the low temperature hexagonal form (alpha). On 
the basis of the Hume-Rothery rules governing the formation of 
solid solutions in alloys, it was anticipated that the solubility of 
chromium would be quite large in beta titanium, but very restricted 
in alpha titanium. This prediction has been confirmed in a previous 
investigation (1),’ in which it was shown that at 788 °C (1450 °F) 
the solubility of chromium is at least 8% in beta and less than 1% 
in alpha titanium. That investigation, however, was limited to tem- 
peratures above 788°C (1450°F) and failed to reveal a eutectoid 
reaction found in the present study. 

The existence of an intermediate phase in the titanium- 
chromium system was mentioned by Vogel and Wenderott (2), who 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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located it around the stoichiometric composition TigCra. In a study 
of the physical properties of titanium-chromium alloys, McPherson 
and Fontana (3) identified an intermediate phase around 40% chro- 
mium. The X-ray diffraction results obtained in the present study 
establish that the only intermediate phase in the titanium-chromium 
system has the ideal composition TiCre and has a face-centered cubic 
structure of the MgCus type. 


PREPARATION OF ALLOYS AND METHODS OF INVESTIGATION 


Most of the alloys used for the determination of phase bound- 
aries were melted in an arc under helium atmosphere. The furnace 
was very similar to that described in Reference 4, except that the top 
electrode, made of molybdenum, was water-cooled. This electrode 
was designed so that the cooling water was brought to the tip of the 
electrode, leaving only ;*; inch of molybdenum between the arc and 
the cooling water. The operation of the furnace was frequently 
checked by melting a specimen of pure titanium and measuring the 
Vickers hardness before and after melting. It was assumed that no 
contamination was introduced by melting when the average hardness 
number did not increase by more than 5 points. 

The titanium used in this investigation, refined by the iodide 
process, was received from the New Jersey Zinc Company. Accord- 
ing to the manufacturer, a typical analysis of this product is: 0.0065% 
manganese, 0.0022% iron, 0.0015% copper, and 0.0042% lead. The 
Vickers hardness number (10-Kg load) of the iodide titanium as- 
received varies between 55 and 80. The chromium powder, obtained 
from Charles Hardy, Inc., has the following spectroscopic analysis: 
0.1% sodium, 0.05% calcium, and traces of copper, manganese, 
silicon, cobalt and magnesium. 

One of the melting procedures consisted in loading the desired 
amount of chromium powder into a cavity drilled in a piece of 
titanium and covering the cavity with a titanium cap. The total 
weight of a specimen was between 5 and 15 grams. These specimens 
had to be melted many times in order to obtain homogeneous alloys. 
In this respect, it was found more expeditious to prepare specimens 
by filing the titanium bar into powder, mixing with the chromium 
powder, pressing a compact in a die, and melting in the arc furnace. 
This method, however, has the objectionable disadvantage of con- 
taminating the alloy because of the adsorption of oxygen and nitrogen 
on the titanium filings. The effect of this contamination will be dis- 
cussed in a subsequent section. | 

The alloys were not chemically analyzed after melting. Several 
specimens, however, were weighed before and after firing and since 
the change in weight was found to be less than 0.2%, it was assumed 
that the change in compositien, if any, would be negligible. After 
melting, the alloys which were sufficiently ductile (up to about 15% 
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chromium )? were cold-rolled with various reductions in cross section. 
All the specimens, whether rolled or not, were sealed in evacuated 
fused silica tubes (vacuum of 10-* mm Hg or less) and homogenized 
for 24 hours at 980°C (1800°F). The specimens were then 
quenched in water from that temperature. All subsequent heat treat- 
ments were also carried on in evacuated fused silica capsules. All 
these heat treatments were isothermal and followed by quenching. 

The structure of the alloys after heat treatments was determined 
by X-ray diffraction measurement and by microscopic observation. 
The X-ray diffraction camera was a 14.32-cm powder camera, and 
copper Ka radiation was used with a nickel filter. The film was 
mounted asymmetrically in the camera (Straumanis method) and the 
readings were corrected for film shrinkage. For lattice parameter 
determinations, only the high angle reflections were used. Special 
precautions were taken in order to obtain diffraction patterns as 
sharp as possible. After the specimen was quenched in water, filings 
were taken (generally from the center portion of the specimens) 
with a very fine file. These filings were then sealed under vacuum 
in fused silica tubes. The tubes were heated as rapidly as possible 
to the quenching temperature in a vertical furnace, then suddenly 
dropped and broken in liquid argon. After the argon evaporated, 
the filings were easily separated from the broken fused silica glass. 
The reason for quenching in argon was to avoid contamination of 
the powder by reaction with water. It was found that if pure 
titanium powder is quenched in water, a small but definite change 
occurs in the lattice parameter of alpha titanium. This change, 
which is not present when quenching is done in argon, was attributed 
to the absorption of oxygen. 

For microscopic observation, the specimens were polished by 
conventional methods, finishing with Hyprez diamond compound 
1-W-47 and etching with a solution of one part 48% hydrofluoric 
acid, one part concentrated nitric acid, and two parts glycerin. A 
magnification of 250 times was used throughout. 


Part I 
PHASE BouNDARIES INVOLVING ALPHA, BETA, AND GAMMA PHASES 


The phase boundaries resulting from the study of the structure 
of the titanium-chromium alloys prepared in this investigation are 
presented in Fig. 1. A summary of the alloy compositions, together 
with their structures, is given in Table I. It is important to mention 
that the alloys discussed in this paper were the third series of speci- 
mens prepared since the study was initiated. The first two series of 
alloys, whose compositions were arbitrarily chosen, were useful in 
determining the general shape of the phase diagram. The determi- 
2All compositions are given in atomic percentages. 
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Table I 
Phases Present After Quenching Titanium-Chromium Alloys From Various Temperatures 


——————Quenching Temperatures———_———__—_,, 

Amount Chromium 
Mole Weight 980 °C ; 760 °C 705 °C 650 °C 
% % 1800 °F 1400 °F 1300 °F 1200 °F 
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Fig. 1—Partial Phase Diagram of the Titanium-Chromium 
System. The designation alpha prime refers to a supersaturated 
solid solution having the alpha titanium structure and obtained 
by quenching from the beta field. 


nation of the phase boundaries will now be discussed by describing 
the structure of alloys quenched from various temperatures. 

Alloys Quenched From 980°C (1800 °F )—After quenching from 
980 °C, the microstructure of the alloys containing from 1 to 5% 
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chromium had the typical appearance of a Widmanstatten structure, 
similar to that found in pure titanium quenched from the beta field. 
It is known from previous investigations of titanium alloys (1, 3, 5) 
that this acicular structure is the result of a transformation from a 
beta solid solution to a supersaturated alpha solid solution. There 
are strong reasons to believe that this transformation is diffusionless 
(martensitic type) insofar as it cannot be suppressed by a rate of 
quenching as high as 12,000 °C per second (6). The X-ray diffrac- 
tion study of the alloys containing 1 and 2% chromium confirmed 
the fact that the room temperature structure was that of hexagonal 





Fig. 2—Typical Alpha Prime and Beta Structures Obtained After Quenching From. 
980 °C (1800 “F). (a) 5.41% Cr a’ (8 transformed); (b) 6.48% Cr 8 (retained). 
x ‘ 


alpha titanium. A typical feature of the powder patterns of these 
alloys was the lack of resolution of the alpha doublets in the back- 
reflection range. Such diffused X-ray patterns have been previously 
observed in the iron-manganese system, in which the existence of a 
martensitic-type reaction results in a supersaturated alpha iron solid 
solution (7). 

As previously stated, the microstructure of the alloys containing 
up to 5% chromium was acicular alpha (Fig. 2a). The X-ray 
diffraction powder patterns of the alloys containing 3, 4, and 5% 
chromium, however, indicated the presence of beta in increasing 
amount. The alloy containing 6% chromium was found to have the 
beta structure by both X-ray diffraction and microscopy. The exist- 
ence of some retained beta in the 3, 4, and 5% chromium alloys pro- 
vides a gradual transition from the acicular alpha structure to that 
of retained beta. The same transition has been found in the titanium- 
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molybdenum system (6) and is to be compared with the well-known 
phenomenon of retained austenite in the iron-carbon system. 
Previous investigators have frequentiy used the term “trans- 
formed beta” to designate the acicular alpha structure obtained after 
quenching pure titanium or a titanium alloy from the beta field. 
Since the product of transformation has the crystal structure of alpha 
titanium, it seems logical to use the same Greek letter for its identi- 
fication. In order to distinguish this transformation product from 
the equilibrium alpha structure, a “prime” superscript could be used. 
The symbol alpha prime therefore designates either the acicular 


Lattice Parameter (kx) 





Chromium (atomic %) 


Fig. 3—Lattice Parameter of Retained Beta in Alloys Quenched 
From 980 °C (1800 °F). 


structure of pure alpha titanium obtained by quenching from the beta 
phase, or the supersaturated alpha solid solution resulting from the 
diffusionless transformation of a beta solid solution with any one 
of the alloying elements capable of initiating such a transformation. 
The alpha prime designation does not introduce any new nomencla- 
ture, since Troiano and McGuire already have called alpha prime the 
supersaturated alpha solid solution resulting from the martensitic 
transformation in the alpha solid solution in the iron-manganese 
system (7). 

After quenching from 980°C (1800 °F), the alloys containing 
from 6 to 20% chromium were beta solid solution and had a micro- 
structure similar to that shown in Fig. 2b. The alloys containing 
25, 30, 40, and 50% chromium contained the beta solid solution and 
a second phase, which was identified as gamma by X-ray diffraction. 
The crystal structure of the gamma phase (TiCre) is described in 
Part II of this paper. 

The boundary between the beta and the beta plus gamma fields 
at 980°C (1800°F) was deduced from lattice parameter measure- 
ments. For alloys containing from 6 to 30% chromium, the beta 
powder pattern was quite sharp, and the (321) reflection in the back- 
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reflection range was used for computing the lattice parameter. From 
the plot of lattice parameter versus composition (Fig. 3), the bound- 
ary between the beta and the beta plus gamma fields appears to be 
located at 20% chromium. The extrapolating of the straight line of 
Fig. 3 to 0% chromium gives a lattice parameter of 3.276 kx, which 
would be approximately that of the beta form of pure titanium if it 
could be measured at room temperature. It is of course difficult to 
find a definite relation between this extrapolated lattice parameter 
of beta titanium at room temperature with the lattice parameter of 
beta above the transformation point, reported.to be 3.32 kx (8). 
The difference between the two parameters, however, corresponds 
approximately to the change in volume due to thermal expansion. 

In addition to the 980 °C (1800 °F) treatment, four alloys were 
also heated to 1095 °C (2000 °F) and quenched from that tempera- 
ture. The structure was beta solid solution for alloys containing 10, 
15, and 20% chromium and a very small amount of gamma was 
noticed in the alloy containing 25% chromium. On the basis of 
these results, the phase boundary between the beta and the beta plus 
gamma fields at 980 and 1095 °C has been located at 20 and 24% 
chromium, respectively (Fig. 1). 

Isothermal Treatment Above the Eutectoid Temperature—A 
preliminary study of the titanium-chromium system indicated the 
existence of a eutectoid around 650°C (1200°F). Three tempera- 
tures above this eutectoid, namely 705, 760, and 815 °C (1300, 1400, 
and 1500 °F), were chosen for the isothermal treatments of most of 
the alloys after they were quenched from 980 °C (1800 °F). 

Typical structures of some of the alloys after 10 days at 760 °C 
(1400 °F) isothermal treatment are shown in Fig. 4 and the results 
of the microscopic investigation of all the alloys are given in Table I. 
On the basis of these results, the phase boundaries at 760°C were 
located at 10 and 14.5% chromium, as indicated in Fig. 1. Since the 
1% chromium alloy had an alpha plus beta structure, the limit of 
solubility of chromium in alpha titanium at 760°C is less than 1% 
(dotted phase boundary in Fig. 1). 

The location of the phase boundary between the beta and the 
beta plus gamma field at 760 °C (1400 °F) was also determined by 
X-ray diffraction. The lattice parameter of the beta phase in the 
alloys containing 20, 25, and 30% chromium was constant and equal 
to 3.22 kx. This indicates that the beta phase in these alloys con- 
tains 14.5% chromium (Cf. Fig. 3). The results of the isothermal 
treatments of 5 days at 815°C (1500°F) and 20 days at 705 °C 
(1300 °F) are given in Table I. Three typical structures of the 
alloys near the narrow point of the beta field at 705 °C are shown 
in Fig. 5. Additional measurements were made on the 4 and 6% 
chromium specimens heat treated to temperatures between 815 and 
870 °C (1500 and 1600 °F) in order to obtain a better accuracy in 
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g. 4—Typical Structures of Titanium-Chromium Alloys ee From 980 °C 
1800 Fy and Rcheated for 10 Days at 760°C (1400°F). (a) 1.08% Cr a+8, 
b) 4.33% Cra+B8; (c) 6.48% Cra+8; (d) 8.63% Cra+B8. X 250. 


locating the boundary between the beta and the alpha plus beta fields 
in this region of composition (Cf. Fig. 1). 

Isothermal Treatment Below the Eutectoid Temperature—All 
the alloys reheated for 28 days at 650°C (1200 °F) contained the 
gamma phase in a matrix of alpha titanium. Typical structures are 
shown in Fig. 6. These results were confirmed by X-ray diffraction 
measurements. The gamma phase, however, was not detectable by 
X-ray diffraction in the alloys containing less than 5% chromium, 
but its presence was clearly established in the alloys containing 6% 
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Fig. 4 (Cont.)—Typicel Structures of Titanium-Chromium Alloys Quenched From 
980 °C (1800 °F) and Reheated for 10 Days at 760°C (1400°F). (e) 10.77% Cr 8; 
(f) 17.14% Cr B+ 7; (g) 31.76% Cr B+y¥. X 250. 


chromium or more. In all the X-ray diffraction patterns, no meas- 
urable shift was found in the lines of the alpha titanium phase, for 
which the lattice parameters did not differ from those of pure titanium 
by more than +0.002 kx. In view of these results, the solubility of 
chromium in alpha titanium near the eutectoid temperature may be 
estimated to be 1% chromium or less. 

The structure of the alloy containing 6% chromium was also 
determined after an isothermal treatment of 28 days at 675 °C 
(1250 °F). Since this structure was alpha plus beta, the eutectoid 
line has been traced on the diagram of Fig. 1 between 650 and 675 
°C (1200 and 1250°F). Several attempts were also made to deter- 
mine the eutectoid reaction by thermal analysis. This method, how- 
ever, failed to reveal a measurable heat effect around 650°C. It is 








TRANSACTIONS OF 




















THE A.S. M. 







— 


rs, 5—Typical Structures of Titanium-Chromium Alloys Quenched From 980 °C 
(1800 °F) and Reheated for 20 Days at 705°C (1300°F). (a) 10.77% Cr a+68; 
(b) 12.90% Cra+ 8; (c) 15.02% Cra+y. xX 250. 





probable that the eutectoid reaction is very sluggish and consequently 
cannot be detected at rates of cooling normally used in thermal 
analysis methods. 
Although no systematic study was carried out on the rate of 
\ transformation in the titanium-chromium system, a few observations 
were made of the rate at which the beta phase retained by quenching 
| transforms isothermally into alpha plus beta or alpha plus gamma. 
Considering the alloy containing 6% chromium as an example, it was 
observed that at 815 °C (1500 °F) a clearly resolved, but very fine, 
alpha plus beta structure was obtained after a few hours at tempera- 
ture. After longer times at temperature (up to 5 days), the structure 
became coarser, with an appreciable increase in grain size. At 760 
°C (1400 °F), at least 6 hours were necessary to bring about a two- 
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Fig. 6—Typical Structures of Titanium-Chromium Alloys Quenched From 980 °C 
(1800 °F) and Reheated for 28 Days at 650°C (1200°F). (a) 2.17% Cr; (b) 
4.33% Cr; (c) 6.48% Cr; (d) 8.63% Cr. X 250. 


phase structure clearly resolved under the microscope, and the treat- 
ment was carried on for 10 days to make sure that equilibrium was 
attained. At 705°C (1300°F), more than 48 hours were required 
to obtain a clearly defined structure and 20 days were taken as a safe 
length of time for equilibrium. 

The most sluggish reaction, however, seemed to be the transfor- 
mation of retained beta into alpha plus gamma. After 10 days at 
650 °C (1200 °F), the 6% chromium alloy showed a very indefinite 
transition structure unresolved at magnifications as high as 1000 
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(Cont.)—Typical Structures of Titanium-Chromium Alloys Quenched From 


Fig 
980 °C wer °F) ~~ "Reheated for 28 Days at 650°C (1200°F). (e) 10.77% Cr; 
(f) 17.14% Cr. X 250 


times. As previously explained, this structure became a clear two- 
phase structure after 28 days of heat treatment (Cf. Fig. 6c). These 
observations are not restricted to the transformation of retained beta, 
but apply also to the transformation of alpha prime into alpha plus 
beta or alpha plus gamma, which would be the case of an alloy con- 
taining 6% chromium. From these more or less qualitative results 
on the kinetics of the beta transformation, it appears that the rates 
of transformation in the titanium-chromium system are very slow. 

Results of Hardness Measurements—The small size of the speci- 
mens prepared for this investigation obviously prevented any meas- 
urement of mechanical properties and only hardness measurements 
were made. Since the main purpose was to obtain equilibrium 
structures, the alloys were heat treated for very long times and con- 
sequently large grains and very coarse structures were inevitable. 
As a result, hardness measurements taken on the specimens after 
isothermal treatments were not significant. 

Interesting results, however, were obtained on the specimens 
quenched from 980 °C (1800 °F) and in those reheated for 28 days 
below the eutectoid temperature, i., at 650°C (1200°F). The 
curves showing the variation of Vickers hardness (10-Kg load) with 
chromium content after quenching from 980°C are presented in 
Fig. 7. One curve (A) refers to the alloys melted by loading the 
chromium powder into titanium cups, the other curve (B) to the 
alloys melted after mixing the titanium filings with the chromium 
powder (see “Preparation of Alloys”, page 496). As expected, the 
titanium samples obtained by“fnelting the filings were hardened to 
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Vickers Hardness 





Chromium (atomic %) 


Fig. 7—Vickers Hardness Versus Composition Curves for Alloys 
Quenched From 980°C (1800°F). (a) Specimens melted after filing 
titanium into powder. (b) Specimens melted with titanium in bulk. 


Vickers Hardness 








Chromium (atomic %) 


Fig. 8—Hardness Versus Composition Curve for Alloys Quenched 
From 980 °C (1800 °F) and Reheated for 28 Days at 650°C (1200 °F). 


about 210 VPN by oxygen and nitrogen adsorption. On the basis 
of the work reported in Reference 5, the amount of contamination 
may be estimated to be about 0.1% of nitrogen and 0.1% of oxygen 
(assuming that both gases were equally adsorbed). The average 
hardness of the unalloyed titanium melted in bulk was 105 VPN 
after quenching from 980°C (1800 °F). 

As shown in Fig. 7, the effect of chromium is to increase the 
hardness up to about 6% chromium. Above 6%, the hardness de- 
creases quite rapidly and then increases very slowly from 10 to 30% 
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chromium. Similar results were described previously in Reference 3. 
The shape of the hardness versus composition curve is obviously 
related to the structure of the alloys described in this paper. From 
0 to 6% chromium, the structure of the alloys is either alpha prime 
or alpha prime plus beta. The increase in hardness in this range 
of concentration may be due to the fact that the diffusionless trans- 
formation of beta into alpha prime takes place at lower and lower 
temperature with increasing chromium content. Abo¥e 6% chro- 
mium, the retention of the beta structure is accompanied by a drop 
in hardness. The slow increase observed in alloys containing more 
than 10% chromium is probably due to solid-solution hardening of 
the beta phase. The hypothesis that the increase in hardness up to 
6% chromium is due to the beta-to-alpha-prime reaction appears to 
be confirmed by the results of hardness measurements made on the 
specimens heated below the eutectoid temperature. The alloys used 
for establishing curve B of Fig. 7 were reheated at 650°C (1200 
°F) for 28 days. After this treatment, the peak in the hardness 
versus composition curve disappeared (Cf. Fig. 8) and the steady 
increase in hardness is due to the increasing amount of gamma phase 
in alpha. 


Part Il 
CRYSTAL STRUCTURE OF TICRe (GAMMA PHASE) 


After a preliminary study indicated the presence of an inter- 
mediate phase in the neighborhood of 60 atomic per cent chromium, 
alloys containing 50, 55, 60, 6624, 70, and 75% chromium were 
prepared by the helium arc melting method. Some of these alloys 
were studied in the as-melted state, and some were first homogenized 
for 6 hours at 980°C (1800°F). The X-ray diffraction patterns 
of all these alloys contained the reflections of the intermediate phase, 
gamma. In addition, the lines of alpha titanium were present in 
alloys containing up to 6624% chromium, and those of chromium 
were detected in the 70 and 75% chromium alloys. These results 
seemed to indicate that the alloys were not in equilibrium. it is 
probable that the gamma phase is the product of a peritectic reaction, 
in which case equilibrium structures could not be attained except 
after a long heat treatment at high temperature. Because of the high 
vapor pressure of chromium, it was practically impossible to homoge- 
nize these alloys above 1000 °C (1830 °F) for more than a few hours 
without serious chromium losses. It was therefore decided to study 
the X-ray diffraction pattern of the alloys containing the smallest 
number of extra lines of either titanium or chromium. The patterns 
of the 60 and the 6624% chromium contained only three lines that 
could be attributed to alpha tjtanium. These three lines were the 
three strongest reflections of alpha titanium with the following indices 
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and d spacings: (101), 2.24 kx; (102), 1.73 kx; and (110), 1.472 
kx. All the other reflections were then assumed to belong to the 
gamma phase. 

With the help of Hull-Davey charts, the patterns of the gamma 
phase could easily be interpreted on the basis of a face-centered cubic 
lattice with a parameter a = 6.929 kx. The indices of the reflections, 
together with the interplanar spacings and the values of sin? 6, are 
given in Table II. Among the six possible space groups for a face- 


Table Il 
Diffraction Data for TiCr. (vy Phase) 


Relative 
d sin? 6 sin? 6 Intensity Intensity 
hkl (kx) (observed) (computed) (observed) (computed) 
111 4.00 0.0369 0.0369 w 77 
220 2.44 0.0992 0.0984 m 236 
311 2.08 0.1366 0.1354 s 1000 
222 1.99 0.1492 0.1477 ms 417 
400 1.73 0.1974 0.1969 w 56 
331 1.59 0.2338 0.2338 vw 18 
422 1.411 0.2968 0.2953 w 74 
511-333 1.330 0.3341 0.3322 ms 267 
440 1.223 0.3950 0.3938 ms 235 
531 1.167 0.4339 0.4307 vvw 13 
620 1.094 0.4938 0.4922 vw 33 
533 1.057 0.5288 0.5291 w 100 
622 1.045 0.5411 0.5414 m 148 
444 0.9976 0.5937 0.5906 vw 14 
711-551 0.9708 0.6269 0.6276 vvVw 10 
642 0.9255 0.6899 0.6891 Ww 55 
553-731 0.9021 0.7261 0.7260 ms 284 
800 0.8662 0.7875 0.7875 w 80 
733 — — 0.8244 — 6 
822-660 0.8168 0.8857 0.8860 Ww 61 
555-751 0.8003 0.9226 0.9229 ms 385 
662 0.7946 0.9359 0.9352 m 270 
840 0.7746 0.9849 0.9844 m 168 


Quadratic form for copper Ka, radiation: sin? 6 = 0.012305 (h? + k* + 1?) 
Lattice Parameter a = 6.929 kx 


s = strong; ms = medium strong; m = medium; w = weak; 
vw = very weak; vvw = very very weak 


centered cube, 0,° and 0,° may be eliminated because for these space 
groups the (hhl) reflections are present only if h = 2n and 1 = 2n, 
and reflections (113), (115), (335), etc., were observed. The four 
other possible space groups are 0°, 0*, 0,5, and 0,7. From the list 
of observed reflections given in Table II, it appears that the (200) 
and (600), and also the (024), (046), and (028) reflections are 
missing. The lack of (hOO) reflections for h + 4n indicates a four- 
fold axis 4; or 43. The missing (Okl) spectra for k + 1 4n leads 
to the existence of a diagonal glide d. The combination of these 


3 m 


space group, whiclhi is the most probable one of the four possible ones 
mentioned above. 


After having determined the approximate density of the gamma 


three symmetry elements can only be found in the 0,7 (F “ an z 
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phase by the immersion method, the number of molecules of TiCre 
per unit cell was calculated and found to be nearly eight. This 
information, added to the fact that the space group is probably 0,', 
leads to the consideration of an MgCupg structure. This structure is 


defined as follows: 


space group 0,"—F d 3 m 
8 Mg atoms at 0 0 0; %%O0; %O0%; 0X4 SY; 
“m™MmMMw UHANH%HMw>% MN MH. 
16 Cu atoms at % % %; 9/8 9/8 %; 9/8 K% 9/8; K% 9/8 9/8; 
% Kh %; 9/8 11/8 %; 9/8 & 11/8; 
% 11/8 11/8; % % &; 11/8 9/8 &; 
11/8 % 11/8; *% 9/8 11/8; kK kR %&:; 
11/8 11/8 %; 11/8 % 9/8; % 11/8 9/8. 
Assuming the MgCupe structure to be the correct one for TiCro, 
intensities were computed by means of the usual equation 


1 + cos*2@ 


sin® @ cos @ 


I oo p|F|? 


where F is the structure factor, 6 the Bragg angle, and p the multi- 
plicity factor. As shown in Table II, the observed and computed 
values of sin? @ agreement is good and there are no flagrant dis- 
crepancies between the computed intensities and those estimated 
visually. The only reflection not observed [(733)] has the weakest 
computed intensity. 

The interatomic distances in the TiCre structure are: titanium 
to titanium distance, 3.00 kx; chromium to chromium distance, 2.45 
kx; and titanium to chromium distance, 2.87 kx. These distances 
are compatible with the atomic radii of titanium and chromium. 

The atomic arrangement in a unit cell of the TiCre structure is 
shown in Fig. 9. Four of the titanium atoms occupy the corners 
and the centers of the faces of the cubic cell. Inside the unit cube 
are four titanium atoms forming a tetrahedron (atoms marked 1 in 
Fig. 9). Four groups of four chromium atoms are arranged around 
points which are equivalent to the sites occupied by the four titanium 
atoms. In each group, the chromium atoms (marked 2 in Fig. 9) 
also form a regular tetrahedron. Simple inspection of the model 
immediately reveals that this atomic arrangement is possible because 
the chromium atoms are much smaller than the titanium atoms. 

Composition of the Gamma Phase—The results of the crystal 
structure study of the gamma phase in the titanium-chromium system 
indicate that the ideal composition of this phase would be TiCro. 
Previous investigators (2, 3) reported’that the intermediate phase 
was located around 40% chromium. Their conclusions were based 
on microstructure (2) or on a very limited amount of X-ray 
diffraction work (3). The results of the present investigation con- 
tradict their conclusions, since jt was found that the alloys contain- 
ing 40 and 50% chromium contained two phases. It is not impos- 
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Fig. 9—Model of a Unit Cell of TiCr. (MgCue-Type Face-Centered Cubic Structure). 
White = Ti; Black = Cr. 


sible, however, that the range of stability of the gamma phase lies 
somewhere between 50 and 6624% chromium, and that the ideal 
composition TiCrg is actually outside the gamma field. This condition 
has been found for several binary systems. In the present case, it 
means that the cubic crystal of MgCue type is not stable when the 
ratio of chromium to titanium atoms is exactly 2:1, and replacement 
of a fraction of the chromium atoms by titanium is necessary to 
insure stability. The MgCue type of crystal structure lends itself 
quite well to this substitution of atoms. In the case of copper- 
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beryllium alloys, for example, the delta phase has the MgCup-type 
structure, but its limits of stability are centered around the CuBes 
composition. In this case, beryllium atoms, which have a diameter 
smaller than that of copper, are substituting for copper in the 
structure. 

In the TiCrs structure it must be assumed that titanium atoms, 
which have a diameter larger than that of chromium (2.93 kx for 
titanium and 2.57 kx for chromium), are substituting for chromium 
atoms. It might be difficult to conceive that a large atom can replace 
a much smaller one without excessive distortion of the structure. 
This objection may be met by assuming that a titanium atom replaces 
a group of four chromium atoms which in the TiCre2 structure form 
a tetrahedron centered around a position which is equivalent to other 
positions normally occupied by titanium atoms (Cf. Fig. 9). 

A very similar case of a phase displaced from its ideal compo- 
sition may be found in the zirconium-iron system. The only inter- 
mediate phase found in this system was located by microscopy around 
the composition ZraFes (9). Actually, this phase has the MgCup- 
type crystal structure (10) and its ideal composition is ZrFe2. It is 
interesting to note that the similarity between the zirconium-iron 
and the titanium-chromium systems is not limited to the gamma 
phase, but the two portions of the phase diagrams given in Reference 
9 and in the present paper have very much the same shape. 


CoNCLUSIONS 


1. The titanium-rich side of the titanium-chromium phase dia- 
gram is of the eutectoid type. The eutectoid is located near 13 
atomic per cent chromium and at about 660 °C (1220 °F). 

2. The solubility of chromium in beta titanium is 25 atomic per 
cent at 1100 °C (2010°F) and about 17 atomic per cent chromium 
at 885 °C (1625 °F). 

3. The beta phase cannot be retained by quenching in alloys 
containing less than 5 atomic per cent chromium. These alloys 
transform to a supersaturated alpha solid solution (called alpha 
prime). This transformation is probably diffusionless and is com- 
plete in alloys containing up to 2 atomic per cent chromium, but 
incomplete in alloys containing between 2 and 5 atomic per cent 
chromium. The beta phase is retained by quenching when the chro- 
mium content is above 6 atomic per cent. 

4. The only intermediate phase identified in the titanium- 
chromium system corresponds to the ideal composition TiCra. This 
phase is face-centered cubic with 24 atoms per cell (MgCue type). 
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DISCUSSION 


Written Discussion: By C. H. Samans, Standard Oil Company (In- 
diana), Chicago. 

The authors used, for their alloys, a homogenizing treatment of 24 
hours at 980 °C (1795 °F). In view of the fact, however, that X-ray diffrac- 
tion patterns of quenched alloys containing 3, 4, and 5% chromium indicated 
the presence of increasing amounts of beta, there must have been appreciable 
segregation of chromium in the alloys. Apparently, therefore, the homoge- 
nizing treatment did not fully accomplish its purpose, since the beta phase 
could only be retained if it had, before quenching, a composition which 
would suppress its diffusionless transformation to alpha prime. In studying 
the formation of sigma phase in iron-chromium alloys we have found a 
similar tendency for chromium to segregate in solid solution and found it 
necessary to homogenize at temperatures as high as 1150°C (2100 °F) to 
achieve reasonable homogenization. Have the authors tried any temperatures 
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higher than 980°C (1795°F) with these lower chromium alloys in order 
to determine if homogenization was improved? 

In view of this apparent lack of homogenization in the quenehed alloys 
a question might be raised concerning the acceptance of the structure of 
Fig. 4a (1.08% chromium) as an equilibrium one. Was the ‘existence of 
beta in this structure checked by X-ray diffraction and, even if so, is this 
truly significant? The structure apparently is largely the result of tempering 
(stress relief) of the original quenched structure. If beta were retained 
in the original quenched structure it must have been because of com- 
positional inhomogeneities (in chromium distribution) existing after a heat 
treatment of 24 hours at 980°C (1795°F). If this is so, do the authors 
feel that it is likely that 240 hours at 760 °C (1400 °F) would eliminate these 
same inhomogeneities (actually areas enriched in chromium) and thus permit 
it to be stated accurately whether or not beta is a stable phase at 760°C 
(1400 °F) in this alloy? In the other alloys illustrated in Fig. 4 the com- 
positions apparently are such that essentially all beta was retained during 
the quench, so normal precipitation processes involving diffusion of titanium 
and alloy partitioning obtained during the 760°C (1400°F) anneal. 

I wonder if the authors would clarify somewhat the structures in Fig. 6. 
In the text they are described as “gamma phase in a matrix of alpha 
titanium”, a conclusion that was confirmed by X-ray diffraction, although 
it was stated subsequently that “The gamma phase, however, was not 
detectable by X-ray diffraction in the alloys containing less than 5% 
chromium, ...” These statements are somewhat difficult to reconcile, since 
there seems to be appreciable amounts of a second phase in Fig. 6a, and, 
in addition, the structures of Figs. 6b, 6c, and 6d do not appear to differ 
materially. All of them, incidentally, seem to contain appreciably more 
gamma than the 6.3 to 12.6% which the diagram allows them. All of these 
structures look more like “eutectoid plus alpha” than they do like divorced 
alpha and gamma. 

Written Discussion: By H. D. Kessler and M. Hansen, Armour Re- 
search Foundation of Illinois Institute of Technology, Chicago. 

The authors are to be congratulated for this fine contribution to the 
metallurgy of titanium. Their results are in close agreement with those 
of a recently completed study by the Armour Research Foundation of the 
titanium-chromium system up to 67% chromium. On the basis of micro- 
graphic analysis, our results indicate that the eutectoid lies at 15% chromium 
and 685 °C (1265 °F); that is, at a slightly higher composition ‘and a some- 
what higher temperature. There is close agreement in the location of the 
composition at which beta is retained, as we find acicular structures in 6% 
alloys and retained beta in the 7% chromium alloys quenched from the 
beta field. Our results also point to the fact that the solubility of chromium 
in alpha titanium is very limited, and is less than 0.5%. The intermetallic 
phase, TiCre (68.5%), was found to exist over a small range (67 to 68% 
chromium), conforming quite closely to the stoichiometric composition. 

As an aid to those who may be doing further work on this system or 
on similar titanium alloy systems, we found that the eutectoid decomposi- 
tion occurring immediately below the eutectoid temperature is very sluggish; 
in fact, hypoeutectoid alloys in the lower composition ranges consist of alpha 
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plus metastable beta and only very little unresolvable decomposition in the 
grain boundaries can be detected microscopically. In the region immediately 
below the eutectoid point and in hypereutectoid alloys, the decomposition 
occurs at a much higher rate, particularly on the hypereutectoid side. These 
results indicate that investigators attempting to locate the eutectoid tem- 
perature accurately should choose their alloys in close proximity to the 
eutectoid point or, in any case, on the hypereutectoid side; as in these 
alloys, the decomposition will appear sooner and with much better resolution 
under the microscope. 

Another point of consideration for titanium alloy phase diagram studies 
would be the effect of contamination by oxygen and/or nitrogen during 
the preparation of alloys for heat treatment. It has been found that oxygen 
displaces the beta/alpha plus beta boundary to higher concentrations of the 
addition elements and raises the eutectoid temperature. Also, the rate of 
decomposition of the eutectoid is very markedly increased by oxygen 
impurities. Commercial alloys will, therefore, have much higher rates of 
eutectoid decomposition and higher eutectoid temperatures than the high 
purity iodide titanium-base alloys used by the authors. 

We have two points of question regarding this paper: 

1. We wonder if the authors would interpret the photomicrographs 
shown in Figs. 6a, 6b, and 6c, as the structural constitutents were not noted. 
Also, on page 505, the text infers that the structure of the 6% chromium alloy 
annealed at 650°C (1200°F) is alpha plus gamma; we question whether 
the unresolved structure noted after 10 days of annealing could have been 
a fine distribution of alpha plus beta which became better resolved after 
the 28-day annealing treatment. Has any X-ray evidence been obtained for 
the existence of large amounts of gamma and no beta phase in hypoeutectoid 
alloys annealed at 650°C (1200 °F)? 

2. With regard to the nomenclature on page 499 of the paper, where the 
authors refer to the “Widmanstatten structure” of acicular transformed 
beta, we do not believe that that the term “Widmanstatten structure” should 
be used to describe a martensitic type of structure, and wonder if the 
authors would comment on this point. 

Written Discussion: By H. K. Adenstedt, Materials Laboratory, Air 
Matériel Command, Wright-Patterson Air Force Base, Dayton, Ohio. 

It is the intent of this discussion to add a few dilatometric results on 
binary titanium-chromium alloys, which fit the diagram presented by Messrs. 
Duwez and Taylor very well. These results were obtained early in 1949 
in the Materials Laboratory, Wright-Patterson Air Force Base, and can, 
therefore, be considered as the first proof of the eutectoid shape of the 
titanium-chromium diagram. It should be emphasized, though, that at that 
time the results were not understood completely. 

In Fig. 10, dilatometer curves (heating curves) are shown of four 
binary. titanium-chromium alloys. All test specimens were heated at 1600 °F 
(870°C) (in vacuum) prior to the runs and then cooled as fast as the 
vacuum would allow. All of the dilatometer runs were conducted at a 
heating rate of 1°F ‘per minute. 


As can be seen in the figure, all compositions very definitely indicate 
the eutectoid reaction at approximately 1200 °F (650°C). The 5% chromium 
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alloy also indicates the beta solvus at approximately 1500 °F (815 °C). 

At low temperatures between 500 and 900 °F (260 and 480 °C), anomalies 
are noticed, especially for the 10 and 15% alloys, which are due to the 
decomposition of retained beta solid solution into alpha plus TiCre. 

It should be emphasized that, due to the sluggishness of the reactions 
at the temperattfre concerned, all the details in these dilatometer curves 
can only be obtained where extremely slow heating rates are used. At a 
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Fig. 10—Dilatometer Curves of Binary 
Titanium-Chromium Alloys. 
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heating rate of 9°F per minute the 5% chromium alloy showed a smooth 
expansion versus temperature curve. The cooling curves of these alloys 
were always different from the heating curves. This is to be expected, 
since the eutectoid decomposition will progress in another manner when 
the specimen is slow-cooled from the beta field than when retained beta 
decomposes by slow heating. 








Authors’ Reply 





The authors are happy to know that the work of Kessler and Hansen 
confirms essentially the partial diagram given in the paper. The question 
raised concerning the lack of equilibrium of the alloys reheated below the 
eutectoid temperature is an important one. It is true that the eutectoid re- 
action is extremely sluggish, especially in hypoeutectoid alloys. Additional 
X-ray results have shown that, even after 28 days at 650°C (1200°F), 
reflections from the beta phase have been observed in alloys containing 8% 
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chromium. In these alloys, however, the alpha phase was predominant and 
reflections of the gamma phase were definitely present. 

The authors agree with the question of nomenclature raised by Kessler 
and Hansen and believe that the structure of quenched titanium alloys in which 
the supersaturated alpha phase is present should be called’ a martensitic 
structure. 

In answer to the question raised by Dr. Samans, the authors do not be- 
lieve that any segregation of chromium was present in the alloys. The fact 
that the amount of beta retained in the quenched alloys increases progressively 
from 1 to 6% chromium is simply the result of the martensitic character of 
the transformation and there is no need for assuming the existence of chromium 
segregation in order to explain this phenomenon. It is true that the existence 
of the gamma phase in the alloys reheated for 28 days at 650°C (1200°F) 
was not confirmed by X-ray diffraction for chromium concentrations below 5% 
chromium. The authors agree with the discusser that many of the alpha-gamma 
structures presented seem to contain more gamma phase than what the equi- 
librium diagram would allow. Additional microscopic work on alloys subjected 
to various heat treatments should be done in order to elucidate this particular 
point. 

The results presented by Dr. Adenstedt are extremely interesting and it 
is expected that the dilatometric method will become a very useful tool for the 
study of titanium alloys. 





THE TITANIUM-SILICON SYSTEM 


By M. Hansen, H. D. KEss_er anv D. J. McPHERSON 


Abstract 


Special techniques for the preparation and heat treat- 
ment of the highly reactive titanium-silicon alloys are de- 
scribed. The phase diagram for the entire composition 
range was established, using metallography of cast and 
variously heat treated specimens, X-ray diffraction analy- 
sis, detection of incipient melting, and thermal analysis 
as principal tools. 


T has been recognized that much of the potentiality of titanium 

as a new structurai material lies in the development of its alloys 
and a working knowledge of the heat treatment of these alloys. Inves- 
tigations of titanium alloys have been under way for several years, 
but a knowledge of their constitution, necessary for the determination 
of optimum heat treating procedures, is lacking. The titanium-silicon 
system was developed as a part of an Air Matériel Command pro- 
gram on the equilibrium diagrams of binary titanium alloys. Previ- 
ous work on this system is very limited; no diagram exists. The 
existence of a disilicide, TiS (53.95 weight per cent silicon), is 
known (1).* This phase has a pseudo-hexagonal lattice, the lattice 
constants being a = 8.23 A, b = 4.773 A, and c = 8.523 A (2). 

It has been reported (3) that in alloys prepared by powder met- 
allurgy techniques, 3 and 10% silicon lower the melting point of 
titanium to 1225 and 1100 °C (2235 and 2010 °F), respectively. 

The solubility of silicon in both alpha (HCP) and beta (BCC, 
above 885 °C [1625 °F]) titanium has been reported (4) to be less 
than 0.44% silicon in the temperature range 788 to 955 °C (1450 to 
1750 °F). This information is based upon specimens annealed for 
Y, hour at the various temperatures and water-quenched. 


EXPERIMENTAL PROCEDURE 
Materials 
DuPont Process A titanium sponge (purity 99.71 to 99.77%) 


1The figures appearing in parentheses pertain to the references appended to this paper. 


_ This paper is based on a portion of the work carried out at Armour Research Founda- 
tion for the Air Matériel Command under Contract No. AF 33(038)-8708. 


A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. Of the authors, M. Hansen 
is assistant chairman and H. D. Kessler and D. J. McPherson are research 
metallurgists, Metals Research, Armour Research Foundation of Illinois Insti- 
tute of Technology, Chicago. Maniiscript received April 13, 1951. 
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was used for most of the alloys. The over-all constitution was not 
re-examined with iodide titanium alloys because it was felt that the 
compositions of intermetallic compounds and eutectics would not be 
subject to appreciable shifts due to the minor impurities (oxygen and 
nitrogen) in the Process A titanium-base alloys. Iodide titanium 
was employed for alloys in the 0 to 2% silicon range, where the effect 
of impurities plays an important role, and for checking the 20 to 30% 
silicon range. The iodide crystal bar was manufactured by the New 
Jersey Zinc Company and analyzed 99.9+% titanium. Silicon, 
99.89% pure, was obtained in the form of 30-80 mesh powder from 
the Electro Metallurgical Division of Union Carbide & Carbon Corp. 

The titanium sponge was prepared for charging by passing it 
through a gyratory crusher. Material ranging in size from % inch 
to 16 mesh was used. 

Iodide crystal bars were brought into usable form by cold roll- 
ing them to strips 7g inch thick, which were cut into pieces approxi- 
mately 3¢ inch square. 

The silicon powder was either used as green pressed compacts 
or premelted in an atomic hydrogen are and crushed to lumps suit- 
able for alloy charges. 


Melting Furnace 


The titanium-silicon alloys were arc-cast in a nonconsumable 
electrode furnace employing a water-cooled tungsten-tipped electrode 
and spun copper crucible. This type of furnace has been used by a 
number of investigators; therefore, no detailed historic development 
is necessary here. The furnace used for this work is similar to the 
one described by McPherson and Fontana (5). Fig. 1 is a full- 
section drawing of the furnace, showing the copper block insert used 
for the preparation of iodide titanium-base alloys only. The same 
unit without the copper block was used for the majority of melts. 
Source of power was a 400-ampere Lincoln DC welding generator. 

In general, the melting process consisted of charging the metals 
into the crucible, assembling the furnace, double purging the furnace 
by alternately producing a vacuum of 10 to 15 microns and filling 
the unit with argon or helium gas, striking the arc by touching the 
charge with the electrode tip, melting for several minutes by continu- 
ously increasing the current to a predetermined value, then turning 
off the power in order to cool the ingot. Melting conditions varied 
considerably with various composition ranges and also depending 
upon the type of titanium metal used. For example, iodide titanium- 
base alloys were melted in a smaller cavity in the copper block 
inserted into a spun copper crucible. This block contained a tung- 
sten stud projecting above the surface, so that the arc could be struck 
on the stud and carried over to the melting cavity without contacting 
the charge metals. 
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Fig. 1—Nonconsumable Electrode Arc Melting Furnace. 


Control melts of unalloyed titanium were made frequently dur- 
ing the melting program. The lack of contamination in preparation 
of alloys is confirmed by the fact that these control samples could be 
melted repeatedly without increase in hardness. 
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Sample Preparation 


The principal method employed in the determination of the 
phase diagram was micrographic analysis of as-cast and heat treated 
alloy specimens. X-ray diffraction analysis was used to corroborate 
the existence and positions of the intermetallic compounds. Melting- 
point studies were made, using metallographic detection of incipient 
melting in quenched specimens and thermal analysis as tools. 

The Process A titanium-base alloys were worked by hot forging 
and hot rolling at 980 to 650°C (1800 to 1200°F). An argon 
atmosphere was provided in the soaking furnace. Surface metal con- 
taminated by oxygen and nitrogen .was removed by grinding. It was 
possible to hot work alloys containing up to about 6% silicon. Alloys 
with higher silicon contents had to be heat treated from the cast 
condition without prework. 

To avoid contamination, no iodide titanium-base alloy was hot- 
worked. The alloys, which solidified in the form of buttons, were 
cut or ground to provide two parallel flat surfaces on opposite sides 
of the ingots. The ingots were cold-compressed between these sur- 
faces and then cold-rolled to %-inch sheet. 


Annealing Treatments 


Early in the work it was found that specimens became contami- 
nated after lengthy anneals in an argon atmosphere. This was evi- 
denced by fairly deep surface layers of nonequilibrium alpha phase, 
stabilized by. oxygen and/or nitrogen. Accordingly, the procedure 
was adopted of sealing all specimens in evacuated Vycor bulbs for the 
annealing treatments. No contamination of specimens treated in this 
manner could be detected microscopically. Above 1000 °C (1830 °F) 
evacuated bulbs tended to collapse. Use of the bulbs was extended 
to 1150°C (2100 °F) by admitting a reduced pressure of argon at 
room temperature. The argon pressure was regulated so that it 
would balance one atmosphere of external pressure at the temperature 
of treatment. The alloys were quenched after heat treating by break- 
ing the Vycor bulb under the surface of cold water to allow direct 
cooling of the specimens. 

The furnace temperature control was within +5°C of the 
reported temperatures. 


Melting Range Determinations 


1. Incipient Melting Technique—A high temperature vacuum 
induction furnace similar to one described by Schramm, Gordon and 
Kaufmann (6) was constructed for the determination of solidus tem- 
peratures. Fig. 2 1s a sketch of this furnace. The specimen is sus- 
pended within a cylindrical tantalum heating chamber by a tungsten 
wire which is supported axially in the furnace by a fork attached to 
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Fig. 2—-High Temperature Vacuum Heat Treating Furnace. 


a horizontal, off-center shaft. 


TRANSACTIONS OF 





Stabilized zirconia tubes provide a 
through passage from the top to a bottom chamber containing a 
Silicone or Apiezon oil quenching bath. After the specimen is heated 
to any desired temperature, quenching is accomplished by revolving 
the shaft, allowing the wire to drop off the fork and into the oil bath. 
The furnace is evacuated by an oil diffusion and mechanical fore- 
pump which allow operating vacua in the range 2 x 10° to 5 x 10% 
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millimeters of mercury at temperatures up to 2500°C (4530°F). 


Power source is a 15-kw General Electric high-frequency oscillator. 
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An atmosphere inlet is provided in the lower chamber of the 
furnace, through which high-purity helium gas may be admitted for 
the purpose of rapidly cooling the interior after a heating run. By 
this method, only a few minutes are required to cool the furnace from 
above 2000 °C (3630 °F) to blackness, so that a new specimen may 
be inserted for the next run. . 

An optical pyrometer was calibrated over the useful temperature 
range of the furnace by observing the melting of high-purity gold, 
copper, nickel, platinum, rhodium, and iridium within the heating 
chamber. The curve of observed versus true temperatures thus 
obtained included the corrections necessary for the pyrometer and 
sight glass. Separate tests proved that the furnace conditions very 
nearly approach those of a black body. Titanium alloys of unknown 
emissivity were wired adjacent to several of the high-purity calibrat- 
ing metals. ‘No temperature differences between such specimens 
could be detected up to the melting points of the standardizing metals. 
Accordingly, no emissivity corrections are applied in this work. 

The technique employed was to heat an alloy of given composi- 
tion until visual signs of melting were observed, then quench a series 
of specimens of the same composition at approximately 20 °C inter- 
vals below the temperature of observed melting, and examine them 
microscopically for evidence of incipient melting. The accuracy of 
this method is accordingly dependent upon four factors: (a) the 
human error in reproducing a given temperature optically; (b) the 
reliance upon literature values of melting points of the calibration 
metals; (c) the approach of the furnace to black-body conditions ; 
and (d) the temperature increments used for quenched specimens. 
The latter increments probably exceeded temperature errors intro- 
duced by the first three factors. The estimated accuracy of determi- 
nations up to 2200 °C (3990 °F) is +15 °C. 

2. Thermal Analysis—Thermal analysis was used to determine 
the melting ranges of titanium-silicon alloys which melted at tem- 
peratures below 1600 °C (2910°F). At these temperatures graphite 
crucibles and thermocouple protection tubes could be used, providing 
that heating times were kept short. Graphite was used because it is 
one of the least reactive refractories in the presence of molten tita- 
nium. The maximum carbon contamination in any alloy after thermal 
analysis was about 0.2%. It is believed that this is insufficient to 
appreciably affect the accuracy of the data. 

Crucibles and thermocouple protection tubes were machined 
from high-purity graphite (National Carbon Company, Grades AUC 
and ATZ). A hermetically sealed, quartz-tube induction furnace 
was employed for this work. High-purity helium gas afforded a 
protective atmosphere. 

Platinum, platinum-—10% rhodium thermocouples were 
introduced into the furnace through a vacuum seal. Double protec- 
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tion tubes consisting first of either quartz or high-fired alundum, 
sealed at the couple bead, then of graphite, were employed. This 
afforded the couple complete protection from contamination by the 
melt or by graphite. Time versus temperature graphs were auto- 
matically plotted by a Brown Electronic Recorder, wired to plot a 
point every second. Generally, at least two cooling and two heating 
curves, employing a rate of 1 to 2°C per second, were plotted for 
each alloy. 

Disregarding the possible displacement of the melting range as a 
result of carbon contamination, the accuracies are estimated to be 
+5 °C for solidus and +10 °C for liquidus temperatures. 


RESULTS AND DISCUSSION 


Metallographic Studies 

The principal features of the system were determined by the 
examination of as-cast alloy structures. Heat treatments (above 6% 
silicon) were made on cast specimens, whenever necessary, because 
this range of alloy composition was not amenable to hot or cold 
working procedures. More than fifty Process A titanium-base alloys 
representing the range 0 to 90 weight % silicon were prepared. All 
compositions discussed will be on a weight per cent basis, unless 
otherwise specified. The more significant compositions were analyzed 
and the results are listed in Table I. 








Table | 
Analyses of Process A Titanium-Silicon Binary Alloys 





Alloy Designation Silicon, Wt. % Titanium, Wt. % Tungsten, Wt. % 
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The phase diagram of the titanium-silicon system is presented 
in Fig. 3. Figs. 4 to 15 depict structures representing composition 
increments across the diagram from the titanium end. A large num- 
ber of alloys were made in an attempt to locate accurately the first 
titanium-rich intermetallic compound. Both Process A and iodide 
titanium-base alloys.were employed, and the correlation of analysis 
with structure definitely showed that this phase extends over a range 
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of composition ; however, below 26 and above 28% silicon the appro- 
priate second phases were to be seen in all cases. Alloy samples in 
this composition range were included by Dr. Pol Duwez? as a part 
of a program on the structure determination of intermediate phases 
of titanium. Duwez found conclusively that the crystal structure of 
this intermetallic compound is based on the composition Ti,;Sis 
(26.01% silicon). This is in excellent agreement with the micro- 
scopic evidence of the present work. 

A eutectic between titanium and Ti;Sig occurs at 8.5% silicon. 
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Fig. 3—The Titanium-Silicon System. 


Fig. 4 (4% silicon, nominal) shows primary titanium in a matrix of 
eutectic. The Ti-TisSig eutectic structure is depicted in Fig. 5 
(8.5% silicon). A structure consisting of primary TisSig crystals 
in a eutectic matrix is shown in Fig. 6 (16% silicon, nominal). 
Fig. 7 (27.7% silicon) represents the TisSig structure. 

The as-cast structures of all alloys between about 28 and 43% 
silicon consist of three phases in a configuration which indicates that 
a new phase is formed by a peritectic reaction within this composi- 
tion range. Fig. 8 (42.3% silicon) is typical of such structures. The 
only simple compound formula occurring within this range is TiSi 
(36.94% silicon), which therefore seems to be the most probable 
composition of the new phase. Several attempts were made to obtain 

*Detailed results on ms, structure determination will be the subject of a forthcoming 


publication b oe Duwez of the Jet Propulsion Laboratory, California Institute of Tech- 
nology, Pa , Calif. J 
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Fig. 4—4% Nominal Silicon Alloy, As-Cast. Primary titanium dendrites in a matrix 
of Ti-TisSis eutectic. Etchant: 1.5% HF, 3% HNOs in water. X 250. 


Fig. 5—8.5% Silicon Alloy, As-Cast. The Ti-TisSis eutectic. Etchant: 1.5% HF, 
3% HNOs in water. X 250. 


Fig. 6—16% Nominal Silicon Alloy, As-Cast. Primary TisSis crystals in a matrix of 
eutectic Ti-TisSis. Etchant: 1.5% HF, 3% HNOs in water. X 250. 


a. 7—27.7% Silicon Alloy, As-Cast. The intermetallic compound, TisSis. Etchant: 
: 1.5% HF, 3% HNOs in water. X 250. 


the peritectically formed compound as a single phase; an effort was 
made to synthesize TiSi from titanium and silicon powders; three- 
phase cast alloys were powdered, pressed into compacts and sintered ; 
and long-time heat treatments of melted alloys to promote diffusion 
were tried. None of these techniques yielded a single-phase alloy, 
but the closest approach to this objective is the structure of a 35% 
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Fig. 8—42.3% Silicon Alloy, As-Cast. Three-phase structure consisting of large white 
primary crystals of TisSis surrounded by a gray peritectic wall of TiSi and a matrix of white 
TiSiz. Etchant: 1.5% HF, 3% HNOsin water. X 250. 

Fig. 9—35% Nominal Silicon Alloy, Heated to 1635°C (2975°F) and Quenched Into 
Silicone Oil. Nearly single-phase structure representing the intermediate phase, TiSi. 
Second-phase particles are probably TisSis. Etchant: 1.5%-HF,3% HNOsin water. X 250. 

Fig. 10—43.5% Silicon Alloy, As-Cast. Two-phase structure consisting of primary 
crystals of TiSi in a matrix of TiSie. This alloy lies just to the silicon side of the peritectic 
melt. Etchant: 1.5% HF, 3% HNO: in water. X 250. 

Fig. 11—52% Nominal Silicon Alloy, As-Cast. Predominantly TiSis crystals with 
appreciable TiSi-TiSiz eutectic discernible. Etchant: 1.5% HF,3% HNOsin water. X 250. 


nominal silicon alloy (Fig. 9), heated to 1635 °C (2975°F) and 
oil-quenched. These»data; along with those obtained in the incipient 
fusion studies, indicate strongly that TiSi is the true formula for the 
intermediate phase. 
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Fig. 12—53.1% Silicon Alloy, Water-Quenched After Annealing 110 Hours at 1095°C 
(2000°F). Nearly 100% TiSiz. Scattered occurrence of TiSi from the degenerated TiSi- 
TiSie eutectic. Etchant: 1.5% HF, 3% HNOs in water. X 250. 


Fig. 13—61.8% Silicon Alloy, As-Cast. Primary crystals of TiSiz in a matrix of 
TiSis-Si eutectic. tchant: 1.5% HF, 3% HNOs in water. X 250. 
Fig. 14—78.1% Silicon Alloy, As-Cast. This structure represents the TiSis-Si eutectic. 
Etchant: 1.5% HF, 3% HNOs in water. X 250. 
Fig. 15—90% Nominal Silicon Alloy, As-Cast. Primary crystals of silicon in a matrix 
of TiSis-Si eutectic. Etchant: 1.5% HF, 3% HNOs in water. 250. 





The three-phase structure (as Fig. 8) must then consist of 
incompletely resorbed crystals of TisSis surrounded by a rosette- 
shaped reaction rim of TiSi, and a matrix of the previously known 
silicon-rich phase TiSis. Fig. 10 (43.5% silicon) is the as-cast struc- 
ture of an alloy lying just to the silicon side of the peritectic melt. 
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This alloy contains only two phases, TiSi and TiSig. The composi- 
tion of the peritectic melt was located by the change from three-phase 
cast alloys to those containing only two (disappearance of TisSi« 
with increasing silicon content). The intermetallic compound TiSi, 
(theoretically 53.95% silicon) has a maximum melting point and 
forms a eutectic with TiSi at approximately 51% silicon. This 
eutectic point was placed by determining which alloys contained TiSi 
and which contained TiSig as primary crystals, since it was impossi- 
ble to obtain a structure representing 100% of the eutectic. Substan- 
tial amounts of the TiSi-TiSi, eutectic are evident in Fig. 11 (52% 
silicon, nominal). Fig. 12 (53.1% silicon) represents the structure 
of TiSie. 

A eutectic exists at 78% silicon between TiSiy and silicon. 
Primary crystals of TiSie in a eutectic matrix are shown in Fig. 13 
(61.8% silicon). Fig. 14 (78.1% silicon) depicts the TiSie-Si 
eutectic structure. Primary silicon in a eutectic matrix may be seen 
in Fig. 15 (90% silicon, nominal). 


Corroborative X-Ray Studies 


X-ray diffraction patterns were prepared, using copper K g radia- 
tion, of alloys containing 27.7, 31.5, 43.5, and 53.1% silicon in order 
to verify the existence and positions of the three intermediate phases 
determined metallographically. The 27.7% silicon alloy yielded 
a pattern, entirely distinct from that of titanium, which represents 
the first compound, TisSiz. The 31.5% silicon alloy pattern con- 
tained these same lines plus characteristic lines of a new phase. The 
53.1% silicon alloy yielded the pattern for TiSig; this was distinctive 
from unalloyed silicen and the line values agreed very well with those 
listed in the ASTM Index for TiSiz. The 43.5% silicon alloy pat- 
tern contained the TiSi2 pattern plus lines representing a new phase. 
The new lines in both the 31.5 and the 43.5% silicon alloy patterns 
corresponded closely and must, therefore, represent the phase desig- 
nated TiSi. 

No X-ray structure analysis was undertaken in the present 
work, but the recurrence of lines in the above patterns was carefully 
analyzed, and the lines which are considered to belong exclusively to 
each of the titanium-silicon intermediate phases are listed in Table [1. 


Melting Range Determinations 


The temperature values presented in Fig. 3 were determined 
by the methods described earlier in this paper. The data are sum- 
marized in Table III. Since the major portion of the diagram is 
based on Process A titanium alloys, the melting point determined 
for the commercial titanium, 1687 °C (3070°F), was used. Iodide 
titanium was found to melt at 1720 °C (3130 °F). 

Checks between thermal analysis and the microscopic detection 
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Table Il 


X-Ray Diffraction Patterns of Titanium-Silicon Intermediate Phases With 
Copper Ka Radiation 


—TisSis—. —— TiSi-——. —TiSiz— -—TiSiz(ASTM)— 
I d I d I d I d 
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ft 
vw 
wm 
w 
wm 
vft 
vw 
vit 
w 
vw 
w 
ft 
vit 
vit 


.54 ft 
41 ft 
.37 wm 
.19 ms 
.14 wm 
.11 m 
.679 w 
. 506 m 
.470 
.421 m 
. 367 ft 
.285 vit 
. 238 ft 
.221 
. 208 wm 
.163 vw 
.136 m 
120 ft 
.105 
.012 vw 
995 
962 wm 
951 ft 
932 vw 
. 886 ft 
.870 w 
. 856 ft 
. 844 vit 
. 838 vw 
. 806 w 
. 782 w 
.778 ft 
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vw 
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Ww 
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ft 
wr 
vit 
Vw 
ft 
w 
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ms 
vit 
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Intensity Code 
vs =very strong 
s =strong 
ms =moderate strong 
m =moderate 
wm =weak moderate 
w =weak 
vw =very weak 
ft =faint 
vit =very faint 
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of incipient melting in heat treated samples were very good. The 
salient temperature values as determined in this investigation are 
summarized in Table IV. The microscopic detection of melting is 
exemplified by the two sets of photomicrographs, Figs. 16 and 17 
and Figs. 18 and 19. In the former set, the temperature of the 
TiSi-TiSis eutectic is bracketed, and in the latter set the TiSis-Si 
eutectic temperature is located. 


Alloys With 0 to 2% Silicon 


The effect of minor impurities is extremely detrimental to the 
establishment of restricted solid solution ranges in titanium-rich 
alloys. The transformation temperature is displaced and the alpha 
phase tends to be stabilized by small amounts of oxygen and nitro- 
gen. Therefore, iodide titanium-base alloys were used to study the 
0 to 2% silicon range of this system. Analyses of the alloys employed 











Table Ill 
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Temperature Determinations for the Titanium-Silicon System 


——Incipient Melting Method 
Melting Observed, °C 


Alloy, % Si 
Titanium 





Alloy, % Si % C (After Run) 
3.4 0.190 
a A ae 
12.0 0.170 
52.9 0.206 
53.3 0.208 
68.0 0.186 
78.1 0.032 
Silicon 0.046 





1687 
1337 
1328 
1338 
2120 
1780 
1500 
1490 
1530 
1338 
1332 
1339 
1410 


~Thermal Analysis 
Solidus Arrest, °C 


Table IV 


1330 
1330 
1330 
1486 
1486 
1333 
1330 
1398 





No Melting, °C 
1310 
1315 
1315 
1740 
1472 
1470 
+ 1330 
1318 
1320 


Liquidus Arrest, °C 


Temperature Values for Titanium-Silicon System 


Diagram Feature 


Process A Titanium 

Ti-TisSis Eutectic 

TisSis 

Peritectic: Liq + TisSis —>TiSi 
TiSi-TiSiz Eutectic 

TiSiz 

TiSie-Si Eutectic 

Silicon ‘‘ 


Temperature, °C 


1687+15 


‘Table V 


Temperature, 


3069 + 27 
2426+ 9 
3848 + 27 
3200 + 27 
2714+ 9 
2804+ 9 
2426+ 9 
2570+ 9 


Analyses of lodide Titanium-Silicon Alloys 


Alloy Designation 








Silicon, Wt. % 


Tungsten, Wt.% 





IS 0.25-764, C 0.31 0.07 

IS 0.5-763, C 0.54 0. 

IS 0.75-765, C 0.82 0.07 

IS 1-766, C 1.03 0.07 

IS 1.5-761, C 1.45 0.09 

IS 1.75—762, C 1.68 0.07 

IS 2-760, C 1.95 0.05 

Table VI 
Schedule of Treatments for lodide Titanium-Silicon Alloys 
Annealing Annealing 
Temperature, °C Pretreatment* Time, Hours Alloys, % Si 

1110 P 12-33; XR 74-80 31 0-2 
1045 P 12-33; XR 74-80 94 0-2 
870 P 12-33; XR 74-80 135 0-2 
855 P 22-49; XR 69-82 120 0-2 
830 P 12-33; XR 74-80 145 0-2 
750 P 12-33; XR 74-80 170 0-2 


*P—Cold compressed (%). 


XR—Cold-rolled after compression (%). 
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Fig. 16—42% Nominal Silicon Alloy, Heated to 1472°C (2680°F) and Quenched. 
Contains the three-phase structure of as-cast specimens, indicating that this sample has 
not been heated as high as the TiSi-TiSiz eutectic. Etchant: 1.5% HF. 3% HNOs in 
water. X 250. 


Fig. 17—42% Nominal Silicon Alloy, Heated to 1500°C (2730°F) and Quenched. 
TiSi is now primary phase in a matrix of TiSis, The TisSis; has disappeared. Sample was 
heated above the TiSi-TiSiz eutectic. Etchant: 1.5% HF, 3% HNOs in water. X 250. 

Fig. 18—78.1% Silicon Alloy, Heated to 1318°C (2405°F) and Guenched. Typical 
eutectic structure of as-cast alloys of this composition, showing little coarsening. Etchant: 
1.5% HF, 3% HNOs in water. X 250. 

Fig. 19—78.1% Silicon Alloy, Heated to 1332°C (2430°F) and Quenched. This speci- 


men was melted and the eutectic structure shows pronounced coarsening. Etchant: 1.5% 
HF, 3% HNOs in water. X 250. 


are presented in Table V. The extents of solid solubility of silicon 
in alpha and beta titanium and the position of the eutectoid are shown 
in Fig. 20, which is an expanded view of this portion of the diagram. 
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The treatments employed for this work are listed in Table VI. Pre- 
liminary tests showed that these annealing times are more than suffi- 
cient to insure equilibrium. 

The solubility of silicon in alpha titanium is between 0.31 and 
0.54% in the temperature range 750 to 860°C (1380 to 1580 °F). 
The beta solvus line was bracketed at three temperatures up to 
1110°C (2030°F). For example, Fig. 21 is a 1.68% silicon alloy 
consisting entirely of transformed beta solid solution, while Fig. 22 
represents the structure of a 1.95% silicon alloy containing trans- 
formed beta phase plus Ti;Siz particles. Both of these alloys were 
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Fig. 20—The Titanium-Rich Portion 
of the System Titanium-Silicon. 


isothermally annealed at 1110°C (2030°F). An extrapolation of 
the beta solvus line to higher temperatures would indicate a solubility 
of silicon in beta titanium of approximately 3% at the eutectic tem- 
perature, 1330°C (2425°F). A _ series of specimens vacuum- 
annealed in Vycor at 870°C (1600 °F) revealed that this tempera- 
ture is above the eutectoid temperature, since transformed beta was 
present in the structures. A series annealed at 855°C (1570 °F) 
revealed anomalous structures showing three phases, alpha, beta, and 
silicide. The specimen temperature appeared to have fluctuated above 
and below the eutectoid temperature during the anneal. An 830 °C 
(1525 °F) annealed series showed only alpha phase plus silicide. On 
the basis of the data obtained, the eutectoid temperature is placed at 
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Fig. 21—1.68% Silicon Alloy, Cold-Pressed and Rolled and Water-Quenched After 
Annealing 31 Hours at 1110°C (2030°F). This alloy consisted of beta solid solution at the 
annealing temperature and transformed to acicular alpha during the quench. Etchant: 
1.5% HF, 3% HNOs in water. X 250. 


Fig. 22—1.95% Silicon Alloy, Cold-Pressed and Rolled and Water-Quenched After 
Annealing 31 Hours at 1110°C (2030°F). This alloy was annealed in the beta-plus-TisSis 
field. The structure consists of silicide particles and acicular alpha which was formed during 
the quench. Etchant: 1.5% HF, 3% HNOs in water. X 250. 


860 °C (1580 °F) and the eutectoid composition at approximately 
0.9% silicon. 


Some Physical Properties of Titanium-Silicon Alloys 


Titanium-base alloys containing silicon constitute a system simi- 
lar to that of Fe-FesC and, accordingly, some of the same possibili- 
ties for practical heat treatment may exist. 

Process A titanium-silicon alloys containing up to 6% silicon 
were successfully hot-worked and there is evidence that this forgeable 
range could be extended to slightly higher silicon contents. The bal- 
ance of the alloys up to pure silicon were very hard and brittle. 

Iodide titanium-silicon alloys up to 2% silicon would withstand 
as much as 90% reduction by cold pressing and rolling. Edge crack- 
ing in the 2% silicon alloy indicated that this composition is nearly 
the end of the cold working range in these alloys. 

Hardness surveys of heat treated specimens in the 0 to 2% sili- 
con range showed that hardness increases nearly linearly with silicon 
content for alloys quenched below and close to the eutectoid tempera- 
ture. This hardening effect is due simply to the increase in amounts 
of Ti;Sig coexisting with alpha phase. The addition of 2% silicon 
increased the hardness of titanium from 80 to about 160 Vickers 
hardness numbers (VHN) when specimens were quenched in this 
temperature range. Quenching specimens from temperatures consid- 
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erably above the eutectoid, however, yielded much greater hardnesses. 
These specimens consisted of beta solid solution at the temperature 
of treatment and transformed to acicular alpha upon quenching. 
The 2% silicon alloy, for example, was hardened to 260 VHN by a 
water quench from 1110 °C (2030 °F). 

Process A titanium-silicon alloys containing up to 16% silicon 
were subjected to hardness testing. Alloys of higher silicon content 
were so brittle that gross hardness tests were impossible. The hard- 
ness of commercial titanium was increased, nearly linearly, from 150 
to 645 VHN ina 16% silicon alloy quenched from 950 °C (1740 °F). 

Average Knoop hardness values (100-gram load) of the three 
intermetallic compounds in this system were determined to be: 
TisSig—986 ; TiSi—1039; TiSie—618 KHN. 


SUMMARY 


Techniques were developed for the production and heat treat- 
ment of titanium-silicon alloys free from contamination for phase 
diagram studies. The major portion of this system was determined 
with Process A titanium-silicon alloys; the titanium-rich alloys were 
investigated using iodide titanium-base alloys. The system is char- 
acterized by three intermediate phases, TisSiz (26.01% silicon), TiSi 
(36.95% silicon), and TiSig (53.95% silicon), of which Ti;Sis and 
TiSig have maximum melting points of 2120 and 1540 °C (3850 and 
2805 °F), respectively, whereas TiSi is formed by a peritectic reac- 
tion between Ti;Sig and the melt containing 43% silicon at 1760 °C 
(3200 °F). There are three eutectics: between titanium and TisSis 
at 8.5% silicon and 1330°C (2425°F); between TiSi and TiSi 
at 51% silicon and 1490°C (2715°F); and between TiSig and 
silicon at 78% silicon and 1330°C (2425°F). The solid solution 
of silicon in beta titanium with 0.9% silicon decomposes eutectoidally 
at about 860 °C (1580 °F) into alpha solid solution with 0.5% sili- 
con and TisSis. The solubility of silicon in alpha titanium decreases 
to about 0.3% at 750°C (1380 °F); and the solubility of silicon in 
beta titanium increases to approximately 3% silicon at the eutectic 
temperature, 1330 °C (2425 °F). 
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DISCUSSION 


Written Discussion: By A. H. Roberson and E. T. Hayes, metal- 
lurgists, Bureau of Mines, Northwest Electrodevelopment Laboratory, 
Albany, Oregon. 

The authors are to be congratulated on their able handling of a diffi- 
cult alloy system. Of special interest is the ingenious technique for de- 
termining the solidus temperatures of the various high melting phase 
fields. 

The diagram closely parallels the results of unpublished research on 
the related system zirconium-silicon which has been investigated in this 
laboratory, in cooperation with the Air Matériel Command. 

This system was studied up to 3% silicon, using alloys melted in a 
graphite crucible. All alloys in this group were readily swaged to %-inch 
rods at 850°C (1560°F), when protected by an iron sheath. 

X-ray studies indicated a solubility of about 0.5% silicon in alpha 
zirconium at 870°C (1600°F). Silicon solubility in beta zirconium ex- 
ceeded 3% at 1000 °C (1830°F). A thermal arrest at 870+5°C (1600 °F) 
was taken as the eutectoid temperature. 

An intermetallic compound comprising approximately 50% of the 3% 
alloy suggested the composition Zr.Si (7.1% silicon) as the first compound. 

Hardness increased regularly with increasing silicon additions. 

Written Discussion: By C. H. Samans, Standard Oil Company (Indi- 
ana), Chicago. 

There are several questions upon which some additional clarification 
by the authors seems desirable. 

1. The proposed diagram indicates a maximum melting point (of 
2120 °C) which does not correspond to the stoichiometric composition of 
TisSis (26.01% silicon). Is there any real justification for this? 

2. In Fig. 8 (42.3% silicon) it is not entirely clear which phases cor- 
respond to which compounds. If the proposed diagram is correct, there 
should be a relatively small amount of TisSis present in an alloy of this 
composition rather than the somewhat larger amount which appears to 
be indicated by the caption. In this report the further question might 
be raised as to whether or not the authors have considered seriously the 
possibility that the compound which decomposes peritectically at 1760 °C 
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(3200 °F) may not be TiSi but another instead, such as TisSic (42.86% 
titanium — 57.14% silicon), which lies much closer to the end of the peri- 
tectic horizontal shown. 

3. In Fig. 11 (52% silicon) the second constituent is indicated as the 
TiSi-—TiSise eutectic. Although this might be expected, the diagram indi- 
cates that, if this were the case, the structure should be better than 50% 
eutectic. Because of this apparent discrepancy, is it not more probable 
that the constituent actually is the one which has been called TiSi? In 
this connection, the additional question might be raised as to how certain 
the authors are of the existence of the eutectic shown at 51% silicon. 
From the data presented, it would seem that an almost equally strong 
case could be made for the existence of another peritectic horizontal, at 
which TiSie decomposes to TiSi (?) and liquid, at 1490°C (2715 °F). 
The data given in Table III, indicating that, by thermal analysis, the 
53.3% silicon alloy had a solidus arrest at 1486 °C (2705 °F) and a liquidus 
arrest at 1545 °C (2810°F), could certainly be interpreted either way and 
the observation that, by the incipient melting method, the 53.1% silicon 
alloy showed evidence of melting at 1530°C (2785 °F), is not too conclu- 
sive. 

4. In Fig. 10 (43.5% silicon) also it is difficult to differentiate, from 
the photograph, between the two phases. If one of them is TiSi, as 
postulated, it seems puzzling that no TiSi-—TiSie eutectic was formed. 
On the other hand, if the actual compound were TisSis, or if no eutectic 
were formed between TiSi and TiSie, this structure would be much sim- 
pler to explain. 


Authors’ Reply 


The authors are grateful for the comments of Messrs. Roberson and 
Hayes and the information contributed on the related zirconium-silicon 
system. Work on the phase diagram of this system, sponsored by the 
Atomic Energy Commission, is currently in progress at the Armour 
Research Foundation. Within a few months the authors will be able to 
compare notes with the Bureau of Mines on the system zirconium-silicon. 

The following comments may help to clarify the points raised by Dr. 
Samans: 

1. The data are plotted in the diagram as determined experimentally. 
The maximum melting point was obtained with a 27.7% silicon alloy. 
Many alloys were prepared in this composition region, and invariably 
those between 26 and 28% silicon displayed but a single phase. The X-ray 
work of Dr. Duwez, showing this phase to be TisSis, has been accepted, 
and no attempt made to idealize the diagram by shifting the temperature 
maximum to the stoichiometric Ti;sSis composition. It is not unusual in 
relatively size-independent structures for atom substitutions to occur 
which might shift the apparent single-phase region some distance from 
the stoichiometric ratio on which the structure is based. 

2. In Fig. 8 (42.3% silicon), representing a three-phase, rapidly cooled, 
nonequilibrium structure, the apparently large quantity of. TisSis phase 
may be due to the plane of cutting and polishing of the metallographic 
specimen. This compound invariably crystallized in large plates. All 
alloys containing more than about 20% silicon were so exceedingly hard 
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and brittle that representative metallographic work was very difficult. 
The particular area shown in Fig. 8 was selected to demonstrate the 
existence of a peritectic reaction, without regard to the relative amounts 
of phases which might be expected under equilibrium conditions. 

We have, of course, considered the possibility that the peritectically- 
formed compound is one other than TiSi. All of the efforts to isolate 
this phase, however, point to a composition close to that indicated in the 
diagram, rather than near the end of the peritectic horizontal. The 
phase is represented as a dashed line in the diagram, since we felt that 
the evidence was not entirely conclusive. 

3. In Fig. 11 (52% nominal silicon) the secondary constituent is in 
reality TiSi, but is present as a component of the degenerated, or divorced, 
eutectic. Such degeneration of eutectic structures is not uncommon when 
the eutectic composition lies very close to that of one of its constituents. 
If the areas around the TiSi groups be thought of as TiSic from the 
eutectic more or less merged with the large TiSis primaries, the deviation 
from expected quantities of the two phases is not at all great. Rapid 
cooling, such as that encountered in alloys arc-cast in a water-cooled 
crucible, increases the tendency for eutectic degeneration through super- 
cooling. 

There is no question that the eutectic really exists. The alternate 
case of a peritectic reaction was actually shown in an early progress re- 
port on this work, but was discarded as erroneous for three reasons: 

(a) No peritectic arrangement of phases was found in the many al- 

loys examined on the silicon side of TiSis. 

(b) To the titanium side of 51% silicon, TiSi crystallized as a primary 
phase, while to the silicon side of this composition, TiSie was 
primary. Identification of these phases by both etching reactions 
and polarized light effects was positive. 

(c) The incipient melting data, carefully repeated several times, is 
considered by us to be quite conclusive. 

4. The reason for the absence of a text-book eutectic in Fig. 10 

(48.5% silicon) is explained by our prior comments. If there were a 
peritectic reaction rather than the eutectic shown, the structure would be 
perhaps more difficult to explain, in that we should expect primary TiSi 
crystals, a peritectic rim of TiSie, and a third-phase matrix of TiSi.—Si 
eutectic. 
5. We will admit that the photomicrograph of the 90% nominal 
silicon alloy is not representative of the entire specimen. Our previous 
remarks about the difficulty of metaliography in these alloys apply here. 
The figure was chosen to indicate the character of the two-phase field 
in this region, without perhaps enough regard to the relative amounts of 
the phases shown. 

In a concurrent project on silicon-base alloys for the Air Matériel 
Command, Ti-Si alloys with as little as 1 atomic per cent titanium were 
examined. This 1% alloy was two-phase, showing appreciable amounts 
of TiSis—Si eutectic. Therefore, the solubility of titanium in silicon must 
be very small, or negligible. 
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THE INDIUM-ANTIMONY SYSTEM 
By T. S. Liu anp E. A. PERETTI 


Abstract 


The binary system tndium-—antimony has been in- 
vestigated by thermal, X-ray, and metallographic methods 
of analysis. The existence of an intermediate phase cor- 
responding closely to the composition InSb was confirmed. 
It melts at 525°C and forms a eutectic with both indium 
and antimony. The In—InSb eutectic contains 0.7% 
antimony and melts at 154.8°C, and the InSb-Sb 
eutectic occurs at 69.5% antimony and melts at 494 °C. 
The single-phase regions in the solid state are quite 
restricted. 


SURVEY of the literature reveals the existence of very few 
published reports of experimental work on indium—antimony 
alloys. Goldschmidt (1)* and Iandelli (2) prepared the intermediate 
phase InSb and concluded that the crystal structure is face-centered 
cubic, zinc blende type. Goldschmidt’s value for the lattice parameter 
is 6.452A. Iandelli’s measurements resulted in an a, of 6.461A. The 
latter, in preparing his alloys, used indium containing 2% germa- 
nium; the purity of the antimony is not stated. 
It was-the purpose of the present investigation to study thor- 
oughly the entire phase diagram, using thermal analysis, X-ray dif- 
fraction, and microscopic examinations. 


EXPERIMENTAL PROCEDURE 


The indium used was obtained from the Indium Corporation of 
America and had a guaranteed purity of 99.97%, with the following 
chemical analysis: copper 0.002%, lead 0.006%, tin 0.01%, and zinc 
0.01%. The antimony came from two sources: Johnson Mathey and 
Company of London and the J. T. Baker Chemical Company. The 
metal from the first source was spectrographically standardized and 
analyzed as follows: arsenic 0.031%, copper 0.001%, iron 0.015%, 
nickel 0.001%, sulphur 0.012%, lead 0.017%, bismuth 0.00005%, 
aluminum 0.005%, and silicon 0.006%. The label on Baker’s anti- 
mony listed the following amounts of impurities: iron 0.007%, sul- 
phur 0.03%, arsenic 0.005%, lead 0.02%, and copper 0.002%. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presentéd before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. Of the authors, T. S. Liu 
is teaching fellow and E. A. Peretti is acting head, Department of pea 
University of Notre Dame, Notre Dame, Ind. Manuscript received April 9, 1951. 
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Forty-eight alloys were prepared; of these, twenty-three were 
made by accurately weighing the pure constituents on an analytical 
balance, and the remainder were produced by diluting with either 
antimony or indium. Melting was carried out with constant stirring 
in either Pyrex or Vycor tubes in an argon atmosphere and at a 
temperature above the melting point of the highest-melting ingredi- 
ent. As melting losses were negligible, the intended composition 
could be safely used without chemical analysis. No one alloy was 
used more than two times to make subsequent alloys. 

Cooling and heating curves were obtained with uncontrolled and 
controlled heating rates that ranged from % to 4°C per minute. 
For controlled rates the apparatus previously described (3) was em- 
ployed. For the high-indium alloys Pyrex or Vycor crucibles could 
be used for cooling curve experiments, but at higher antimony con- 
tents the alloys would expand so much upon freezing that the cru- 
cibles cracked. Therefore, for these alloys there was used a crucible 
machined from graphite rod, which was provided with a lid through 
which was inserted a thermocouple, stirring rod and argon inlet 
tube. Seventy-five grams of metal were used for each determina- 
tion. Temperatures were measured with calibrated iron-constantan 
and chromel-alumel thermocouples. 

For microscopic examination of the alloys the technique de- 
scribed by Carapella and Peretti (4) was used with slight modifica- 
tion. Flat surfaces were prepared from specimens containing less 
than 20% antimony by cutting with a razor blade, but when the 
antimony content exceeded 20%, sections were prepared by slicing 
with an abrasive wheel. Vilella’s reagent was used as the etchant 
over the entire compositional range. 

To check the results of thermal and microscopic studies, X-ray 
diffraction patterns were taken of many of the alloys, using character- 
istic cobalt K-alpha radiation at 30 KVP and 10 ma at exposure 
times of 1% to 3 hours. Debye and symmetrical back-reflection 
focusing cameras were used. 


RESULTS 





In Table I are listed the arrest points obtained by thermal 
analysis. Since supercooling occurred with most of the alloys, par- 
ticularly with those containing the higher percentages of antimony, 
it is believed that the liquidus temperatures are probably not more 
accurate than +2°C. Due to the consistency of the temperature 
values obtained for the eutectic reactions, these results are probably 
accurate to +0.5 °C. 

The phase diagram of the system indium-—antimony is shown in 
Fig. 1, and Figs. 2 to 14 are*photomicrographs of alloys ranging in 
composition from that of high-purity indium to high-purity antimony. 




















THE INDIUM-ANTIMONY SYSTEM 








Table I 
Thermal Data of the System Indium-Antimony 
Weight % Sb Atomic % Sb Liquidus, °C Solidus, °C 

0 0 156.4 156.4 

5.00 4.73 282.7 155.0 
10.00 9.48 329.1 155.0 
20.00 19.07 420.0 154.8 
25.00 23.91 451.8 154.8 
30.00 28.77 479.4 154.6 
35.00 33.67 496.7 154.8 
40 .00 38.59 511.8 154.3 
45.71 44.24 522.5 153.6 
51.48 50.00 525.0 525.0 
55.09 53 .62 524.0 492.6 
60.01 58.58 517.5 493 .6 
65 .00 63 .64 510.0 493.6 
70.00 68.74 495 .2 494.1 
72.50 71.30 507 .3 494.2 
75.00 73.87 527.4 494.3 
80 .00 79.04 547.2 494.1 
82.52 81.65 560.2 493.6 
85.00 84.23 572.0 492.1 
87.50 86.84 582.8 492.2 
90 .00 89.45 592.7 492.8 
92.00 91.55 599 .6 491.9 
94.00 93 .66 .8 492.3 
96.00 95.77 615.9 492.3 
98 .00 97.88 624.1 492.5 
99 .00 98 .94 Gee 3" Sa 
100.00 100.00 630.5 630.5 
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Fig. 1—The Indium—Antimony Phase Diagram. 


An intermediate phase, InSb, melts congruently at 525 °C 
and is shown in, Fig. 9. As alloys within 0.5% on either side of 
this composition exhibited a two-phase structure, and X-ray photo- 
grams showed no discernible change in lattice spacing, it was con- 
cluded that this one-phase region must be very small. Precision 
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Fig. 2—High-Purity Indium, As-Cast. X 115. 
Fig. 3—0.05% Antimony, 99.95% Indium, As-Cast. Primary indium plus eutectic. X 300. 
Fig. 4—0.4% Antimony, 99.6% Indium, As-Cast. Primary indium plus eutectic. < 300. 
Fig. 5—0.7% Antimony, 99.3% Indium, As-Cast. Eutectic composition. X 300. 


lattice constant determinations of this phase gave a value of 6.4760A 
at 25 °C. 

The InSb phase forms a eutectic with indium at 0.7% antimony 
(Fig. 5), which melts at 154.8°C. The composition of this eutectic 
was determined wholly by metallographic examination of specimens 
whose antimony content varied from 0.05 to 5%. When the speci- 
men contained primary InSb, it could be clearly differentiated from 
the eutectic, as can be seen in Figs. 6, 7, and 8. However, due to 
supercooling and eutectic divorcement, it was difficult to determine 
when. primary indium existed in the alloys if the composition was 
close to that of the eutectic (see Figs. 3 and 4). Therefore, the 
eutectic point was obtained by preparing alloys containing a dimin- 
ishing percentage of antimony”and noting the pint of disappearance 
of the primary InSb phase. 
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Fig. 6—2% Antimony, 98% Indium, As-Cast. Primary InSb plus eutectic. XX 300. 
Fig. 7—5% Antimony, 95% Indium, As-Cast. Primary InSb plus eutectic. x 400. 
Fig. 8—30% Antimony, 70% Indium, As-Cast. Primary InSb plus eutectic. X 300. 


Fig. 9—51.48% Antimony, 48.52% Indium, Annealed 10 Days at 150°C. Almost 
wholly InSb. xX 50. 


The liquidus for indium alloys bearing less than 0.7% antimony 
could not be determined, due either to an insufficient heat evolution 
or to supercooling to the eutectic temperature. As can be seen from 
Fig. 3, the solid solubility of antimony in indium must be less than 
0.05%. X-ray photograms showed no measurable difference in the 
lattice spacings of pure indium and indium in two-phase alloys. 

The InSb also forms a eutectic with antimony. It contains 
69.5% antimony and has a melting point of 494°C. Figs. 9 to 14 
depict typical microstructures encountered in this portion of the 
binary system. The composition of this second eutectic could be 
bracketed more closely than the one occurring at the high-indium 
end of the diagram because the primary phases on either side of the 
eutectic can be easily differentiated from each other and from the 
eutectic, as can be clearly seen in Figs. 10, 11, 12 and 13. 


Tey 


‘ie: 


Fat CEE 

















eat as Be 









TRANSACTIONS OF THE A.S.M. 








g. 10-52% / Antimony, 48% Indium, Furnace-Cooled. Primary InSb plus eutectic 
of Insk’st. xX 100 


Fig. 11—60% Askin. 40% Indium, As-Cast. Primary InSb plus eutectic. >< 400. 
Fig. 12—69.5% Antimony, 30.5% Indium, As-Cast. Eutectic of InSband Sb. X 400. 


Fig. 13—72. 5% ree 27.5% Indium, As-Cast, Unetched. Primary antimony 
plus eutectic. X 400 a 


Fi ig. 14—High-Purity Antimony, As-Cast. X 75. 
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The solid solubility of indium in antimony was concluded to be 
small for the same reasons advanced for the low solubility of anti- 
mony in indium. 

The addition of antimony to indium increases the hardness of 
“as-cast” specimens from 1 Brinell to a maximum of about 165 
Brinell for the InSb phase. With further antimony additions the 
hardness decreases to that of antimony, about 47 Brinell. 

Alloys in the InSb-Sb portion of the system are very brittle. 
Those containing InSb and In are somewhat stronger, but most of 
these crack after a reduction in area of only a few per cent. 


SUMMARY 


1. The phase diagram of the system indium—antimony has been 
determined by means of thermal analysis and X-ray and metallo- 
graphic techniques. 

2. Two eutectic reactions occur: one at 154.8 +0.2 °C, con- 
taining 0.7% antimony, and the second one at 494+ 0.5°C with 
69.5% antimony. 

3. An intermediate phase exists, corresponding closely to the 
composition InSb. This phase melts congruently at 525+ 0.5 °C. It 
has a face-centered cubic, zinc blende-type, structure with a lattice 
parameter of 6.4760A at 25 °C. 

4. The single-phase regions in the solid state were found to be 
quite smail. 
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DISCUSSION 


Written Discussion: By Max F. W. Heberlein, director of research, 
United States Metals Refining Co., Carteret, N. J. 

The authors should be congratulated for their fine work in developing 
the phase diagram of the system indium-antimony. This is only one part 
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in a larger program which apparently Professor Peretti and associates are 
following to investigate the alloying characteristics of indium. 

Up until a little more than a decade ago this metal was known only 
as one of many in the Periodic Chart, but otherwise it did not attract any 
interest. Consequently, very little effort had been spent prior to World 
War II to investigate and utilize the physical metallurgical properties of 
indium. The published information was unreliable, incomplete and contra- 
dictory and it is for this reason that the present paper describing the 
thorough methods to determine the phase diagram of the system indium- 
antimony must be considered a very valuable contribution to the physical 
metallurgical literature. 

The diagram shown in Fig. 1 indicates that indium apparently forms, 
very readily, intermetallic compounds with the alloying metal in prefer- 
ence to the formation of eutectic alloys. This confirms observations which 
the writer made a number of years ago. 

When reducing InzO; with metallic sodium by fusion electrolysis as 
described in U. S. Patent No. 2,521,217, temperatures which were consid- 
erably higher than the melting point of indium were required to keep the 
reduced metal in the molten condition. A preliminary investigation indi- 
cated the formation of peritectic alloys with small additions of sodium 
to indium. $ 

A more thorough metallographic investigation of indium-sodium al- 
loys with sodium contents of up to 10% proved the absence of any 
eutectic, but rather the formation of intermetallic compounds of indium 
with sodium. 

Because sodium oxidizes very readily at elevated temperatures, it 
was necessary to alloy the sodium with the indium in a neutral atmos- 
phere of dried nitrogen. The time-temperature curves for the various 
indium-sodium alloys were determined .under this neutral atmosphere, 
while allowing the respective alloys to cool from approximately 900 °F 
to room temperature. The observed breaks in the cooling curves were 
noted and are shown in the following tabulation: 


Sample No. % Na Liquidus, °F Solidus, °F Remarks 
1 0.76 325 bes 
2 1.57 324 
3 2.08 329 320 
4 2.25 345 320 
5 3.90 624 320 
6 5.07 695 320 
7 6.38 675 320 IngsNa— 6.27% Na 
8 7.71 635 326 
9 8.86 791 324 IneNa— 9.10% Na 
10 15.15 791 : gas 
11 17.13 787 ailig.« InNa —16.70% Na 


These results were used to plot the accompanying diagram. ° 

They show that the first addition of sodium raised the melting point 
from 311 °F for pure indium to 325°F. While raising the sodium content 
to 1.57% did not change this new melting point, a sodium content of 
2.08% in the alloy showed a slight increase of the liquidus temperature 
to 329 °F and a distinct solidus temperature of 320 °F. 

The curve indicates a high point in the liquidus curve with a sodium 
content between those of Samples 6 and 7, which corresponds to the 
intermetallic compound InsNa with a theoretical sodium content of 6.27%. 
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Fig. 15—Indium-Sodium System. 


Sample 9 indicates a second maximum temperature at 791 °F, corre- 
sponding to the intermetallic compound InsNa with a theoretical sodium 
content of 9.10%. 

A eutectic reaction point for the two phases of InsNa and In:Na has 
been considered to be at or near the 7.7% sodium content of the alloy. 
This point is represented by Sample 8, which not only showed a low 
point in the liquidus curve but also a break in the straight-line solidus 
temperatures. 

No indications of solidus temperatures were found in Samples 10 and 
11, which were composed to show the properties of the intermetallic 
compound InNa. 

All investigated alloys were liquid at temperatures above 800 °F. 

It is necessary to point out that this investigation was conducted for 
the sole purpose of explaining the reason for the high temperatures 
required in the reduction of InsOs by metallic sodium with the aid of 
NaOH-fusion electrolysis. 
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These results are presented with the object of throwing additional 
light on the peculiar alloying properties of indium. They should not be 
considered to be authentic, because the performed investigation was not 
sufficiently thorough for any such claim. 

On the other hand, the curve in Fig. 15 shows sharp changes at or 
near the sodium contents of intermetallic compounds. For this reason 
it is felt that the presented curve may be considered as being reasonably 
accurate. . 

This discussion is presented as an encouragement for continued inves- 
tigation of the metallurgical properties of indium alloys. 

Written Discussion: By S. C. Carapella, Jr., research metallurgist, 
American Smelting and Refining Co., Barber, N. J. 

The excellent work of the authors in evaluating the system indium- 
antimony is gratifying to us, since it was found to be in complete corre- 

. lation with the unpublished phase diagram developed several years ago 
at the Central Research Laboratories of the American Smelting and Re- 
fining Company by the late Dr. Fraenkel. 

During the investigation of this system, it was experienced that alloys 
prepared in the vicinity of the compound composition InSb would upon 
solidification exude the low melting constituent present and form beads 
on the top surface of the alloy. The exudation was found to be most 
pronounced in alloys containing an excess of indium. The appearance of 
these beads was attributed to the restricted expansion of the primary 
InSb in the crucible forcing the low melting constituent to the top surface 
of the alloy. The authors report no observation concerning the expan- 
sion of the compound InSb on solidification other than the statement 
“but at higher antimony contents the alloys would expand so much on 
freezing that the crucibles cracked”. 
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Authors’ Reply 





We wish to thank Mr. Heberlein and Dr. Carapella for their kind 
comments. 

The exudation described by Dr. Carapella was also noticed by us. 
In the parlance of the copper smelter, the alloys would “throw a worm” 
when the last bit of liquid to freeze was forced out of the center portion 
of the solidifying ingot. This commonly happens when freezing is accom- 
panied by an increase in volume. This phenomenon was observed in this 
system to occur with alloys containing more than 30% antimony. 

































THE FORMATION OF SIGMA PHASE IN 13 TO 16% 
CHROMIUM STEELS 


By H. S. Link anp P. W. MARSHALL 


Abstract 


After severe cold reduction, sigma phase has been 
formed at 1050 and 900 °F (565 and 480°C) in 16, 15, 
and 14% chromium steels and at 900 °F in a 13% chro- 
mium steel. After annealing at 1550 °F (845°C), sigma 
phase has been formed at 1050 °F in 16 and 15% chro- 
mium steels. 

That the increase in hardness of each of the prior 
annealed 16, 15, 14, 13, and 12% chromium steels during 
heating at 900 °F is apparently related to the amount of 
sigma phase that can form in the steel supports the theory 
that the so-called “885 °F embrittlement” is caused by 
incipient sigma-phase precipitation. 


INTRODUCTION 


A early as 1907, Treitschke and Tammann (1)! suggested the 
slow formation of an iron-chromium compound in the iron- 
chromium binary systém in an attempt to explain a thermal arrest 
they had observed in their experiments. However, the existence of 
this so-called “compound”, now known as the intermediate phase 
“sigma”, was not definitely established until 1927, when Bain and 
Griffiths (2) identified it in their studies on iron-chromium-nickel 
alloys. 

Since the work by Bain and Griffiths, other investigators have 
found sigma in iron-chromium binary alloys having various impurity 
contents. Probably the best work on the determination of the limits 
of the sigma region in the iron-chromium system is that by Cook and 
Jones (3), who studied high-purity alloys. They established the 
“peak” of the sigma-phase field at 1512 °F (820°C) and determined 
that at 1112 °F (600°C) sigma is a stable phase in iron-chromium 
binary alloys containing 24 to 69% chromium, Fig. 1. Unfortu- 
nately, Cook and Jones did not study the effect of temperatures lower 
than 1112 °F (600°C) on their alloys. Because sigma forms very 


slowly in iron-chromium binary alloys, the limits of the sigma region - 


are still open to question, particularly below 1112 °F (600°C). 


1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. The authors, H. S. Link and 
P. W. Marshall, are associated with the Research and Development Laboratory, 
United States Steel Co., Pittsburgh. Manuscript received May 22, 1951, 
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Table | 














Composition of Steels Investigated—Per Cent 

Nominal 

Chromium 

Content Cc Mn P Ss Si Ni Cr 
16 0.08 0.55 0.008 0.027 0.43 0.16 15.80 
15 0.08 0.55 0.009 0.022 0.64 0.11 15.05 
14 0.08 0.55 0.010 0.024 0.56 0.12 14.14 
13 0.08 0.53 0.012 0.024 0.50 0.12 13.07 
12 0.07 0.55 0.010 0.024 0.54 0.11 12.00 

1600 






Ferrite Ferrite 
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Sigma Sigma 
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1200 
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Fig. 1—A Part of the Iron-Chromium Phase Diagram for High-Purity Alloys. Cook and 
Jones (3). 


To investigate the occurrence of sigma in 17% chromium steels, 
Heger (4) employed the principle of accelerating solid-state reactions 
by means of cold reduction. He cold-reduced an annealed AISI 
Type 430 stainless steel (17% chromium) 95.4% and then heated 
the cold-reduced specimens for 5000 hours at 900, 1050, and 1200 °F 
(480, 565, and 650°C). The results showed that sigma is a stable 
phase in commercial 17% chromium steels at temperatures below 
1200 °F. More recently, Smith and his co-workers (5) reported the 
presence of sigma in a 17% chromium steel of commercial purity 
after heating for 10,000 hours at 1200 °F (650 °C). 

Shortsleeve and Nicholson (6) reported the identification of 
sigma in low carbon, 18% chromium steel (less than 0.10% carbon) 
filings that had been heated at 1100 °F (595 °C) for 310 hours. 

The purpose of the present investigation, a continuation of 
Heger’s work, was to determine whether sigma would form in com- 
mercial ferritic chromium steels containing less than 17% chromium. 














SIGMA PHASE IN CHROMIUM STEELS 


EXPERIMENTAL WorK 


Five 26-pound induction furnace heats of simulated commercial- 
purity 0.08% carbon ferritic stainless steels, containing nominally 16, 
15, 14, 13, and 12% chromium, were melted and cast into ingots, 
Table I. The bottom part of each ingot was forged to 34 by %-inch 
bars, which were annealed at 1550°F (845°C). A part of each 
annealed bar was cold-reduced approximately 95.4%. Specimens of 
each annealed and of each cold-reduced bar were heated for 5000 
hours at 900, 1050, and 1200°F (480, 565, and 650°C) in the 
National Tube Company furnaces being employed in studies on the 
structural changes in steels (7). A second series of specimens was 
heated for 10,000 hours at the above temperatures, and a third series 
is being heated for 100,000 hours. 

The specimens, after the 5000- and 10,000-hour exposures, were 
examined metallographically after etching in Vilella’s reagent (hydro- 
chloric and picric acids in alcohol) and after etching in glyceregia 
(mixed acids in glycerol). In the ferritic stainless steels, Vilella’s 
reagent rapidly attacks the ferrite and leaves both the sigma and the 
carbide particles outlined, whereas glyceregia rapidly attacks sigma 
and outlines the carbides. The use of these reagents is helpful in 
detecting small amounts of sigma in ferritic stainless steels. 

X-ray diffraction studies were made on many of the specimens. 
The specimens were prepared by deep etching in Vilella’s reagent, 
and the X-ray diffraction patterns were obtained with filtered chro- 
mium radiation in a vacuum, back-reflection camera. The hardnesses 
of all the specimens were measured with a Vickers hardness tester 


(2.5-kilogram load). 
RESULTS AND DISCUSSION 
Metallographic and X-Ray Diffraction Studies 


Although the only probable major effect of the cold reduction 
was to accelerate the ferrite-to-sigma transformation, for convenience 
the structural changes occurring in the cold-reduced and in the 
annealed steels during the heat treatments are discussed individually. 

Cold-Reduced Steels—In the cold-reduced condition, the carbides 
in all the steels are strung out along the ferrite grain boundaries and 
in the elongated grains, Fig. 2a. After 5000 hours at 1200 and 1050 
°F (650 and 565°C), the steels have recrystallized, the carbides 
have coalesced somewhat, and the distortion produced by the cold 
work is no longer evident, Figs. 2b and 2c. Even after 10,000 hours 
at 900°F (480 °C), however, the grain shape produced by cold 
working and the size and shape of the carbides have not changed 
significantly, ‘Fig. 2d. 

No sigma is present in any of the steels after heating for 10,000 
hours at 1200 °F (650 °C) ; but sigma is present in the 14, 15, and 
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Fig. 2—Microstructures of 12% Chromium Steel After Cold Reduction and After 
Subsequent Heat Treatments: (a) Cold-reduced 95.4%, (b) 5000 hours at 1200°F, (c) 5000 
hours at 1050°F, and (d) 10,000 hours at 900°F. Etched in Vilella's reagent. X 2000. 


16% chromium steels that had been cold-reduced and then heated 
5000 and 10,000 hours at 900 and 1050 °F (480 and 565 °C), Figs. 
3, 4, 5, and 6, the amounts of sigma present in the 10,000-hour 
specimens being greater thafi those in the 5000-hour specimens, 
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Fig. 3—Results of Metallographic and X-ray Diffraction Studies on 0.08% Carbon, 


12 to 16% Chromium Steels That Had Been Heated for 10,000 Hours at the Indicated 
Temperatures. (Steels were cold-reduced about 95% prior to heating.) 
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Fig. 4—Microstructures of 14% Chromium Steel Cold-Reduced 95.4% and Then 
Heated for 5000 Hours at 900°F (480°C). (a) Etched in Vilella’s reagent. (b) Etched 
in glyceregia. XX 1500. 
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Table Il. “Sigma Was not definitely’ identified in’ the ‘cold-redaded i 
13% chromium steel after heating for 5000 hours at 900°F (480 A 
°C), but after heating for 10,000 hours at this temperature, sigma 4 
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Fig. 5—Microstructures of Steels Cold-Reduced 95.4% and Then Heated for 10,000 
Hours at 900°F (480°C): (a) 16% chromium, (b) 15% chromium, (c) 14% chromium, 
and (d) 13% chromium. (1) Etched in Vilella’s reagent. (2) Etched in glyceregia. X 1500. 


was identified in this steel, Fig. 5d. Ne sigma was detected in the 
cold-reduced 13% chromium steel after heating for 5000 or 10,000 
hours at 1050 °F (565 °C), Figs 6d-’ No sigma was detected in the 
12% chromium steel after any of the heat treatments. The metal- 
lographic detection of sigma in the steels cold-reduced and then heated 
at the various temperatures was verified by X-ray diffraction studies. 

In the steels cold-reduced and heated at 900 and at 1050°F 
(480 and 565°C), the amount of sigma increases with increasing 
chromium content except that the 15% chromium steel contains 
slightly more sigma than does the 16% chromium steel, Table II. 
This apparent anomaly may~have resulted from the lower silicon 
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Fig. 6—Microstructures of Steels Cold-Reduced 95.4% and Then Heated for 10,000 
Hours at 1050°F (565°C): (a) 16% chromium, (b) 15% chromium, (c) 14% chromium, 
and (d) 13% chromium, (1) Etched in Vilella’s reagent. (2) Etched in glyceregia. X< 1500. 


Table Il 
Per Cent Sigma* in the Cold-Reduced Steels After Heating at 1050°F (565 °C) 


Per Cent Sigma 








Nominal Chromium 5000 Hours 10,000 Hours 
Content, % at 1050°F at 1050°F 
16 2.0 9.0 
15 3.0 10.0 
14 0.5 2.0 
13 0 0 
12 0 0 


*Determined by metallographic measurements. 
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Fig. 7—Microstructures of 14% Chromium Steel After Annealing at 1550°F (845°C) 
and After Subsequent Heat Treatments: (a) as-annealed, (b) 5000 hours at 1200°F, (c) 
5000 hours at 1050°F, and (d) 5000 hours at 900°F. Etched in Vilella’s reagent. X< 2000. 


content of the 16% chromium steel, silicon being a known sigma 
“former” in stainless steels. os 
Annealed Steels—In the annealed condition, all the steels contain 
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Fig. 8—Typical Sigma Particle Present in 15% Chromium Steel That Had Been An- 
nealed and Then Heated for 10,000 Hours at 1050°F (565°C). (a) Etched in Vilella’s 
reagent. (b) Etched in glyceregia. XX 1500. 


numerous carbides, Fig. 7a, and on heating at 1200 °F (650 °C) the 
carbides coalesce somewhat, Fig. 7b. After 5000 and 10,000 hours 
at 1050 and at 900 °F (565 and 480 °C), the appearance and distribu- 
tion of the carbides did not change appreciably, Figs. 7c and 7d, but 
some large particles of sigma were present in the 15 and in the 16% 
chromium steels that were heated for 10,000 hours at 1050°F 
(565 °C), Fig. 8. Although both steels contain less than 1% sigma, 
contrary to the results @btained for the cold-reduced steels, the amount 
of sigma in the prior annealed 16% chromium steel appears slightly 
greater than that in the 15% chromium steel. No explanation for 
this anomaly is apparent unless one wishes to hypothesize that silicon 
accentuates the effect of cold work in producing sigma. 

Only one sigma particle was observed in the specimen of the 
14% chromium steel after 10,000 hours at 1050°F (565°C), and 
no sigma was detected in either the 13 or the 12% chromium steel. 


Hardness Studies 


On heating at 900 °F (480 °C), the hardnesses of the previously 
annealed 13, 14, 15, and 16% chromium steels increased, the hard- 
ness increasing with chromium content and with time at temperature, 
Figs, 9 and 10. As'is shown by the studies on the various steels, 
these hardness increases are probably caused by the precipitation of 
sigma. Furthermore, relating these increases in hardness to the pre- 
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Fig. 9—Hardnesses of 12 to 16% Chromium Steels After Annealing and After Subse- 
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Fig. 10—Changes in Hardnesses of Annealed 12 to 16% Chromium Steels During Heat- 
ing at 900°F (480°C). 


cipitation of sigma suggests that the so-called “885 °F embrittlement” 
is caused by incipient sigma precipitation. 

A possible disagreement with this suggestion may arise because 
the 16% chromium steel hardened considerably more than did the 
15% chromium steel; yet sligfitly more sigma formed in the latter 
































1952 SIGMA PHASE IN CHROMIUM STEELS 559 
when both steels were heated at 900 and at 1050°F (480 and 565 
°C) after cold reduction. However, as was stated previously, more 
sigma formed in the annealed 16% chromium steel than in the an- 


nealed 15% chromium steel on heating at 1050 °F (565 °C). 


CONCLUSIONS 


From results of this investigation, the following may be con- 
cluded: (a) Sigma may form in commercial ferritic stainless steels 
containing as little as 13% chromium. (b) The phase boundary 
separating the ferrite region from the ferrite plus sigma region is 
between 1050 and 1200 °F (565 and 650 °C) for commercial-purity 
steels containing 14 to 16% chromium. (c) The phase boundary 
separating the ferrite region from the ferrite plus sigma region is 
between 900 and 1050°F (480 and 565°C) for commercial-purity 
steels containing 13% chromium. (d) It is speculated that the so- 
called “885 °F embrittlement” is the result of incipient sigma pre- 
cipitation. (e) In the steels studied, the rate of sigma formation is 
very low; consequently, sigma phase cannot be expected to occur 
during normal applications of these steels unless the application 
involves heating for very long periods of time in the range 900 to 


1050 °F (480 to 565 °C). 
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DISCUSSION 


Written Discussion: By M. A. Scheil, director of metallurgical re- 
search, A. O. Smith Corporation, Milwaukee. zs 

The authors are to be congratulated for extending the work on sigma 
formation in 12 to 16% chromium steels begun by J. J. Heger. The writer 
was interested in calculating the chromium equivalents for the steels used. 
The factors used are those published by Thielemann’ and the following 
tabulation shows the calculated values. 


Authors’ Chromium —P resence of Sigma 


i easaniiasinianlenremnaiiinteatinatalins 
Nominal Eaquivatent? Cold Work Cold Work Anneal Cold Work 
Chromium nalysis +900 °F +1050 °F +1050 °F +1200 °F 
Content Table I 10,000 hrs. 10,000 hrs. 10,000 hrs. 10,000 hrs. 
16 13.30 Yes 9.0% Less than 1% None 
15 13.75 Yes 10.0% Less than 1% None 
14 12.39 Yes 2.0% 1 Particle None 
13 11.05 Yes (Small) None None None 
12 10.58 one None None None 


It will be noted that the nominal 15% chromium steel has a higher chro- 
mium equivalent than the 16% chromium steel, which could account for 
the slightly larger amount of sigma observed after cold working and 
heating at 1050 °F (565°C) for 10,000 hours. 

Of more interest to the writer is the practical absence of sigma in 
the annealed steels after heating at 1050°F (565°C) for 10,000 hours. 
This temperature in my experience usually will remove the 885°F (475 
°C) embrittlement hardness. Fig. 9 shows that the 16% chromium steel 
when heated at 1050 °F (565°C) for 10,000 hours has practically the same 
hardness as originally annealed. The authors therefore show good cor- 
relation between sigma and hardness at 1050°F (565°C). 

Of more interest would be the hardness curve on all steels cold- 
worked and heated 10,000 hours at 900, 1050 and 1200°F (480, 565 and 
650°C). The authors’ data for straight chromium steels lend support to 
the writer’s early contentions that a steel of 18% chromium maximum 
with chromium equivalent equal to about“13% will not embrittle. 

It is hoped that the authors will report on this series of steels an- 
nealed and exposed at 900 °F (480°C). 

If chromium equivalent is proven later to be a better basis for the 
horizontal axis of the authors’ Fig. 3, then it would be suggested that the 
authors ought to extend the analysis of their steels being tested to include 
base compositions with chromium equivalents of 14, 15 and 16. Their 
present steels include only 10.58, 11.05, 12.39, 13.30, and 13.75. From work 
__2R. H. Thielemann, “Some Effects of. Composition and Heat Treatment on the High 


Temperature Rupture Properties of Ferrous Alloys”, Transactions, American Society for 
Testing Materials, Vol. 40, 1940, p. 788-804. 





1952 DISCUSSION—SIGMA PHASE IN CR STEELS 561 


which is shortly to be published by the writer, data on 12% ehromium 
steels between 710 and 900°F (375 and 480°C) exposure will be dealt 
with. The effect of lower carbon steels, 0.08 and 0.06%, will create higher 
chromium equivalents and definitely affect the embrittling characteristics. 

If the authors insist on using Fig. 3 as shown in their preprint, then 
they should add that their data is on 0.08% carbon steel. 

Written Discussion: By C. H. Samans, engineering research depart- 
ment, Standard Oil Company (Indiana), Chicago. 

The authors have shown conclusively that, given time enough, sigma 
phase will form in iron-chromium steels of nominal chromium contents in 
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the range 13 to 16%. Although there is no doubt about the validity of 
their observations, some question may be raised concerning the initial 
homogeneity of their alloys. I wonder if they would be willing to com- 
ment on this in somewhat more detail than is given in the paper? 

One test of data such as these, and particularly of any interpretation 
of them such as that given in Fig. 3, is their consistency with reference 
to other work of this nature. When a phase boundary is being examined, 
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a plot of «he logarithm of the composition in atomic per cent against the 
reciprocal of the corresponding absolute temperature has proven helpful 
in many instances. Such a plot for the (ferrite)/(ferrite plus sigma) 
boundary in the iron-chromium alloys is shown in Fig. 11, using the data 
from our laboratory (Shortsleeve and Nicholson), along with those of 
Heger and of the present authors. It will be seen at once that, in order 
to draw the phase boundary as a straight line on this plot, it is necessary 
to disregard either the Shortsleeve and Nicholson data for nominal 24, 18, 
and 15% chromium steels or the Link and Marshall data for the 14 and 13% 


o @ Link and Marshall 

QO A Heger 

<> # Shortsieeve and 
Nicholson 


Temperature °F 





0 10 20 30 40 
Weight % Chromium 


Fig. 12— The Conventional Plot Showing More Clearly the Obvious 
Discontinuity Which Would Have to Be Introduced in the Vicinity of 1050 
°F to Make All the Data Consistent. 


chromium alloys at 1050 °F (565°C). The discrepancy at 900 °F (480 °C) is 
not serious, since 10,000 hours might not be long enough for sigma to form 
in the 12% chromium alloy at this temperature. The conventional plot 
of the same data, shown in Fig. 12, indicates, even more clearly, the 
obvious discontinuity which would have to be introduced in the vicinity 
of 1050 °F (565 °C) to make all the data consistent. 

The data from our laboratory, which were presented by Shortslecve 
and Nicholson, seem to have one very definite advantage, since the points 
were all determined by X-ray diffraction analysis of filings using the two- 
specimen method. In other words, specimens were heat treated from both 
initial conditions, i.e., sigmatized at a lower temperature and ferritized 
at a higher temperature, until they showed the same pattern. This struc- 
ture, consequently, had to be the stable one. The fact that this method 
was used for the two lower chromium alloys was not brought out clearly 
in the original paper, although the data given in the later discussion by 
Shortsleeve and Nicholson to Heger’s ASTM paper indicated it. Conse- 
quently, if we accept the Shortsleeve and Nicholson data as being the 
more probable true equilibrium data, the most obvious explanation for the 
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success of Link and Marshall in obtaining sigma in 13 and 14% chromium 
alloys at 1050 °F (565°C) is lack of homogeneity in their specimens. 

Of course it might be argued also that there is no reason to expect 
that this straight-line interpretation is valid. However, regardless of 
which viewpoint is taken, it should be obvious that the results of Link 
and Marshall at 1050 °F (565°C) indicate sigma appearing at surprisingly 
low chromium contents. Since there can be no question about the tem- 
perature or the sigma, only the true chromium content in the regions 
where sigma was found seems to be suspect. 

One further point might be made, although it perhaps is rather 
speculative. Shortsleeve and Nicholson determined time-temperature- 
transformation curves for three of their alloys (33, 31, and 24% chro- 
mium). Plotting, on Fig. 11, the temperatures at which the transforma- 
tion rate was most rapid gave a curve which appeared to be parallel to 
the phase boundary. Extrapolating these two lines to 885°F (475°C) 
indicated that the phase boundary is at about 10.5 weight per cent chro- 
mium, whereas the alloy which has the knee of its transformation curve 
at this temperature contains about 13.8 weight per cent chromium. Note 
that, if this relationship has any significance at 885°F (475°C), any alloy 
of higher chromium content should form sigma more rapidly than this 
13.8% chromium alloy but that alloys containing lower chromium contents 
all should form sigma more slowly. This may be of some possible interest 
in view of the fact that the present authors found that hardening only 
started in their alloys, for annealing times of both 5000 and 10,000 hours, 
for compositions lying between 14 and 15% chromium. 


In addition, another plot, perhaps again too speculative, was made of 
the logarithm of the time required to form sigma at the knee of the curve, 
the most rapid rate, versus the reciprocal of the absolute temperature. 
This line could not be drawn too accurately and in addition required too 
much extrapolation to be really reliable. However, it predicted that sigma 
would be formed at 1000°F (540°C) in an 18% chromium alloy, in as 
short a time as 400 hours, which seemed very short, but an initially fer- 
ritized specimen which was run for 450 hours definitely contained sigma. 
This curve, incidentally, also says that it should take about 10,000 hours 
at 900°F (480°C) to form sigma in a 17% chromium alloy; alloys con- 
taining less chromium should take longer. If composition inhomogeneities 
actually exist in the authors’ specimens, this might give some idea of their 
magnitude. 

The authors’ comments on the relationship between 885 °F (475 °C) 
embrittlement and sigma formation are interesting, but it is difficult to 
say as yet how valid they are. Some of the work in our laboratory has 
shown conclusively that 885 °F (475°C) embrittlement can be accelerated 
appreciably by preliminary heat treatments at temperatures at which the 


alloys must be completely ferritic. In view of this it is difficult for us: 


to accept any explanation that relates 885°F (475°C) embrittlement 
directly to sigma formation. We have studied also the possibilities of this 
relationship of 885 °F (475°C) embrittlement to sigma in higher chromium 
alloys where the rate ‘of sigma formation should be much more rapid, but 
we have had only negative results. Equally unsuccessful were neutron 
diffraction studies which were made in an attempt to relate 885 °F (475 
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°C) embrittlement to a pre-sigma ordering of iron and chromium atoms. 

Written Discussion: By Samuel J. Rosenberg, National Bureau of 
Standards, Washington, D. C. 

Some of the discussion of this paper has centered around the dis- 
crepancies in the location of the phase boundary between ferrite and 
ferrite plus sigma as reported by Link and Marshall compared with dia- 
grams reported by other workers, particularly Cook and Jones. It should 
be noted that the diagram reported by Cook and Jones was based on data 
obtained with high purity alloys of iron and chromium, and their diagram 
may, therefore, be accepted as a true binary diagram. There is no reason 
to expect that the phase boundary determined by Link and Marshall, 
based on commercial alloys, should coincide with the boundary deter- 
mined in a true binary system. The boundary line given in the authors’ 
Fig. 3 may be accepted as representative of chromium steels, that is, iron- 


chromium alloys containing appreciable amounts of carbon, manganese and 
silicon. 


Authors’ Reply 


The authors appreciate the discussions of this paper. Mr. Scheil’s 
hypothesis that chromium equivalents may be used for predicting the 
tendency of a steel to form sigma is interesting and is supported by the 
data obtained for the severely cold-reduced steels. However, the amounts 
of sigma formed in the annealed steels, although admittedly small, cor- 
relate better with the chromium contents of the steels than with the 
chromium equivalents. A good test of the validity of Mr. Scheil’s hypoth- 
esis must be postponed, however, until more data on the sigma-forming 
characteristics of the various ferritic stainless steels are available. 

The hardness data for the steels that were cold-worked and then 
heated for 10,000 hours at 900, 1050, and 1200°F (480, 565, and 650 °C) 
show nothing of interest. The steels were softened to such an extent by 
recovery, recrystallization, and so forth, that the effects of sigma forma- 
tion on the hardness were obscured. 

At Mr. Scheil’s suggestion, the title of Fig. 3 has been changed to 
specify that the data are for 0.08% carbon, 12 to 16% chromium steels. 

Dr. Samans has clearly outlined the disagreement of the data pre- 
sented in this paper with those of Shortsleeve and Nicholson. Further- 
more, he has indicated that the straight-line relationship which he has 
drawn might be incorrect, and that the data might actually correlate 
better than is apparent from his diagram. As Dr. Samans suggested, the 
steels were probably not completely homogenized. But the authors be- 
lieve that the annealing treatment, 4 hours at 1550°F (845°C), and the 
subsequent 95.4% cold reduction minimized the inhomogeneities in the 
steels to the extent that they did not have a significant effect on the 
tendency of the steels to form sigma. 

It is generally recognized that before very small amounts of sigma 
in steels can be detected by X-ray techniques, the sigma must be con- 
centrated chemically by preferential solution of the iron. On the other 
hand, when the sigma particles are as large as they were in the steels 
studied in this investigation, very small amounts of sigma in steels can 
be detected by metallographic tefhniques. Inasmuch as Shortsleeve and 
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Nicholson used an X-ray diffraction technique that did not include a con- 
centration procedure, the differences between their results and those in 
this paper may be due to the difference in the techniques employed for 
detecting sigma. 

Dr. Samans has indicated in his diagram that the authors investigated 
an 18% chromium steel. This, of course, is an error. 

In regard to the speculated relationship between 885 °F embrittle- 
ment and sigma formation, no attempt was made to prove that 885 °F 
embrittlement is caused by sigma. The relationship is mentioned because 
the increase in hardness of the annealed steels, when heated at 900 °F 
(480 °C), correlated very well with the amount of sigma that formed in 
the cold-reduced steels when they were heated at 900 and 1050°F (480 
and 565°C). A study of the samples that are being exposed for 100,000 
hours at 900 and 1050 °F may aid in evaluating this correlation. 

The authors agree with Mr. Rosenberg that no attempt should be 
made to correlate the results of the present investigation with the results 
of investigations on pure alloys. 
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ELECTROLYTIC ETCHING—THE SIGMA PHASE STEELS 
By JouHn J. GILMAN 


Abstract 


Electrolytic etching solutions which are suitable for 
studying the sigma phase in stainless steels are described 
in this paper. A particular sequence of etches (10 N 
KOH, to color the sigma phase, followed by concentrated 
NH,OH, to color the carbide) is applied to a range of 
stainless steel compositions with success in indicating the 
sigma phase. 

It is shown that strong hydroxide solutions, used 
electrolytically for etching stainless steels, color the sigma 
phase more rapidly than the carbides if the solutions are 
concentrated, and vice versa if they are dilute. An expla- 
nation of this phenomenon 1s proposed. 

The use of acetate solutions for electrolytic etching is 
described. Cadmium and lead acetate are of special inter- 
est in etching solutions because the former colors carbides 
more rapidly than the sigma phase, and the latter reveals 
the microstructure in vivid colors, and the carbides with 
unusual clarity. Lead acetate solutions are unusual be- 
cause they color the matrix more rapidly than the minor 
constituents. 

Observations of the color films produced by alkaline 
etchants are reported. These support the interference 
theory of the origin of the colors. 

It ts shown that the “characteristic cracks’ in the 
sigma phase of stainless steels are associated with the etch 
film and not with cracks in the underlying sigma phase. 


HIS paper describes techniques of electrolytic etching which can 
be used to detect and study the sigma phase in high chromium 
steels. The well-known immersion-etching methods are considered 
only briefly because it is believed that they are not as reliable nor as 
controllable as electrolytic methods. Alkaline etching solutions are 
given preference to acid solutions because they reveal the micro- 
structure of sigma phase steels more graphically (although with less 
resolution) than acid solutions. 

Detection of the sigma phase in a steel can be accomplished most 
readily by either metallographic or X-ray diffraction methods. The 
latter methods have the advantage that they can positively identify 

A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. The author, John J. Gilman, 


is associated with the Research Laboratory, Crucible Steel Company of Amer- 
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the sigma phase. However, they suffer in comparison to metallo- 
graphic methods on the score of sensitivity. Also, the distribution 
of the sigma phase in a sample can only be found metallographically. 
While the sensitivity of metallographic methods for revealing the 
presence of sigma is usually greater than that of X-ray methods, it 
is quite variable, depending on the distribution. If the particles of 
sigma are large enough that they appear as circular surfaces in the 
microstructure, the sensitivity of metallographic methods is prac- 
tically unlimited (better than one part in a thousand), but if the 
particles cannot be resolved into circles, sensitivity may be quite low. 

The problem is to distinguish the sigma phase from carbides in 
a high chromium steel. Sometimes delta ferrite is also present but 
its presence is readily ascertained because of its ferromagnetism. 
Several schemes for accomplishing the above distinction have been 
proposed (1, 2, 3).1. None of these may be generally applied to 
various grades of steel. The difficulty seems to be that Murakami’s 
reagent is used to stain the carbides in preference to the sigma phase. 
However, as is emphasized by Dulis and Smith (3), this reagent 
often stains the sigma phase as well as the carbides and thus yields 
no distinction between the two phases. Also, the concentrated form 
of Murakami’s reagent, used by Emanuel (2) to stain the sigma 
phase in preference to the carbides, decomposes rapidly with time at 
room temperature according to the reaction (4) : 


2K;Fe(CN ). + 2KOH — 2K,Fe(CN). + H2O + “YO, 


so that its behavior cannot be relied upon. The present work was 
undertaken primarily to find new etching reagents which could be 
used for discovering and studying the sigma phase in steels which 
are susceptible to its formation. Also, several points of confusion 
concerning the behavior of alkaline etching reagents were cleared up 
in the course of the work and are therefore discussed. 


PROCEDURE 


The investigation was started with the idea of finding a reagent 
similar to Murakami’s reagent but stable against decomposition and 
more selective in its attack of the various constituents of high chro- 
mium steels. Since the role of the potassium ferricyanide seemed to 
be simply that of an oxidizing agent, it was felt that some other 
oxidizing agent might serve equally well. Picric acid, potassium 
permanganate and potassium dichromate were tried. While all of 
the alkaline solutions with these chemicals added were effective, none 
was highly selective. Therefore, the method of attacking the problem 
was changed in order. to make the study more systematic. 

It was decided that solutions which are suitable for electrolytic 
etching should be used exclusively. Electrolytic etching has two dis- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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tinct advantages over immersion methods (5). First, the etch can 
be closely controlled by timing the passage of current. Second, 
etches can be successfully superimposed without the formation of 
annoying stains. Immersion reagents often can be applied to a 
specimen only once without repolishing. The specimens were pol- 
ished mechanically on Gamal cloth with sapphire abrasive. _ 

The unmounted pieces of steel were held in stainless steel tongs 
which carried: the current to them. Four dry cells supplied the cur- 
rent at 1.5, 3, 4.5, and 6 volts potential. The cathode was a piece 
of Type 310 stainless steel and the electrolytes were held in a deep 
glass dish. A relay operated by an electronic timer was used to 
control the duration of etching. 

The circuit diagram of the timer is shown in Fig. 1. The timer 
was constructed by the author but the circuit is not original. The 
maximum interval which is timed is determined by the value of Rs, 
while shorter time intervals are controlled by Re. The timer used 
in this work timed intervals ranging from 0.2 to 32 seconds. 

To test the etching characteristics of the various solutions, time 
intervals of various durations were used. A typical set would be 
1, 2, 3, 5, 8, 16, 32, 64, and 128 seconds. Although the etching 
action takes place continuously, it was felt that any really important 
effects would be observed after at least one of the time intervals 
used for each etchant. The time intervals for a given etchant were 
cumulative; that is, the specimens were not repolished between suc- 
cessive intervals. Hence, in the typical set listed above, the 128- 
second etch would be the result of nine etching operations but only 
one polishing operation. Because the rate of etching depends on the 
initial condition of the specimen’s surface, the degree of etching in a 
given time is not closely reproducible under ordinary conditions. 

Specimens from two steels were used for most of the work. 
These were wrought Type 314 stainless steel and a cast valve steel. 
The compositions are as follows: 


Manga- Chro- Molyb- 

Carbon nese Silicon Nickel mium denum 
Type 314 0.09 1.27 2.14 20.0 24.92 ‘dis 
Cast Valve Steel 0.40 0.75 1.10 6.4 24.0 42 


(This composition has been used for wear, and corrosion-resistant parts in 
valves in chemical equipment. ) 


The specimen of Type 314 steel had previously been heated at 1500 
°F (815 °C) for 1665 hours in order to form the sigma phase in it. 
The cast steel had been cast in sand and heated for 16 hours at 1500 
and 1600 °F (815 and 870 °C). 

Identical fields were photographed for comparing the various 
etchants. This was accomplished by cutting a shallow vertical groove 
on one side of the specimens witha thin abrasive wheel. The groove 
was engaged with the pointed specimen guide of the metallograph. 
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Etching 
Cell 


T - Filament transformer C, - | mfd. 200 V 

S - Switch Ce -.05 mfd. 400 V 

R,- 1800 ohms C3-.2 mfd. 400 V ere 
Re- 10,000 ohm control C4- 8 mfd. 450 V 

R3- 15 megohms Relay -I1O V AC 2 watt 
Ra- 270 K ohms 8A contacts 


Rs- $ megohms 


Fig. 1—Circuit Diagram of the Timer Used for Controlling Electrolytic Etching. 


This left one degree of freedom of position which was eliminated by 
bringing the specimen into contact with the ball-ended specimen 
guide. 


RESULTS 
Colors of Etching Films 


Since the electric current at the anode of an electrolytic cell acts 
as an oxidizing agent, the chemical oxidizers of alkaline immersion 
reagents are unnecessary for electrolytic etching. Therefore, plain 
hydroxide solutions were used. As might be expected, plain hy- 
droxide solutions delineate the microstructures of stainless steels in 
the same way as Murakami’s reagent, alkaline potassium perman- 
ganate, alkaline sodium picrate, and so forth. That is, they stain 
the carbides and sigma phase various colors. Fig. 2 illustrates this 
mode of attack. For comparison, Fig. 2a shows the structure of 
Type 314 stainless steel developed by etching with Vilella’s reagent: 
The sigma phase appears as Widmanstatten platelets within the 
grains and as massive white patches at the grain boundaries. The 
carbides appear as small spheroids within the grains. Although some 
carbides also exist with the grain-boundary sigma, these are not re- 
vealed by the hydrochloric — picric acid etchant. 

Without being repolished the specimen was given a short etch in 
alkaline potassium permanganate (1 part saturated potassium per- 
manganate, 1 part 8% NaOH). This treatment imparted a pink 
color to the sigma phase and a light brown color to the carbides. 
See Fig. 2b. Additional time in the same reagent caused the sigma 
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phase to become brownish orange in color and the carbides to become 
green. In Fig. 2c the green carbides appear white because they 
were photographed with a green filter (incidentally, this demon- 
strates that the green color of the carbides was quite pure). 

The carbides which are enveloped by the sigma phase at the 
grain boundaries are not stained as rapidly as those which are found 
free within the grains. This is shown in Fig. 3. Fig. 3a shows that 
the grain-boundary carbides are not outlined by Vilella’s reagent 
except when they are free of the sigma phase. Fig. 3b shows that 
they are stained less deeply for a given duration of alkaline etch than 
the intragranular carbides. 

It seems quite likely that the stain films which are formed on 
the sigma and carbides of stainless steels are composed of hydrated 
oxides of the metallic components of these phases (4, 6). Mitsche 
believed that ferric hydroxide was the major constituent of the films. 
Carbon does not play an essential role in the formation of the films 
because the films form equally well on nitrides (11). 

It has been asserted that the colors of the stain films are caused 
by an interference effect (7). Evidence supporting this theory has 
not been presented, however. 

Wood (8) first satisfactorily explained the proposed type of 
interference phenomenon and it is discussed for the case of temper 
colors by Evans (9). It is supposed that interference between the 
light reflected from the metal surface and the film surface causes 
certain wavelengths to be “trapped” within the film and reflected 
back and forth between the surfaces. Then if the film is imperfectly 
transparent or the surface reflectivities are imperfect, the trapped 
light is gradually absorbed. Thus the film acquires a color tint 
which is the complement of the color of the absorbed wavelength. 

The author has observed the following facts about the colors 
of the sigma and carbide particles in high chromium steels: 

a. Slight repolishing eliminates the colors, leaving the 
phases outlined in black. 

b. The colors pass through a definite sequence as the time 
of etching is increased. Usually this begins with yellow and 
goes to yellow-brown, then blue, finally deepening shades of 
reddish brown. Sometimes green, and less often red, are also 
observed before or after the blue color. 

c. The macroscopic color of the specimen is often not the 
same as that of any of the microscopic constituents. 

d. Wetting with water or alcohol changes the macroscopic 
colors to their complementary colors. 

e. Before any color appears on a microconstituent, it 
acquires a pale gray cast. 

f. Macroscopically, thé grains have different tints for the 
case of Type 314 stainless steel where the sigma phase is in the 


1952 SIGMA PHASE STEELS 571 


Sr ee 





— ES ee 


-- 


See SITS 
1) 





Fig. 2—Coloration of Constituents of Type 314 Stainless Steel 

by Alkaline Etching Reagents. x 500. (a), Vilella’s reagent 25 

sec., black and white; (b), Above plus 3 sec. in alkaline nOw— 

6 V, sigma—pink, carbides—light brown, blue filter; (c), Above 

rd 3 additional sec. in alkaline KMn0O4, sigma—brownish orange, 
carbides—green. green filter. 
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3—Difference in Coloration of Boundary and 
Given Etching Time in Alkaline Reagents. 314 stainless X_650—green filter. 
, carbides—brown. 
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form of platelets within the grains. The tints change color as 
the specimen is rotated. This is not observed for the cast valve 
steel where the sigma is in the form of massive particles. 

g. When the etching action has proceeded for a time, the 
film becomes permanently reddish brown. At this stage the 
film can be scraped off and the removed material is reddish 
brown. 


h. The first yellow color appears before the sigma phase 
is outlined. 


i. Strong macroscopic colors sometimes appear when the , 
microscopic coloring is very pale. 


The above facts leave little doubt that the observed colorations are 
caused by an interference phenomenon. The colors are not pure and 
vary slightly from one reagent to another. In general, however, the 
film formation process is the same for all hydroxide solutions. 


Cracks in Etching Films 


Another general phenomenon which is exhibited by the stain 
films is “cracking”. This has often been attributed to “cracking” 
of the sigma phase (2} 10). However, it can readily be shown that 
the “cracks” are often dark lines in the stain films having nothing 
to do with cracks in the underlying sigma phase. A specimen of the 
cast valve steel was overetched in sodium hydroxide solution in order 
to form a “cracked” film on the sigma phase in this steel. Fig. 4a 
shows the resulting appearance of the sigma phase. The cluster of 
sigma resembles a dog’s head in this picture. A 1-second application 
to the final polishing wheel rubbed the film off the sigma phase, 
leaving only black outlines and the black pits where carbides were 
formerly situated. The “cracks’’ on the sigma phase were no longer 
evident. Then the specimen was repolished for about 10 seconds on 
the final wheel and re-etched. Fig. 4b shows the resulting structure. 
Comparison of Figs. 4a and 4b shows that the “crack” lines do not 
coincide; in fact, on most of the sigma particles the configuration of 
cracks is entirely different in the two photographs. Further evidence 
that the dark lines do not indicate cracks in the underlying material 
is provided by the “cracks’’ in carbide particles in Fig. 11b of the 
paper by Payson and Savage (1). Also, the author has observed 
that the stain film appears cracked when it becomes very thick on 
the delta ferrite of duplex steels. Thus it is demonstrated that 
alkaline etching reagents do not provide evidence of cracked sigma 
phase, and cracks are not “characteristic” of the sigma phase in 
austenitic steels as has sometimes been asserted. If cracks are actu- 


ally present, they must be detected by means other than alkaline 
etching reagents. 
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Fig. 4—Showing Effect of Light Repolishing and Re-Etching on the “Cracks”’ in the Etch 
Film. Cast valve steel. > 750—green filter, sigma—brown, 2N/NaOH—3 V. (a), 7 sec. 
etch; (b), 10-sec. repolish plus 7-sec. etch. 
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HypDROXIDE SOLUTIONS 


After it had been established that plain hydroxide solutions give 
just as good etching action as alkaline immersion etchants containing 
oxidizing agents, the behaviors of several common hydroxides were 
investigated. These were ammonium, barium, lithium, potassium, 
sodium, strontium, and tetramethyl ammonium hydroxides. All of 
the hydroxides tested exhibited the staining type of etching, but they 
differed in whether they stained the carbides or the sigma phase more 
rapidly. The sigma phase was attacked rapidly only by the strong 
hydroxides. This was especially true for the cast steel. The weak 
hydroxides, ammonium, strontium, lithium, and 10% tetramethyl 
ammonium hydroxide etched only the carbides in the cast steel, and 
in Type 314 stainless steel they attacked the carbides much more 
rapidly than the sigma phase. This type of action was most extreme 
in the weakest base, ammonium hydroxide. This behavior is illus- 
trated in Fig. 5. The photographs in this figure compare the same 
field etched in (a) Vilella’s reagent, (b) oxalic acid which outlines 
the grain-boundary carbides not revealed by Vilella’s reagent, and 
(c) concentrated ammonium hydroxide, which colored only the car- 
bides and left the sigma phase uncolored. The voltage used to de- 
velop the structure was quite high and the time appreciable, making 
it clear that the action of this reagent is quite selective toward car- 
bides and the sigma phase. Eventually the sigma phase is etched 
by ammonium hydroxide. Forty secqnds etching time at 6 volts 
potential accomplished this for the particular steel, Type 314. At 
1.5 volts potential, the carbides were completely etched in about 40 
seconds and there was no coloration of the sigma phase after 180 
seconds. 

The action of ammonium hydroxide toward the constituents of 
the cast valve steel is shown in Fig. 6. The over-all structure of this 
material, as etched by oxalic acid, is shown in Fig. 6a. The particles 
of sigma phase are almost indistinguishable from the carbide particles 
in this photograph. The carbide particles are slightly less massive 
than the particles of sigma phase but this would be noted only by an 
experienced observer. On the other hand, the phases are clearly 
distinguished in the photograph of Fig. 6b. For this figure, alkaline 
potassium permanganate was used to stain the carbides and sigma 
phase characteristically. The eutectic carbides appear very dark in 
the photograph ; actually, they were colored dark-brown. The sigma 
phase, which formed during the 1600 °F (870 °C) treatment, appears 
light gray in the photograph; actually, it was colored yellow. Fig. 
6c shows the structure as etched by concentrated ammonium hy- 
droxide. Only the eutectic carbides are stained, leaving the sigma 
phase indistinguishable from the austenitic matrix. The color of the 
carbides was light yellow. Note the top-hatted fish and friend at 
the upper left. 3 
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Fig. 5—Etching Behavior of Concentrated Ammonium Hydroxide. Type 314 stainless 
steel. 650. (a), Vilella’s reagent—35 sec:, filter; (b), Above plus 10 sec. in 10% oxalic 
acid—3 V, green filter; (c), Concentrated NHsOH—6 vV—30 sec., grain boundary carbides— 


blue, others—black, blue filter. 
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Fig. 6—Coloring of Carbides by Ammonium Hydroxide in Cast Valve Steel 
Heated 16 Hours at 1600°F. 650. (a), 10% oxalic acid—6 V, green filter; 
b), Alkaline KMnO.—6 V—=3 sec., sigma—yellow, carbides—dark brown, — 
Iter; (c), Concentrated NHsOH—6 V—10 sec., carbides—light yellow, blue filter. 
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Both carbides and sigma phase were attacked by barium hy- 
droxide, a base of intermediate strength. This is shown in Fig. 7, 
which compares the same field etched first with Vilella’s reagent 
(Fig. 7a) and then with saturated barium hydroxide (Fig. 7b). 
This reagent attacks the carbides of the steels tested long before 
it attacks the sigma phase at low voltage (1.5 volts) but at higher 
voltages (3 to 6 volts) it attacks both phases with equal rapidity. 

The etching action of the strong bases, sodium and potassium 
hydroxide, was found to depend on the concentration. Aqueous 
solutions were used in which the concentration of base varied from 
20 normal to 0.01 normal. In the concentrated solutions (10 N), 
the sigma phase was colored more rapidly than the carbides. In the 
dilute solutions, the carbides were colored first and the sigma phase 
later. 

Figs. 8 and 9 compare the etching action of concentrated and 
dilute solutions of potassium hydroxide. The behavior of sodium 
hydroxide solutions is approximately the same. The etch produced 
by a 10 normal potassium hydroxide solution is shown in Fig. 8. 
The general structure is shown in Fig. 8a. Concentrated nitric acid 
used electrolytically was the etchant for this photograph. Fig. 8b 
shows the result of 0.4 second in the concentrated potassium hy- 
droxide solution. The sigma phase is fully etched in this figure but 
no carbides appear. When the time of etching was increased to 1.2 
seconds at the same voltage, the structure of Fig. 8c resulted. Here 
both the carbides and the sigma phase appear. 

In contrast, the behavior of a dilute potassium hydroxide solu- 
tion is illustrated in Fig. 9. In this set of photographs the sequence 
is reversed. The carbides appear first and then the sigma phase. 
Again the general structure was outlined with Vilella’s reagent (Fig. 
9a). Then the specimen was repolished and etched for 25 seconds 
in 0.1 N KOH solution. This clearly outlined the carbides but 
colored the sigma phase very slightly as Fig. 9b shows. Twenty-five 
additional seconds in the dilute hydroxide solution produced the 
structure shown in Fig. 9c where both the sigma phase and the car- 
bides are fully etched. Fig. 9d illustrates the etching action of an- 
other reagent which will be described later. 

Data for the various hydroxide reagents tested are presented in 
Table I. Detailed descriptions of the progress of etching for the 
various conditions are not presented. The time values at which a 
given phase first appeared distinctly are given as well as maximum 
time values used for a given set of conditions. The latter are in- 
cluded in order to show that only certain phases appeared in the 
microstructure after a long etch under particular conditions. The 
values of time at which the various phases first appeared are strictly 
relative. They depend on the initial condition of the surface and 
change with the number of times an etching bath is used. Usually, 
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Fig. 7—Etching Action of an Intermediate Strength Base, Barium Hydroxide. 
314 stainless steel. 650. (a), Vilella’s reagent—35 sec., blue filter; (b), Saturated Ba(O 
—6 V—2 sec., sigma—yellow, carbides—brown and white, green filter. 
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Fig. 8—Etching Behavior of Concentrated Potassium Hydroxide. Type 314 stainless— 
1670 Hours at 1500°F. 650. Green filter. (a), Concentrated HNOs—1.5 volts—S sec., 
black and white; (b), 10 normal KOH—3 volts—0.4 sec., sigma—pinkish brown; (c), 10 
normal KOH—3 volts—1.2 sec., sigma—green and brown, carbides—white. 
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Fig. 9—Etching Behavior of Dilute Potassium Hydroxide. Type 314 stainless steel. 
X 650. (a), Vilella’s reagent—30 sec., blue filter; (b), 0.1 N KOH—3 V—25 sec., carbides— 


blue, sigma 





pale yellow, green filter. 


the etching action speeds up as a bath is used. Also, many of the 
values represent cumulative time periods during which the specimens 
were washed, dried and examined several times. The extent of the 
etching process in a given etching time is not the same after such 
intermittent etching as it would be for continuous etching. 

The data in connection with the effects of reagent and concen- 
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Fig. 9—Etching Behavior of Dilute Potassium Hydroxide. Type 314 stainless steel. 
X 650. (c), Same as (b) plus 25 sec. in etchant, carbides—pink, sigma—blue, blue filter; (d), 
1.0 N ~ sCOO) Pb.3H2O—3 V—S sec., carbides—tan, sigma—magenta, matrix—light blue, 
green filter. 
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tration have already been discussed but perhaps it should be pointed 
out also that Table I indicates that cations of the bases seem to have 
little effect in determining their etching actions. The hydroxyl ion 
concentration seems to be the determining factor. | 

The effect of the voltage across the cell was to change orily the 
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Table I 
Etching With Electrolytic Hydroxide Solutions 
S —Sigma 
C —Carbides in Type 314 
C:—Enutectic carbides in cast steel 
C2—Round carbides in cast steel 
A —Austenite 
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Type 314 
-—Stainless Steel. —Cast Valve Steel— 
Time Phases Time Phases 
Reagent Concentration Voltage (Sec.) Etched (Sec.) Etched 
NaOH 20N 1.5 32 A 8 or 
64 S,C 16 A 
10N 0 60 1 5 ae eee 
'<3 4 S 2 
16 S,C 8 $,C1,Co | 
3 1 s,c i S,Ci t 
iN 1.5 12 Cc 2 Ci bf 
24 C.S 80 Cy ee 
0.1N 1.5 48 c 16 Ci { 
180 & 180 Ci ' 
0.01N 1.5 64 C 64 Ci { i] 
96 Cc 96 Ci 
KOH 10N 1.5 3 ae 16 Ss f 
Se ag 64 $,Ci,C2 a 
3.0 0.2 S) 0.2 S,Ci - 
0.8 S,C 0.4 $,C1,C2 
4.5 0.2 Ss 0.2 S,Ci,C2 
0.4 s,Cc 
8N 0 600 aed Me te AS Shae ah 
13 35 S,C 5 S,Ce2 
25 S,C1,Ce 
0.1N 3.0 s % 4 Ce 
64 Cc & Ci,C2 
64 Ci,C2 
4.5 4 Cc 2 C1,Ce 
32 Cc,s 32 Ci,Ce2 
Ba(OH)> Saturated 
(about 5%) 0 60 sheet We eee aes oe « 
1.5 35 Cc 3 C1 
75 Cc 15 Ci,C2 
75 Ci,Ce2 
3 10 S,C 1 i 
10 C1,C2,8 
4.5 1 S.C 1 Ci 
3 S,C1 
6 1 S.C 1 S,Ci 
LiOH 2.5N 1.5 - ¢ 0.6 Ci 
60 . 60 Ci 
6 1 S.C 1 Ci 
Sr(OH): Saturated 3 8 cs 8 C1,Ce 
24 cs 40 Ci,Ce2 
6 2 Cc 1.5 Ci 
5 c,s 30 Ci,C2 
(CH:)4NOH 10% 1.5 10 Cc 10 Ci,Ca 
90 © 90 Ci,Ce 
3 5 C 3 Ci,Ce 
30 c,s 60 Ci,C2,S 
NH,OH Concentrated 0 60 ohh Sess sist. 
iis 40 c 20 Ci 
180 Cc 180 Ci 
6 2 © 5 C1,C2 
10 Cc 120 C1,C2 
30 c.s 


rate of reaction in most cases. However, for barium hydroxide the 
mode of attack changed with increasing voltage. At low voltage, the 
carbides were colored by this reagent much more rapidly than the 
sigma phase was. However, at higher voltage, both carbides and 
sigma were colored at about the same rate. 
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As mentioned above, the time required to reach a certain stage 
in the etching process was found to depend on the initial surface 
condition. Another effect of the initial surface condition is its in- 
fluence on the uniformity and hence the esthetic quality of the colored 
films. Often, if the surface is not treated subsequent to polishing 
and prior to etching, the colored films appear mottled and impure in 
color so that the phases are not clearly outlined. This defect can be 
eliminated by a short acid pre-dip. The author used 2 to 3 seconds 
in Vilella’s reagent for this treatment. It was thought that cathodic 
polarization prior to anodic etching might improve the quality of the 
etch. This was found to shorten the time required for etching but 
did not improve the quality appreciably. Later it was learned that 
Forgeng (7) recommends a chromic acid “activation” treatment 
prior to etching in alkaline reagents. 


Mechanism of Etching for Hydroxide Reagents 


Two mechanisms have been proposed to explain the etching 
action of alkaline etchants under oxidizing conditions. Grosebeck 
(4) proposed that the stained constituents have reacted with nascent 
oxygen formed by chemical reaction or anodic polarization. Mitsche 
(6) thought that the matrix dissolves as ferrous ions which are 
soluble in the hydroxide solution. Then the ferrous ions are oxidized 
to insoluble ferric hydroxide which precipitates on the more noble 
carbides preferentially. Two facts make this latter point of view 
untenable for at least the case of stainless steels. First, the austen- 
itic matrix is extremely passive when anodically polarized in alkaline 
solutions, as shown by the fact that the appearance of the matrix 
surface does not change at all for ordinary etching times and voltages. 
Also, matrix grain boundaries do not appear. Second, the carbides 
and the sigma phase are slowly but definitely dissolved during etch- 
ing. This can be seen if the color film is rubbed off by light re- 
polishing. The particles become colorless but outlined in black when 
the colored film is rubbed off, and after a long etch a definite groove 
can be seen around the particle inside the black outline. The other 
mechanism, that proposed by Grosebeck, does not account very well 
for the dependence of the etching action on hydroxyl ion concentra- 
tion which is found for both immersion and electrolytic solutions. 

The critical information which is lacking is the composition of 
the stain film for various reagents. That is, the mechanism would be 
fixed fairly well if the composition of the film were known in the 
case of the acetate solutions which will be discussed shortly. If in 
both hydroxide and acetate solutions the films are hydrated oxides, 
something similar to Grosebeck’s mechanism would be valid, while 
if the film is ferric hydroxide iy the first case and ferric acetate in 
the second, then the mechanism must be quite different. In the 
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latter case it would seem that dissolution of ferrous ions from carbide 
or sigma occurs followed by oxidation and precipitation of some of 
the dissolved ions as insoluble ferric salts. 

The effect of hydroxide concentration on the relative rates of 
attack of carbide phase and sigma phase can be explained simply as 
a passivation phenomenon. Thus the sigma phase is thought to be 
naturally less noble than the carbides and behaves as such in con- 
centrated hydroxide solutions. In dilute hydroxide solutions it be- 
comes passive, however, and hence is attacked much more slowly 
than the carbides which are active at both concentrations. This ex- 
planation is supported by the fact that the sigma phase behaves less 


nobly than the carbides in electrolytes such as chromic acid and 
oxalic acid. 


ETCHING IN NONHYDROXIDE ELECTROLYTES 


If it is assumed that in hydroxide solutions ferric hydroxide 
precipitates on the carbides and sigma phase, then it is likely that 
other salt solutions, in which the anion forms an insoluble ferric 
compound, should form stain films on the constituents of steel. 
Therefore, such solutions were tested for their etching behavior 
toward Type 314 stainless and the cast valve steel. Several acetates 
(ammonium, cadmium, chromium, lead) were tested as well as 
sodium oleate, potassium ferricyanide and potassium thiocyanate. 
The data are presented in Table II. 

_ All of the solutions tested stained one or more of the constituents 
of the steels (sodium oleate etched very unevenly, however). The 
color films were thinnest for the potassium ferricyanide solutions. 
Perhaps this is attributable to the fact that ferrous ferricyanide is 
insoluble in water as well as ferric ferricyanide. Unfortunately, it 
is not known whether the etch films are oxide films or ferric acetate, 
ferricyanide, and thiocyanate films. 

The etches produced by solutions of lead and cadmium acetate 
are interesting and may be quite useful. Lead acetate stains the 
matrix of the steels more rapidly than the carbides or sigma, and 
then it stains the sigma phase, and finally the carbides. The colors 
produced are most striking. Fig. 9d shows the black and white 
appearance of a specimen etched in lead acetate. In white light the 
colors of this specimen were bright magenta, blue, and light tan. 
They were not tints but intense and fairly pure colors. As the time 
of etching was increased, the constituents became yellow, orange, 
green, red and magenta, depending on the duration of etching. 
Compare the appearance of the carbides in Fig. 9d with those in Fig. 
9b. Those of Fig. 9d in the austenitic matrix are more clearly out- 
lined than in Fig. 9bv Also, they appear larger because the stain film 
formed around them instead of on them. This ability of lead acetate 
solution to delineate the carbides clearly may be useful for studying 
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Tabie il 


Etching With Nonhydroxide Electrolytes 
S —Sigma 
C —Carbides 


C:—Eutectic carbides in cast steel 
C2—Round carbides in cast steel 
A —Austenite 





——————————Material 








Type 314 : a5 ie 
-—Stainless Steel—~. —Cast Valve Steel—. 
Time Phases Time Phases 
Reagent Congentration Voltage (Sec.) Etched (Sec.) Etched 
(CH:COO)NH, 7N 3 1.0 Cc 1 Ci 
30 C,S (Pale) Ci 
A (Pale) 
6 1.0 Cc 1 Ci 
5 C,S (Pale) 5 Ci 
0.1N 3 3 Cc 3 Ci 
10 Cc 10 Ci 
(CHsCOO):2Cd 10% 6 0.2 Cc 0.6 Ci 
1.0 Cc 5 Ci 
(CHsCOO):2Cr 10% 6 0.6 ¢ 0.6 Ci 
X Cs 10 Ci 
(CHsCOO)2Pb 2N 3 1.0 C,S,A 2 C1,C2,S,A 
¢3H:0 
a 30 C,S,A 30 C1,C2,S,A 
10% 3 2.0 S.C,A 2 S,A,Ci 
6 1.5 S,C,A 3 Ci,S,A 
0.1 N 6 1.0 S,C,A 1 Ci,S,A 
NaCisH3302 0.15N 6 5 Uneven 5 Uneven 
attack attack 
K3Fe(CN)s 2.5N 3 1.0 S,C 0.2 Ci 
2.0 Cy 
1.5 1 Cc 0.2 Ci 
4 a 4.0 Ci 
6 0.2 cs 0.2 Ci 
1.0 Ci 
K3Fe(CN)e 0.1N 3 2 Cc 2 Ci 
10 C.s 30 C) 
6 1 Cc 1 Ci 
5 c.s 5 Ci 
KSCN 10N 1.5 20 Cc 20 Ce 
90 + 90 Ci,C2 
3 Cc 30 Ce: 
60 C;.Ce 
6 25 Cc 3 Ce 
12 S,Ce 
120 A,S,C 180 §,C2,A,Ci 
0.1N 6 2 S 1 Ce 
x $,C 2 Ci,Ce 
30 C1,C2,S 


distributions of carbides in this and other steels. It should be noted 
that an acid pre-dip is essential in using lead acetate solutions. The 
attack is extremely nonuniform if this step is omitted. 

Cadmium acetate also has a-useful behavior. It attacks the 
carbides much more rapidly than the rest of the structure. This is 
indicated in Table II and illustrated by Fig. 10. The same field as 
etched by Vilella’s reagent; lead acetate; and cadmium acetate; is 
shown in Fig. 10 so that the etching action of lead and cadmium 
acetate can be compared. Cadmium acetate colors only the dominant 
chromium carbide, (Cr, M)23Ce, as is shown by the photographs of 
Fig. 11. The spheroidal carbides shown in Fig. lla are seen as 
white unstained spots mingled with the deeply stained eutectic car- 
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Fig. 10—Comparison of the Etches Produced by Lead and 
Codeine Acetate. Type 314 stainless steel—heated 1665 hours 

t 1500°F. 650. (a), Vilella’s reagent-——35 sec., green filter; 
b), 10% (CH,COOMPL 6 V—0.6 sec.—yellow filter, s igma—dark 
blue, matrix—light blue, carbides—tan; (c), 10% (CH,COO) Cd 
6 V—0.6 see., green filter, carbides outlined. 
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Fig. 11—-Comparison of Etches Produced by Concentrated KOH and Cadmium Acetate. 


Cast valve steeh X7 een filter. (a), 50% KOH—1.5 V—12 sec., sigma—blue, carbide— 
“tae, 10% (CHsCOO)2Cd—1.5 V—15 sec., carbide—dark blue, sigma—white, matrix— 
Ww. 





bide in Fig. 1lb. The massive gray particles of Fig. 1la consist of 
the sigma phase. 


The other acetates behaved in a manner intermediate to those 
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of lead and cadmium acetate. Hence, they are not particularly useful. 

Potassium thiocyanate is interesting for two reasons. One is 
that it colored the sigma of the Type 314 stainless more rapidly than 
the carbides when it was in dilute solution; but in concentrated 
solution it colored the carbides first. This is just the opposite of the 
behavior of strong hydroxides. The second point of interest is that 
when the specimens were polarized in a potassium thiocyanate bath, 
a viscous red film formed close to the specimen surface. This could 
be readily washed off and left the surface etch film intact. The red 
color of the liquid film indicates the presence of ferric thiocyanate 
close to the polarized specimen surface. 


INDICATION OF THE SIGMA PHASE IN VARIOUS STEELS 


The results for the hydroxide etching solutions indicate a simple 
method for determining the sigma phase in microstructures. In order 
to determine whether or not these solutions can be used for steels 
other than the two already dealt with, several commercial grades of 
stainless steel were heated at 1500 °F (815 °C) for 1000 hours. The 
compositions of these were as follows: 

Manga- Chro- Molyb- 
Grade Carbon nese _ Silicon Nickel mium denum Others 
302 0.09s«s.54 (0.65 Bae. «1788 % O18. 
316 0.07 1.76 0.46 12.58 17.25 2.29 aa 
321 0.07 1.53 0.62 . 9.36 18.25 0.01 0.31 Ti 
310 0.12 0.47 1.30 20.30 24.82 tie 3 ais 

The procedure used to indicate the sigma phase in these steels 
was to etch the specimens first in Vilella’s reagent (5 cc. HCl, 1 g. 
picric acid, 95 cc. alcohol) to outline the general structure, then etch 
in 10 N KOH electrolytically just long enough to color the sigma 
phase but not the carbides. Finally, they were etched electrolytically 
in concentrated NH,OH to color the carbides. 

The application of the above etching sequence to Type 314 stain- 
less steel has already been shown in Figs. 5 and 8. 

Fig. 12 shows how the sigma phase can be indicated in the cast 
valve steel. Fig. 12b shows how the concentrated hydroxide etch 
clearly demonstrates the presence of five different constituents in the 
microstructures. Sigma appears dark gray in this photograph, the 
spheroidal particles outlined in black are one species of carbide, the 
medium gray patches are ferrite and the light gray phase in the 
eutectic pattern is the dominant chromium carbide very lightly etched. 
Fig. 12c shows the eutectic chromium carbide only. Thus the eutectic 
carbide is readily distinguished from the sigma phase by the ammo- 
nium hydroxide etch. The distinction between the sigma phase and 
the spheroidal carbides is made on the basis of color (Fig. 12b). 

Fig. 13 shows the structure of Type 302 (18-8) stainless steel 
as developed by the above sequence of etches. The specimen had 
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Fig. 12—Indication of, a‘Phase in the Cast Valve Steel. 
x 1 ae filter. (a), by immersion in V’ elie tongent : 
(b), 50% KOH—1.5 V, Te Ponce yellow, round lue, 
eutectic carbides—gray; (c), Concentrated NHs<OH—3 V—eutectic 
carbide—yellow-brown. 
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Fig. 13—Etching to Show the Sigma Phase in Type 302 Stainless Steel—-Heated 1000 


Hours at 1500°F. X 1200—green filter. (a), Vilella’s reagent—30 sec.; (b), 10 N KOH—3 V— 
3 sec.; (c), Concentrated NRsOH--—3 V—10 sec. 
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Fig. 14—-Etching to Show the Sigma Phase in Type 316 Stainless Steel—Heated 1000 
Hours at 1500°F. X 1200—green filter. (a), Vilella’'s reagent—30 sec. (b), 10 N KOH— 
1.5 V—4 sec., sigma—orange-brown. (c), Concentrated NHs,OH—3 V—15 sec. 
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Fig. 15—Etching to Show the Sigma Phase in Type 310 Stainless Steel—Heated 1000 
pee at 1500°F. XX 1200—green filter. (a), Vilella’s reagent—60 sec. (b), 10 N KOH— 
1.5 V—3 sec., sigma—blue. (c), Concentrated NHsOH—3 V—20 sec. 
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Fig. 16—Etching to Show the Sigma Phase in Type 321 Stainless Steel—Heated 1000 
Hours at 1500°F. X 1200—green filter..(a), Vilella’s reagent—50 sec. 10 (b), N KOH— 
3 V—2 sec., sigma—dark brown. (c), Concentrated NH,OH—3 V—30 sec. 





1952 SIGMA PHASE STEELS 595 


been cold-worked and then was heated at 1200 °F (650°C) for 1200 
hours. The larger particles in Fig. 13a are identified as particles of 
the sigma phase in Fig. 13b. Carbides which precipitated along dis- 
torted slip lines are shown in Figs. 13a and 13c. 

Fig. 14 shows clearly the presence of the sigma phase in Type 
316 (18-8 Mo) stainless steel. The etching technique shows that 
the triangularly shaped particles in Fig. 14b consist of the sigma 
phase. Delta ferrite was not present in the structure prior to the 
1500 °F (815 °C) treatment. 

The presence of the sigma phase in the Type 310 (25-20) stain- 
less steel specimen is demonstrated in Fig. 15. In contrast to the 
specimen of Type 314 (25-20 Si) stainless steel shown in previous 
figures, most of the sigma formed at the grain intersections in the 
Type 310 specimen and little or none formed within the grains. 

Fig. 16 is for Type 321 (18-8 Ti) stainless. The sigma phase 
is clearly shown in Fig. 16b. However, for this steel the titanium 
carbides were not readily attacked by the concentrated ammonium 
etchant. This is probably attributable to the fact that their struc- 
ture is different from the chromium carbides in 18-8. The angular 
titanium carbides appear in all of the photographs because of their 
natural yellowish color on a polished surface. 

This hydroxide etching method has also been applied success- 
fully to the heat resisting steel known as 19-9 W Mo. See the dis- 
cussion of the paper by Bindari, Koh and Zmeskal for this set of 
photographs (12). 

The photographs show that the application of the above set of 
three etches for indicating the sigma phase in the microstructures of 
stainless steels is successful for a wide range of compositions includ- 
ing all of the commercial austenitic grades of stainless steels. Never- 
theless, the method must be used with caution, especially for detecting 
the sigma phase where its presence is not already known. It is 
believed, however, that this method is more simple and reliable than 
the techniques used previously. 


SUMMARY 


An etching technique has been discovered which successfully 
indicates the presence of the sigma phase in a wide range of stainless 
steel compositions. The method consists of etching electrolytically 
in 10 N potassium hydroxide solution to color the sigma phase and 
not the carbides, followed by etching electrolytically in concentrated 
ammonium hydroxide to color the carbides and not the sigma phase. 

It was shown that hydroxide solutions used electrolytically color 
the sigma phase more rapidly than the carbides in stainless steel if 
they are concentrated, and vice versa if they are dilute. An expla- 
nation of this phenomenon was proposed. 

The electrolytic etching action of acetate solutions was described. 
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Cadmium and lead acetate solutions are of special interest because 
the former colors carbides more rapidly than the sigma, and the latter 
reveals the microstructure in vivid colors, and the carbides with un- 
usual clarity. 

The mechanism of the etching action of the solutions which stain 
the constituents of stainless steels was discussed. Observations of 
colored films produced by such etchants are reported which support 
the interference theory of the origin of the colors. 

It was shown that the “characteristic cracks” in the sigma phase 
in stainless steels described by several authors in the past are asso- 
ciated with the etch film and not with cracks in the underlying sigma 
phase. 
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DISCUSSION 


Written Discussion: By T. V. Simpkinson, physical metallurgist, 
Physical Metallurgy Division, Department of Mines and Technical Sur- 
veys, Ottawa, Ont., Canada. 

The preparation of this very useful paper has required much pains- 
taking work. Mr. Gilman should gain great satisfaction from the knowl- 
edge that it will be very helpful to those working in the field. 

It is disappointing to the writer that the author finds it still advisable 
to emphasize the need for caution in metallographic interpretation when 
the presence of sigma has not already been proven by some other means, 
Surely, when the particles are large enough to be resolved into circles, 





Fig. 17—Type 29-9, Quench-Annealed From 2000°F, Re- 
heated 15 Minutes at 1400 °F. Cracks in etching film on untrans- 


formed ferrite. Etched in hot concentrated Murakami’s reagent. 
x 1500. 


after careful examination one would be justified in positively stating that 
sigma is present, without resorting to X-ray diffraction methods. In the 
case of molybdenum-bearing stainless steels, one must allow that the 
phase could be either sigma or the new phase, chi, recently reported by 
Andrews and Brookes.? Is the author in a position to make any com- 
ments regarding the etching behavior of the chi phase as compared with 
sigma ? 

When the particles are of “dot-size”, metallographic identification is 
much more difficult. Have any of the solutions tried by the author shown 
promise of positively distinguishing between “dot-size” carbide and “dot- 
size” sigma? 

With reference to the appearance of cracks when staining etchants 
are used, the photothicrograph shown in Fig. 17 may be of interest. The 


2K. W. Andrews and P. E. Brookes, “Chi Phase in Alloy Steels’, Metal Treatment 
and Drop Forging, July 1951, p. 301-311. 
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steel is of the 29-9 type and was quench-annealed from 2000°F (1095 °C) 
followed by reheating 15 minutes at 1400°F (760°C). The etchant was 
concentrated Murakami’s reagent used hot. The ferrite has partially 
transformed, presumably to sigma and new austenite. The cracks occur 
in the areas of untransformed ferrite (as proven by magnetic tests), so 
are certainly cracks in the etching film. 

Written Discussion: By FE. J. Dulis and G. V. Smith, United States 
Steel Co., Research Laboratory, Kearny, N. J. 

As the identification of sigma in austenitic steels is a very live sub- 
ject, this paper is a valuable contribution at this time. By a series of 
excellent photomicrographs, the author has demonstrated what can be 
accomplished, with proper techniques, in the differentiation of phases in 
some austenitic steels. 

Some questions in regard to this paper are: 

1. Would not the chi phase* be found in the cast valve steel and also 
the 316 steel? X-ray diffraction tests should reveal the presence of chi, 
as well as identify the other phases, and might clarify the somewhat dis- 
turbing reference to round and eutectic carbides in the cast steel. 

2. Was the presence of sigma in Type 302 steel verified by X-ray 
diffraction tests? The particular heat of Type 302 steel studied by the 
author appears to be within or very near the composition range for com- 
plete freedom from sigma formation as indicated by the results of Nichol- 
son, Samans and Shortsleeve* for a lower exposure temperature, and yet 
Fig. 13 seems to show a relatively large quantity of this phase. 

Written Discussion: By John F. Radavich, Purdue University, Lafa- 
yette, Ind. 

I think that Mr. Gilman has done a fine job identifying the sigma 
phase and carbides by means of electrolytic etching of the various phases. 
Especially useful is this method of identifying the carbides which are 
located within the sigma phase in the grain boundaries. 

I would like to know whether any studies have been completed 
using this staining technique to determine the initial precipitation of the 
carbides and sigma phase at temperatures other than those used in this 
paper. Has any correlation been made of the nature of the staining on the 
various phases by means of the electron microscope? Our work has thus 
far proven that staining cannot be used as well with the electron micro- 
scope as can the standard chemical etchants. 

It has been stated in the paper that the degree of etching is not as 
reproducible as might be desired. Has any effort been made to overcome 
this by the use of electrolytic polishing rather than mechanical polishing? 


Author’s Reply 


The author wishes to thank the discussers for their distinct contribu- 
tions to his paper. Both Mr. Simpkinson and Messrs. Dulis and Smith 
expressed an interest in the role of the recently discovered chi phase in 
the steels discussed by the author. As would be expected from the work 


8K. W. Andrews, “A New Intermetallic Phase in Alloy Steels’, Nature, Dec. 10, 
1949, p. 1015. = 

4M. E. Nicholson, C. H. Samans and F. J: Shortsleeve, “Composition Limits of Sigma 
Formation in Nickel-Chromium Steels at 1200 °F’, see page 601, this volume. 
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of Andrews and Brookes, which Mr. Simpkinson referred to, no evidence 
of chi phase was found in the Type 314 steel. However, some evidence 
of the presence of this phase was found in the cast valve steel. <A speci- 
men of this latter steel was heated for 16 hours at 1500°F (815°C) (the 
same treatment which was used for the specimens in the paper). The 
minor phases were then extracted from this specimen electrolytically. 
The solution used consisted of 60 grams per liter ammonium chloride and 
160 grams per liter citric acid. Electrolytic dissolution was performed at 
a current density of about 0.2 A per square inch. The resulting residue 
was examined with filtered and unfiltered chromium radiation. Fairly 
strong evidence of the chi phase was found. A Ka diffraction line of 
medium intensity and not related to either sigma, cubic chromium carbide, 
or austenite, was found to have a d value of 2.085A; chi has a strong 
reflection for d = 2.088 A, according to Andrews and Brookes. Some of 
the weaker lines of the pattern also corresponded to the pattern of chi, 
but the many overlaps between the patterns of sigma, cubic chromium 
carbide, chi, and austenite, make the positive identification of small 
amounts of chi difficult. No attempt was made to find chi in the Type 
316 steel. 

Although the author has done no work on the problem of identifying 
chi metallographically, he believes that strong, concentrated hydroxide 
solutions may prove to have some use for this purpose. In Fig. 12b of 
the paper, for example, five phases are clearly distinguished. Since two 
of these have not been positively identified, one of them is probably the 
chi phase. 

The known alkaline etching reagents for steel do not seem to have 
high resolving power. Therefore, the author is pessimistic about their 
value for studying “dot-size” particles. 

The author thanks Mr. Simpkinson heartily for his Fig. 17. This 
photomicrograph affords further clear-cut evidence that overetching 
often results in the cracked stain films which have been misinterpreted 
in the past as cracked sigma phase. He would like to add that he has 
also observed cracked stain films on ferrite in duplex austenitic-ferritic 
structures. 

In reply to Messrs. Dulis and Smith’s question about the sigma in the 
Type 302 specimen, the author places his faith in the etching technique. 
The specimen was of insufficient size for electrolytic extraction and resi- 
due analysis. In considering the somewhat unusual amount of sigma 
phase shown in Fig. 13, two things must be kept in mind. First, the field 
was selected prejudicially in order to make the point; and second, the 
sample was severely and inhomogeneously cold-worked by manual ham- 
mering prior to the heat treatment at 1500°F (815°C). The amount of 
cold work which was received by the filings of Nicholson, Samans and 
Shortsleeve is difficult to evaluate, so there is really no basis for compar- 
ing their work with the specimen shown in Fig. 13 of this paper. 

In reply to Mr. Radavich, it may be said that electron microscope 
studies of specimens which have been etched with alkaline reagents await 
the development of replication techniques which will not destroy the stain 
films on the specimens. Some of the present methods pull parts of the 
stain films off specimens with the replica. 
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Specimens which have been electrolytically polished in acid solutions 
behave toward subsequent etching in approximately the same manner as 
mechanically polished specimens which have been given an acid predip. 
Furthermore, part of the difficulty in reproducibility is caused by changes 
in the etching solution with time and is not related to the state of the 
specimen surface. As the etching solutions take on ferrous ions their 
behavior often changes. Other chemical reactions may also alter an etch- 
ing solution and thereby change its behavior gradually with time. 

Differential electrolytic polishing is a technique which the author has 
used and which may be useful to electron microscopists. The author has 
used a solution consisting of 90 cc. of concentrated perchloric acid and 
900 cc. of glacial acetic acid. In the polishing range for this solution, 
variations of the current density cause sigma to be polished flat while the 
carbides are left in slight relief, or vice versa. 





COMPOSITION LIMITS OF SIGMA FORMATION IN 
NICKEL-CHROMIUM STEELS AT 1200 °F (650 °C) 


By M. E. Nicuotson, C. H. SAMANs AND F. J. SHORTSLEEVE 


Abstract 


Using X-ray diffraction techniques and cold-worked 
filings, in order to accelerate the approach to equilibrium 
conditions, the limits of sigma formation at 1200°F 
(650 °C) have been studied in low carbon stainless steels 
in the range of nominal compositions: 12 to 24% chro- 
mium, 0 to 20% nickel, 0.5 to 3% silicon, 0.5 to 2% 
manganese, and 0 to 2% molybdenum. The composition 
limits of ‘sigma formation have been found to be almost 
5% lower in chromium content than 1s given by the dia- 
gram of Schafmeister and Ergang. The new (y+ 6)/y 
boundary corresponds closely to the high purity boundary 
of Rees, Burns and Cook but the limits of sigma-forming 
regions lie at a chromium content about 7% lower than 
those for the high purity diagram in the region of the 
alpha triple point (about 2% nickel). By a study of 
several 18:8 alloys, the gamma triple point was shown to 
lie no higher than about 8% nickel and the (y+ 0)/y 
phase boundary to lie between 17.7 and 18.1% chromium 
in this region. 

The effect of the first 1% of silicon 1s to displace the 
(y+ 6)/y phase boundary toward lower chromium con- 
tents, only about 0.5% chromium at the 20% nickel level 
but about 2% chromium at the 10% nickel level. This 
boundary appears to be displaced further about 1.5% 
chromium for each additional per cent of silicon added up 
to at least, roughly, 3%. The nickel content of the 
gamma triple point seems to be raised by at least 1% 
by the addition of about 1% silicon. Manganese up to 
2% appeared to have little or no effect on the sigma- 
forming tendencies of alloys containing up to about 2% 
silicon. The addition of 2% molybdenum caused in- 
creased tendencies toward sigma formation in austenitic 
alloys, decreasing the (y+ 6)/y boundary roughly 3% 
chromium toward lower chromium contents. 
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Previous WorK DELINEATING.SIGMA-FORMING COMPOSITIONS 


HE exact location of the sigma regions in the iron-chromium- 

nickel system is still somewhat a matter of speculation, par- 
ticularly for alloys of commercial purity. The information that is 
available was obtained by investigators who, in many instances, did 
not allow sufficiently for the extremely sluggish nature of the sigma 
transformation. Consequently, many of their data are not repre- 
sentative of equilibrium conditions. 

The diagram generally accepted as being most satisfactory at 
the present time, for alloys of commercial purity, is the one estab- 
lished in 1939 by Schafmeister and Ergang (1)? using steels with 
carbon contents ranging from 0.02 to 0.14%. Microconstituents in 
their ternary alloys were identified. by employing magnetic measure- 
ments, metallographic examination, and X-ray diffraction methods, 
but the results of others (2, 3) were used to locate the phase bound- 
aries on the iron-chromium side of the diagram. Conditions of 
equilibrium at 1200°F (650°C), as plotted from studies of speci- 
mens annealed for 200 and 1000 hours, are shown in Fig. 1. 

A diagram for high purity alloys was determined by Bradley 
and Goldschmidt (4) using X-ray diffraction methods. However, 
since their specimens were slowly cooled (10 to 20°C per hour) 
from 1650°F (900°C), they probably represent equilibrium con- 
ditions at the elevated temperature only very approximately, if at all. 
The diagram published by Rees, Burns and Cook in 1949 (5) for 
the phase equilibria of the iron-chromium-nickel system at 1200 °F 
(650 °C) undoubtedly is much more accurate. These investigators 
worked with bulk and powder (filings) specimens of high purity 
alloys containing from 0 to 50% chromium and 0 to 60% nickel. 
The alloys were soaked at 2460°F (1350°C) for three days to 
minimize coring, and then were annealed at 1200°F (650°C) for 
periods up to 200 days (4800 hours). Phases were identified by 
employing metallographic, X-ray, and magnetic techniques. This 
diagram also is shown in Fig. 1; the phase boundaries on the iron- 
chromium boundary were based on the work of Cook and Jones (6). 

It will be noted that the two diagrams in Fig. 1 are reasonably 
similar, but that the locations of some of the boundaries are widely 
different. These discrepancies may indicate either a failure to obtain 
equilibrium or the effect of the steelmaking elements in the alloys of 
Schafmeister and Ergang (1). 

Since Shortsleeve and Nicholson (7) showed that sigma may 
form at 1200°F (650°C) in chromium steels containing as little as 
21% chromium, and the diagram of Schafmeister and Ergang (1) 
indicates that the minimum chromium content of the sigma regions 
for iron-chromium alloys is 33%. at this temperature, it is entirely 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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Chromium % 


Fig. 1—Iron-Rich Corner of the Iron-Chromium-Nickel System at 1200°F (650°C). 
Data of Schafmeister and Ergang (1) used for alloys of commercial purity (solid lines) 
and data of Rees, Burns and Cook (5) for high-purity alloys (dashed lines). For each 
line there is a certain zone of uncertainty which has not been indicated on the diagram. 


possible that the iron-chromium-nickel portion of their diagram also 
is in error and that the regions of sigma stability extend to lower 
values of chromium than they have indicated. If this were the case, 
many important heat resistant steels, which appear to lie just outside 
of sigma regions on the basis of the Schafmeister and Ergang dia- 
gram, might actually be susceptible to embrittlement by sigma for- 
mation. In view of these considerations, the present investigation 
was undertaken to determine the limits of the sigma regions at 1200 
°F (650°C) for chromium-nickel steels of simulated commercial 
purity containing up to 21% chromium and 20% nickel. 


DETERMINATION OF SIGMA-FORMING COMPOSITIONAL LIMITS 
FOR STEELS 


The five series of alloys studied contained, nominally, 2, 4, 8, 
14, and 20% nickel ; the chromium contents ranged from 12 to 21%. 
Silicon, manganese, phosphorus, sulphur, and carbon were present 
in each alloy as steelmaking elements, but in no case did the carbon 
content exceed 0.1%. Although nitrogen was not determined, ex- 
perience with other alloys, made in a similar manner, indicates a 
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Table I 
Compositions of Steels Investigated 





Alloy — —__—_—_—_———————-Composition, Per Cent* 
Number Ni Cr Mo Si Mn e Ss P 
2N-15 2.28 14.83 Lies 0.37 0.53 0.03 0.010 0.028 
2N-18 2.36 19.61 Aes 0.47 0.53 eng al To ars 
2N-21 2.49 20.37 Ja'eé 0.76 0.86 EAS SS CRS aera re ae 
4N-12 4.43 12.22 0.01 0.54 1.32 0.07 0.010 0.024 
4N-15 4.33 15.30 0.02 0.54 0.48 0.07 0.010 0.022 
4N-18 4.49 17.17 0.01 0.63 0.57 0.07 0.010 0.012 
4N-21 4.31 21.09 0.02 0.70 0.42 0.06 0.013 0.022 
8N-15 8.25 14.42 0.03 0.70 0.78 0.06 0.010 0.022 
AISI-304t 9.16 18.85 0.10 0.23 0.57 Cr eee ee 
8N-18 8.18 17.80 eves 0.42 0.39 0.07 0.012 0.010 
8N-21 8.91 20.74 cats 0.84 0.71 0.07 0.011 0,028 
14N-15 15.51 17.13 0.01 0.28 0.33 0.04 0.015 0.034 
14N-18 13.88 17.98 0.01 0.33 0.36 0.02 0.028 0.019 
14N-21 13.59 20.25 0.01 0.37 0.38 0.03 0.018 0.020 
20N-15 19.69 14.87 0.03 0.40 0.49 0.06 0.018 0.016 
20N-18 19.25 18.53 0.01 0.51 0.59 0.03 0.018 0.030 
20N-21 19.64 20.96 0.01 0.63 0.58 0.03 0.012 0.030 





*N2 probably 0.03 to 0.07% in all compositions. 
tTi+ Cb nil. 


probable range of 0.03 to 0.07% for it. A complete list of compo- 
sitions is given in Table I. One industrial steel, an AISI Type 304, 
also is included. The alloys containing 2, 4, and 20% nickel were 
in the cast condition, and those containing 8 and 14% nickel were 
in the hot-rolled condition. 

In order to produce uniformity and to minimize segregation, 
the alloys were soaked for 64 hours at 2250 °F (1230°C) and were 
water-quenched. Powder samples (—170 mesh filings) then were 
taken from each of the alloys, were sealed in Vycor tubes under 
partial vacuum to minimize oxidation and decarburization, and were 
held at 1200+ 10°F (650°C) for times of approximately 500, 
1000, and 2000 hours, followed by air cooling. X-ray diffraction 
patterns were taken of the powder samples after the 1200 °F treat- 
ment, using unfiltered chromium radiation? and a 143-mm diameter 
Debye camera with a slit-type collimator. As pointed out previously 
(7), the use of heavily cold-worked powder specimens accelerates 
markedly the rate of sigma formation. Consequently, the combina- 
tion of this and the three heat treating times used was felt to give 
reasonable assurance of obtaining equilibrium. The phases detected 
in each of these specimens are listed in’Table IT. 

The limits of the sigma regions at 1200°F (650°C), as de- 
lineated by these data, are shown in Fig. 2. The shaded regions 
indicate the probable uncertainty of the boundaries. In the vicinity 
of the sigma homogeneity range, the high purity diagram has been 
assumed to be substantially correct although any change in the 
location of the sigma triple point will not affect materially the 
positions of the (y+ 0«)/(a+y-+o) and the (a+y-+06)/ 


2The X-rays were generated by a G.E. “KRD-1 Unit operating at 45 KVP and 15 ma. 
An exposure time of 20 minutes was employed. 
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Open circles = single phase, a or SO 
Circles with solid base = two phase, 


a+ seh} 
Circles with solid side = two phase, 


y¥+o 
Triangles = three phase, a+y+o 





40 


SO 40 30 20 10 Fe 


Chromium % 
Fig. 2—Limits of the Sigma Regions at 1200°F (650°C) as Determined by the 
Present Investigation (Solid Lines) and as Drawn From the Data of Rees, Burns and 


Cook (5) for High-Purity Alloys (Dashed Lines). The shaded areas indicate probable 
uncertainty in the positions of the boundaries drawn from the present investigation. 


(a+ 6) boundaries. The newly determined phase boundaries have 
the same general shape as the corresponding phase boundaries in the 
diagram of Schafmeister and Ergang (1), but the regions of sigma 
stability extend to lower values of chromium than were indicated 
by the German investigators. For example, in the present study 
sigma was developed in steels containing, nominally, 21% chromium — 
20% nickel, 21% chromium — 14%, nickel, and 18% chromium - 
8% nickel. According to Schafmeister and Ergang, all of these 
compositions lie outside cf sigma regions. 


SIGMA FORMATION IN THE 18:8 REGION 


From the diagrams in Fig. 2, it appears that the 18% chromium — 
8% nickel composition lies very close to the limits of the sigma 
regions at 1200°F (650°C) and that only minor changes in com- 
position should be required to make the alloy nonsusceptible to sigma 
formation. In order to examine this possibility further, the eight 
alloys listed in Table III were studied. Seven of these were hot- 
rolled commercial steels, and the eighth (M-1) was a high purity 
alloy very kindly furnished by Dr. H. H. Uhlig of Massachusetts 


~* 


- +2 *& + %*s 






ne eh Owe ERO SO 


. ae hee oO et ee 


* _—~—/~,_ @~ «<6 a= 7 


_ 


le i i ed 


Se 


Seer are 


Se NRE 
-- 0@6 ——— — ew + 








606 TRANSACTIONS OF THE A.S.M. Vol. 44 


Table li 
Phase Present Before and After the 1200 °F (650°C) Heat Treatment 


1200 °F (650 °C) 
Following 64 Hours 
at 2250 °F (1230 °C) 
Alloy ——— —Soaking Time in Hours 
Number 0 
2N-15 
2N-18 
2N-21 
2N-24§ 
2N-277 
4N-12 
4N-15 
4N-18 
4N-21 
4N-24§ 
4N-27t 
8N-15 
AISI-304* 





1 
a+v¥ 
a+vy+a 
a+y+e 


aqaaa 


+44+ 


ttt 
eae a 
+444 
2222 
oe 
aa 


AAG QBLVVLY AZRVRV SF 
a29aaqa9 


+4+++ t+t+4+++ +4+4+++ 
++++ 
aqqr 


a 
Q 

aa 
Q 


RPL LVL QBRVA RARARARA AARAA 


VL LLL LVwA 


____ 20N-21 y¥+o 
*Longest time at 1200 °F (650 °C) was 794 hours. 
§Longest time at 1200 °F (650 °C) was 168 hours. 
tLongest time at 1200 °F (650 °C) was 72 hours. 
tLongest time at 1200 °F (650 °C) was 8 hours. 


+ 
Q 








Institute of Technology. The high purity alloy was coated with 
Saureisen cement and soaked for 64 hours at 2250 °F (1230°C) in 
cast iron chips (air-cooled) before being used. 

The specimen preparation, heat treatment and X-ray examina- 
tion were conducted in the manner described previously (7). The 
phases detected in each of the specimens after the 1200 °F (650 °C) 
treatment are listed in Table IV, and plotted graphically in Fig. 3. 

None of these 18:8-type steels showed any evidence of ferrite 
in the specimens quenched from the 1200°F (650°C) heat treat- 
ment, although the patterns of all of them contained diffuse ferrite 
lines before heat treating. The pattern of the high purity alloy 
(M-1) contained very broad ferrite lines but, in view of Uhlig’s 


_——— 


Table Il! 


Compositions of 18:8 Alloys Investigated 
(Alloys are arranged in order of decreasing chromium content) 





Alloy —————_——____———Co position, Per Cent——— fried, 
Number Ni Cr Mo Si Mn Cc Ss Pp N 

R-1 9.16 18.85 0.10 0.23 0.57 RR Ce ae ee en 
M-1 8.08 18.36 ary oF PS te Ree? 3 cee Ft eS 0.005 
US-1 10.12 18.18 ee 0.53 1.10 0.09 0.008 MAMI SO 
US-2 9.380 18.14 Wt. 0.34 0.88 0.09 0.007 0.020 

C-1 8.18 17.80 oe 0.42 0.39 0.07 0.012 we. os he 
US-3 11.04 17.74 0.34 0.80 0.09 0.009 ore ees 
US-4 9.68 17.65 0.32 1.00 0.09 0.019 ee te 
US-5 9.58 17.36 0.39 1.04 0.10 0.018 et aia 
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Open circles = single phase, 15 70 
Circles with solid si “pay phase, 
y+¢ 





5 : 
25 20 15 
Chromium % 


Fig. 3—Limits of the Sigma Regions at 1200°F (650°C) in the Region of the 


18:8 Compositions. The shaded regions indicate the composition limits of AISI 
Types 301, 302 and 304. 


dilatometric results on this alloy (8), it is believed that the con- 
stituent responsible for these lines formed during the quenching, by 
a martensitic-type transformation (this phase has been designated 


as a), and that no ferrite existed at the heat treating temperature 
in any of the alloys. 


Fig. 3 indicates clearly that the (y + 6)/y phase boundary lies 
between 17.7 and 18.1% chromium. This boundary can be drawn 


so it is practically identical with the boundary drawn from the Rees, 
Burns and Cook (5) study of high purity alloys. 


Table IV 


Phases Present in the 18:8 Alloys After the 1200 °F (650°C) Heat Treatment 
(Alloys are arranged in order of decreasing chromium content) 





Phases Present 


Alloy ——————After Hours Shown at 1200 °F (650 °C) ——_______ 
Number 22 500 572 1000 
R-1 Y+¢ Y¥+¢ 
M-1 a’+¥+e 
- v Y+¢ 
C-1 Y¥+¢ 
US-3 2 v 
USsS4 Y v 
US-5 Y v 


a’ designates the diffuse pattern of martensitically formed a. 














~ * 


aro 442% = 


re 


. ae WS 24 a*.*% @™ * 


-— «© +r ee re mm © Ce + -~—_e 6s Oe Er 


( 


: 
t 





608 TRANSACTIONS OF THE A.S.M. | Vol. 44 


EFFECT OF STEELMAKING ELEMENTS ON SIGMA-FORMING 
TENDENCIES OF STEELS 


A comparison between the new sigma-forming composition 
limits (solid lines) and those found by Rees, Burns and Cook (5) 
for high purity alloys (dotted lines) also is given in Fig. 2. Since 
the techniques employed in these two investigations were substan- 
tially the same, it is believed that the differences between the two 
diagrams are associated with the ee elements in the alloys 
of simulated commercial purity. 

An examination of Fig. 2 shows that: 

1. The (a+ 06)/a phase boundaries of the two diagrams are 
roughly parallel and are displaced from one another by about 5% 
chromium, with the phase boundary for the chromium-nickel steels 
lying at the lower values of chromium. 

2. The alpha triple point of the three-phase (a + y+ 6) tri- 
angle probably lies at about 2% nickel and 17% chromium for the 
chromium-nickel steels, as compared with about 1.5% nickel and 
23% chromium for the high purity alloys. 

3. The gamma triple point is displaced relatively little, if at all, 
by the addition of the steelmaking elements. It cannot lie above 
about 8% nickel in either diagram but it could lie as low as 6% 
nickel and still be consistent with both sets of data. 

4. The two (y+ 6)/y phase boundaries are identical within 
the limits of experimental accuracy. 

5. The y/(a+y) and (a+ y)/a boundaries in the steel dia- 
gram probably are substantially the same as the comparable bound- 
aries in the high purity diagram. 

Consequently, it appears that the major effect, on the phase 
relationships of the iron-chromium-nickel system, of steelmaking 
elements in the range of compositions discussed here is to reduce the 
solubility of chromium in ferrite and so to increase the quantity of 
sigma at the expense of ferrite. 


S1GMA-FORMING TENDENCIES OF AISI STEELS 


Many important industrial alloys heretofore considered non- 
susceptible to sigma formation at 1200°F (650°C) actually are 
susceptible, according to this new diagram. As shown in Fig. 4, 
the ranges of composition specified for stainless steels of the AISI 
Types 301, 302, 303, 304, 308, 309, 310, 321, and 347 lie wholly or 
partially within the new sigma regions. Since it now is shown that 
sigma can exist in these alloys, it is entirely possible that some 
industrial failures which have been attributed to other causes actually 
were associated with sigma phase. 

In general, the commercial straight 18:8 alloy best suited for 
use at 1200 °F (650°C) on a substantially sigma-free basis should 
be an AISI Type 302 alloy .in Which the composition limits are held 
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50 40 30 20 10 Fe 
Chromium % 


Fig. 4—Relative Locations of Some of the Important AISI Stainless Steel Compo- 
sitions With Respect to the Limits of the Sigma Regions at 1200°F (650°C) as Drawn 
From Data of Present Investigation (Solid Lines) and From Data of Schafmeister and 


Ergang (1) (Dashed Lines). The regions of tincertainty in placing the lines have not 
been indicated. 


% Chromium % Nickel AISI Spec. No. 
A 16-18 6-8 301 
B 17-19 8-10 302, 303 
Cc 18-20 8-11 304 
D 19-21 10-12 308 
E 22-24 12-15 309 
F 24-26 19-22 310 
G 17-19 8-11 321 
H 17-19 9-12 347 


at 16 to 18% chromium and 8 to 10% nickel. However, this de- 
crease in chromium content probably is necessary only for the rela- 
tively low carbon (0.08 to 0.15%) alloys which usually are furnished 
to the present specification. If the carbon content runs as high as 
the permissible 0.15 to 0.20%, the present 17 to 19% chromium 
limits may be satisfactory. For high temperature applications in the 
sigma-forming range, the additional carbon would combine preferen- 
tially with the chromium to form carbide, thus reducing the effective 
chromium content of the austenitic matrix to the lower limits 
recommended. 

The 25% chromium — 20% nickel (AISI Type 310) stainless 
steel, used primarily for high temperature applications for which high 
strength and toughness as well as good oxidation and. corrosion 
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resistance are required, now is shown clearly to be susceptible to 
sigma formation at 1200°F (650°C), so some consideration might 
be given to making it nonsusceptible. 

When this steel is held at temperatures between about 1000 and 
1700 °F (540 and 925 °C) for extended periods of time, the sigma 
phase forms. When sigma precipitates, partitioning of alloying 
elements occurs. Since sigma is relatively rich in chromium and 
poor in nickel, the remaining austenite is somewhat impoverished 
in chromium and enriched in nickel. Under equilibrium conditions, 
the compositions of the austenite can be roughly approximated from 
the phase diagram. This indicates that, at 1200°F (650°C), steels 
containing 25% chromium and 20% nickel should consist of about 
80% austenite (probably containing about 21% chromium and 23% 
nickel) and about 20% sigma (probably containing about 43% 
chromium and 6% nickel). 

Since’ the 25% chromium — 20% nickel alloy also contains the 
brittle sigma phase after long heating at 1200°F (650°C), its room 
temperature impact resistance should be less than that of a sigma- 
free alloy containing only austenite of a 21% chromium — 23% nickel 
composition. 

Furthermore, sigma formation appears to reduce the creep 
strength and the stress-to-rupture strength of 25% chromium — 20% 
nickel steel (8), and it would be expected that the heat resisting 
properties of the alloy would start to deteriorate somewhat as soon 
as sigma starts to form. It already is known (8) that sigma may 
form in a 25% chromium — 20% nickel alloy in less than 100 hours 
at 1500 °F (815°C). Therefore, the physical properties of such an 
alloy for applications in this temperature range could be altered, dur- 
ing relatively short times, by sigma formation. 


Errect oF ADDITIONS OF SILICON AND MANGANESE 
ON (y+ 06)/y BouNDARY 


Because of the observations that steelmaking elements, particu- 
larly silicon, in amounts of about 0.5% had little or no effect on the 
(y + 06)/y phase boundary and that the composition of the gamma 
triple point was substantially unchanged, additional experiments were 
conducted in the hope of disclosing specific ranges of compositions 
to which larger amounts of silicon could be added without increasing 
sigma formation. This possibility was particularly interesting be- 
cause of the general belief that any additions of silicon to a stainless 
steel composition would increase its sigma-forming tendencies. 
Furthermore, if a range of compositions could be found to which 
silicon could be added without adding sigma-forming tendencies 
simultaneously, the added silicon might compensate for the loss in 
oxidation resistance resulting frem decreasing the chromium content 
to about 18% to make the alloys nonsusceptible to sigma formation. 


a 
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Table V 
Compositions of the Silicon-Bearing Alloys 


Series S1 (nominally 1% silicon) 





Alloy ——_—_————_——————_Composition, Per Cent *—_—_____—_—_—_ -~ 
Number Ni Cr Mo Si Mn Cc Ss P 
8-S1-12 8.51 12.36 0.01 0.94 0.63 0.03 0.016 0.016 
8-S1-15 8.51 15.23 0.01 .98 0.61 0.04 0.015 0.014 
8-S1-18 8.38 17.87 0.02 1.01 0.55 0.03 0.015 0.024 
8-S1-21 8.35 21.00 0.01 0.96 0.66 0.03 0.018 0.012 
8-S1-24 8.50 24.13 0.01 0.87 0.50 0.06 0.016 0.020 
14-S1-12 14.54 12.70 ee 1.01 0.49 0.05 0.017 0.014 
14-S1-15 13.62 15.00 0.01 0.96 0.66 0.05 0.019 0.010 
14-S1-18 14.27 17.83 0.01 1.03 0.55 0.05 0.010 0.006 
14-S1-21 14.93 21.07 0.01 1.05 0.58 0.05 0.020 0.008 
14-S1-24 14,14 23.80 0.02 1.22 0.54 0.05 0.016 0.014 
20-S1-12 19.38 11.56 0.01 ; 22 0.77 0.04 0.013 0.010 
20-S1-15 20.30 15.30 By 1.10 0.80 0.05 0.014 0.016 
20-S1-18 20.69 18.90 1.19 0.82 0.05 0.014 0.014 
20-S1-21 19.77 2¢.58 ae 1.19 0.65 0.06 0.016 0.012 
20-S1-24 19.51 24.00 0.02 1.24 0.60 0.06 0.017 0.010 
Series S2 (nominally 2% silicon) 
20-S2-15 19.90 14.93 0.01 1.87 0.66 0.05 0.025 0.012 
20-S2-18 20.20 17.61 0.01 1.94 0.72 0.04 0.024 0.010 
Series S3 (nominally 3% silicon) 

8-S3- 9 8.51 9.52 0.01 2.95 0.57 0.04 0.020 0.010 
8-S3-12 8.77 12.24 0.01 3.02 0.55 0.04 0.015 0.010 
8-S3-15 8.51 14.95 0.01 3.18 0.76 0.05 0.018 0.011 
20-S3-15 19.90 15.18 0.01 2.69 0.59 0.05 0.020 0.010 
20-S3-17 19.90 18.18 0.02 2.92 0.64 0.04 0.012 0.010 





*N: probably 0.03 to 0.07% in all compositions. 


Five sets of alloys were investigated ; the compositions are given 
in Tables V and VI. The first (nominal 1% silicon) set consisted 
of fifteen alloys covering the range 11.6 to 24.1% chromium, 8.4 to 
20.7% nickel, 0.9 to 1.2% silicon, 0.5 to 0.8% manganese, and 0.03 
to 0.06% carbon. The second (nominal 2% silicon) set consisted 
of two alloys containing, roughly, 20% nickel and 15 and 18% 
chromium. The third (nominal 3% silicon) set consisted of five 


Table VI 
Compositions of the Manganese- and Manganese Silicon-Bearing Alloys 


Series M2 (nominally 2% manganese) 








Alloy —_—_—————Composition, Per Cent*————___________ 
Number Ni Cr Mo Si Mn = S P 
8-M2-12 8.12 12.25 0.01 0.63 2.50 0.04 0.015 0.020 
8-M2-15 8.32 14,81 0.01 0.77 1.91 0.05 0.017 0.012 
8-M2-18 8.23 18.33 0.01 0.56 1.82 0.05 0.014 0.020 
8-M2-21 8.40 21.04 0.01 0.56 1.96 0.04 0.013 0.013 
8-M2-24 8.64 24.11 0.01 0.70 1.98 0.04 0.013 0.012 

Series MS (combinations of nominally 1, 1.5, or 2% of manganese and silicon) 
19-MS1-19 18.86 18.58 oe 0.84 0.85 Sane Seth eee LS 
19-M1.5S1-19 18.99 18.88 Pe 1.01 4.76 > A SAR 
19-M1S1.5-19 18.66 18.31 ee 1.63 0.90 ue te ea 
19-Mi.5sS1.5-19 18.72 18.18 eee 1.40 1.47 ae Sa, Ios 
19-M S219 19.64 18.11 ie 2.11 0.98 RRS PP eo SPE eS 
19-M2S2-19 18.33 17.74 sivk' 2.27 1.82 0.04 


*N2 probably 0.03 to 0.07% in all compositions. 
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Table VII 


Phases Present in the ae Alloys of Series S1, S2 and S3 
After the 1200 °F (650 °C) Heat Treatment 


Series S1 (nominally 1% ‘silicon) 














Alloy Soaking Time in Hours——__——____, 
Number 500 1000 2000 
8-S1-12 7¥+a’ ¥+a’ 
8-S1-15 y¥+a’+ cc y+ a’ 
8-S1-18 ¥+a+o y¥+a+a’+oe 
8-S1-21 Y+¢ 77. 
8-S1-24 y¥+o ¥+o 
14-S1-12 vy + cc ¥+ a’ 
14-S1-15 v Y 
14-S1-18 ¥+o¢ y¥+oe+cc 
14-S1-21 ¥+¢ Y¥+¢ 
c 14-S1-24 ¥+¢ Y¥+o 
1 20-S1-12 vy + cc vy + cc 
° 20-S1-15 y+ cc y+ cc 
{ 20-S1-18 vy + cc vy + cc 
é 20-S1-21 ¥+o¢ y¥+oe-+cc 
t 20-S1-24 y¥+o Y¥+¢ 
i Series S2 (nominally 2% silicon) 
? 20-S2-15 y+ cc vy + cc 
* 20-S2-18 y+ cc y+ cc y+ cc 
> Series S3 (nominally 3% silicon) 
‘ 8-S3-9 y+ a’ Y¥+a y¥+a 
4 8-S3-12 y+ a’ ¥+a vy+a 
it 8-S3-15 y¥+a+a’ y¥+a+a’ y¥+a+a’+o 
i +o--cc +o-+cc 
it 20-S3-15 y+ cc y+ cc vy + cc 
> 20-S3-18 y+o +o Y¥+o¢ 
a 
“ a’ designates martensitically formed a. 
| ce indicates cubic carbides. 
; t cates aehaseaslills cheat ieeagemaneinieedtietaetieainanieatenenateaieadtatadtientynceterenanaeeaienas ~— ae a a 
; 
es 
f 
h alloys, three containing, roughly, 8% nickel and 9 to 15% chromium 
. and the other two containing about 20% nickel and 15 and 18% 
chromium. 
t The effects of manganese were evaluated by the five alloys 
> (Table VI) containing, roughly, 2% manganese, low carbon, about 
i 


0.6% silicon and 12.2 to 24.1% chromium with 8.1 to 8.6% nickel; 
and the six alloys containing 17.7 to 18.9% chromium and 18.3 to 
19.6% nickel with varying nominal combinations of 1, 1.5, and 2% 
manganese with 1, 1.5 and 2% silicon. 

The phases determined by X-ray diffraction powder techniques, 
after holding 500 and 1000 hours at 1200 °F (650 °C), are listed in 
Tables VII and VIII; a designates the martensitically formed a, 
and cc indicates the presence of cubic carbides. 

The results of the effects of various silicon levels on the 
(y+ «)/y phase boundary, as closely as they can be estimated from 
the limited data available, are summarized in Fig. 5. In general, the 
effect of manganese cannot be stated with any certainty. However, 
manganese contents up to about 2% appeared to have little, if any, 
effect on the equilibria in alloys containing up to about 2% silicon, 
so all the data have been plotted together. 
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Open circles = single phase, 5O 
Circles with solid base = two phase, 








are be is 
Circles with solid side = two phase, 


_v+e 
Triangles = three phase, a+y+o 
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-2-3% Si 


50 40 30 20 lO Fe 
Chromium % 


Fig. 5—Effect of Additions of 1, 2 and 3% of Silicon on the (y+o Phase 
Boundary (Solid Lines). The dashed lines indicate the diagram for a oe 
a nominal 0.5% silicon. The circular points are for nominal 1% silicon alloys; the 
crosses are for nominal 2% silicon alloys (regardless of manganese content), drawn 
vertically (+-) if sigma was formed in the alloy and drawn inclined (x) if the alloy was 
completely austenitic. No points have been plotted for the nominal 3% silicon alloys. 


Table VIII 


Phases Present in the Manganese-Bearing Alloys of Series M2 and MS 
After the 1200 °F (650 °C) Heat Treatment 


Series M2 (nominally 2% manganese) 


Alloy Soaking Time in Hours———_—_______ 
Number 500 1000 2000 
8-M2-12 y+ a’ ’ 
eee a He 

-M2- y+o Y+¢o 
8-M2-21 Y+¢ Y+¢o a 
8-M2-24 y+o y+o y¥+o 

Series MS (combinations of nominally 1, 1.5, or 2% of manganese and silicon) 
19-M,S,-19 ' ¥+cc y+ cc 
19-M1.5S1-19 y+ cc v¥ + cc 7 tf Se 
19-MiS1.5-19 v7 + cc vy + cc vy + cc 
19-Mi.5S1.5-19 y+ cc v + cc vy + cc 
19-MiS2-19 Y+¢ Y¥+¢o ¥+o 
19-M2S2-19 Y+¢o Y¥+¢ ¥+¢ 


a’ designates martensitically formed a. 
ce indicates cubic carbides. 
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Only the boundary for the 1% silicon alloy can be fixed with 
reasonable certainty. By comparing it with the boundary for steels 
containing a nominal 0.5% of silicon it will be seen that additions 
of nickel tend to oppose the nominal sigma-forming tendencies of 
additions of silicon. Thus, at the 20% nickel level, the boundary is 
displaced toward lower chromium contents by only about 0.5% chro- 
mium; whereas, at the 10% nickel level, this displacement is about 
2% chromium. 

The boundaries for silicon levels of 2 and 3% have been drawn 
parallel to the 1% silicon boundary, even though the justification for 
this may appear to be slight. It undoubtedly is equally as probable, 
if not more so, that they converge and join at the second alpha triple 
point (for the chromium-rich body-centered cubic phase) which the 
work of Rees, Burns and Cook (5) indicates to lie close to 30% 
nickel and 20% chromium. Note that the 2% silicon line is limited 
at the 20% nickel level by the data secured from the S2 and MS 
alloys. Both of the S2 alloys (about 1.9% silicon) were completely 
austenitic because their highest chromium content was 17.6%. On 
the other hand, in the MS alloys, the chromium contents of which 
ranged from 17.7 to 18.9%, sigma formed in both alloys containing 
more than 2% silicon but in none of the alloys containing 1.6% 
or less.. Consequently, at the 20% nickel level, the 2% silicon bound- 
ary must lie at about 18% chromium. 

In the series $3 alloys the data clearly indicate that the boundary 
must be between 15.2 and 18.2% chromium at the 20% nickel level 
and between 12.2 and 15.0% chromium at the 8.5% nickel level. 
Even though both of the latter compositions lie below the gamma 
triple point, the exact location of which is not known, these two 
points serve to fix the 3% silicon boundary within, probably, plus or 
minus 1.5% chromium. 

From these results it would be anticipated that sigma would 
form in AISI Type 302B (17 to 19% chromium, 8 to 10% nickel, 
and 2 to 3% silicon) and that, to prevent this, the chromium content 
would have to be kept below about 14%. 

Note that, at the 20% nickel level, however, 2% silicon could 
be added to alloys containing 16 to 17% chromium without adding 
sigma-forming tendencies. 


EFFECT, ON THE DIAGRAM, OF ADDITIONS OF 2% MoLyBDENUM 


Molybdenum is another alloying element used considerably as an 
addition to stainless steel compositions. The effects of molybdenum 
upon the sigma-forming tendencies of these alloys was of especial 
interest because it is known as a ferrite-former. The twenty-five 
alloys used are listed in Table IX. These contained 1.7 to 2.4% 
molybdenum and covered the range 11.6 to 25.1% chromium and 
0.1 to 19.9% nickel, with 0.1 to 0.8% silicon, 0.09 to 0.8% manga- 
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nese, 0.02 to 0.06% carbon and normal amounts of phosphorus and 
sulphur. Three of the alloys contained higher percentages of carbon 
(0.17 to 0.18) which meant that their effective chromium content 
probably was decreased by about 1%. 

The phases detected in the X-ray diffraction examination of 
these specimens, after heat treating at 1200 °F (650°C) for various 
times from 500 to 1896 hours, are listed in Table X and plotted 
graphically in Fig. 6. 


Table IX 
Compositions of Molybdenum-Bearing Alloys 


Series Mo 2 (nominally 2% molybdenum) 


Alloy anenneetahmenmeronnerinnommioren nl Ie, Pe Ct nen, 
Number Ni Cr Mo Si Mn Cc S P 
0-Mo 2-12 0.15 11.67 2.03 0.35 0.45 0.04 0.017 0.020 
0-Mo 2-15 0.10 14.67 2.00 0.40 0.52 0.05 0.018 0.028 
0-Mo 2-18f 0.14 18.69 2.18 0.61 0.68 0.17 0.024 0.022 
0-Mo 2-21 0.10 21.81 1.74 0.51 0.48 0.02 0.019 0.024 
0-Mo 2-23 0.10 25.11 2.13 0.51 0.55 0.02 0.018 0.024 
2-Mo 2-12 1.96 11.96 2.08 0.84 0.13 0.03 0.020 0.022 
2-Mo 2-15 1.96 14.74 2.16 0.84 0.09 0.04 0.024 0.016 
2-Mo 2-18 1.93 17.73 2.08 0.75 0.12 0.02 0.017 0.024 
2-Mo 2-20 1.81 20.33 1.89 0.80 0.11 0.03 0.020 0.018 
4-Mo 2-12 4.14 12.46 2.21 0.68 0.63 0.05 0.006 0.050 
4-Mo 2-15 4.15 15.30 2.12 0.70 0.75 0.05 0.008 0.042 
4-Mo 2-18 4.44 18.19 2.28 0.72 0.76 0.05 0.007 0.020 
4-Mo 2-21 4.42 20.75 2.16 0.84 0.66 0.06 0.019 0.014 
8-Mo 2-12 8.38 11.96 2.05 0.37 0.28 0.06 0.019 0.028 
8-Mo 2-15 8.33 14.76 2.07 0.26 0.30 0.06 0.030 0.030 
8-Mo 2-18 8.38 17.41 2.08 0.14 0.30 0.07 0.027 0.032 
8-Mo 2-21f 8.65 21.10 2.25 0.54 0.55 0.18 0.024 0.018 

14-Mo 2-12 14.38 11.63 2.31 0.35 0.30 0.04 0.014 0.026 
14-Mo 2-15t¢ 14.88 14.30 2.17 0.47 0.64 0.17 0.024 0.020 
14-Mo 2-18 14.64 17.88 2.43 0.54 0.31 0.04 0.018 0.020 
14-Mo 2-21 13.91 20.62 2.41 0.80 0.36 0.05 0.014 0.028 
20-Mo 2-12 19.90 12.00 2.04 0.37 0.31 0.03 0.016 0.018 
20-Mo 2-15 19.64 14.13 2.32 0.68 0.73 0.04 0.014 0.028 
20-Mo 2-18 19.90 17.75 2.00 0.49 0.36 0.04 0.014 0.018 
20-Mo 2-21 19.90 21.11 2.08 0.75 0.59 0.04 0.012 0.010 


*Ne probably 0.03 to 0.07% in all compositions. 
+These alloys contained, nominally, 0.15% carbon. 


Although the pertinent phase boundaries cannot be drawn with 
great accuracy, it appears that the nickel content of the gamma 
triple point has decreased somewhat and that the nickel content of 
the alpha triple point has increased somewhat in comparison with 
molybdenum-free steels. However, neither of these triple points can 
be fixed with certainty. Furthermore, the (y-+ o6)/y phase bound- 
ary, up to 20% nickel at least, seems to be displaced about 3% 
chromium toward lower chromium contents, and to correspond, 
roughly, to the 16 to 17% constant chromium content line. The 
(a-++ o)/a phase boundary also is displaced, the maximum amount, 
about 6% chromium, occurring at the iron-chromium end. 

These results, therefore, indicate that the effects of 2% molyb- 
denum, at 1200 °F (650°C), are to increase the stability of ferrite 
in preference to austenite probably in all the alloys containing less 
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than 8% nickel and to increase the sigma-forming tendencies of all 
the compositions regardless of nickel content. 

For low carbon alloys containing 2% molybdenum and about 
20% nickel, the chromium content should not be greater than about 
16% if sigma formation is to be avoided. In comparison, for this 
same nickel content in the absence of molybdenum, chromium con- 
tents up to about 20% should be free from sigma formation. 


50 


Open circles = single phase, a or ¥ 
Circles with solid base = two phase, 


an te 
Circles with solid side = two phase, 


y+o 
Triangles = three phase, a+y+o 
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Fig. 6—Effect of Additions of 2% Molybdenum on the Limits of the Sigma Re- 

gions at 1200°F (650°C). The shaded regions indicate probable uncertainty of the 


positions of the boundaries. The dashed lines delineate the boundaries found for 
molybdenum-free alloys, without indicating the uncertainty in these boundaries. 


It would be anticipated that AISI Type 316 (16 to 18% chro- 
mium, 10 to 14% nickel, 2 to 3% molybdenum) would be just within 
the sigma-forming region. A reduction of chromium content to below 
16% would be necessary to make it sigma-free. It should be noted 
also that, although these data indicate that nickel contents somewhat 
lower than 10% would be adequate to insure completely austenitic 
alloys, there is some element of uncertainty introduced by the phases 
found in specimen 8-Mo 2-12 so this possibility should be checked 
further. 
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Table X 


Phases Present in the Molybdenum-Bearing Alloys of Series Mo 2 
After the 1200 °F (650 °C) Heat Treatment 





Series Mo2 (nominally 2% molybdenum) 
Alloy cages" Dare ~~ re Time in Hours—., 
Number 500 500 1728 1896* 
0-Mo 2-12 a a 
0-Mo 2-15 a a a 
0-Mo 2-18t a+o a+o 
0-Mo 2-21 a+o 
0-Mo 2-24 a+o 
0-Mo 2-27 a+o 
2-Mo 2-12 
2-Mo 2-15 
2-Mo 2-18 
2-Mo 2-21 
4-Mo 2-12 
4-Mo 2-15 
4-Mo 2-18 . 
4-Mo 2-21 
8-Mo 2-12 . 
8-Mo 2-15 
8-Mo 2-188 
8-Mo 2-21f§ 
14-Mo 2-12 
14-Mo 2-15t 
14-Mo 2-18 
14-Mo 2-21 
20-Mo 2-12 
20-Mo 2-15 
20-Mo 2-18] +o y+o 
20-Mo 2-21] y+o 
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, > taken directly to 1200°F (650°C) without prior treatment at 2250 °F 
1230 °C). 


_tThe signature lines of a were not evident in the diffraction patterns because the super- 
position of intense a’ lines. 


§Specimen was held at 1200 °F (650°C) for 720 hours instead of 500 hours. 
{Longest time at #200 °F (650°C) for 720 hours instead of 500 hours. 
tContained, a 0.15% carbon. 
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SUMMARY AND CONCLUSIONS 


As a result of this X-ray study of the sigma-forming tendencies 
of nickel-chromium stainless steels at 1200 °F (650°C) the follow, 
ing conclusions may be drawn: 

1. Under conditions approximating equilibrium, sigma phase 
will form in chromium-nickel stainless steels containing approxi- 
mately 5% less chromium than is indicated by the previously accepted 
constitutional diagram of Schafmeister and Ergang. 

2. This new delineation of the sigma-forming boundaries places 
at least portions of the composition ranges of the important AISI 
types of austenitic stainless steels within the sigma-forming range and 
assists in rationalizing some of the apparently anomalous observa- 
tions on the occurrence of sigma phase reported for some of these 
alloys. 

3. In the vicinity of the gamma triple point, which seems to lie 
close to 8% nickel,,sigma phase will not form in steels whose chro- 
mium content is less than about 17.7 to 18.1%. 

‘4. For elevated temperature applications, AISI Type 302 seems 


-« 


~-—— 22 4e 


| 
: 
. 
| 

































en rY SO er 
Se OS = bt = oe . 


TTT tes Be 


Le 








618 TRANSACTIONS OF THE A.S.M. Vol. 44 
to be the 18: 8-type alloy currently available which should have the 
greatest freedom from sigma formation. For complete freedom from 
sigma formation in low carbon (0.12% or less) alloys of this type, 
a composition range of 16 to 18% chromium and 8 to 10% nickel 
is indicated. | 

5. The sigma-forming composition limits for stainless steels of 
simulated commercial purity are almost identical with those for high 
purity alloys in the gamma region but deviate increasingly toward 
lower chromium contents as the nickel content of the alloys decreases. 
At about 2% nickel the alpha triple point of the high purity diagram 
has a chromium content about 8% higher than the corresponding 
point on the steel diagram. 

6. The effect of silicon is to displace the (y+ 0)/y phase 
boundary, toward lower chromium contents, for all nickel contents 
below about 20%. The first 1% silicon displaces this phase bound- 
ary only about 0.5% chromium at the 20% nickel level but about 
2% chromium at the 10% nickel level. The boundary is displaced 
further about 1.5% chromium for each additional per cent silicon 
added up to at least, roughly, 3%. It cannot be stated definitely 
whether or not the nickel content of the gamma triple point is affected 
appreciably by this displacement, although it seems to be raised by at 
least 1% by the addition of about 1% silicon. 

7. The effect of manganese cannot be stated with any certainty ; 
however, up to about 2% manganese appeared to have little or no 
effect on the sigma-forming tendencies of alloys containing up to 2% 
silicon. 

8. The addition of 2% molybdenum displaces the (y + o)/y 
boundary, roughly, about 3% chromium toward lower chromium 
contents. Whether or not any change occurs in the nickel content 
of the gamma triple point cannot be stated with certainty; it might 
be lowered as much as 2.5%. The alpha triple point, at 1200 °F 
(650°C), is raised from about 1.5% nickel to about 3%, thus 
decreasing somewhat the composition range in which both austenite 
and ferrite are stable and increasing the composition range in which 
ferrite alone is stable. For nickel contents below about 1.5%, the 
sigma-forming tendencies are increased materially by the addition of 
about 2% molybdenum, the (a+ y)/a line probably terminating 
near 16 to 18% chromium in the nickel-free alloys. 
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DISCUSSION 


Written Discussion: By Samuel J. Rosenberg, National Bureau of 
Standards, Washington, D. C. 

We can furnish some information as to the structures to be expected 
in high purity alloys of Fe-Cr-Ni made to a base composition of 18% 
chromium and 10% nickel. In such alloys we can state quite definitely that 
sigma is a stable phase at a temperature of 1200°F (650°C). The alloys 
which were studied in our laboratory contained carbon as a variable element; 
the lowest carbon content in the series was 0.007%, and even at this very 
low ‘carbon level carbides were found to be present at 1200°F (650°C). 
Delta ferrite also was evident at this temperature in some of the alloys, 
but the indications were that this was not a stable phase, tending to trans- 
form to sigma as equilibrium was approached. 
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Authors’ Reply 


We appreciate very much Mr. S. J. Rosenberg’s confirmatory evidence 
of the presence of-sigma as a stable phase at 1200°F (650°C) in an 18% 
chromium - 10% nickel alloy. The fact that his results were secured even 
in an alloy containing as little as 0.007% carbon is of particular interest 
because our alloys in this composition range contained of the order of ten 
times this amount of carbon. Presumably, therefore, the position of the 
(y+ 0)/y¥ phase boundary, as indicated in Fig. 3, is substantially correct 
for alloys of reasonably high purity as well as for alloys of simulated 
commercial purity. This tends to confirm our belief that, within reasonable 
limits, minor amounts of steelmaking elements have little, if any, effect 
on the location of this particular boundary. 

Although Mr. Rosenberg does not mention the heat treatments which 
preceded his 1200°F (650°C) treatment, we agree that the delta ferrite 
which he noted probably was the result of this pretreatment and that delta 
is not a stable phase in this alloy at 1200°F (650°C). This point is interest- 
ing because it explains at least partially the common belief that sigma can 
form only from ferrite (delta and alpha often are confused in this respect). 
Presumably some particular partitioning of alloying elements during the 
higher temperature treatment is the reason for this, although what this 
partitioning is cannot be stated with any exactness. In any casé, our studies 
have indicated, as the diagram shows, that, at 1200°F (650°C) at least, 
sigma can form directly from austenite if the pretreatment is at a tem- 
perature for which the alloy is fully austenitic. The relatively few experi- 
ments run on powder samples indicate a rate of sigma formation about 
twenty times faster from ferrite than from austenite, although this must 
be considered as far from conclusive. 










































FERRITE FORMATION ASSOCIATED WITH CARBIDE 
PRECIPITATION IN 18 CR-8 NI AUSTENITIC 
STAINLESS STEEL 


By E. J. Dutis anp G. V. SMITH 


Abstract 


Experiments employing the microscope, X-ray dtf- 
fraction, and magnetic measurements, the latter two at 
elevated as well as at room temperature, indicate that the 
ferrite which forms in 18 Cr—8 Ni austenitic stainless 
steel as a consequence of heating in the “sensitizing” tem- 
perature range does so largely during cooling from this 
range rather than at temperature. 


N examining a sample of 18 Cr—8 Ni steel which had been in 

oil-refinery service for 10 years in a temperature range reported 
to be 1050 to 1100 °F (565 to 595 °C), with swings to a maximum 
of 1200 °F (650 °C), relatively high ferromagnetism was observed. 
The occurrence of ferrite associated with the precipitation of carbide 
has been known in this grade of steel since the early work of Aborn 
and Bain (1)? so that the observed ferromagnetism was not sur- 
prising. However, this phase is usually so minute in quantity and 
so finely dispersed as to defy positive microscopic identification, 
while being totally undetectable by X-ray diffraction; accordingly, 
its presence has been deduced in most cases only on the basis of 
magnetic measurements. Thus, the relatively high ferromagnetism 
of the present sample, removed from service, suggested that exam- 
ination might afford a fuller understanding of the phenomenon of 
ferrite precipitation in this type of steel. It would further be of 
interest to determine whether, and to what extent, the ferrite had 
transformed to sigma, a phase which in the temperature range in 
which the sample had been in service forms readily from ferrite, 
present as a minor phase in steels which are substantially austenitic. 
Also available for study was a sample of 18 Cr—8 Ni steel which 
showed slight ferromagnetism after 3000 hours at 1100 °F (595 °C) 
in creep test. 


LITERATURE REVIEW 


Ferrite formation associated with the carbide precipitation which 
occurs on heating austenitic chromium-nickel steels in the “‘sensi- 


1The figures. appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroft; October 13 to 19, 1951. The authors, E. J. Dulis and 
G. V. Smith, are associated with the Research Laboratory of the United States 
Steel Company, Kearny, N. J. Manuscript received March 28, 1951. 
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tizing” range, some 1000 to 1300 °F (540 to 705 °C) and dependent 
on holding time, and which gives rise to susceptibility to inter- 
granular corrosion, has been reported by a number of investigators 
(1-5), principally on the basis of magnetic measurements. The first 
of these investigators were probably Aborn and Bain (1) who termed 
the ferrite “abnormal” and concluded that it was induced by the 
changes in concentration of the matrix consequent to the precipitation 
of carbides. The precipitating carbides were considered to be rich 
in chromium, corresponding to CrsC, and to deplete the surrounding 
matrix in this element as well as in carbon. Owing to the relatively 
slight diffusivity of chromium in this temperature range, the loss 
of chromium could not be replenished by movement of chromium 
from the more remote matrix. This loss of chromium in the vicinity 
of the carbides was considered to be the principal reason for suscep- 
tibility to intergranular corrosion; these regions of low carbon and 
chromium content were also considered to be the sites of ferrite 
precipitation which followed the carbide precipitation. 

At higher temperature, or with longer time, the locally depleted 
areas, according to this point of view, will be replenished by diffusion 
from the surrounding solid solution, the ferrite reverting to austenite, 
and the metal as a whole recovering its resistance to intergranular 
corrosion. For this reason, the exact composition of the alloy is of 
importance; thus Bain, Aborn and Rutherford (2) encountered fer- 
rite formation during sensitization of 18 Cr—8 Ni but not in 18 Cr- 
12 Ni steels. Smith, Dulis and Houston (6) examined samples of 
several austenitic stainless steels after creep test of 3000 hours and 
observed that with the possible exception of one titanium-containing 
steel which showed borderline behavior the varieties of 18 Cr—8 Ni 
modified by addition of molybdenum, columbium or titanium devel- 
oped no ferromagnetism under conditions of test which did result 
in such change in the unmodified grade; the modified grades had, 
in general, slightly greater nickel content. 

Becket (3) has taken a somewhat different point of view of sen- 
sitization, considering that ferrite precipitates first and is followed 
by precipitation of carbide owing to the lower solubility of carbon 
in ferrite than in austenite. This point of view apparently has been 
accepted by Clark and Freeman (7). | 

Buehl, Hollomon and Wulff (4) studied by magnetic means 
the transformation of ferrite to austenite on reheating cold-worked 
18 Cr—8 Ni steel, and also considered the ferrite associated with 
carbide precipitation in annealed material. By means of magnetic 
measurements made at temperature and during cooling, these authors 
claimed to show that ferrite did not exist at the carbide precipitation 
temperature which they studied, 1165 °F (630°C), but formed only 
on cooling below 1110°F (600°C). While this may be true, the 
reader cannot be certain from the data reported that the lack of fer- 
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rite as determined by magnetic means was not merely a consequence 
of having exceeded the Curie point of the alloy. This question is 
inadequately considered in the paper, and data reported by Uhlig 
(5) have indicated the Curie change in these steels to be at or below 
the 1165 °F (630°C) temperature studied by Buehl et al. In reality, 
if, as seems likely, there exist composition gradients within the fer- 
rite adjacent to a carbide particle, there may be a corresponding 
range of Curie temperatures. Buehl et al consider that ferrite for- 
mation during cooling is attributable to the strains existing around 
carbide particles. This, of course, cannot be the whole story, for 
composition changes adjacent to the precipitated carbides must also 
be influential; thus ferrite does not occur with the carbide in the 
case of higher nickel 18 Cr—8 Ni-type steel (2), nor does it form 
so readily on mechanical deformation in the richer alloys (9). 
Uhlig’s results (5) described below are also pertinent to this point. 
Also suggestive, in view of Uhlig’s results and those reported herein, 
that Buehl et al were observing a Curie change rather than a trans- 
formation, is the relatively high temperature, about 1100°F (595 
°C), at which they reported ferrite to begin forming on cooling. 

Uhlig found in studying the role of nitrogen in 18 €r-—8 Ni 
steel that simultaneous reduction of carbon and nitrogen resulted in 
a ferritic, rather than the usual austenitic, structure at room temper- 
ature. On heating, ferrite started to transform to austenite at 885 °F 
(475 °C), the transformation being complete at about 1335 °F (725 
°C). The Curie change was considered to occur in the range 1150 
to 1200°F (620 to 650°C), although it is not clear how it was 
differentiated from the phase change of ferrite to austenite. On 
cooling, the transformation from austenite to ferrite occurred in the 
range 250 to 200 °F (120 to 95 °C). 


MATERIALS AND PROCEDURE 


Two samples having the nominal composition of 18 Cr-—8 Ni 
alloy were studied; their chemical compositions (check analyses) are 
given below. 


Steel C Mn P S Si Ni Cr Mo N Cb Ti 


1 0.08 0.41 0.018 0.011 042 868 1684 0.01 0.02 0.01 0.01 
2 O83 O26 O01S 0009 044 10.12 1838 .... 0.053 .... .... 


Steel 1 had been in service for 10 years in an oil-refinery cracking 
still at a reported temperature of 1050 to 1100 °F (565 to 595 °C) 
with swings to 1200 °F (650°C). This sample showed surprisingly 
strong ferromagnetism as judged by a hand magnet; the intensity 
of X-ray diffraction lines indicated approximately 20% ferrite. 
Steel 2 had been tested in creep for 3000 hours at 1100 °F (595 °C). 
Whereas it was paramagnetic before creep test, it proved to be weakly 
ferromagnetic after test, having a permeability of 1.160, which on 
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the basis of previous experience indicates the presence of not more 
than 1% ferrite; this ferrite could not be detected by X-ray 
diffraction. 

Magnetic permeability measurements at elevated temperatures 
were made on both steels with an apparatus which has been described 
by Sosman and Austin (8). Approximate amounts of austenite and 
ferrite were estimated from the relative intensities of the (111) 
austenite and (110) ferrite X-ray diffraction lines. A recording 
spectrometer was used with cobalt Ka radiation. 

The relative amounts of ferrite and austenite in Steel 1 at various 
elevated temperatures were measured with an X-ray spectrometer 
containing a furnace for heating the specimen in vacuum. This fur- 
nace, designed by K. G. Carroll and built in this Laboratory, con- 
sists of a cylinder under vacuum, with beryllium windows, in the 
center of which are located electrical resistance heating elements and 
a specimen mounting post. The temperature is measured by a ther- 
mocouple positioned in the specimen directly behind the area irra- 
diated. The time interval required to stabilize the temperature and 
make a measurement was about 15 minutes. 

To study the mode of formation of ferrite and austenite in these 
steels, samples of Steel 1 were heated in air for 1 hour at 100 °F 
intervals: from 1300 to 1800°F (705 to 980°C), were water- 
quenched, and were then examined microscopically and by hardness 
and X-ray diffraction means; other samples of this steel were 
cooled to —105 or —320 °F (—76 or —196 °C) in dry ice or liquid 
nitrogen respectively, held 10 minutes, and similarly examined, after 
warming to room temperature. 


RESULTS 


Past experience suggested that the quantity of ferrite in Steel 2 was 
too slight to be detected microscopically, and this proved to be true. 
Careful examination with either the optical or electron microscope 
failed to reveal in this sample any constituent which could with rea- 
sonable certainty be identified as ferrite. However, the relatively 
large quantity of ferrite in Steel 1 appeared to offer an opportunity 
to study the appearance and distribution of this phase. It is, of 
course, not possible to be certain that the ferrite in this sample is 
exactly analogous to the much smaller quantity in Steel 2 or to that 
observed in “sensitized” steels; the results recorded in this paper, 
however, indicate a similarity. The relatively low chromium content 
of Steel 1 probably accounts for the large quantity of ferrite, as will 
be discussed below. 

Microscopic examination of Steel 1 showed massive ferrite at 
the grain boundaries in association with relatively coarse carbide 
particles, Fig. la, but in not nearly sufficient quantity to account for 
the observed strong ferromagnetism or the strong ferrite X-ray 
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Fig. 1—Steel 1, As-Received From Service Exposure. (a) Etched in picric - HCl 
acids in alcohol and (b) and (c) electrolytically in chromic acid. Carbides are attacked 
and ferrite in relief in (b) and (c), whereas in (a) both are in relief. 

(a) X 1000; (b) x 1000; (c) K 2500. 


diffraction lines. The grain boundary carbides and ferrite are dif- 
ferentiated, in Fig. 1b, by the selective attack of the etchant on the 
carbides. The fine specks throughout the matrix in Figs. la and 1b 
are also carbides. The oblique illumination employed in Fig. 1b 
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Fig. 2—Steel 1, Reheated at 1800°F (980°C) for 1 Hour and Quenched. Completely 
austenitic structure shown; (a) etched electrolytically in chromic acid and (b) etched 
in picric- HCl acids in alcohol. (a) * 1000; (b) x 20,000. 


also reveals a Widmanstatten pattern which probably represents fer- 
rite (martensite) formation. That the Widmanstatten structure is 
real and not “disturbed metal’’ developed during sample preparation 
is proved by the electrolytic polishing employed. The difference in 
character from the grain boundary ferrite suggests a different mode 
of formation. The appearance of the grain boundary ferrite and 
severely etched carbides is shown at higher magnification in Fig. Ic. 

Cooling Steel 1 as received to subatmospheric temperature re- 
sulted in further ferrite formation, whereas on heating this steel for 
1 hour in the range from 1300 to 1800 °F (705 to 980°C), ferrite 
was observed, after quenching to room temperature, until a heating 
temperature of 1700 °F (925 °C) had been exceeded, Table I. The 
microstructure of a specimen reheated for 1 hour at 1800 °F (980 °C) 
and quenched is shown in Figs. 2a and-2b, the latter being an electron 
micrograph. Carbides, the needle-like constituent and grain boundary 
ferrite are all absent. Table I presents the results of hardness tests 
and X-ray diffraction determination of ferrite on these samples. 

As shown in Fig. 3, X-ray diffraction measurements made 
during heating to 1200°F (650°C) and cooling therefrom showed 
that not more than 5% ferrite exists at 1200°F (650°C), pre- 
sumably the maximum temperature encountered in service; the re- 
mainder transforms to austenite during heating in the range from 
about 800 up to 1200°F (425 up to 650°C), but then reverts to 
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Spec. Legend 
|, - ® O-Heating * > -Cooling (Heated and Cooled Twice) 


a a " 25 " 





200 400 600 800 1000 1200 
Temperature °F 


Fig. 3—Ferrite Transformation Cycle in Steel 1 Determined by X-Ray Diffraction at 


Elevated Temperatures. 
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Fig. 4—Variation of Magnetic Permeability of Steel 
2 During Heating and Cooling. 
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ferrite (martensite) during cooling below about 550°F (290°C). 
Three separate specimens were used and, although appreciable scatter 
was observed, there can be no doubt of the existence of a trans- 
formation of ferrite to austenite, and back again. 

Whereas Steel 1 was better suited to X-ray diffraction study 
at elevated temperature because of its considerable ferrite content, 
Steel 2, only very slightly ferromagnetic, was better suited to magnetic 
permeability measurements at elevated temperature because the 
apparatus (8) is not well adapted to test strongly ferromagnetic 
specimens. Fig. 4 shows the variation of magnetic susceptibility at 
temperature during heating to and cooling from 1300°F (705 °C). 
Unfortunately, time was not available after the first heating to follow 
the variation during cooling, but such measurements were made 
during a second heating and cooling of the same specimen, as 
indicated in Fig. 4. The results indicate a behavior quite similar to 
that observed in the X-ray diffraction study of Steel 1, Fig. 3, 
although in this instance the magnetic changes may be a result of 
both the ferrite — austenite transformation and a Curie change in the 
ferrite.2 The data of Fig. 4 indicate that some of the ferrite initially 
present transformed irreversibly to austenite during each heating to 
1300 °F (705 °C), but this is not surprising when it is recalled that 
the steel had developed its propensity to ferrite formation during 
creep test at 1100°F, 200°F lower than the heating temperature 
employed in Fig. 4. The temperature was maintained at any meas- 
urement level only long enough (about 20 minutes) to establish 
apparent equilibrium. 


Table I 


Hardness and Ferrite Content* of Steel 1 at Room Temperature 
fter Various Treatments 


Temperature, °F Time at Temperature, Min. DPH (20 Kg.) Ferrite, % 
—320 10 218 40 
—105 10 204 30 

Room As-received material 162 20 
1300 60 177 19 
1400 60 176 20 
1500 60 179 18 
1600 60 176 12 
1700 60 167 4 
1800 60 170 0 


*Estimated from relative intensities of X-ray diffraction lines. 





The magnetic permeability attained on heating Steel 2 to 1300 
°F (705 °C) corresponds with complete paramagnetism, and whereas 
a very slight rise is noted on cooling, especially between 1300 and 
1000 °F (705 and 540°C) (the significance of which, if real, is not 
known), the steel remains essentially paramagnetic down to the range 
400 to 500°F (205 to 260°C), whereafter the permeability rises 
steadily to nearly its initial value. The slope of the cooling curve 


2The absence, during heating, of any change at about 400 °F, the Curie point for FesC, 
indicates that this phase is not present in any significant quantity. 
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suggests that further cooling of this steel below room temperature 
would result in greater permeability and thus a greater ferrite con- 
tent, as previously observed with Steel 1, Table I. This proved to 
be true; a sample of Steel 2 cooled to —320 °F showed a permeability 
of 1.250 after warming to room temperature. 


Although the relatively intense ferromagnetism of Steel 1 pre- 
1.44 
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Fig. 5—Variation of Magnetic Permeability of Steel 


1 During Cooling From 1325 to 1175°F (720 to 635°C). 
(Initially held 16 hours at 1325 °F.) 


cluded extensive magnetic measurements such as those recorded in 
Fig. 4, magnetic permeability of this steel was followed during cool- 
ing within a limited range below 1300 °F (705 °C), Fig. 5. In this 
case ferromagnetism first became evident at about 1275 °F (690 °C), 
and steadily increased with further decrease of temperature. As 
discussed later, this change is considered to result from a Curie 


change in the ferrite existent at this temperature, rather than to the 
precipitation of ferrite. 


DISCUSSION OF RESULTS 


Microscopic examination of Steel 1 as received showed that the 
ferrite occurred in both a massiye intergranular and an intragranular 
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Widmanstatten form. The difference in form suggests a difference 
in mode of formation. For example, the massive ferrite might be 
thought to have formed by a diffusion type of reaction at relatively 
high temperature, the Widmanstatten ferrite by a martensitic type 
of reaction at relatively low temperature; unfortunately, this could 
not be verified directly. The increase in amount of ferrite in this 
steel on refrigeration, however, shows that the martensite type of 
reaction does occur and presumably may be associated with the 
Widmanstatten pattern. 

In a somewhat similar vein, the X-ray diffraction measurement 
at temperature, Fig. 3, showed that some ferrite, perhaps 3%, actually 
may exist in Steel 1 at a temperature level corresponding to that 
encountered during service. This amount is not out of line with 
that estimated for the massive grain boundary ferrite. It is difficult 
to reconcile this observation, however, with the apparent absence 
of the sigma phase, since it is generally accepted that sigma readily 
forms from ferrite in this type of steel at temperatures in the range 
in which this steel was held during service. 

The heating experiments which showed that ferrite, as measured 
at room temperature after-quenching, persists to as high as 1700 °F 
(925 °C), Table I, are quite interesting; the elevated temperature 
X-ray measurements indicate that the ferrite formed largely during 
cooling. The persistence of this transformation on cooling until the 
heating temperature exceeded 1700°F (925°C) showed that the 
transformation was apparently the consequence of intragranular 
concentration changes presumably resulting from general carbide 
precipitation. When the carbides went back into solution by heating 
at 1800 °F (980 °C) for 1 hour, Fig. 2, thereby increasing the alloy 
content of the matrix, no ferrite was observed on subsequent cooling 
to room temperature. 

The X-ray measurements made-during heating Steel 1 indicate 
that, in this steel, ferrite begins to transform to austenite at about 
900 °F (480 °C), and continues to do so with increasing temperature 
up to the maximum studied, 1200 °F (650°C), which was also the 
supposed service maximum, at which level there still remains some 
3%. During cooling, in spite of the presence of ferrite as sites of 
nucleation, the retransformation to ferrite (martensite) did not begin 
until about 500 °F (260°C) had been reached; transformation con- 
tinued with further cooling to room temperature and, as the refrig- 
eration experiments indicate, would probably have continued to do 
so with further cooling below room temperature. Although there 
is considerable scatter in these measurements, there seems to be about 
the same amount, perhaps slightly less, ferrite at room temperature 
than initially existent. The results prove beyond doubt that most 
of the ferrite in this steel forms during cooling below what is analo- 
gous to an M, (or martensite start) temperature. 
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The permeability measurements during heating and cooling 
Steel 2, which contained considerably less ferrite than Steel 1, showed 
a transformation behavior quite analogous to Steel 1. On heating, 
ferrite began to transform to austenite at about 900°F (480 °C).® 
The observed change in permeability is considered to be a conse- 
quence of both the phase change and a Curie change which occurs 
in the same range; so far as we are aware, these two changes cannot 
be differentiated by magnetic means. However, the persistence of 
complete paramagnetism on cooling to below 500°F (260°C) indicates 
that complete transformation of ferrite to austenite had taken place 
by 1300 °F (705°C). The 400 to 500 °F (205 to 260°C) temper- 
ature of transformation of austenite to ferrite in this steel agrees 
fairly well with that indicated for Steel 1 by the X-ray measurements. 
The lesser permeability after each of the two coolings indicates some 
permanent transformation of ferrite to austenite. 

Permeability measurements during cooling of Steel 1, Fig. 5, 
could not be followed below some 1175°F (635°C) at which the 
permeability had become too large to measure with the available 
apparatus. The changes observed in this case are attributed to the 
Curie change, inasmuch as no cooling transformation in this steel 
in this range of temperature was indicated by the X-ray measure- 
ments, Fig. 3. 

The observed start of transformation on heating, about 900 °F 
in either steel, agrees with that reported by Uhlig (5), 885 °F, for 
“pure” 18 Cr—8 Ni alloys, but the start of transformation on cooling 
for Steels 1 and 2, about 500 °F, is higher than the 200 to 250 °F 
observed by Uhlig. 

The results of this investigation offer strong support to a theory 
suggested, but not definitely proved, by Buehl et al (4) that ferrite 
formation associated with carbide precipitation in austenitic chro- 
mium-nickel steels occurs during cooling from rather than at the 
temperature at which the carbide precipitates. Although Buehl et al 
suggest that the ferrite forms as a result ‘of lattice strains surround- 
ing the precipitated carbides, it would appear that the alloy depletion, 
i.e. lower chromium and carbon content surrounding a carbide par- 
ticle, cannot be ignored and probably is more important. Otherwise 
“induced” ferrite should be observed in other austenitic steels, such 
as 25 Cr—20 Ni, in which it is absent. In this vein of reasoning 
the lower chromium content of Steel 1 is responsible for the extraor- 
dinarily large amount of ferrite observed after service. 


SUMMARY 


The results of microscopic, hardness, permeability and X-ray 
diffraction measurements on two austenitic 18 Cr—8 Ni steels con- 
taining ferrite after exposure in the “sensitizing” range have shown 


*The cha i eability bet room te t d about 900 °F is considered 
ic ta a pm ity between m temperature and abow is consi 
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that, during heating, this ferrite starts to transform to austenite at 
about 900°F (480°C), whereas the reverse transformation from 
austenite to ferrite (martensite) does not commence until the metal 
is cooled below about 500°F (260°C) (see Figs. 3 and 4). The 
transformation is essentially reversible with a hysteresis of some 
600 °F if the heating temperature does not exceed about 1200 to 
1300 °F (650 to 705°C). These observations lend strong support 
to the theory that ferrite associated with carbides forms mainly 
during cooling and not in the carbide precipitation temperature range. 
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DISCUSSION 


Written Discussion: By John J. B. Rutherford, The Babcock & Wil- 
cox Tube Co., Beaver Falls, Pa. 

Ferrite formation, associated wrth the rejection of carbide in austen- 
itic stainless steels, has been recognized for a long time but was never 
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afforded very thorough study because of the lack of commercial interest. 
In the late 1920’s, when metallurgists became acutely conscious of inter- 
granular corrosion in these steels, numerous attempts were made to cor- 
relate the ferromagnetic properties developed during sensitizing heat 
treatments with the degree of susceptibility to intergranular corrosion. 
A review of the literature of that period shows that these efforts served 
little useful purpose, and the subject has been dormant for some twenty 
years. 

This paper starts on a refreshingly new approach and does much to 
clarify the background to the earlier confusion. It also contributes funda- 
mental facts which aid in understanding the mechanism of intergranular 
corrosion. During the early studies of this phenomenon in austenitic 
stainless steels, it was recognized that sulphuric acid was a potent solvent 
for steel, stainless or not, and that the appropriate addition of copper 
sulphate would inhibit reaction with stainless steels but not with ordinary 
steels. More precisely, a boiling solution of about 10% sulphuric acid, 
containing about 1% copper sulphate, would not attack a 12% solid solu- 
tion of chromium in iron, but would attack vigorously a composition of 
lower chromium content (less than 9% chromium, by recollection). This, 
then, would indicate that the metal in the vicinity of the carbides might 
consist of low carbon, 8% nickel-iron, containing less (in varying degree) 
than 10% chromium. Alloys of this nominal composition might be ex- 
pected to have low Ac and M, temperatures. In fact, the behavior de- 
scribed by Messrs. Dulis and Smith might readily be dictated by such a 
chemical composition at the grain boundary area of these steels. 

Written Discussion: By F. R. Morral, X-Ray Diffraction Dept., 
Kaiser Aluminum & Chemical Corp., Spokane, Wash. 

The presence of CresCe is mentioned in this paper. I wonder if residue 
techniques have been used to separate the carbide phase and to identify 
it by diffraction methods. Mahla and Nielsen apparently have identified 
this carbide in sensitized AISI Type 304* and their paper promoted con- 
siderable discussion. 

It may be of interest that a carbide of this type (Fe, W)aC. showed 
surprisingly strong ferromagnetism as judged by a hand magnet.® 

Written Discussion: By M. G. Fontana, professor and chairman, 
Department of Metallurgy, The Ohio State University, Columbus. 

This is an excellent paper and provides valuable information on the 
austenitic stainless steels in a temperature range which has received lit- 
tle attention as far as ferrite is concerned. The authors are fortunate in 
having available for study a steel which had been in service for 10 years. 

About three years ago, we noted some differences in behavior, in 
nitric, maleic and lactic acid tests, between 18-8 steels air-cooled and 
water-cooled after sensitization heat treatments. The common concep- 
tion is that the method of cooling after sensitization is not important. 
The authors’ study may be one of the explanations for the “anomalies” 
observed. 
ie Mahla arid N. A. Nielsen, “Carbide Precipitation in Type 304 Stainless Steel 
sn ae Microscope Study”, Transactions, American Society for Metals, Vol. 43, 


5F. R. Morral, G. Phragmen and A. Werteree. “Carbides of Low Tungsten and Molyb- 
denum Steel’, Nature, Vol. 132, 1933, p. 61. 
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Written Discussion: By G. H. Ejichelman, Jr., Metallurgical and 
Ceramic Department, Westinghouse Research Laboratories, East Pitts- 
burgh. 

The concept that martensite forms during cooling of 18-8-type alloys 
from the temperature at which carbides have been precipitated is also 
evident in the work that has recently been completed at our Research 
Laboratories in which we investigated the effect of compositional changes 
on the M, temperature. Several alloys were aged at 1200 or 1460°F (650 
or 795°C) to determine the effect of carbide precipitation at these tem- 
peratures on the M, temperature. The thermal contraction curves for one 
of several alloy compositions investigated are shown in Fig. 6. The M, 
temperature for this alloy of 12% chromium, 10% nickel and 0.1% carbon 


Chemical Analysis Wt. % 
Cr-12.0 
Ni-10.0 
Mn- 1.28 
Si'- 0.39 
Cc - 0.105 





Expansion in 2 


Heat Treatment 
Prior to Cooling 
O - 2000°F -15 Min. 
@— 2000°F - Mox. 
1200°F - 2 Hrs. 
®@ — 2000°F - 30 Min. 
@ — 2000°F - Mox. 
1460 °F - 1 Hr. 
— 1460°F -6 Hrs. 





100 150 200 
Temperature °F 


Fig. 6—The Effect of a Precipitation on the Beginning of Transformation 
in Stainless Steel Heat No. 6695 


is —90°F as determined from the curves with open and closed circles. 
If the material is aged at 1200 or 1400 °F (650 or 760°C) prior to cooling, 
the beginning of transformation will occur at about +130°F as shown 
by the curves drawn through half-closed circles and squares. The effect 
of carbide precipitation on the M, temperature of this alloy was also 
checked magnetically at room temperature which showed that the mate- 
rial was 100% austenite as solution-treated and contained about 5 to 10% 
martensite after aging. 

The change in carbon content multiplied by 2500 will give the ap- 
proximate change in M, temperature (in °F) that will occur. This value 
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was determined from a number of alloys of various carbon contents main- 
taining the balance of the composition constant and is limited, however, 
to alloys of the 18-8 type. The solubility limit of carbon in 18-8 stainless 
steel at 1200 to 1400°F (650 to 760°C) is roughly 0.02% so that 0.08% 
carbon was removed from solid solution by aging this alloy at these 
temperatures. The increase in M, temperature should be 200°F by cal- 
culations as compared to an average of 230°F measured experimentally. 
The removal of chromium from solution also increases the M, tempera- 
ture, although the effect is small compared to carbon. Alloys of lower 
carbon contents showed a correspondingly smaller increase in M, tem- 
perature as the result of aging with no effect in an alloy of 0.02% total 
carbon plus nitrogen. 

These data support the findings of Mr. Dulis and Dr. Smith showing 
that carbide precipitation increases the M, temperature by lowering the 
carbon content in solution. Alloys with M, temperatures below room 
temperature and considered fully austenitic in the solution-treated con- 
dition may become partially martensitic at room temperature after aging 


if the compositional changes that have occurred increase the M, above 
room temperature. 


Written Discussion: By G. F. Tisinai, Engineering Research Depart- 
ment, Standard Oil Company (Indiana), Chicago, and F. J. Shortsleeve, 
Case Institute of Technology, Cleveland. 

The authors have shown that the partitioning of alloying elements 
accompanying the transformations in 18-8 stainless steel displaces the 
M, of the remaining austenite to temperatures above the ambient and 
thus permits martensite to form during cooling. These results are further 
evidence of the widespread influence of the martensite reaction. How- 
ever, data, which indicate that approximately 3% of massive grain bound- 
ary ferrite formed at service temperatures, should not be questioned 
simply because no sigma was found in the steel. The constitutional work 
of Nicholson, Samans and Shortsleeve® demonstrates that a steel with 
the composition listed for Steel 1 probably would not form the sigma 
phase. 

As suggested by the authors, the depletion of alloy content in the 
steel by carbide precipitation is a controlling factor in the martensitic 
reaction, particularly in certain 18-8-type alloys where the alloy content 
is on the low alloy side of the specifications. The work of Ziegler and 
Meinhart’ clearly shows that increased amounts of either chromium or 
carbon will lower the M,. temperature in stainless steels. The work of 
Scherer, Riedrich and Kessner,* which supplements the work of Maurer, 
demonstrates that the nominal 18-8 composition is only slightly higher 
in chromium and nickel than other alloys whose M, temperature is just 
above room temperature. 

Dilatometric curves are available which show that alloys high in both 


®M. E. Nicholson, C. H. Samans and F. J. Shortsleeve, “Composition Limits of Sigma 
Formation in Nickel-Chromium Steels at 1200 °F (650 °C)”, see page 601, this volume. 
™N. A. Ziegler and W..L. Meinhart, “Characteristics and Properties of Some Cast 


Chromium-Molybdenum Steels”, Transactions, American Society for Metals, Vol. 34, 1945, 
p. 589, 


8Scherer, Riedrich and Kessner, “‘Nitrogen’s Effect on Chromium-Nickel Steels’’, 
Stahl und Eisen, 1942; Iron Age, Vol. 150, October 1942, p. 70. 
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chromium and nickel cam have M, temperatures which are above room 
temperature. The data in Table II were obtained from such curves. 





Table Il 


Martensite Transformation Temperatures, for Several Alloys, 
as Indicated by Dilatometer Curves 





Dilatometric Results (Cooling Rate 90 °F per min) 
Ms (°F) Mt (°F) 


- 
g 


Code Cr i ¢ 

A 12.22 4.43 0.07 400 200 

B 11.98 4.53 0.28 300 R.T. 

Cc 15.30 4.33 0.07 350 R.T. 

D 15.27 4.33 0.14 210 Below R.T. 
E 15.10 4.47 0.30 Below R.T 

F 17.17 4.49 0.07 200 Below R.T. 
G 17.65 4.19 0.32 Below R.T 

H 21.09 4.31 0.06 Below R.T 

I 11.60 7.87 0.04 275 Below R.T. 
k 12.27 8.15 0.31 Below R.T 

14.77 7.87 0.06 175 Below R.T. 

L 15.77 7.81 0.30 Below R.T. 

M 17.84 8.12 0.08 Below R.T. 





Comparison of Alloy A with Alloy B; C with D and E; and F with G 
shows that, when the steels have substantially the same nickel and chro- 
mium contents, the addition of carbon lowers the M, temperature of the 
more highly alloyed steels. In using these dilatometer results, it was 
assumed that the 90°F per minute cooling rate used was sufficiently rapid 
to prevent appreciable carbide precipitation. 

Comparison of Alloy A with Alloys C, F, and H; B with E and G; 
and I with K and M shows that, if the steels have substantially the same 
nickel and carbon contents, the addition of chromium also lowers the M, 
temperature. Similarly, comparison of Alloys A with I; B with J; C with 
K; and F with M shows that, if the steels have’ substantially the same 
chromium and carbon contents, the addition of nickel also lowers the M. 
temperature. 

Thus, for alloys with a nickel content like Steel 1, whose composition 
is intermediate between Alloys K (M,=—175°F) and M (M, below R.T.), 
the degree to which carbides are taken into solution determines the effec- 
tive chromium and carbon contents and, hence, the extent of the mar- 
tensitic reaction in the alloy when the alloy is quenched to room tempera- 
ture. The data in Table I of Dulis and Smith correlate well in this 
respect with the solubility of carbon in 18-8 steels as shown by the con- 
stitutional diagram of Kinzel and Franks. The most significant increases 
of carbon solubility in 18-8 steel occur above 1500°F (815°C), being 
approximately 0.04% at 1500°F and approximately 0.12% at 1800°F 
(980°C). Note that this is the same temperature range in which the 
amount of ferrite found in Steel 1 after quenching to room temperature 
decreased from 18 to 0%. 

In other work done in our laboratory it was found that martensite 
may form, in filings of an 18 Cr—8 Ni stainless steel containing 1% silicon 
(8.38% nickel, 17.87% chromium, 0.03% carbon, 1.01% silicon), as a result 
of the partitioning of alloying elements that occurs during sigma forma- 
tion. Carbide precipitation most likely contributes to this effect but it 
appears that, for this steel at least, the change in chemistry of the aus- 
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tenite, produced by carbide precipitation, is insufficient in itself to cause 
martensite formation during subsequent cooling to room temperature. 

As shown by Payson and Savage’ for austenitic stainless steel, and 
Shortsleeve and Nicholson” for ferritic stainless steel, cubic chromium 
carbide precipitates at a more rapid rate than sigma. Since our specimens 
were severely cold-worked prior to soaking at 1200°F (650°C), it seems 
likely that the carbide reaction attained a relatively high degree of com- 
pletion in 500 hours. However, only a small amount of sigma was ob- 
served and no martensite was formed on cooling following this 500-hour 
soak. Thus, it appears that the extent of depletion caused ’by carbide 
precipitation during this treatment was insufficient to permit the forma- 
tion of martensite during cooling. A specimen of the same steel which 
was soaked for 1000 hours contained more sigma than the 500-hour speci- 
men. Consequently, it is evident that a holding time of 500 hours was not 
sufficient to permit the transformation to sigma to go to completion. 
Martensite also was observed in the specimen containing the greater 
amount of sigma (1000-hour specimen), and when the specimen was 
refrigerated to the temperature of dry ice (—110°F) and returned to 
room temperature, the intensity of the martensite lines had increased 
markedly, thus indicating that more martensite formed as the specimen 
was cooled below room temperature. Because of these observations, it 
appears that the martensite formed largely as a result of the changes pro- 
duced by the transformation to sigma. As sigma forms, the composition 
of the austenite drifts toward the gamma plus sigma/gamma phase bound- 
ary or the gamma triple point, depending on whether the alloy is two- 
phase or three-phase. The compositions at or near this boundary have 
M, above room temperature. 

It has been our observation that the X-ray diffraction lines (from 
—170-mesh filings heat treated in partial vaccum in Vycor tubes) of the 
ferritic phases are different, depending on whether the ferrite was stable 
at elevated temperatures or was formed martensitically from austenite 
during cooling. The diffraction lines (especially (211) when chromium 
radiation is used) of the martensitic-type ferrite are relatively broad and 
diffuse, whereas those of the strain-free stable ferrite are sharp. In fact, 
in at least two alloys, viz., a silcrome XB valve steel and 15 Cr-8 Ni- 
3 Si-0.1 C steel, the stable form of ferrite existed at elevated tempera- 
tures and additional ferrite formed martensitically during cooling. In an 
X-ray pattern of each steel, the sharp (211) ferrite doublet was found 
superimposed on a relatively broad and diffuse (211) line of the mar- 
tensitically formed ferrite. 

Before definite conclusions can be drawn, concerning the specific 
cause of martensite formation in these steels, the relative effects of car- 
bide, ferrite, and sigma formation must be evaluated. Depending on the 
composition of the steel, one or all of the reactions may be necessary to 
produce the required changes in the composition of the austenite. The 

®*P. Payson and C.. H. Savage, “‘Changes in Austenitic Chromium-Nickel Steels During 
or" at 100 to 1700 °F”, Transactions, American Society for Metals, Vol. 39, 1947, 

10F,. J. Shortsleeve and M. E. Nicholson, “Transformations in Ferritic Chromium Steels 


Detreen 1100 and 1500 °F’, Transactions, American Society for Metals, Vol. 43, 1951, 
p. ; 
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effect of the composition change on the stabilization tendencies of the 
austenite as well as on the M, temperature of the austenite also should be 
considered. 

Written Discussion: By F. H. Keating, Imperial Chemical Industries 
Limited, Billingham County, Durham, England. 

The interesting and convincing account by Messrs. Dulis and Smith 
of their investigation on 18% Cr-—8% Ni steel is so closely similar to some 
observations made here recently, as part of another investigation, that it 
may be helpful to record our own results. 

The steel with which we were working had the following compositien : 


Cc Cr Ni Mn Si S P 
0.17% 17.3% 8.0% 0.26% 0.35% 0.04% 0.04% 


In the fully softened condition—water-quenched from 1920°F (1050 


800 


Temperature °C 
b 
oO 
© 
. = feet 
e 


200 ee tS erent 


} 
| 
i 
j 


0 10 20 30 40 50 
Ferrite, % 


Fig. 7—Variation in Ferrite Content on Cooling From 1380 °F (750°C). 


°C)—a cylindrical specimen % inch diameter by % inch high showed no 
ferrite. When, as part of a larger investigation, the specimen was then 
heated to 1380°F (750°C) for 1000 hours, and air-cooled after this treat- 
ment, the specimen showed 43% ferrite. On reheating the specimen for 
a short time to 1380°F (750°C), the ferrite content was substantially 
reduced; during subsequent cooling from 1380 °F (750°C), transformation 
developed with production of significant quantities of ferrite. The results 
are shown in Fig. 7. 

The results indicate an austenite-martensite transformation, which 
can be readily explained on the bagis of the previous treatment of the 
steel. On original heating to 1920°F (1050°C), the carbides in the steel 
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would be completely dissolved. On heating at 13880°F (750°C), carbide 
precipitation would develop and continued heating at this temperature 
would enable the carbide precipitate to agglomerate to the maximum 
extent. The residual carbon in the lattice would be the insignificant 
quantity corresponding to carbon solubility at 1380°F (750°C). An 
18-8-type steel with such very low carbon content will not be a stable 
austenite and long heating at 1380°F (750°C) will enable it, on cooling, 
to transform to its equilibrium condition, i.e., to a structure containing 
more or less ferrite, depending on the precise composition. 


Nickel, % 





iO 12 14 16 18 20 22 24 
Chromium, % 


_ Fig. 8—Phase Diagram of Chromium-Nickel Steels Contain- 
ing 0.1% Carbon. 


Reheating a steel in this condition to 1880 °F (750°C) merely enables 
the reverse martensite-austenite transformation to occur. No carbide in 
excess of the equilibrium value will be dissolved and, thus, the reheated 
steel, on again cooling, will revert to its previously established structure 
of austenite and low carbon martensite. 

In our own work, we were unable to substantiate the observations of 
the authors on the effect of subzero temperatures in causing transforma- 
tion beyond that occurring down to room temperatures, and we wonder if 
the effect they record was, in fact, a real transformation. 

In several parts of the paper, the authors indicate that they regard 
chromium depletion, as a result of carbide precipitation, as a complete 
explanation of the appearance of ferrite. That this may not always be 
correct can be deduced from the form of the diagram of Fig. 8 repre- 
senting alloy steels quenched from the solution temperature range. While 
this diagram may not be strictly accurate, the trough in the austenite 
boundary at 18% chromium is well substantiated. On the basis of this 
diagram, if an alloy. with just over 18% chromium and 8% nickel is 
treated to reduce chromium content by a small amount, the effect will 
be to produce a more stable austenite. If the chromium depletion is 
affected by removing carbon from solution at the same time (i.e., by 
carbide precipitation), then the net effect will probably be toward stabili- 
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zation of ferrite, but the significance of the form of the constitutional 
diagram should not be overlooked. Its significance is borne out by some 
parallel work in this laboratory on the 18-8 titanium types. Treatment 
of such steels at temperatures above about 1830°F (1000°C) induces 
some slight solution of TiC. The quantity dissolved increases with in- 
creasing temperature. Subsequent reheating at 1200 to 1470°F (650 to 
800 °C) of a steel so treated induces precipitation of CreasCs, which can be 
identified by X-ray examination of residues from selective solution. 
Continued reheating produces a significant drop in the ferrite content of 
the duplex steel, and the fall in ferrite quantity is very substantially 


10 





Fig. 9—Ferrite Grain After % Hour at 1200 °F (650°C). x 5000. 
Fig. 10—-Ferrite Grain After 672 Hours at 1200°F (650°C). x 5000. 


greater than can be accounted for by the quantity of sigma phase in 
the residues. Examination of the structures of the reheated steel shows, 
as in Fig. 9, a light globular precipitate in the early stages of reheating, 
consistent with precipitation of carbide. Fig. 10 shows the structure 
developed on long-time heating. Figs. 9 and 10 are both electron micro- 
scope photographs. Careful examination of many examples of the latter 
structure shows that the elongated crystallites within the ferrite grain 
join up with the austenite matrix. On the basis of these observations, it 
is suggested that the diminution in ferrite content by long-time heating 
at 1380°F (750°C) is caused by transformation of ferrite to. austenite. 
The equilibrium composition of the original ferrite is such that the small 
reduction in chromium content consequent on the precipitation of small 
quantities of CrasCs has produced instability in the ferrite, in accordance 
with the diagram of Fig. 8, and has enabled lower chromium austenite to 
separate out and thus stabilize the remaining ferrite. 

I should like to thank Messrs. Dulis and Smith for an interesting 
and stimulating contribution. 


Authors’ Reply 


In regard to the discussion by Mr. Rutherford, we have not per- 
formed any tests to explore a possible relation between intergranular 
corrosion and ferrite formation during sensitizing. However, since both 
phenomena occur in approximately the same temperature range, it does 
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not seem unlikely that some correlation does exist between intergranular 
corrosion and ferrite formation on cooling, as.a result of alloy depletion 
during sensitization for this type of steel. It should be remembered, 
however, that intergranular corrosion can occur in steels, especially those 
high in nickel, that apparently do not form ferrite on sensitizing. 

Mr. Morral’s question about the identity of the carbide as CroesC. is 
somewhat puzzling to us. Reference is made to the discussions of the 
Mahla and Nielsen paper, but in these discussions, as well as the paper 
itself, the only type of carbide mentioned as forming during sensitization 
is CresCs. The discussions were mainly on the geometrical form of this 
carbide. In any event, we have made X-ray diffraction tests of carbide 
residues concentrated on the surface of the specimens of our experiments 
and found the carbides to have the structure of CrasCs. 

The analogous behavior between the X-ray and magnetic tests seems 
to show that the phenomenon described by us is not due to a magnetic 
carbide but a ferrite transformation. As our steel contained no tungsten, 
we were not concerned with (Fe, W)C. which Mr. Morral reports as 
being magnetic. It is well known, however, that CrosC. is nonmagnetic ; 
therefore it is not clear to us why reference is made to a reportedly 
magnetic carbide which does not exist in our steel. 

Dr. Fontana’s discussion, which we are pleased to have, does not 
require any reply. 

The discussion of Eichelman and of Tisinai and Shortsleeve offer 
additional evidence of the effect of carbide precipitation and the resulting 
changes in composition of the matrix on the phase relations in these types 
of alloys. The latter authors also have shown, as might be expected, that 
the composition changes consequent to precipitation of sigma cause simi- 
lar effects. It is not unexpected that the particular steel studied by 
Tisinai and Shortsleeve should show a relatively minor effect on the 
matrix austenite composition by carbide precipitation compared to sigma 
formation, as the steel contained high silicon and only 0.03% carbon; this 
carbon content is close to the solubility limit for 18-8 steel at 1200°F 
(650 °C) as found by other investigators, and silicon is known to enhance 
sigma formation. Conclusions as to the cause of a martensitic reaction 
in 18-8 steels seem quite evident, as shown by the work of the authors 
and discussers; that is, chromuim and carbon depletion of the austenite 
matrix by formation of phases rich in either or both of these elements, 
whether it be by carbide, sigma or nitride precipitation, results in an 
increase in M, to above room temperature. 

We are also pleased to have the data in the paper of Nicholson, 
Samans and Shortsleeve, which have established the constitution diagram 
for steels of commercial purity and shown that ferrite may be a stable 
phase and not transform to sigma in the type of alloy studied, a matter 
about which we had expressed doubt. 

We are pleased to have the corroborating data submitted by Mr. 
Keating, who finds even more ferrite than we. This is attributable, it 
would seem, to the nitich greater carbon content of his steel, 0.17% com- 
pared to 0.08% for our Steel 1. It would have been of interest for Mr. 
Keating to record the method which he employed for determining the 
ferrite content plotted in his Fig. 7. 
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We are surprised that Mr. Keating did not observe at least some 
further transformation on cooling to subzero temperatures, since it seems 
well established that further martensite transformation is generally to be 
expected with further cooling. Perhaps, as is now known to be possi- 
ble, austenite “stabilization” occurred during holding at ambient tempera- 
ture, and Mr. Keating did not cool his sample to a sufficiently low tem- 
perature. We should also state that Mr. Keating’s remark is not under- 
stood when he wonders whether the effect we recorded was a “real 
transformation”. 

We have carefully reread our paper and have been unable to find any 
statements justifying Mr. Keating’s assertion that “in several parts of the 
paper, the authors indicate that they regard chromium depletion, as 
a result of carbide precipitation, as a complete explanation of the appear- 
ance of ferrite”. To the contrary, we stated that we considered that 
“the alloy depletion, i.e., lower chromium and carbon content surrounding 
a carbide particle”, is the most important cause of ferrite formation, but 
admitted that the lattice strains may also play a role. 

In reference to the observations of transformation of delta ferrite in 
18-8 titanium steel, a matter not bearing on the martensitic type of trans- 
formation in 18-8 steels, Mr. Keating concludes that the ferrite partially 
transforms to austenite because of a lowering of chromium by the pre- 
cipitation of CreaCs on heating at 1200 to 1470°F (650 to 800°C). We 
have observed" transformation of delta ferrite in austenitic steels which 
had been heated in the temperature range where sigma and carbide pre- 
cipitated; however, we considered the transformation to be delta ferrite 
to sigma, carbide, austenite and some original ferrite. Since a long heat- 
ing time was used by Mr. Keating, and sigma was found in the specimen, 
it seems that chromium depletion by sigma formation to give regions of 
austenite is an important consideration which was overlooked. More- 
over, with continued heating of a titanium-containing steel, one would 
expect the relatively small amount of CraCs, which might have formed, 
to change to TiC, in which case, of course, there would be no chromium 
depletion attributable to carbide precipitation. 


uF. J. Dulis and G. V. Smith, “Identification and Mode of Formation and Re-Solution 
of Sigma Phase in Austenitic Chromium-Nickel Steels”, American Society for Testing 
Materials, Special Technical Publication No. 110, 1950. Also discussion. 


STRAIN AGING EFFECTS 


By J. D. LuBaHN 


Abstract 


When a piece of metal is strained, then aged, then 
strained again, it sometimes happens that the strain-then- 
age treatment changes the mechanical properties. A yield 
point may appear, or the strength may wcrease. Strain 
aging is of particular importance in creep, where the asso- 
ciated strengthening can cause a significant decrease in 
creep rate. 

This paper utilizes new data and data from the litera- 
ture to form a coherent picture which relates the various 
strain aging effects to one another. The results are pri- 
marily of phenomenological importance, but they clarify 
the facts that a mechanistic treatment must ultimately 
explain, 

The evidence suggests that four mechanical effects— 
(a) strengthening of a strained metal during heating, (b) 
the appearance of a yield point in a strained metal after 
heating, (c) discontinuous flow, and (d) abnormally low 
rate sensitivity—occur together in many common metals 
and are most pronounced at the same temperature. It is 
concluded that the four effects are manifestations of the 
strain aging process. 

The evidence suggests also that strain aging in a 
precipitation hardening alloy is related to the capacity for 
further precipitation. 


STRAIN AGING EFFECTS 


N recent years it has become increasingly clear that the mechanical 

behavior of metals is greatly affected by the process known as 
“strain aging’, which can occur in a plastically deformed metal (1).? 
The mechanical effects of this process, particularly the general 
strengthening of the metal and the appearance of a yield point, were 
first observed in mild steel, and for many years it was thought that 
strain aging was peculiar to mild steel. It is now apparent that 
strain aging is much more widespread than was first supposed, 
affecting in one way or another the mechanical behavior of most of 


1The figures appearing in parentheses pertain to the references appended to this paper. 


In Reference 1, Holden gives an extensive review of past work on the various mechanical 
effects associated with strain aging. 





A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. The author, J. D. Lubahn, is 
associated with the Metallurgy and Ceramics Divisions, General Electric Co., 
Research Laboratory, Schenectady, N. Y. Manuscript received April 12, 1951. 
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our common commercial metals. It is also becoming clear that there 
is a much wider variety of mechanical effects caused by strain aging 
than was originally recognized. Possibly it influences the results of 
all phases of mechanical testing. 

It is important that we become thoroughly familiar with these 
strain aging effects, so that eventually we may understand the general 
deformation characteristics of metals upon which the process of strain 
aging exerts such a pronounced influence. In order to understand 
the strain aging effects it is necessary to collect, describe, and relate 
them for a wide variety of conditions. It is the purpose of this paper 
to present a broad, coherent picture of the various mechanical effects 
associated with strain aging. 
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Fig. 1—Stress-Strain Curve at Room Temperature for Box-Annealed Rimmed Mild 
Steel Sheet. 


If mild steel is strained beyond the yield point, unloaded, and 
immediately reloaded, the subsequent stress-strain curve coincides 
with the original curve except for a slight rounding off of the corner 
(Fig. 1). If the specimen is rested for a long time or heated for a 
short time before the reloading, the yield point returns and the flow 
curve (the subsequent ascending part of the curve) is found (2) to 
be higher than the original flow curve (Fig. 2). When the yield 
point returns in this kind of an experiment, it has been customary to 
say that the metal “strain-aged” during the heating or resting period. 

In another type of experiment, specimens of annealed mild steel 
are cold-rolled by about 1% of their thickness, heated to various 
temperatures for various times, and finally checked for hardness at 
room temperature (3). Ifthe hardness increases, the metal is said to 
have “‘strain-aged” during the heat treatment. The increase in hardness 
corresponds to the upward displacement of the flow curve in Fig. 2. 
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Fig. 2—Stress-Strain Curve for Mild Steel Which 
Has Been Stretched 5% and Then Aged at Room 
Temperature for Various Times. From Kockritz (2). 
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Fig. 3—Stress-Strain Curves of Mild Steel and New Stabilized Steel 
Tested at Varicus Temperatures. From Kenyon and Burns (4). 


If mild steel is tested in tension at about 200 °C (390 °F) (4), 
the stress-strain curve is serrated, as shown in Fig. 3. It has been 
suggested (5) that the serrations are due to strain aging that is 
proceeding rapidly at the testing temperature, so that each increment 
of strain very shortly causes a yield point. It has also been suggested 
(6) that various types of discontinuities in creep and tensile curves 
of 61S aluminum alloy are related in some way to aging. The occur- 
rence of a serrated stress-strain curve or stepped creep curve will be 
referred to as “discontinuous yielding”. 

Another mechanical effect that apparently is associated with 
strain aging is the occurrence of an abnormally low rate sensitivity. 
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The term “rate sensitivity” refers to the change in stress required to 
effect a certain change in strain rate, and it has been defined (6, 7) 
as the ratio of a small change in log stress to the resultant change | 
in log rate, for a given strain and temperature, | 


OlogS . 
i= 

3 log é €, 7 
In general, the rate sensitivity increases with temperature, but it has 
been observed for 61S-T (6) that there is a pronounced minimum, 
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Fig. 4—Effect of Testing Temperature on the Rate Sensitivity 
of 61S-T. From Lubahn (6). 


even reaching negative values, in the neighborhood of room temper- 
ature (Fig. 4). It has been suggested (6) that this minimum in 
rate sensitivity is associated with an aging phenomenon. 

There now appear to be at least four effects associated with 
strain aging : 


1. The yield point phenomenon; 
2. Strengthening (increase in flow stress or hardness) ; 
3. Discontinuous yielding (serrated stress-strain curve, etc.) ; 


4. Abnormally low rate sensitivity. 

Although clear-cut examples of each of these effects are to be found 
in particular metals under particular conditions, there has not been 
general appreciation of their interrelation or of their widespread 
occurrence. At least one of the effects has been observed in each 
of the common metals—copper, zinc, aluminum, cadmium, mild steel, 
duralumin, brass, and alloy steel—as well as in less common metals. 

The lack of appreciation of the role played by strain aging is not 
surprising, since the strain aging effects are much less pronounced 
in some metals than in others and may appear only under experi- 
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mental conditions that are not commonly investigated. The yield 
point, for example, may vary widely in its appearance, ranging from 
a 5% long, horizontal section in the stress-strain curve of mild steel 
to the slightest inflection point in brass (8). 

Steel, OFHC copper, and 61S aluminum have been investigated 
more extensively than other metals with regard to strain aging. 
From the results of these investigations, some of which are reported 
here, it will be shown that each of these three metals exhibits nearly 
all of the strain aging effects, at least to some extent; that each effect 
is at a maximum at a particular temperature and may disappear at 
higher or lower temperatures ; and that the temperature of maximum 
effect is the same for all four mechanical effects.” 

In short, the general hypothesis to be examined is as follows: 
If one of the mechanical effects—yield point, strengthening, discon- 
tinuous yielding, or abnormally low rate sensitivity—occurs in a 
metal, all of the others occur also, each being most pronounced at 
a particular temperature that is the same for all four effects in a 
given metal, and each disappearing at sufficiently low and sufficiently 
high temperatures, as would be expected for mechanical effects all 
arising from a strain aging process. 

Although there still are not enough data to prove this hypothesis, 
the new evidence presented in this report, together with earlier work, 
strongly suggests that the several mechanical effects are related 
through the strain aging process. 


EXPERIMENTS ON COPPER 


Certified OFHC copper (99.996% copper) was treated to have 
the grain size shown in Fig. 5 by cold drawing 84% and annealing 
1 hour in hydrogen at 850 °C (1560 °F). Specimens were machined 
from the 0.5-inch rod to the shape shown in Fig. 6 after the cold 
working operation and before annealing. After stretching several 
specimens to a plastic strain of 0.02 at room temperature, as meas- 
ured from a stress-strain curve made with a Baldwin-Southwark 
microformer-type recorder, the specimens were heated at various 
temperatures for 1 hour and then retested in tension at room tem- 
perature. No heating temperatures exceeded 750°C (1380°F), at 
which temperature there was no microstructural change in 1 hour, 
as shown by Fig. 7. Consequently, only recovery or strain aging 
could occur during the heat treatment following the 0.02 strain. 
Recrystallization and grain growth are ruled out. 

Heating at temperatures of 600 or 750°C (1110 or 1380 °F) 
causes recovery, as illustrated in Fig. 8. At lower temperatures 
recovery does not take place; and magnification of the early part 





*This correlation may be true only if the strain is introduced under uniaxial tension 
and, also, if the effects are observed under uniaxial tension. For example, Holden (1) fails 


to find a correspondence between strengthening and return of the yield point if the strain 
is introduced by rolling. 
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Fig. 5—Photomicrograph Showing Grain Size of Annealed OFHC Copper 
Used in Recovery and Strain Aging Tests.  X 50. 
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Fig. 6—Tensile Specimen Used in Recovery 
and Strain Aging Tests on OFHC Copper. 


of the stress-strain curve following the heating (Figs. 9 and 10) 
reveals that strain aging occurs. The entire flow curve is raised 
slightly, and a yield point appears. 

Figs. 9 and 10 show that as the temperature of heating is in- 
creased there is a gradual and progressive change in the room tem- 
perature tensile behavior following the heat treatment. A yield point 
begins to appear at 200 °C (390 °F )and becomes more pronounced 
as the temperature increases. Slightly above 200°C (390 °F) there 
is an upward displacement of the flow curve that increases to a 
maximum value at about 400°C (750°F). The maximum upward 
displacement of the flow curve is about 4% of the flow stress, con- 
siderably less than the 15% or so displacement than can be obtained 
in mild steel (2), as illustrated in Fig. 2. 

At temperatures above about 400 °C (750 °F) the upward dis- 
placement of the flow curve dirfiinishes, and the yield point becomes 








STRAIN AGING EFFECTS 





Fig. 7—Photomicrographs of the Same Area on an OFHC Copper Sample, 
Strained 2%. Upper photograph taken before and lower photograph after 
heating 1 hour at 750°C, repolished after heat treatment. Comparison shows 
that neither recrystallization nor grain growth occurred. X 50. 


less pronounced. Finally, the flow curve is displaced downward, 
approaching the position corresponding to the annealed metal, and 
the yield point disappears. Fig. 11 summarizes the yield point be- 
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Fig. 8—Stress-Strain Curve of Copper at Room Temperature Interrupted 
by Various Heat Treatments at No Load. 
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Fig. 9—Stress-Strain Curve at Room Temperature in the Neighborhood of an 
Interruption by a Heat Treatment. 


havior and the displacement of the flow curve as a function of heating 
temperature. The yield point and the increase in flow stress reach 
their maxima at the same temperature. 
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Fig. 10—Stress-Strain Curve at Room Temperature in the Neighborhood of an 
Interruption by a Heat Treatment. 


Low-TEMPERATURE TESTS ON 61S 


A number of earlier experiments (6) on 61S have indicated that 
simultaneous aging and deformation caused the observed discontinu- 
ous yielding at room temperature. This discontinuous yielding is 
very similar to that observed in mild steel tested at temperatures 
between 100 and 300°C (4), where strain aging is rapid. Hence, 
61S might be expected to have an initial yield point at a temperature 
considerably below room temperature. Three pairs of tests at —190 
°C (—310 °F) were made on threaded-end specimens with a 2-inch 
gage length 0.357 inch in diameter. These three pairs of specimens 
had been respectively aged to maximum hardness,*® aged 22 hours at 
room temperature, and solution-treated only.* No initial yield point 
was observed (Fig. 12). However, a yield point following straining 
and aging was observed in four other tests made on 61S at —190 °C 
(—310°F) for another purpose (9). In all of these latter-tests the 
prior history of the specimen included 1% plastic strain at —190 °C 
(—310 °F) followed by aging at room temperature. Two of the 
specimens were aged 22 hours at room temperature following the 
strain, and the other two were aged 25 minutes at room temperature. 
Figs. 13 and 14 show examples of the observed yield point phenom- 
ena. From Figs. 12 to 14 it is clear that aging following strain 
causes a yield point (Figs. 13 and 14), while aging without prior 
strain does not (Fig. 12). 

Apparently, the yield point is more pronounced if there is only 


8Solution treating consisted of penton. at 520°C (970° 2 and water quenching. 
Maximum hardness was obtained by aging 5 hours at 180 °C (355 °F). 
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a short aging time at room temperature following straining at —190 
°C (Fig. 13) than if a longer period of aging follows the straining 
(Fig. 14). The longer aging period produced a greater increase in 
flow stress, presumably by ordinary age hardening, but a less pro- 
nounced yield point. 
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Fig. 11—Change in Room-Temperature Flow 
Stress and Yield Point Tendency Following Vari- 
ous Heat Treatments of Copper Strained 0.02 at 
Room Temperature. Fig. 8 defines “‘change in 
flow stress’’ (a) and “yield point tendency” (b). 


In passing, it is interesting to note that discontinuous yielding 
occurred later (Fig. 15) in one of the tests of Fig. 13. It has been 
suggested (6) that discontinuous yielding is due to simultaneous 
aging and deformation. If that were so, it would have to be con- 
cluded from Fig. 15 that aging was proceeding at a significant rate 


at —190°C (—310 °F). 
HicH-TEMPERATURE TESTS ON 61S 


It has been shown (6) that the rate sensitivity of 61S-T can be 
negative under certain circumstances. The following experiments 
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furnish an additional illustration of the occurrence of a negative rate 
sensitivity and throw some light on the relation between rate sensi- 
tivity and precipitation. 

.Specimens like that shown in Fig. 16 were machined from com- 
mercial 34-inch round 61S-T rod. They were solution-treated by 
heating to 520°C (970°F) for 1 hour. They were quenched in 
water, and then directly in liquid nitrogen; were aged for various 
times at 135 °C (275 °F), and then tested in tension at various rates 
at 135°C. They were kept in liquid nitrogen between solution 
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Fig. 12—Tensile Behavior at —190°C (—310°F) of Variously-Aged 
61S. No prior strain. 


treating and aging, and between aging and testing, if a significant 
interval of time was involved. The aging bath consisted of a mix- 
ture of water and ethylene glycol with a boiling point of 135 °C. 
The mixture was kept boiling by means of an electric heater, and the 
vapor was condensed in a reflux condenser and returned to the flask. 
A glycerin testing bath was thermostatically controlled to maintain a 
temperature of 135 + 2 °C. 

The tensile tests were carried out in a hydraulic tensile testing 
machine, and constant strain rates were maintained by a manual 
method described previously (6). Three strain rates, 5(10)-, 
1(10)-%, and 3(10)~* min-’, were employed. The strain was meas- 
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Fig. 13b—Tensile Behavior of 61S ae —190°C (—319°F) Before and After 25 Minutes’ 
Aging at 20°C. ; 
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Fig. 14—Tensile Behavior of 61S at —190°C (—310°F) Before 
and After 22 Hours’ Aging at 20°C. 
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Fig. 15—Stress-Strain Curve of 61S at —190°C (—310°F). Prior specimen history: 
solution-treated; aged 21.5 hours at 20°C; strained 1% at 190°C; aged 25 minutes at 20°C. 


sg i ee 
0 a viens a 
a abepacenins ened Jasioade 


eee 


% 
(3 




















ASSL SRL 


"—"er rs” oo < 


7, 


656 





TRANSACTIONS OF THE A.S.M. Vol. 44 





ured and recorded versus load with a Baldwin-Southwark, micro- 
former-type strain gage for high-temperature testing and recording. 
The measuring part was located above the surface of the bath, and 
the extension arms reached down into the bath where they clamped 
onto the specimen at the ends of the gage length by means of knife 
edges. The strain-time curve was obtained in the manner described 
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Fig. 16—Specimen for Tensile Tests on 61S at 135°C, 
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elsewhere (6). Fig. 17 shows a typical example of the stress-strain 
curve and rate-strain curve obtained. Manual control resulted in 
erratic variations in rate amounting to a factor of five between min- 
imum and maximum in extreme cases. These variations were re- 
flected as variations in load with a small lag in terms of strain, as 
illustrated in Fig. 17. 
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The strength of each sample was taken arbitrarily as the stress 
at 0.01 plastic strain. The stress value was picked from a curve 
drawn so as to attempt to correct for the unintentional rate variation 
(see Fig. 17). The values are plotted (Fig. 18) versus aging time 
for each of the three testing rates. Fig. 18 shows the usual curve 
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Fig. 18—Strength of 61S at 135°C as a Function of Aging Time at 135°C and Strain 
Rate During Testing. 


of strength versus aging time that is characteristic of age-hardenable 
alloys. The flow stress increases with time and passes through a 
maximum for an aging time that apparently is slightly less than the 
longest aging time employed. For long aging times the flow stress 
increases with strain rate in a manner corresponding to n= 0.012. 
This value agrees roughly with the value n = 0.010 for commercially 
aged material tested at 135 °C (Fig. 4). For aging times less than 
about 10 hours the flow stress is lower for the higher strain rate 
(inverse rate effect, or negative rate sensitivity). The effect becomes 
more pronounced for shorter aging times, corresponding to a value 
of n = —0.06 for 30 minutes’ aging. This inverse rate effect is much 
more pronounced than that observed for commercially aged material 
tested at O°C (see Fig. 4), where the minimum value of n is 
—0.001. 

The observation that n decreases rapidly to negative values 
with decreasing aging time is significant, since discontinuous yielding 
also is more pronounced for shorter times of aging following solution 
treating (6). If discontinuous yielding and the occurrence of an 
abnormally low rate sensitivity are both manifestations of strain 
aging, the fact that they are more pronounced for specimens with 
less prior aging lends support to the idea that the strain aging effects 
in precipitation hardening alloys are related in some way to the phe- 
nomenon of age hardening. 
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DISCUSSION OF RESULTS 


By considering how strain aging affects the behavior of copper, 
mild steel, and 61S, it is possible to examine the hypothesis that all 
four of the strain aging effects occur if any one does, and that they 
are all at a maximum at the same temperature. 


Copper 
Fig. 11 shows that the yield point effect and the strengthening 
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Fig. 19—A Portion of a Creep Curve for 
OFHC Copper Tested at 300°C. Strain was 


measured with an averaging magnetic strain 
gage actuating a photoelectric recorder. 


effect in copper are both at a maximum at 400°C (750°F). The 
yield point tendency diminishes to zero at temperatures of about 
100 and 700°C (210 and 1290°F). It is hard to say at what 
temperatures the strengthening effeets diminish to zero because 
recovery enters the picture too; but it is possible to envision a strain 
aging hump (curve BED in Fig. 11) superposed on a basic recovery 
curve (ABCDF), such that the strengthening effect would die out 
at about the same temperatures as the yield point effect. 

The idea behind the construction in Fig. 11 is that recovery and 
strain aging may occur simultaneously and that the net strengthening 
or weakening depends on the relative magnitude of the two effects. 
This idea resolves earlier data~that seemed contradictory. Holden 
(1) concluded that strengthening and return of the yield point do 
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not always go hand in hand (10), since weakening sometimes has 
been observed to accompany the return of the yield point. However, 
Fig. 11 illustrates that such weakening may be the net result of a 
strengthening (a) accompanying the yield point return (8), super- 
posed on a larger weakening (y) due to recovery. 

There are not enough data on copper to determine whether 
400 °C is also the temperature at which a maximum occurs in the 
other two strain aging effects, discontinuous yielding and abnormally 
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Fig. 20—Variation of Stress With Rate at Various Temperatures 
for SAE 1020 Steel. From the data of MacGregor and Fisher (12). 


low rate sensitivity. Apparently, the rate sensitivity has not been 
measured except at room temperature (11). Likewise, it is not 
possible from present data to determine the temperature at which 
discontinuous yielding is most pronounced, although the presence 
of the phenomenon has been shown by a single creep test (Fig. 19) 
at 300 °C (570 °F) on the same copper as that of Fig. 11. 

It has not been customary in the past to classify fairly pure 
copper as a strain aging metal, but it is evident that at least three 
of the mechanical effects associated with strain aging are present 
to a significant extent in this metal. 


Mild Steel 


The evidence relating to strain aging in mild steel is somewhat 
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more complete than for copper, although perhaps in less convenient 
form. 

A curve of rate sensitivity versus temperature for SAE 1020 
steel can be derived from the data of MacGregor and Fisher (12). 
Based upon their tension tests at different strain rates, curves of 
difference in log stress versus difference in log rate for various 
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Fig. 21—Variation of Rate Sensitivity (n) with Tem- 


perature for SAE 1020 Steel. From the data of Mac- 
Gregor and Fisher (12). 
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Fig. 22—Effect of Testing Temperature on the ronaie ee 
of Iron. From Carpenter and Robertson (13), Vol. 1, p. 


temperatures are shown in Fig. 20. The slopes of these curves, or 
the rate sensitivity n, are summarized in Fig. 21. There is a min- 
imum in rate sensitivity in the neighborhood of 250 °C, close to the 
temperature of maximum strength that is observed in many ferrous 
metals when tensile strength is plotted (12, 13, 14) versus temper- 
ature, as in Figs. 22 and 23. In Figs. 21 to 23 the “normal” effects 
of temperature, as well as the strain aging effects, are present, and 
it is not evident where the strain aging effects die out at higher and 
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lower temperatures.. However, assuming again that the strain aging 
effects are superimposed on the normal effects of temperature as 
shown in Fig. 11, it appears that both the strengthening effect and 
the abnormal rate effect disappear below about 0 °C and above about 
600 °C (1110 °F). 

The stress-strain curve for mild steel is serrated if the steel is 
tested at temperatures between 100 and 300°C (210 and 570 °F) 
(4). No accurate criterion of the intensity of the effect is readily 
applicable to the available data. Roughly speaking, the effect is most 
pronounced at about 200 °C (390 °F). This temperature agrees well 
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Fig. 23—Effect of Testing Temperature on the Flow Stress 


Determined in a Constant Strain Rate Tensile Test. Testing rate: 
10-3 sec.-! strain = 0.2. From data of MacGregor and Fisher (12). 


enough with the temperatures of maximum strengthening effect and 
of minimum rate sensitivity. 

Strangely enough, the temperature of maximum effect is least 
well known for the yield point. Aging experiments designed to show 
the return of the yield point have not been carried out above about 
300 °C (570°F). Holden’s tensile tests following rolling and aging 
(1) indicate that the yield point becomes more pronounced as the 
aging temperature increases, up to 300°C (570°F). The data on 
the corresponding strength changes are very confusing, possibly be- 
cause the strength was measured in tension, whereas the preaging 
strain was introduced by rolling. Curves of strength: versus aging 
time pass through several maxima and minima in a manner that 
appears to differ for different aging temperatures. About all that 
can be said with certainty is that a yield point does appear upon 
aging at temperatures between room temperature and 300°C 
(570 °F). 

Even if aging experiments had been performed at temperatures 
above 300°C (570 °F), they might be difficult to interpret because 
of the quench aging effect. It is known (1) that quenching from 
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400 to 700 °C (750 to 1290 °F) will eliminate the initial yield point 
in mild steel, but that subsequent aging will cause its return. Con- 
sequently, although one might expect to find a yield point after slow 
cooling from aging temperatures of 400 to 700 °C (750 to 1290 °F), 
one might not find a yield point after quenching from these same 
temperatures. 


61S 


The aluminum alloy 61S-T exhibits (6) a minimum in rate 
sensitivity near room temperature (Fig. 4). One would then expect 
to find discontinuous yielding at room temperature, as well as 
strengthening and the appearance of a yield point following room- 
temperature aging of a strained specimen. It has been shown (6) 
that there is discontinuous yielding at room temperature, especially 
if the metal has appreciable capacity for further precipitation. Mac- 
Reynolds (15) has found the same behavior in 2S aluminum at 
temperatures of —20 to +60°C (—4 to +140°F), suggesting a 
maximum at 20°C (68°F). Figs. 13 and 14 show that a yield 
point at —190°C (—310°F) appears following room-temperature 
aging of strained 61S. MacReynolds (15) found a yield point at 
—30°C (—22 °F) in 2S aluminum following straining at —30 °C 
(—22 °F) and aging at —5 °C (23 °F). 

It is not easy to tell whether a room-temperature strain aging 
treatment causes strengthening of a strained specimen, because the 
same treatment would have caused age hardening, even of an un- 
strained specimen. Age hardening probably occurred in the test 
plotted in Fig. 14. There undoubtedly was no strengthening due 
to precipitation hardening in the test plotted in Fig. 13. On the 
other hand, the strengthening, if any, due to the strain aging treat- 
ment in this test is too small to measure. In order to find out 
whether strain aging causes strengthening in 61S, it will be necessary 
to measure the strengthening for numerous conditions of straining 
and aging, with control tests on unstrained specimens for the purpose 
of separating the strain aging effects from the age hardening effects. 

Of the four strain aging effects, the low rate sensitivity effect 
is at a maximum at 0 °C, discontinuous yielding occurs near room 
temperature and is at a maximumat 20°C for a material similar to 
61S, a yield point appears following room-temperature aging, and 
there was no measurable strengthening for the conditions investigated. 


SUMMARY 


Aging near 400 °C (750 °F) causes both strengthening and the 
appearance of a yield point in specimens of 99.996% copper pre- 
strained 2% at room temperature. 61S aluminum exhibits a yield 
point at —190°C (—310°F) when 1% strain at —190°C (—310 
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°F) is followed by aging at room temperature. Analysis of pub- 
lished data reveals that there is a minimum in the rate sensitivity 
(d log S/d log &) of mild steel at about 250 °C (480 °F). 

These new facts, together with earlier facts from the literature, 
suggest (but are not sufficient to prove) the following generalization : 
The four mechanical effects—(a) strengthening of a strained metal 
during heating, (b) the appearance of a yield point in a strained 
metal after heating, (c) discontinuous yielding, and (d) abnormally 
low rate sensitivity—all occur together, and they are all most pro- 
nounced at the same temperature (see Table 1). If one of the four 
effects is present in a particular metal, they all are. It is reasonable 
to conclude that the four mechanical effects all are manifestations of 
the strain aging process. 


eres — 


Table | 
Temperature of Maximum Strain Aging Effects (°C) 














Steel Al Cu 
Tendency for the yield point to appear present present (61S) 400 
Strengthening 5 400 
Discontinuous yielding 200 20 (2S present 
Abnormally low rate sensitivity 300 0 (61S) 


Tensile tests at different rates show that the rate sensitivity of 
61S aged different lengths of time is most negative for the shortest 
aging times. Similarly, discontinuous yielding is most pronounced 
in 61S that has been aged for short times. The fact that both of 
these effects are most pronounced in specimens with the least aging 
lends support to the idea that they are not independent, as well as 
to the conclusion that strain aging in a precipitation hardening alloy 
is related to the capacity for further precipitation. 
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DISCUSSION 


Written Discussion: By Gerrit DeVries, metallurgist, U. S. Naval 
Ordnance Test Station, Pasadena, Calif. 

The author has shown that four mechanical effects occur together and 
are most pronounced at some particular temperature for any given metal. 
He concludes that the four mechanical effects all are manifestations of the 
strain aging process. 

From Table I, it appears that the temperature of maximum strain 
aging effects for steel is near 500°F (260°C). In steels hardened by 
quenching from the austenitic range, there are two phenomena which 
sometimes occur when the tempering temperature is raised to 500°F 
(260°C) and above. One is the appearance of a yield point and the 
other is a loss of notch-bar strength. It might be that these two phenomena 
are related to the four mechanical effects discussed by the author. Could 
it be that microstresses set up in the quenched steel, or other factors, cause 
a reaction to occur when the steel is tempered at 500°F (260°C) which 
is related to the strain aging process? 

Written Discussion: By J. T. Richards, development engineer, The 
Beryllium Corporation, Reading, Pa. 

The author has made an important contribution in correlating certain 
strain aging effects. In addition to the effects noted, certain cold-worked 
materials also show modulus and electrical conductivity peaks following 
heating at moderate temperatures.‘ Does the author attribute these changes 


‘F. C. Lea, V. A. Collins and E. «. F. Reeve, “The Modulus of Direct Elasticity 


of Cold-Drawn Metals as a Function of Annealing Temperature”, Journal, Institute of 
Metals, Vol. 29, 1923, p. 217-237. 
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to strain aging or to stress relief generally associated with recovery? 

There is evidence available that increased strain prior to aging may 
reduce the strain aging temperature. Recent work® conducted on copper 
indicates a yield point is obtained at room temperature following large 
initial strains; however, small strains did not produce a yield point. 

This same reference’ also shows that for cartridge brass overstraining 
in tension followed by aging produces a yield point in subsequent tension 
but not in compression. Can the author offer a possible explanation? 

In conclusion, how does the author differentiate between strain aging 
and the recently proposed® stress aging theory? Work conducted over 
twenty years ago by Macrae’ indicates that similar results are obtained 
whether the straining is concurrent with or precedes the thermal treatment. 


Author’s Reply 


Messrs. Richards and DeVries both have raised questions as to possible 
additional effects of the strain aging process. Although the effects described 
in the paper are limited to the plastic properties, it would be expected that 
other properties would also be affected by the strain aging process. It is well 
known, for example, that a ductility minimum occurs at the testing temperature 
of maximum strength; because of this loss of ductility, the range of tempera- 
tures where strengthening by strain aging occurs has been called the “blue- 
brittle range” (“blue” referring to the temper color for those temperatures). 
Also it has been observed*® that the anelastic effects introduced by cold work 
mtay be reduced by heating to temperatures of the order of the strain aging 
range. This reduction in anelasticity has the effect of increasing the modulus 
over the value prevailing in the cold-worked state and eventually restoring the 
annealed modulus (but without recrystallization). According to Muir’s work, 
however, the modulus did not diminish again with further heating, as found by 
Collins and Reeve. Although the blue-brittle behavior is probably a strain 
aging effect, it is not clear at the moment whether the modulus effects de- 
scribed above are related to strain aging. 

In answer to Mr. Richards’ question as to whether stress aging and strain 
aging should be differentiated from each other, it can be said that these two 
processes are similar in some respects and different in others. The reported 
strengthening resulting from stress aging is mostly due to strain aging and 
probably partly due to strain hardening. The stress aging treatment causes 
plastic strain. For stress aging stresses between the proportional limit and the 
0.2% yield strength, the resulting plastic strains would be less than 0.2% if the 
stress aging temperature were room temperature. At higher stress aging tem- 
peratures, however, the strength is lower, and larger plastic strains would result. 
This plastic strain causes strain hardening (strengthening) even in the absence 


of any aging effects. Also this plastic strain, as well as the prior strain for 


the cold-worked alloys, will result in strain aging when the metal is subjected 


5H. Schwartzbart, M. H. Jones and W. F. Brown, Jr., “Observations on Bauschinger 
Effect in Copper and Brass”, National Advisory Committee for Aeronautics, Research 
Memorandum E51D13, June 19, 1951. 


®R. F. Gill, E. A. Smith and R. H. Harrington, “Stress-Aging Treatment and Its 
Effects on the Physical Properties of Copper-, Iron-, and Aluminum-Base Alloys’’, 
Journal, Institute a Metals, Vol. 78, 1950, p. 203-228. 


7A. E. Macrae, “Overstrain of Metals”, His Majesty’s Stationery Office, London, 1930. 


8}. Muir, “On the Recovery of Iron From Overstrain’”’, Philosophical Transactions, 
Royal Society, Vol. 193A, 1900, p. 1. 
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to the stress aging temperature. The relative strengthening effects of (a) 
strain aging associated with prior cold work and (b) strain hardening and 
strain aging associated with the creep appearing during stress aging could be 
determined if the observed results were compared with the results of the same 
aging treatments at zero stress. 

In connection with Mr. Richards’ comments on the appearance of a yield 
point in copper and brass, it should be noted that very few experiments have 
been made in which the stress state during prestraining is different from that 
of the test that follows the strain aging, and by means of which the appearance 
of a yield point is observed. For example, when the prestrain is by rolling, 
and testing after strain aging is in tension, the behavior is complex and difficult 
to interpret.” In view of this general behavior, it is not surprising that a yield 
point in compression is observed only after large tensile prestr>in, whereas a 
yield point in tension occurs after only small tensile prestrain. 


®A. N. Holden, “Inho eneous Flow.and Strain Aging of Metals”, RL 314 (Research 
Laboratory Report), General Electric Co., January 1950. 





FATIGUE STRENGTH OF LARGE, NOTCHED STEEL BARS 
SURFACE-HARDENED BY GAS HEATING AND BY 
INDUCTION HEATING 


By S. L. Cass, J. M. Berry anno H. J. GRovER 


Abstract 


Fatigue tests have been made on large, notched, round 
bars of SAE 1045 steel, surface-hardened to various case 
depths by induction heating and by gas heating. Surface 
hardening the notch improved the fatigue strength in every 
instance. The improvement was greater the deeper the 
hardened case. For a particular case depth, the tests 
showed no significant difference in fatigue strength with 
difference in the method of heating employed. Results 
of metallographic examination and of some auxiliary static 
bending tests are included for additional information. 


ATIGUE failures of steel parts in service almost invariably 

occur at notches. The notch fatigue strength of a steel can be 
increased, within limitations, by through hardening. An alternative 
possibility, having many advantages in various instances, is surface 
hardening. Both service records and laboratory tests have demon- 
strated the effectiveness, in improving fatigue strength, of various 
means of surface hardening: shot peening, cold rolling, carburizing, 
nitriding, and oxyacetylene flame hardening (1-3).1 Some of these 
methods of surface hardening have been specifically shown to allevi- 
ate the reduction in fatigue strength, caused by a notch, by selective 
hardening of the region containing the notch. 

Induction hardening has also been-used to increase the service 
lifetime of parts subject to repeated stressing. However, there appear 
to be no reported data from laboratory fatigue tests of induction- 
hardened specimens. Recent development of high speed, direct-gas 
heating techniques affords another commercially important means of 
surface hardening steel parts (4); fatigue tests on specimens hard- 
ened by gas heating have not yet been reported. The present inves- 
tigation? was undertaken to explore the potentialities, in improving 
the notch fatigue strength of steel, of these two methods of surface 
hardening. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


2This investigation was sponsored, at Battelle Institute, by the Committee on Industrial 
and Commercial Gas Research of the American Gas Association. 





A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. The authors, S. L. Case, 


J. M. Berry and H. J. Grover, are associated with Battelle Memorial Institute, 
Columbus, Ohio. Manuscript received April 9, 1951. 
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Differences in the two methods of heating afford the possibility 
of obtaining different patterns of microstructure and hardness gradi- 
ent. For example, very thin cases may be obtained by induction 
heating while, normally, case depths less than about 0.125 inch are 
not readily obtainable by high speed, direct-gas heating. While it 
has been stated that a thin case has practical advantages, this possi- 
bility does not appear to have been explored intensively (5). Accord- 
ingly, a study of the effect of case depth upon fatigue strength ap- 
peared of particular interest. 

The major objective of the investigation was the determination 
of the rotating-bending fatigue strengths of notched bars, hardened 
to different case depths by induction heating and by gas heating. 
Supplementary tests to obtain additional information were also made 
on specimens of a form designed for the fatigue tests. 


EQUIPMENT AND EXPERIMENTAL PROCEDURE 


The steel chosen for study was a plain carbon steel (SAE 1045). 
All test specimens throughout the investigation were machined from 
hot-rolled, 4-inch diameter, round bars of a single commercial heat 
of this steel. A chemical analysis of this heat showed the following 
percentage composition: 0.44 carbon, 0.78 manganese, 0.014 phos- 
phorus, 0.025 sulphur, and 0.14 silicon. Metallographic examination 
of specimens of the as-received material showed it to be representative 
of this grade of steel. 

The general procedure was to surface harden specimens of this 
steel by each of the two methods of heating and to compare fatigue 
strength and other properties of these differently hardened specimens. 
The experiments were planned to include several ranges of case 
depths which might be used industrially for each method of heating. 
A number of further details of procedures were decided on the basis 
of preliminary work, carried out to investigate the feasibility of a 
particular specimen design. 


Design of Test Specimen 


Among the qualifications considered in designing a suitable 
specimen were the following: 

(a) The test piece should be large enough for use of rea- 
sonable ratios of case depth to core’diameter, but small enough 
to be within the range of the capacity of available fatigue test- 
ing equipment. 

(b) The test piece should be notched to make the test rep- 
resentative of service conditions critical for structural parts. 

(c) The notch should be of sufficient severity to insure 
failure in the hardened region. It should also be of a shape 
capable of being comparably hardened by each of the two meth- 
ods of heating. = 
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An available fatigue testing machine (described later) had suf- 
ficient load capacity to test a bar of high tensile strength steel of about 
1.7 inches in diameter, especially if the test section had a notch of 
moderate severity. It was believed that a notch, having a stress con- 
centration factor of about 2, would both insure failure at the hardened 
notch (rather than in an unhardened section) and also be representa- 
tive of stress concentrations common in machine parts. Preliminary 
fatigue tests on unhardened specimens indicated suitable alternative 
notch dimensions. 


a 


33°D 





Notch Detail 
i 0.025"R. x 0.250" Deep 


2.19"D 1.69"D 


A007 


Stress-Concentration Factor About 2 


Fig. 1—Fatigue Test Specimen. 


One observation during the preliminary work is of interest. It 
was found that the gas-heating setup, with a particular design of 
burner, would handle specimens of considerable range of notch angle 
(from about 90 degrees to about 120 degrees) with quite uniform 
contour of hardened area. On the other hand, it appeared that sev- 
eral different inductor blocks might be needed for equally uniform 
contour hardening of notches with these different flank angles. This 
indicated the possibility, not explored further, that gas heating is 
more flexible than induction heating in its ability to harden a variety 
of shapes. 

Cooperative studies, with engineers at the Ohio Crankshaft Com- 
pany, and with engineers of the Selas Corporation of America, pro- 
vided final selection of a notch form which appeared suitable for 
hardening by the two different methods of heating. The design 
finally adopted is shown in Fig. 1. The notch, a circumferential 
groove, has a stréss concentration factor of about 1.8 and a rather 
large flank angle, to permit suitable hardening. All subsequent work 
was carried out on specimens of this design. 
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Hardening Specimens by Induction Heating 


Specimens were induction-hardened on an 80-kva, 9600-cps, 
Tocco unit that was available at Battelle.* A special, single-turn, 
split inductor block was designed and constructed at Tocco for the 
particular notch shape to be hardened. This block included means 
for providing a water spray for quenching the heated section. 
The spray was applied less than one-fourth second after the end of 
the heating cycle. The specimen was mounted horizontally in a jig 
with provision for rotation (at about 15 rpm) during the hardening 
operation. Fig. 2 shows a specimen mounted preparatory to induc- 
tion hardening. 





Fig. 2—Setup for Induction Hardening Notched Fatigue Test Specimens. 


A number of variations of power and heating time were tried 
in preliminary experiments. Finally, two conditions were chosen 
for most of the work. These involved a fixed power input and heat- 
ing times of 20 and 60 seconds to produce two different depths of 
case (about 0.135 and 0.175 inch). A few specimens were hardened 
at Tocco on a higher capacity machine with a short heating time, 
about 3 seconds, to produce a very shallow case (about 0.005 inch). 





_. *With the exception of a few for a Cieck on experimental technique and also a few 
with shallow cases which were hardened at Tocco. 
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Fig. 3—Setup for Hardening Notched Fatigue Test Specimens by High Speed Gas Heating. 


Hardening Specimens by Gas Heating 


Fig. 3 shows some of the equipment used for surface hardening 
specimens by high speed, direct-gas heating. This comprised stand- 
ard equipment, from the Selas Corporation of America, for adjusting 
and controlling the air-gas mixture and flow rate, and specially 
designed burners and arrangements for quenching. The burners 
(B), which were designed and constructed at Selas, were of the 
“Superheat” type and were contoured (as indicated in Fig. 4) to 
fit about the notch of the specimen (A). During the heating period, 
these burners were clamped together about the notched section of a 
vertical, rotating (about 12 rpm) specimen. At the end of this 
period, the burners were quickly pulled away, by automatic means, 
and a water spray quenching ring (C) raised up about the notch. 
The interval between heating and quenching was estimated as about 
].5 seconds and was believed to be reproducible. 

Preliminary work included some variation of the air-gas mix- 
ture ratio. The ratio finally adopted and used for preparation of all 
test specimens was from 8.8 to 9.0.4 Variation in case depth was 





‘Natural gas, having a heat value of about 1020 Btu per cubic foot, was used at a rate 
of approximately 250 cubic feet per hour. 
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Cooling Water 
Connections 





Air-Gas Mixture Inlet Air-Gas Mixture Inlet 


Fig. 4—‘‘Superheat” Burners Used for High Speed Gas Hardening. 
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Fig. 5—Fatigue Testing Machine. _A—Motor driven bearing. B—Test specimen. 
C—Rear loading bearing. D—Calibrated loading lever. E—Load-adjusting wheel. F— 
Movable load weight. 
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obtained by varying the heating time—about 90 seconds was used for 
the medium case depth, and about 180 seconds for deep cases. 


Fatigue Testing Machine 


Fig. 5 shows the fatigue testing machine used in this work. This 
is a rotating cantilever machine, having a maximum load capacity of 
about 60,000 inch-pounds of bending moment and a speed variable 
from about 600 cpm to about 1800 cpm. Loading is of the dead- 
weight type through the movable weight (F) and the calibrated 
loading lever (D) shown in the figure. The machine is equipped 
with the usual revolution counter and a cut-off design to stop the 
operation upon fracture of the specimen. Most specimens tested in 


this experiment failed brittlely, so that there was little ambiguity 
about a criterion of failure. 


EXAMINATION OF SURFACE-HARDENED SPECIMENS 


Considerable attention was given to the examination of possible 
differences in distortion, in hardness gradient, and in microstructure 
of specimens surface-hardened under different conditions. In view 
of basic differences in the two methods of heating, there was particu- 
lar interest in possible differences in specimens hardened to the same 
case depth by induction heating and by gas heating. 


Examination for Distortion 


A number of specimens hardened under various conditions were 
examined for possible distortion resulting from the hardening opera- 
tion. Changes in the “run-out” of a specimen, mounted between 
centers on a lathe, were usually less than the precision of measure- 
ment (about 0.001 inch). Changes in notch-flank angle were meas- 
ured by a “Shadowgraph” ; there was slight (%4 to 1 degree) opening 
of this angle, particularly for deeply hardened specimens. There 
was no detectable difference in distortion because of difference in 
methods of heating to produce the same case depth. In general, it 


was concluded that distortion was negligible for the particular speci- 
men shape. 


Hardness Determinations 


Almost all of the bars hardened during the entire course of the 
investigation were sectioned for examination of the hardness pattern 
produced. 

Figs. 6 and 7 are photomacrographs of etched cross sections of 
the notched bars. These are representative of the medium and deep 
cases used in fatigue tests. Hardness determinations were made 
using the Tukon tester with a 500-gram load; conventional hard- 
ness profiles are shown in Figs. 8 and 9. 

The depth of case can be estimated from the appearance of the 
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Fig. 6—Photomacrographs of Induction-Hardened Specimens. a—Medium case, about 
0.135 inch deep. X 2. b—Deep case, about 0.175 inch deep. X 2. 


etched cross sections (Figs. 6 and 7). A more objective method 
involved arbitrary selection of the hardness number and measurement 
of the depth of the material harder than that number. For purposes 
of definiteness, values obtained by this method, illustrated by the 
dashed lines in Figs. 8 and 9, are used in subsequent discussions. 


Metallographic Examinations 


A number of the sectioned bars were examined metallograph- 
ically. Although detailed discussion of the microstructures of 
these bars is beyond the scope of this paper, a few observations are 
of interest. % 
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Fig. 7—Photomacrographs of Gas-Hardened Specimens. a—Medium case, about 0.130 
inch deep. X 2. b—Deep case, about 0.225 inch deep. X 2. 


Due to the geometry of the fatigue test specimen, surface hard- 
ening, by either method of heating and to any of the case depths 
explored, left very small cracks (0.010 to 0.020 inch deep) in the 
surface at the root of the notch. Experiments indicated these to be 
due to the self-quenching action of the steel surrounding the notch. 
For example, it was found that hardening unnotched specimens of 
the same steel, by gas heating, did not produce cracking. It should 
be pointed out that this notch form, which was dictated by the fatigue 
test requirements, is not typical of commercial applications of surface 
hardening. It is well known that parts are commercially surface- 
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Fig. 9—Hardness Values for High Speed Gas-Hardened Specimens. 


hardened, by either method of heating, without detectable surface 
cracking. For this reason, fatigue tests of these notched bars were 
unusually severe criteria of the influence of the surface hardening on 
their strength. The result, presented in the following section, that 
the fatigue strength was greatly increased by the hardening, is thus 
particularly striking. 

Fig. 10 illustrates scatter typical of that observed in hardness 
data in the first 0.030 inch of each of several locations. This scatter 
—not usually shown in conventional hardness profiles—is probably a 
manifestation of structural inhomogeneity. While the deep cases 
appear to be nearly 100% méaftensitic near the surface, appreciable 
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amounts of free ferrite were found in bars hardened to a medium 
depth (regardless of the heating methods). 

The photomicrographs in Fig. 11 illustrate some of-the micro- 
structures near the surface for specimens with deep and medium 
cases, respectively. A photomicrograph, showing the microstructure 
before surface hardening, is included for comparison. 

The deeper cases appeared (as indicated in Figs. 8, 9 and 10) 
to be slightly softer at the outermost surface, that is the first 0.001 
to 0.002 inch, than at slightly greater depth. Additional experimental 


Induction-Hardened, Induction-Hardened, 


Deep Case Medium Case 





Knoop Hardness, 500-g load 


500 Gas-Hardened, 
Deep Case 


Gas-Hardened, 
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Fig. 10—Scatter in Knoop Hardness Test Results Near the Surface of 
Surface-Hardened Bars. 


work indicated that this was not an “edge effect” peculiar to the test- 
ing conditions. There was no visible decarburization and no appear- 
ance of retained austenite in this region, and details of residual stress 
were not directly measurable. Accordingly, an exact interpretation 
of this relative softness of extreme fibers was not obtained. In any 
event, as noted later, fatigue strengths of the deeply hardened bars 
were high. 

Differences associated with differences in heating methods were 
usually slight. Some difference in shape of the hardness-depth curve 
may be noted in previous Figs. 8 and 9. Gas-hardened specimens 
contained somewhat more free ferrite near the surface of the specimen 
and had larger grain size than induction-hardened specimens. 
Despite such differences, the fatigue properties of the notched bars 
appear to be much more strongly influenced by differences in case 
depth than by differences in the heating method used to produce a 
particular case depth. 


RESULTS OF FATIGUE TESTS OF SURFACE-HARDENED BARS 


Fig. 12 shows some fatigue failures and, incidentally, indicates 
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Fig. 11—Photomicrographs of Some Typical Structures. Etchant—picral. xX 500. 
a—Martensitic structure characteristic of a deep case. b—Martensitic and ferritic structure 
characteristic of a medium case. c—Original structure of the SAE 1045 steel. 


strikingly the strengthening that may be obtained by surface harden- 
ing a region of stress concentration. For all unhardened notched 
specimens, failure originated at the root of the notch, where the stress 
was highest. Particularly in some early tests on specimens with a 
very slightly less severe notch, deep-hardened specimens failed with 
cracks starting in the large diameter section, completely outside the 
notch. Thus, in these instances, surface hardening completely offset 
the fatigue strength reduction caused by the notch. 

Table I contains results of the fatigue tests on unhardened and 
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Fig. 12—Fatigue Test Specimens: Illustrative Failures. a—Induction-hardened. b— 
Not hardened. c—High speed gas-hardened. 


hardened notched test bars, and Fig. 13 shows these results plotted 
as S-N curves. The following points may be noted: 

(a) The notched-bar fatigue strength increased with in- 
creasing depth of case, up to the limit (about 0.225 inch) cov- 
ered in the investigation. It may be noted that the deeper 
cases showed greater uniformity of structure—for example, no 
free ferrite. 

(b) The maximum increase in endurance limit was large— 
from about 15,000 psi for unhardened bars to 70,000—90,000 psi 
for deeply hardened bars. This is an increase of the order of 
400% in strength. 
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Table I 
Results of Fatigue Tests 





Surface Hardening Nominal Cycles 
Method of Case Depth Specimen Stress to 

Heating inch Number 1000 psi Failure 

Unhardened 16-5 40 16,900 

17-1 30 75,000 

7-5 30 53,000 

17-6 23 219.000 

17-4 20 1,632,600 

4-3 15 1,170,600 

16-4 15 1,765,500 

Induction Hd 6-6 90 <1,000 

0.005 6-5 60 2,000 

0.135 18-1 90 3,300 

0.135 2-3 70 281,900 

0.135 16-2 50 : > 10,600,000 

0.135 18-4 40 > 12,000,000 

0.175 5-3 110 47,300 

0.175 5-2 90 252,100 

0.175 6-4 70 5,636,900 

Gas 0.130 18-2 90 4,300 

0.130 11-4 90 58,200 

0.130 17-5 50 349,900 

0.130 18-3 40 > 12,000,000 

0.225 6-1 110 261,100 

0.225 5-1 90 3,097,100 

0.225 6-2 80 9,649,100 













CT a 
PT ee Patt 
PTT a TT Ut 
| LM Ste RPT 
soba ee ULAR | IM aD ae 
Th <4iMedium cose ob L | ITH 
ML PREZ ra | 
Ut Ree OTT 


LX || 
- Lad ii 2 cic d ali 4 
aches! rH aac 1 aa a 
PT 1 a il 
sol 82 Gas: ase rit ste ert 


O 4+ Induction-Hardened | | TTA pam tt 
O HHT ET 

io? io* 10° io® 10” 
Cycles to Failure 


























Fig. 13—Effect of Case Depth on Fatigue Strength of Notched-Bar Specimens. 


(c) Within the precision of the test, there appeared to be 
no difference in the fatigue strength of bars hardened to the 
same case depth by the two different methods of heating. 


Little information is published on the increase in fatigue strength 


with increasing depth of case. However, the present results are in 
accord with some unpublished data obtained on induction-hardened 
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bars. The effect may be due to quality of the case or to differences 
in residual surface stresses for the different case depths. 

The magnitude of increase in endurance limit for deeply hard- 
ened bars deserves particular note. As indicated in Fig. 13, the aver- 
age endurance limit for the deeply hardened bars was more than 
500% of that for unhardened bars. The increase that might have 
been expected from the increase in strength, corresponding to in- 
creased hardness, is only about 200%. The additional 200% increase 
in endurance limit is probably due to residual stress resulting from 
the hardening process. On the basis of the observed amount of 
increase, the surface residual stress at the root of the notch may be 
more than 30,000 psi compression for the deeply hardened bars. 
While no direct measurement was feasible for the particular notched 
form used in this investigation, this value is compatible with meas- 
ured values for surface-hardened unnotched bars in other instances 
(unpublished data). 

Due to differences in the two methods of heating, some differ- 
ences in residual stress patterns might have been anticipated. Dur- 
ing the course of the investigation, various means of determining 
residual stresses due to hardening were considered. The notch form, 
dictated by the fatigue testing requirements, presented almost in- 
superable difficulties in the use of relaxation methods by conventional 
techniques (such as Sachs’ procedure). This geometry also made 
X-ray determinations extremely difficult; moreover, recent work 
(including some unpublished work at Battelle during the period of 
this investigation) brings out a number of uncertainties in the inter- 
pretation of X-ray determinations of residual stress. However, it 
has been observed that, for a given case depth, the fatigue strength 
was the same for the two methods of heating. This is evidence that 
the residual stress, at least at the root of the notch where it is of 
major importance in influencing strength of the specimen, was not 
greatly different for the different heating methods. The same rea- 
soning would imply a less favorable residual stress pattern for shal- 
low cases than for deeper ones. 


SUPPLEMENTARY STATIC BENDING TESTS 


For some structural parts, where high bending loads are ex- 
pected, not only fracture strength but ductility is important. For 
this reason it appeared interesting to determine the flexibility of a 
notched bar as a function of depth of surface hardening of the notch. 

Fig. 14 shows the setup used for such comparison. A bending 
moment was applied to the center section containing the notch, by. 
compressive loading in a standard testing machine. Deflection of this 
center section as the bending load increased was observed by a dial 
gage indicated in the figure. This is essentially the method used to 
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Fig. 14—Setup for Static Bending Tests. 
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Fig. 15—Results of Static Bending Tests. 


determine, on unnotched specimens, the “modulus of rupture” of 
structural materials. 

Fig. 15 shows the results of tests of this kind on surface- 
hardened notched bars of SAE 1045 and on through-hardened 
notched bars of SAE 4140. It may be noted that the fracture load 
increased with increasing depth of: hardness up to the through-hard- 
ened condition. Other investigators have also observed that trans- 
verse bending strength is related to case depth (5). While the 
deflection withstood before fracture also increased with increasing 
depth of hardness, the percentage increase of this deflection was much 
less. Thus, for some parts where ability to withstand distortion is 
more important than fracture strength, surface hardening a carbon 
steel might be an alternative to through hardening an alloy steel. 

Both load to fracture and deformation before fracture increased 
with increasing case depth in static bending tests of the notched bars. 
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CONCLUSION 


As far as is known, this is the first report of the laboratory 
investigation of the improvement in notched fatigue strength of steel 
by surface hardening with induction heating or with high speed, 
direct-gas heating. In the tests reported here, such surface harden- 
ing increased the endurance limit of notched bars of SAE 1045 steel 
as much as 400%. Moreover, the tests showed no difference in 
fatigue strength of bars hardened to approximately the same depth 
by the two different methods of heating. 

It was further apparent that, within the range of the investiga- 
tion, the deeper the case the higher was the fatigue strength. 

Static bending tests on these notched bars showed increase of 
fracture strength and increase of deformation before fracture, as the 
depth of case was increased. These tests also showed no significant 
difference between bars hardened to the same case depth by the two 
different methods of heating. 

Metallographic examinations provided interesting observations 
concerning variations in structure and corresponding variations in 
hardness pattern. For the most part, these examinations indicate 
(in accordance with mechanical testing results) greater variation with 
difference in case depth than for a fixed depth with difference in 
heating methods producing the case. 
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DISCUSSION 


Written Discussion: By T. J. Dolan, research professor of theoretical 
and applied mechanics, University of Illinois, Urbana, III. 

This is a particularly important paper, since it comes at a time when 
the utmost efficiency must be obtained from the. “lean” steel compositions, 
The authors are to be congratulated for their fine work. 

It was noted in some instances that the ratio of case depth to the 
diameter of the test section was rather small. This might result in a tend- 
ency for the fatigue, failure to initiate by subsurface cracking unless the 
stress gradient at the root of the notch was very steep. The fact that the 
fatigue strength became greater when the case depth was increased lends 
some support to this thought. 
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The increase in elastic limit of the metal, which accompanied harden- 
ing, undoubtedly helped to improve its fatigue strength as did the benefi- 
cial residual stress mentioned by the authors. If, however, the authors 
are correct in attributing the increase in strength primarily to a residual 
compressive stress at the root of the notch, one might expect that 
through-hardened specimens would be somewhat inferior in strength to 
those hardened to an intermediate depth, since through hardening should 
decrease the magnitude of the residual compressive stress. It appears 
that there may be a particular depth of case which will provide maximum 
fatigue strength. 

In some respects the endurance limit of 15,000 psi obtained for the 
unhardened specimens seems abnormally low. In tests some years ago 
the writer obtained an endurance limit of 26,000 psi for small specimens 
of normalized SAE 1045 steel with a stress raiser having a theoretical 
stress concentration factor slightly greater than two. Though the “size 
effect” (of decreased strength with increased size of specimen) may par- 
tially explain the lower fatigue strength reported in the paper, it would 
also seem possible that there may have existed some unfavorable residual 
stresses in the unhardened bars to lower their fatigue strength. 

As a rough approximation, one might assume that the flexural stress 
in the core near the junction with the hardened case is approximately 
0.75 of the nominal stress computed for the surface fiber. If one then 
takes into account the theoretical concentration factor of 1.8 for the 
surface fibers, the approximate ratio of imposed stress in the surface to 
that in the core (at the junction with the case) would amount to 1.8/0.75 
=2.4. In other words, the core must resist a stress somewhere near 
half of that at the surface. When one considers the five-fold increase in 
endurance limit caused by surface hardening, a corresponding increase in 
core strength of roughly 5/2.4 = 2 times must have therefore accompanied 
the hardening treatment to allow such a pronounced increase in fatigue 
strength. This cannot be explained entirely on the basis of residual 
stresses, since a favorable residual compression in the case would have to 
be accompanied by an unfavorable residual tension in the core that could 
not contribute to increased resistance of the core. 

There is some evidence in Figs. 8 and 9 that the core material also 
had its hardness increased somewhat by the surface hardening treatment. 
However, this does not appear to have been sufficient to account for the 
extremely large increase in endurance limit. Perhaps one explanation 
of these discrepancies might be that the unhardened bars had an abnor- 
mally low endurance limit due to the presence of unfavorable residual 
stress or surface conditions that were subsequently relieved by the heat 
treating operation in hardening the surface. This would explain why the 
specimens did not fail from the inner core material at much lower stresses 
than those indicated for the fatigue tests of the “deep case” material. 
Further comments from the authors on these points would be appreciated. 

Written Discussion: By H. F. Moore, research professor of engineer- 
ing materials, Emeritus, University of Illinois, Urbana, IIl. 

The presence of very small cracks at the root of the notch in a speci- 
men, as shown in Fig. 6, is of interest. The authors ascribe those small 
cracks to self-quenching during the hardening of the specimen. However 
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that may be, the very presence of these cracks before the application of 
cycles of repeated stress indicates that at their formation some residual 
tensile strength, and probably some shearing stresses, were relieved as 
each crack formed. In any event, the fracture of the specimen did not 
follow the path of any of these minute cracks at the bottom of the notch. 

In recent fatigue tests at the University of Illinois, and in tests 
reported orally from another laboratory, microscopic examination of steel 
fatigue specimens which withstood 10,000,000 or more cycles of reversed 
flexure showed minute cracks in unbroken specimens. One such crack 
about 0.06 inch long was found in an axle steel tested at the University 
of Illinois in 1926. 

It is well known that two notches near to each other do not increase 
the localized stress as much as one notch alone.’ May it not be possible 
that very minute cracks, especially cracks near other “stress raisers”, may 
act to relieve injurious residual stress in the nearby region, and actually 
increase somewhat the fatigue strength, especially if those cracks were 
formed in the specimen before the application of cycles of repeated stress. 

In a region near to stress raisers the stress gradient is high and a 
spreading crack soon reaches a region of diminished stress due to load, 
and the crack finds that it can proceed no further. 

At any rate, the phenomenon of cracks which do not continue to 
spread to fracture is well worthy of further study. 

Written Discussion: By R. H. Lauderdale, metallurgist, Northern 
Ordnance Incorporated, Minneapolis, Minn. 

The authors have made some interesting laboratory studies and ob- 
servations, the practical significance of which I am deeply concerned with. 
In the manufacture of a great variety of odd and peculiar-shaped parts 
wherein surface hardening is specified, we are constantly faced with the 
problem of quench cracks resulting from the application of induction hard- 
ening of parts of nonsymmetrical geometry and sudden changes in section. 
We have never come across an application involving a notch effect in 
which the geometry was as ideal as the one used for the authors’ investi- 
gation. In fact, we have steered away, wherever possible, from surface 
hardening applications involving notch effect areas because of the diffi- 
culty of producing finished parts that will get through magnaflux inspec- 
tion. The authors indicate that all samples used in their tests developed 
small cracks at the root of the notch and that these cracks apparently 
were not detrimental to the fatigue strength. 

Would the authors go so far as to recommend the use of parts hav- 
ing small surface hardening cracks? If so, how would you convince the 
inspection department to accept such items? 

Written Discussion: By J. A. Bennett, chief, Mechanical Metallurgy, 
Division of Metallurgy, National Bureau of Standards, Washington, D, C. 

The authors state that the surface hardening treatment resulted in 
the formation of small cracks at the root of the notch. It is a matter 
of some importance to know the highest stress which may be applied 
to the specimens without causing these cracks to grow. This information 
is not necessarily given by the S-N curves shown, as it would be expected 


5R. R. Moore, “Effect of Grooves, Threads, and Corrosion Upon the Fatigue of Metals”, 
Proceedings, American Society for Testing Materials, Vol. 26, Part II, 1926, p. 255. 
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that the cracks would grow slowly through the hardened layer, so frac- 
tures might occur in as much as 10° or 10° cycles. This is borne out by 
the fact that the data of Fig. 13 do not indicate a definite fatigue limit 
for most of the hardened specimens. I wonder if the authors have made 
any attempt to measure the depth of the cracks in specimens which ran 
10° cycles without fracture for comparison with those in the unstressed 
condition. 

The value of the paper would be increased if the location of the frac- 
ture in each specimen were given, Fractures: which occurred outside the 
notch, as shown in Fig. 12, should be considered as run-outs as far as the 
notch is concerned and should be indicated with an arrow to the right on 
Fig. 13. 

Written Discussion: By R. E. Peterson, manager, Mechanics Depart- 
ment, Westinghouse Electric Corp., Research Laboratories, E. Pittsburgh. 

The 400% increase of fatigue strength for the deeply hardened bars 
can be viewed as follows: If we assume a fatigue strength of 33,000 psi 
for the bar material,® failure starting at the O.D. (Fig. 12) means a nomi- 
nal stress at the minimum section, S, = 33,000 (2.19/1.69)* = 71,700 psi, 
which is about the value obtained in Fig. 13. The ratio 71,700/15,000 = 
4.77. The hardened region is able to contain the stress peak due to the 
notch without failure, although an analysis’ indicates that the margin is 
quite close. The fatigue notch factor for the unhardened member is ap- 
proximately 33,000/15,000 = 2.2. The stress concentration factor of 1.8 
given in the paper seems too low. The theoretical factor should be con- 
siderably higher than 2.2 because of the relatively low notch sensitivity 
value, q, associated with a small radius in an unhardened material. 

The above analysis indicated that for some of the tests failure might 
start under the surface. It would be of interest to denote in a column 
in Table I the location of the source of failure in each case. 

The authors are to be commended for presenting valuable data of a 
type not available previously. 


Authors’ Reply 


The authors would like to express their appreciation of the stimulating 
discussions submitted in response to this paper. 

In view of the objectives of the investigation, the results obtained 
were mainly empirical and insufficient to explain the basic mechanism of 
the observed fatigue behavior. Consequently, only a few of the questions 
raised in discussion can be answered directly ; concerning other questions, 
only speculations can be advanced. 

In reply to Mr. Lauderdale, it can be noted that the hardening cracks 
were very small and localized, and undetectable by careful magnaflux and 
magnaglo observations. In general, the authors cannot recommend the 
use of parts having cracks detectable by magnaflux for applications in 
which resistance to fatigue failure is important. 

Crack growth was not directly measured in the present investigation. 


®See Fig. 5 of a Transactions, American Society of Mechanical Engineers, 
Vol. 58, 1936, p. A-150 
TR. E. Peterson ond J. M Lessells, “Effect of Surface Strengthening on Shafts Having 


a Fillet or a Transverse Hole” : Proceedings, Society for Experimental Stress Analysis, 
Vol. II, No. 1, 1944, p. 
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However, the auxiliary hardening cracks in specimens which failed in 
fatigue (even after long lifetimes) did not generally appear larger than 
the minute hardening cracks in untested specimens. As Professor Moore 
and Mr. Bennett point out, the phenomenon of cracks which do not grow 
to fracture is well worthy of further study. 

In regard to the relief of stress concentration by these small cracks, 
as suggested by Professor Moore, the following comments may be per- 
tinent. Geometrically, the small cracks were not usually near enough to- 
gether (in relation to their root radii) to cause much mutual overlapping 
of regions of stress gradient. Hence, one might not expect (geometrically) 
one small crack to effect much relief of the stress concentration of an- 
other. On the other hand, any one of the small cracks was so sharp in 
relation to the machined notch that (again geometrically) the effect of 
the larger notch might be considered negligible. On this basis, each small 
crack could be considered to cause a very high stress concentration (a 
factor possibly in excess of 10) and a large reduction in fatigue strength. 
Finally, macroscopic residual stresses in the region of the small cracks 
were compressive, and relief of compressive stresses would not be ex- 
pected to improve fatigue strength. Perhaps the observed fact that these 
small cracks did not drastically reduce the fatigue strength cannot be 
explained by a macroscopic picture of the metal as homogeneous and 
isotropic. 

In reply to Mr. Bennett’s further question about location of fractures, 
it should be noted that all specimens, listed in Table I or in Fig. 13 as 
failing, cracked near the root of the notch. Failures outside this region, 
shown in Fig. 12, were failures of specimens, with a somewhat less severe 
notch, used in preliminary tests. 

Mr. Peterson points out that the value (1.8) given in the paper for 
the theoretical stress-concentration factor is low. This value has been 
recomputed and the authors agree with Mr. Peterson’s criticism. Using 
H. Neuber’s values, including his correction for flank angle, an approxi- 
mate value is K; = 2.4. 

Both Mr. Peterson and Professor Dolan comment on the possibility 
of subsurface failure. While no unusual methods of investigating this 
possibility were tried, microscopic examination of nearly all failed speci- 
mens did not show evidence of fatigue starting below the surface. 

Professor Dolan notes a “small ratio of case depth to diameter of test 
piece”. The large specimen was chosen so that a case depth to core 
diameter, representative of values for many actual parts, would be possible. 

For a number of other points raised in discussion (particularly by 
Professor Dolan and Mr. Peterson), available information permits only 
speculative answers. Neither the actual distribution of stress due to ap- 
plied load nor the distribution of residual stress is accurately known. 
Attempts to determine residual stress by a boring-out experiment gave 
definite evidence of residual compressive longitudinal stress at the surface 
near the notch root but did not afford quantitative evaluation of stress 
magnitude. Fig. 16 shows speculative distributions of stress and strength 
derived as follows: The curve for-diStribution of applied stress was esti- 
mated from Neuber’s theory for a deep notch for a nominal surface stress 
of 90,000 psi (about the endurance limit for specimens with deep case). 
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The curve for (macroscopic) residual stress was drawn on the assump- 
tions of (a) an arbitrary surface stress of 30,000 psi compression and (b) 
a shape roughly compatible with some unpublished results for surface- 
hardened unnotched bars. The curve for “fatigue strength of material” 
was drawn on the basis of: (a) the hardness-depth observations for gas- 
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Fig. 16—Assumed Distributions of Stress and of 
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hardened specimens with a deep case, (b) an approximate hardness — 
tensile strength relation, and (c) an assumed fatigue strength (endurance 
limit) of about one-half the tensile strength. While most of these curves 
are highly speculative, rather drastic changes in shape must be assumed 
to negate one conclusion. The ratio of total stress to strength is highest 
near the surface. This speculation is compatible with the failure to ob- 
serve subsurface origins of fatigue cracks. 
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EFFECT OF HIGH HEATING RATE ON SOME ELEVATED 
TEMPERATURE TENSILE PROPERTIES OF METALS 


By W. K. Sirsa, C. C. Wootsey, Jr., anpD W. O. WETMORE 


Abstract 


A method and equipment were developed for deter- 
mining tensile properties of metals when subjected to a 
constant load and heated at rates exceeding 100°F per 
second until rupture. Stresses up to the ambient tempera- 
ture yield strength and heating rates up to 3500 °F (1930 
°C) per second were investigated. Test data are presented 
for AISI C1020 and SAE 4130 steels and for 14S-T6, 
24S-T4, and 75S-T6 aluminum alloys. These data indt- 
cate that design stresses higher than those given by stand- 
ard short-time high-temperature data may be used where 
a part must withstand a stress for a short time while tts 
temperature 1s rapidly increasing. They also indicate that 
the improvement in tensile properties of steel caused by 
either work hardening or heat treatment could be utilized 
under these conditions of loading and heating. 


HE performance of metals in devices such as rockets, where a 
metal must withstand a stress for a short time while its tem- 
perature is increasing rapidly, has indicated that stresses higher than 
those allowed by standard high temperature tests could be used. 
While some work has been reported using heating rates of the order 
of 5 to 35 °F per minute (1),' few data were found in the literature 
comparing the stress-strain-temperature relationships for metals 
heated at rates of the order 100 to 3000 °F (1650 °C) per second. 

The yielding or plastic deformation of metals under stress at 
high temperatures is somewhat comparable to viscous flow, the rate 
of which increases with temperature. If, during continuous heating, 
the time at each increment of temperature is very short, it might be 
expected that a fairly high stress would be required to produce a 
given plastic deformation. 

This investigation was undertaken to confirm that standard 
short-time high-temperature test data are not directly applicable to 
these special service conditions and to obtain data which are appli- 
cable for materials of immediate and possible future interest. 


1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. Of the authors, W. K. Smith 
and C. C. Woolsey, Jr.; are metallurgists, and W. O. Wetmore is head, metal- 
lurgy branch, United States Naval Ordnance Test Station, China Lake, Calif. 
Manuscript received April 18, 1951. 


689 


TRANSACTIONS OF THE 4.S.M. 


METHOD AND Test APPARATUS 


Since a great deal of expense and difficulty would result from 
testing materials directly as fabricated rocket components, it was 
decided to devise a more simple test method which would simulate 
operating conditions. In general, the test method consisted of apply- 
ing a load to a special tensile specimen and then heating the specimen 
at a rapid rate until rupture occurred. During the test, measure- 
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Fig. 1—Schematic Drawing of Testing Apparatus. 


ments were made of temperature and elongation with respect to time. 

The specimen, which had a %-inch diameter by 1-inch long 
reduced section, was placed in the testing apparatus and loaded di- 
rectly with weights. In order to insure better accuracy of loading, a 
Baldwin SR-4 Type U Load Cell was inserted in the apparatus 
between the top of the specimen and the support frame. Loads were 
then carefully checked on a portable SR-4 strain indicator. Fig. 1 
is a sketch of the specimen in place, ready for testing. 

Heating was accomplished by connecting the output terminals 
of a 600-amp d-c arc welder directly across the specimen. A start- 
ing switch was used to operate a relay which closed the field circuit 
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of the welder, the output current then building up to preset value in 
about 0.7 second. The welder automatically maintained a constant 
current after reaching the value preset on the welder control panel. 

Temperature was measured with an iron-constantan thermo- 
couple (No. 30-gage wires) at the middle of the gage length. Ini- 
tially, three thermocouples were attached to the specimen, one at the 
middle and one at each end of the gage length. However, since rup- 
ture always occurred within 4% inch from the middle thermocouple, 
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Fig. 2—Thermocouple Attachment to the Specimen. 


it was indicated that only the middle thermocouple was necessary. 
The signal from the thermocouple was converted to 60-cycle alter- 
nating current in a Brown converter, amplified, and recorded on a 
direct-inking Brush magnetic oscillograph. 

The thermocouple was made by spot welding each wire directly 
onto the specimen. A line passing through the two junctions must 
lie in a plane perpendicular to the specimen axis, Fig. 2. If one 
junction was displaced along the axis relative to the other junction, 
an additional voltage was superimposed on the thermocouple circuit 
when the heating circuit was closed. Prior to use, each thermo- 
couple was tested by increasing the sensitivity of the amplifier and 
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passing a low heating current through the specimen for a very short 
time, being careful not to heat above about 200 °F. If the wires of 
the thermocouple were not in perfect alignment, a sudden change in 
temperature trace on the Brush oscillograph was noted at the point 
of cutoff of the heating current. One wire of a defective thermo- 
couple was then removed, rewelded in better alignment, and tested 
again. Metallographic examination to determine the effect of several 
repeated welds on the structure of a hardened steel sample showed 
the affected area to be less than 1% of the cross sectional area of 
the specimen. Before each test, the oscillograph was calibrated by 
means of known voltages checked against a portable potentiometer. 

Since there was no temperature indication on the oscillograph 
for some interval after closing the starting switch, it was considered 
desirable to record a time trace simultaneously on the second channel 
of the recorder. This was accomplished with a 60-cycle a-c trace, 
which was actuated by the same switch that controlled the arc-welder 
field, thus giving an accurate record of the starting point of the test 
as well as indicating elapsed time throughout the test. 

Due to difficulties with high temperatures and rupture, standard 
extensometers were not considered feasible for measuring elongation 
during the high-heating-rate tests. Measurements from shoulder to 
shoulder of the specimen, although probably permitting greater accu- 
racy of measurement, were found to be inconsistent with the meas- 
urements made over a %-inch gage length. Consequently, a special 
extensometer device was developed for this work to minimize prob- 
lems of attachment to the specimen at the ends of the gage length. 
This device is illustrated in Figs. 1 and 3. 

Elongation over the 14-inch gage length was measured at lines 
near the edge of the extensometer plate by the decrease in distance 
between two pivoted wire pointers or levers bearing against small 
wire brackets spot-welded to the specimen at each end of the gage 
length. The lever ratio of the wire pointers was 5 to 1, giving a 
magnification of five times the actual elongation. In order to com- 
pensate for possible bending of the test specimen during heating, two 
pairs of the wire pointers were used diametrically opposite each other 
on the specimens and the results were averaged. | 

During a test, the specimen and extensometer were photo- 
graphed with a 35-mm motion picture camera at 60 frames per 
second. Elongation was measured on the individual frames of the 
motion picture film. Measuring equipment allowed a measuring accu- 
racy of 0.0006 inch in the %-inch gage length. Time was indicated 
in the photographs by a mirror image of the Brush oscillograph 
record. 

Figs. 3, 4 and 5 are enlargements made from three different 
frames of a film record of a test. Fig. 3 shows the test setup just 
before the switch was closed. Fig. 4 shows the test setup 35 frames 
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Fig. 3—Photograph of Test Setup Before Start of Heating. 
Fig. 4—Photograph of Test Setup 35 Frames (Approx. 4% Second) Before Failure. 
Fig. 5—Photograph of Test Setup One Frame Before Failure. 
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Fig. 7—Typical Time-Elongation Curve. 


(approximately 4% second) before failure. The pointer ends have 
moved considerably closer together, indicating appreciable elonga- 
tion. The upper oscillograph trace is the time record, while the lower 
trace indicates the temperature at the middle of the test section. In 
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Fig. 5, which shows conditions one frame before failure, the specimen 
has necked down while the temperature trace has become quite wide 
and the wire pointers have crossed. 

From the records of a single test at a known load, time-tempera- 
ture and time-elongation curves were drawn. Using corresponding 
values of time, the values of temperature and elongation were taken 
to form a temperature-elongation curve. Typical curves are shown 
in Figs. 6, 7 and 8. 

Fig. 6 shows that the heating rate was not constant. Since the 
heating current was maintained constant, the heating rate varied with 
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Fig. 8—Typical Temperature-Elongation Curve. 


the specific heat and electrical resistance of the sample, the resistance 
in turn varying with temperature and cross sectional area. How- 
ever, the cross sectional area change was negligible in the elastic 
range. The beginning of the heating curve was quite flat because of 
the delay in building up the welder field after closing the switch, 
while the upper end of the heating curve became quite steep because 
of “necking” of the specimen. Because of these factors, the heating 
rate was arbitrarily considered to be the instantaneous heating rate 
at the temperature at which the experimental curve breaks away from 
the curve calculated from thermal expansion and extension due to 
change in elastic modulus (obtained as shown in Fig. 8). The 
“break-away” temperature was plotted on the temperature-time curve 
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as shown in Fig. 6, and the tangent to the curve at this point was 
reported as the heating rate for a particular. test. The maximum 
welder current has given a heating rate as high as 3500 °F (1930 °C) 
per second for steel specimens. 

A method was devised to approximate rupture temperatures. 
The temperature-time curves were extrapolated at the same curvature 
from the point at which necking of the specimen began (start of rapid 
localized heating) to the time of rupture, as shown in Fig. 6. When 
a specimen began to neck, the electrical resistance began to increase 
rapidly, with a resulting increase in heating rate; the effect was a 
sharp increase in heating rate at the point of necking. This usually 
occurred almost exactly under the thermocouple, so that the tempera- 
ture-time curve had a sharp upturn at the very end. The assumption 
was made that since the material had already begun to neck, it would 
have ruptured very soon, regardless of the sudden local increase of 
heating rate. Disregarding the effect of the localized increase in 
heating rate and accepting the temperature actually recorded at the 
instant of rupture would lead to rupture temperatures from 50 to 
100 °F higher than those estimated by the described extrapolation of 
the heating rate curve. 

Since it is usual practice to design on the basis of the yield 
strength of a material, it seemed reasonable for these test conditions 
to designate as a design criteria that temperature at which elongation 
is 0.2% in excess of that due to thermal expansion and change of 
elastic modulus with temperature. . Therefore, the calculated tem- 
perature-elongation curve for thermal expansion and change of elastic 
modulus at the stress applied was superimposed on the test curve. A 
parallel curve at 0.2% elongation above the calculated curve was 
drawn to the intersection with the test curve, as shown in Fig. 8. 
The value of temperature at this intersection was used to describe 
the performance of the material at that stress and heating rate. Data 
from a number of temperature-elongation curves were assembled to 
give a temperature-stress curve, which was considered to describe 
the high-heating-rate characteristics of a material. 


AccuRACY OF METHOD 


Several sources of error are recognized. Because of the end- 
cooling effects of the shanks of the specimens and the copper elec- 
trical connectors, there was some temperature gradient within the 
gage length. This was found to vary inversely as the heating rate 
and directly as the maximum temperature. Since the strength of the 
material changes with temperature, uneven heating of the gage length 
would result in uneven deformation. Increasing the iength of the 
reduced section was found undesirable because of the frequency of 
breaks outside of gage length. However, the degree of nonuniformity 
of temperature over the gage length was not considered too serious, 
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since the portion of the temperature-elongation curve involving elastic 
deformation plus thermal expansion agreed reasonably well with the 
calculated curves. _ 

The existence of a radial temperature gradient in the specimen 
was considered. Mathematical analysis of this problem showed that 
in the times involved, surface radiation leads to radial nonuniformi- 
ties in temperature of the order of 1% at most. Any lowering of the 
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Fig. 9—-Stress-Temperature Relation at 0.2% Offset and Rup- 
ture for Annealed AISI C1020 Steel. 


surface temperature would also lower the resistivity of that portion, 
allowing more heating current to flow; thus a compensating condi- 
tion exists. 

Since all fractures occurred at or within % inch of the middle 
of the specimen, it was considered justifiable to measure temperature 
only at the middle of the gage length. Temperature at the location 
of the fracture would be equal to or slightly higher than the tempera- 
ture measured at the middle. 

A third possible source of error is the lag between indicated 
temperature and’ actual specimen temperature, due to the time __re- 
quired to heat the thermocouple junction by conduction of heat from 
the specimen. This was held to a minimum by using small-gage 
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Fig. 10—Stress-Temperature Relation at 0.2% Offset and 
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Fig. 11—Stress-Temperature Relation at 0.2% Offset and 
Rupture for Normalized AISI 4130 Steel. 
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thermocouple wires and by spot-welding each wire as a separate junc- 
tion with the specimen, so that the specimen itself formed one inter- 
face of the junction (see Fig. 2). Tests comparing this type of 
junction with one in which a welded junction of the two wires was 
spot-welded to the specimen show a faster response for the former 
type. Although at present the exact magnitude of the temperature 
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Fig. 12—Stress-Temperature Relation at 0.2 2% Offset 
and Rupture for Hardened and Tempered AISI 4130 Steel. 


lag has not been measured, the direction of error is such that the 
temperatures at 0.2% offset and at rupture actually would be some- 
what higher than indicated. 

Heating rates could not be more closely controlled than +25 °F 
per second because of insufficient sensitivity of welder settings and 
the effects of different resistivities of the various materials tested. 
However, since relatively small changes in temperature at 0.2% off- 
set and at rupture were caused by changes in heating rate within 
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the ranges used, a range of heating rates could be tolerated and the 
average used. 

Sensitivity of measurement of elongation was not as high as is 
possible with equipment for tests at lower temperature and lower 
elongation rate; however, it was found to be adequate for these tests. 
The slight elongation caused by the load at room temperature was 
neglected; i.e., zero elongation was considered to be that existing 
at the moment of closing the welder field switch (zero time). Since 
the data point for each test was determined by the intersection of the 
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Fig. 13-——Stress-Temperature Relation at 0.2% Offset and 
Rupture for 14S-T6 Aluminum Alloy. 
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temperature-elongation curve with a second curve parallel to and at 
a fixed elongation from the “elastic” portion of that curve, any shift 
of these two curves along the elongation axis had no effect on the 
value of temperature at this intersection. 


Table | 
Room Temperature Tensile Properties of Test Materials 





Tensile Yield* 
Strength Strength 
Test Material (psi (psi) 

AISI C1020 Steel (Annealed) 62,800 34,606 
AISI C1020 Steel (Cold Drawn) 78,500 71,700 
AISI 4130 Steel (Normalized) 93,500 60,000 
AISI 4130 Steel (Hardened) 156,300 145,500 
14S-T6 Aluminum Alloy 62,800 57,000 
24S-T4 Aluminum Alloy 70,800 49,500 
75S-T6 Aluminum Alloy 90,500 79, 300 
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MATERIALS TESTED 


Two steels, each in two conditions of treatment, and three alu- 
minum alloys were tested. These are listed, together with their room 
temperature tensile properties as determined on specimens used in 
this investigation, in Table I. 
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Fig. 14—Stress-Temperature Relation at 0.2% Offset and 
Rupture for 24S-T4 Aluminum Alloy. 


RESULTS 


High-heating-rate stress-temperature curves are plotted in Fig. 9 
for annealed AISI C1020 steel. For purposes of comparison stand- 
ard short-time high-temperature test data for a 0.15% carbon steel, 
as given in the literature (2), are included. The curves for 0.2% 
offset and for rupture are given from both sources. It is readily 
apparent that at the higher stresses much higher temperatures are 
attainable with rapid heating than suggested by the standard short- 
time data. Also apparent is the relatively negligible increase in 
temperature at 0.2% offset in going from 115 °F per second to 2500 
°F per second. Because of this small effect of heating rate, subse- 
quent tests were made at only one heating rate, about 335 °F per 
second, to reduce the amount of testing. 

Cold drawn AISI C1020 steel, Fig. 10, has substantially higher 
strength under the test conditions than the annealed material. Evi- 
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dently the rate of thermal softening is slow enough that the strength- . 
ening due to cold working is retained. 

Ingall (1), in his work on several nonferrous metals and alloys 
at the very low heating rates of 5 to 35 °F per minute, noted similar 
effects of heating rate and of cold work on the high-temperature 
tensile properties. 
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Fig. 15—Stress-Temperature Relation at 0.2% Offset and 
Rupture for 75S-T6 Aluminum Alloy. 


Figs. 11 and 12 for the normalized and the hardened AISI 4130 
steels, respectively, reveal that a great strength advantage holds for 
the hardened material at high stresses. 

The results from the three aluminum alloys are given in the 
stress-temperature curves of Figs. 13, 14, and 15. Until a few years 
ago, the only elevated temperature test data available for aluminum 
alloys were from tests in which the material was stabilized for 10,000 
hours at temperature before testing. However, data are now avail- 
able for these alloys for stabilizing periods of 0.5, 10, 100, 1000, and 
10,000 hours (3). The two extremes of stabilizing period are in- 
cluded in each case. For material stabilized only 0.5 hour before test- 
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ing there is less difference from the high-heating-rate curves than 
for the material stabilized at 10,000 hours. 

_ Synthetic stress-strain diagrams can be constructed from the 
high-heating-rate data. The points used in constructing a synthetic 
stress-strain curve for a particular temperature, say 1000°F (540 
°C), were obtained from several elongation-temperature curves, each 
for a different stress. At 1000°F (540°C) on each elongation- 
temperature curve the value of elongation, minus the elongation due 
to thermal expansion, would be noted and used together with the 
stress corresponding to that curve as one point on the synthetic 
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Fig. 16—Synthetic Stress-Strain Curves at Various Tem- 
peratures for 14S-T6 Aluminum Alloy. 


stress-strain curve. A series of such points would then determine 
the synthetic stress-strain curve for 1000°F (540°C). An example 
of this type of diagram is given in Fig. 16 for 14S-T6 aluminum 
alloy. Also included in Fig. 16 are stress-strain diagrams for stand- 
ard short-time high-temperature data which were constructed from 
the values given in Reference 3 for yield strength (0.2% offset), 
tensile strength, and elastic modulus. 

Results from the high-heating-rate test method have been com- 
pared with results in service performance and found to compare rea- 


sonably well, indicating that the test properly simulated operating 
conditions. 
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CoNCLUSIONS 


A method has been developed for measuring the high-heating- 
rate strength of metals. It has been confirmed that design stresses 
higher than those given by the standard short-time high-temperature 
data can be used where a part must withstand a stress for a short 
time while its temperature is rapidly increasing. 

It was found that cold drawn steels may be used at heating rates 
as low as 100 °F per second without losing their strength advantage 
over annealed steels. 

Aluminum alloys may also be used at higher stresses under high- 
heating-rate conditions than short-time high-temperature tests indicate. 

It is planned to continue with high-heating-rate testing on an- 
nealed carbon steels of various carbon contents, a carbon steel in 
various conditions of heat treatment, heat resisting alloys, and mag- 
nesium alloys. 
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THE DETERMINATION OF FLOW STRESS 
FROM A TENSILE SPECIMEN 


By E. R. MARSHALL AND M. C. SHAW 


Abstract 


An experimental study has been made of the influence 
of the neck profile radius on the true stress —true strain 
tensile test. When the neck profile radius was altered by 
machining, it was found that an increase in this radius 
lowered the true stress corresponding to a given strain. 
The results obtained are in good quantitative agreement 
with those predicted by an equation derived by Bridgman. 
This equation gives the tensile flow stress, m the absence 
of hydrostatic components of stress in the neck, as a 
function of the true stress and of the ratio of neck cross 
section radius to neck profile radius. However, the re- 
sults of this investigation do not support the empirical 
relationship that Bridgman has proposed between the flow 
stress correction factor and the true strain. The flow 
stress correction factor should be obtained from actual 
measurements of the radius of curvature of the neck 
profile. 

The effect of neck profile radius is also examined 
with regard to fracture stress, and the results discussed im 
terms of several strength theories. The corrected true 
stress—true strain curve 1s applied to the cutting of 
metals to illustrate the need for a tensile flow stress cor- 
rection factor in problems involving large plastic strains. 


HE tensile test, which is today one of the most widely used ma- 
terials procedures, has probably been more extensively studied 

than any other single test. It is not only of primary importance as 
an acceptance test but is also widely used in basic studies of the 
plastic properties of metals. The general adoption of the true stress — 
true strain procedure in such fundamental studies, due largely to the 
efforts of MacGregor (1)? during the past decade, has gone a long 
way toward making it possible to design rationally in the large de- 
formation realm. However, there are still certain inherent compli- 
cations in the tensile test that limit its usefulness in the design of 
bodies that operate in the plastic region. One of the more important 
1The figures appearing in parentheses pertain to the references appended to this paper. 

A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 to 19, 1951. Of the authors, E. R. Marshall 
is instructor in the Department of Metallurgy and M. C. Shaw is associate pro- 


fessor in the Department of Mechanical Engineering, Massachusetts Institute of 
Technology, Cambridge, Mass. “Manuscript received April 13, 1951. 
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of these is the appearance of a neck in a tensile bar when a ductile 
metal is investigated. 

When a metal is examined in tension, the true stress is usually 
found to increase with strain. This phenomenon is known as strain 
hardening. At a critical point in the test the rate of change of area 
at the weakest section of the bar may become so great that the load 
required to maintain the flow drops off, despite the strain hardening 
effect. This is known as the ultimate load and the corresponding 
stress is the ultimate stress. The material not immediately in the 
vicinity of the weak section will have been strain-hardened sufficiently 
to support the reduced load without further strain. All of the strain 
is then concentrated in the vicinity of the weak section and a neck 
develops. Uncertainty concerning the magnitude of the error intro- 
duced by the neck into true stress determinations has led some 
workers in plasticity to abanaon the tensile test in favor of more 
difficult procedures such as the compression test. 

The presence of the tensile neck certainly complicates the state 
of stress in a tensile bar. The material adjacent to the neck will re- 
strain its development and radial and tangential normal stresses will 
be induced. The first attempt to analyze theoretically the distribution 
of stresses in the neck of a tensile bar was made by Siebel in 1925 
(2). However, since a two-dimensional system was studied, the 
results were not directly applicable to a round tensile specimen. 
Bridgman (3) has more recently adapted Siebel’s analysis to the 
circular tensile specimen and has arrived at an approximate solution 
for the stress distribution in the neck of a tensile bar. Bridgman 
concludes that the stress at any point may be considered to be com- 
posed of a uniform flow stress o; and a nonuniform hydrostatic ten- 
sion 6, (Fig. 1). The relationship between the uniform flow stress 
6, and the ordinary “true stress’ o (which is the mean stress across 
the neck) was found by Bridgman to be 


1 
(1 +22) log. (a 4a Equation 1 
a 2R 
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where R is the radius of curvature of the neck profile, and a is the 
minimum radius of the neck cross section. This correction factor is 


shown plotted in Fig. 2.. The magnitude of the hydrostatic com-. 


ponent at the axis of the specimen was similarly found to be 


7, — e 1 a) t ee itil i 

: | tee ( + 3p |e r-2= Equation 2 
Davidenkov and Spiridonova (4) have more recently obtained 

an expression for the flow stress, o;, based on slightly different 

assumptions. The final expression happens to be the same as that 

obtained by Siebel, i.e., 
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i+ = Equation 3 


For values of a/R up to 0.6, Equations 1 and 3 are within about 1%. 
Beyond this point the curves diverge significantly, Equation 3 giving 
the larger correction. 

If the portion of a true stress—true strain curve beyond the 
ultimate stress is to be of use in plastic flow studies, it is necessary 
to be able to determine the effective flow stress at any strain by sub- 
tracting any component of the ordinary true stress that may be due 
to an extraneous hydrostatic stress, since a hydrostatic component 
of stress will not contribute to plastic flow. Equation 1 provides a 
means for doing this and hence, in view of its importance in this 
connection, it would seem desirable to be able to check its reliability. 
This is the primary purpose of the following investigation in which 
bars of alloy steel and copper were pulled to a given strain and neck- 
ing condition, then unloaded, the radius of the neck altered by ma- 
chining, and the test resumed. 

While Kuntze (5) has found that a necked bar that is remachined 
to a perfect cylinder having a diameter equal to that at the minimum 
section of the neck will neck elsewhere upon reloading, the present 
tests show that the neck profile radius can be increased by a factor 
of nearly 8 times before the position of the neck will change. Thus, 
the neck profile can be varied in order to observe its effect on the 
true stress at the minimum cross section. Then, by comparing the 
observed results with those predicted by Equation 1, a check of the 
theory is effected. 


EXPERIMENTAL PART 


Two materials were used in this investigation, as follows: 
1. Hot-rolled SAE 4140 steel, 256 BHN. 
2. Electrolytic copper annealed 1 hour at 500 °C, 64 BHN. 
The strain through yielding was determined with a Berry gage, and 
the specimen diameter was measured to fracture with a lateral exten- 
someter. The neck profile radius R was measured with a special 
cone resembling a jeweler’s ring gage and similar to that employed 
by Bridgman in his tests. The manner in which the profile gage is 
used is shown in Fig. 3. The cone is moved horizontally along the 
vertical bar until no light is observed between the cone and the neck 
of the test bar. The radius R is then read directly by noting the 
point of the cone that is adjacent to the test specimen. Two observers 
could duplicate readings in this manner to R = +0.01 inch. While 
loading, the strain rate was about 5 « 10 per second. 
The neck profile radius was altered on a milling machine. The 
test bar was mounted on the table of the machine in such a way that 
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Fig. 1—Stress Distribution in the Neck of a Tensile Specimen. 





Fig. 2—Variation of Bridgman’s Flow Stress Correction Factor 
With the Ratio of Neck Cross Section Radius to Neck Profile Radius. 


it could be rotated axially. The radius of the milling cutter was then 
selected to equal that desired for the new profile. The depth of cut 
was gradually increased until the desired minimum cross sectional 
diameter was reached. In the case of a bar previously necked by 
pulling, this diameter coincidéd closely with the minimum diameter 
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Fig. 3—Method of Measuring Neck Profile Radius. 


prior to machining. Care was taken that the new profile had its 
minimum cross section at the same place along the length as the old 
neck. The bar was then removed and polished to remove machining 


marks. A cutting fluid was used during machining to keep the bar 
temperature low. 


RESULTS AND DISCUSSION 


An outline of the tensile tests performed is given in Table I 
and the results of these tests are given in Figs. 4 to 10. The results 
of the regular true stress—true strain curve (circular points) are 
given on each of the curves, together with a corresponding plot of 
the a/R ratio. The ratio a/R is always found to increase with true 
strain, inasmuch as R decreases more rapidly than a as necking pro- 
gresses. The curves corresponding to the solid circular points shown 
on each of Figs. 4 to 10 are the regular curves corrected according 
to Equation 1. In Fig. 4 the corrected curve is seen to differ from 
the uncorrected curve by about 14% at fracture. 

Fig. 4 gives the results of the reprofiled test B superimposed on 
those for the regular test A. When the test was resumed after 
providing a new neck, the neck was found to continue to form cen- 
tered on the position of the old one, and the values of a/R continued 
to increase along a line approximately parallel to the previous curve. 
When the reprofiled stress-strain points are corrected for the new 





710 TRANSACTIONS OF THE A.S.M. Vol. 44 


Table I 


Outline of Tensile Tests 
(Standard 0.505-inch bars) 


Neck Neck 
: cross section profile 
True strain, radius, radius, Increase 
at which a,atinter- Ratinter- inR Results 
: test interrupted ruption ruption (ap- in fig- 
Test Material for reprofiling neck (inches) (inches) prox.) ure 
A SAE 4140 Notinterrupted = # ...... aaa ee 4 to 6 
B SAE 4140 0.62 0.1850 0.50 4X 4 
c SAE 4140 0.88 0.1630 0.25 2X 5 
D SAE 4140 0.88 0.1615 0.25 4X 6 
E SAE 4140 0.88 0.1620 0.25 8x . 
F SAE 4140* 0.89 0.3610 0.25 16X 7T 
G SAE 4140* R= @48 e068 at 0.173 =. ok... sae} es 7 
inch machined in bar 
from start. 
H Copper Notinterrupted loses ae is 8 to 10 
I Copper 1.07 0.148 0.32 3X 
J Copper 0.89 0.1615 0.49 6X 9 
K Copper Releases | lee eee pak tics a 10 
machined in bar from 
start. 


*Tests F and G were from a bar of slightly different stress-strain characteristics from 
that for tests A to E 


+The results after reprofiling are not shown in Fig. 7 (since neck occurred at another 
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Fig. 4—True Stress-Strain Curves for SAE 4140 Steel. Test A: Usual 
true stress-strain test. Test B: Interrupted at strain of 0.62 and reprofiled to 
x. 
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Fig. 5—True Stress-Strain Curves for SAE 4140 Steel. Test A: Usual 


true stress-strain test. Test C: Interrupted at strain of 0.88 and reprofiled to 
R sé 2X. 


values of a/R, the position of the new curve demonstrates the cor- 
rectness of Bridgman’s correction factor in two ways: 

1. It falls along the corrected curve for the uninterrupted test 

(test A). 
2. It falls along the extrapolation of the corrected curve for test 
B before reprofiling. 
Similar results were obtained when other radii were machined at the 
partially formed neck of the test bar. Bridgman’s Equation 1 is seen 
to hold with equal precision in all tests. 

If the Siebel-Davidenkov flow stress correction factor (Equation 
3) is used instead of the Bridgman correction factor (Equation 1) 
the results will not be in quite as good agreement for values of 
a/R > 0.6. 

In tests E and F the neck did not re-form at the same point as 
the old one. In test E the center of the neck was located 0.06 inch 
from the old center, while in test F the center of the new neck was 
displaced 0.25 inch from the old center. Due to the shift in the 
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Fig. 6—True Stress-Strain Curves for SAE 4140 Steel. Test A: Usual 
true stress-strain test. Test D: Interrupted at strain of 0.88 and reprofiled to 
x 


center of the neck on these two tests, the data for the reprofiled 
specimens are not shown. 

In test G, a neck was machined into the specimen before pulling, 
and the results are shown compared with test F (prior to re- 
profiling) in Fig. 7. Inasmuch as the neck in test G was well 
developed from the start of the test, the correction factor becomes 
much larger. However, Equation 1 is still found to hold with re- 
markable precision. ; 

Tests similar to the foregoing weré performed on copper. Again 
the test results were in agreement with Equation 1 (Figs. 8 to 10). 

Bridgman (3) has suggested that an empirical relationship may 
exist between the correction factor for flow stress (o,/o) and the 
natural logarithmic strain &. If such a single relationship were found 
to hold for all materials, it would not be necessary to measure the 
neck radius in order to determine the correction factor corresponding 
to a given strain. In Fig. 11 the values of the correction factor for 
tests A and H are shown plotted together with Bridgman’s empirical 
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Legend o 0, %, 
Or 
0, pe 


Test F 

















O 0.2 0.4 0.6 0.8 1.0 1.2 
Strain, Ef 
Fig. 7—True Stress-Strain Curves for SAE 4140 Steel. Test F: Usual 


true stress-strain test. Test G: Neck with R—0.48 and a=0.175 inch ma- 
chined in bar from start. ’ 


curve. The steel values are seen to be in better agreement with 
Bridgman’s curve than those for copper. For example, at a strain 
of 1, the following correction factors are observed: 


PU. MNOE Li taco hie s cules 85% 
Ree reer rss. reer ee 86% 
POU COMORES, Goi os clk A ces 91% 


The value from the curve for steel is seen to be within 4% as re- 
ported by Bridgman, but the value for copper is not. Fusfeld and 
Feder (6) have recently investigated the influence of rate of strain 
upon Bridgman’s empirical curve (Fig. 11) by use of a high speed 
moving picture technique. It was found that the empirical curve 
gave poorer results as the rate of strain was increased. Here, too, 
the nonferrous metals tested (aluminum and 70-30 brass) were found 
to be in poorer agreement with the empirical curve than steel. It 
would thus seem advisable to actually measure R in each test rather 
than use the approximate empirical curve. 
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eee 


Table Il 
Stress and! Strain Characteristics at Fracture 
Fe a. a 4. 7, 6. 
o ot 
Test Material a/R psi et psi 
G SAE 4140 0.946 221,000 0.699 183,500 
A SAE 4140 0.760 223,000 1.003 192,200 
B SAE 4140 0.500 215,000 1.063 192,500 
Cc SAE 4140 0.438 208,000 1.077 188,200 
D SAE 4140 0.350 210,000 1.133 193,300 
K Copper 0.734 67,100 0.995 56,700 
H Copper 0.703 68,700 1.173 59,300 
J Copper 0.361 66,500 1.359 61,100 
I Copper 0.301 64,800 1.275 60,200 
11, 
7. 8. 9. 10. or, +50, +08, 
or, oz, Tm om, 3 
Test psi psi psi psi psi 
G 71,000 254,500 91,750 162,750 132,100 
A 61,800 253,800 96,000 157,800 125,800 
B 42,900 235,400 96,250 138,750 107,100 
Cc 37,300 225,500 94,100 131,400 100,000 
D 31,200 224,500 96,650 127,850 95,600 
K 17,750 74,450 28,350 46,100 36,650 
H 17,850 77,150 29,650 47,500 37,600 
J 10,130 71,230 30,550 40,680 30,500 
I 8,440 68,640 30,100 38,540 28,500 





0.4 0.6 0.8 1.0 
Strain, €¢ 
Fig. 8—True Stress-Strain Curves for Annealed Copper. Test H: Usual 


ve gree ctrein test. Test I: Interrupted dt strain of 1.07 and reprofiled to 
= 3X. 


The fracture characteristics of both the steel and copper speci- 
mens are summarized in Table II. The values for tests E and F 
have been omitted here, since in these tests the new neck formed at 
a different point than the original neck. The values of a/R given 
in column 3 are the measured values at fracture, while the values of 
6 and & in columns 4 and 5 are the corresponding values of ordinary 
true stress and true strain. The o; and o,, values in columns 6 and 
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Fig. 9—True Stress-Strain Curves for Annealed Copper. Test H: Usual 


true stress-strain test. Test J: Interrupted at strain of 0.89 and reprofiled to 
R = 6&. 
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Fig. 10—True Stress-Strain Curves for Annealed Copper. Test H: Usual 


true stress-strain test. Test K: Neck with R=1 and a=0.175 inch machined 
in bar to start. 


7 were obtained from Equations 1 and 2. It is evident that as the 
value of a/R decreases, the hydrostatic tension o,, decreases, while 
in general the strain at fracture increases. 

Three strength criteria are considered in columns 8 to 11 of 
Table II. The values given pertain to the axis of the bar, since 
fracture is initiated at this point in a tensile specimen. In column 8 
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values of maximum normal stress at the origin, o,,, are given. These 
were obtained from the relation 


Os, =r, +2 Equation 4 


The maximum normal stress at the center of the bars tested is 
obviously not constant but decreases with increased strain for each 
of these materials. Hence, the maximum stress theory does not 





O 0.5 1.0 re ima 
Strain, €s ——~ 


Fig. 11—Comparison of Observed 
Flow Stress Correction Factors With 
Those From Bridgman’s Empirical Curve. 


appear to be applicable here. The maximum shear stress (rm) at 
the center of the bar is given in column 9 and the normal stress on 
this plane of maximum shear stress (6m,) is given in column 10. 
These values were computed as follows: 


re oe. <a 


2 
o, =o, +1 Equation 6 


Mo 


Equation 5 


rm |3 


The maximum shear stress at the center of the bar at fracture is 
observed to be remarkably constant, and furthermore the small 
change that is observed from specimen to specimen is seen to be in 
the direction of an increase in tm with a corresponding decrease in 
Om,- Lhis apparent influence of normal stress on shear strength is 
in agreement with tests in combined torsion and compression by 
Bridgman (7), where it was found that the presence of a normal 
compressive stress on the shear plane caused an increase in the shear 
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stress at fracture. It should be noted that in the present instance 
the maximum shear stress at the axis of the bar tm is proportional 
to the corrected flow stress o%. Thus, when the maximum shear 
stress is found to be essentially constant, it follows that the corrected 
flow stress is equally constant. 

The third strength criterion considered in Table II is given in 
column 11. Here, the mean of the principal stresses 6,,, 69, (equal 
to 6,, ), and o,, are given for each test. This is a mean hydrostatic 
tensile stress at the center of the test bar. This hydrostatic stress is 
obviously not at all constant in these fracture experiments. In fact 
these values show a greater variation in the two series of tests than 
do the values of maximum tensile stress in column 8. From the fore- 
going limited consideration of the fracture characteristics of the speci- 
mens of SAE 4140 steel and copper investigated it would appear that 
the maximum shear theory, with the influence of normal stress on 
the shear plane included, is in best agreement with experiment. 

Parker (8) has shown that while the center of a cup-cone tensile 
specimen may appear on a macroscopic basis to involve a brittle-type 
fracture along a plane of maximum normal stress, actually on a 
microscopic basis the bottom of the cup frequently shows evidence 
of a shear-type failure. 


Example—M etal Cutting 


The results of some cutting experiments will now be considered 
in order to illustrate the manner in which tensile test data may be 
applied to a problem in the region of large plastic strains. Metal is 
removed by a single-point cutting tool, by a process of shear. Essen- 
tially all of the strain in the process is concentrated along a plane 
extending from the tool point to the free surface (Fig. 12). This 
plane AB is known as the shear plane. By measuring the horizontal 
and vertical components of force on a tool when taking a cut as 
shown in Fig. 12, and the thickening of the chip that is produced, 
sufficient data are at hand to compute (9) the mean shear and normal 
stresses on the shear plane and the corresponding mean shear strain. 

If it is assumed that 

1. The shear plane AB is a plane of maximum shear stress, 

2. The normal stress on the shear plane o, has the nature 

: of a hydrostatic compressive stress, 
then expressions for the effective stress o; and effective strain y, may 
be readily obtained as follows in accordance with the maximum shear 
theory? and Mohr’s circles of stress and strain, and the constancy 
of volume: 
Oo. =2T.e Equation 7 


€: = 2/37. Equation 8 


*Lapsley, Grassi and Thomsen (10) have applied the distortion energy theory to the 
cutting of metals in an attempt to correlate cutting experiments with tensile data. "Since the 
maximum shear theory gives better results than the distortion energy theory in problems 
involving large plastic strains (11), it has been used in this investigation. 
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Tabie Ill 
Cutting Data for Copper 


Specimen Width, 0.366 Inch; Rake Angle a = 15°; Cutting Fluid, Carbon Tetrachloride 








Depth Shear 

Speed cut, t Fu Fv angle Te o et 
V,ipm inch 1B ib 6 deg. Ye psi psi psi 
150 0.0005 90 64 8.3 6.65 62,600 125,300 4.44 
150 0.001 120 64 12.6 4.80 61,700 123,400 3.20 
150 0.002 165 66 13.8 4.10 47,100 94,200 2.73 
150 0.004 244 51 15.4 3.60 40,200 80,400 2.40 
150 0.008 369 36 18.5 3.04 36,700 73,400 2.03 
20 0.002 168 50 14.1 4.00 49,900 99,800 2.66 
20 0.004 240 40 14.7 3.80 38,500 77,000 2.54 

a 





Fig. 12—The Single-Point Metal Cutting Process. 


In Table III experimental cutting data obtained by use of a tool 
dynamometer are given for the copper used in the tensile tests of 
this investigation. The details involved in reducing the measured 
data to r. and y. may be found in Reference 9. 

The values of effective stress o, and strain & for the copper cut- 
ting tests are shown plotted in Fig. 13 together with the true stress- 
strain and corrected true stress-strain curves from tensile test H 
(Fig. 8). The numbers beside each test point refer to the particular 
depth of cut obtaining in thousandths of an inch. It is evident that 
the cutting points all lie above the corrected true stress-strain curve, 
the points corresponding to the least depths of cut being farthest 
from this curve. This is as it should be, for ductile materials have 
been found to exhibit an increasing flow stress at a given strain as 
the size of the specimen is decreased (12, 13). The fact that all 
cutting points lie above the corrected curve for the 0.505-inch diam- 
eter tensile bar, while these points lie on either side of the uncorrected 
curve, illustrates the importance of the correction factor in plastic 
flow studies involving a tensile specimen. 


CONCLUSION 





It has been shown that the Bridgman expression for the flow 
stress in the neck of a tensile-Specimen holds quantitatively for SAE 
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4140 steel and for annealed copper. The range of necking covers 
values of a/R up to nearly 1, and for natural strains up to slightly 
greater than 1. However, this experimental agreement does not 
necessarily constitute a verification of the method of proof employed 
by Bridgman, since several of the assumptions made may not strictly 
hold, and yet may cancel in the final result. (This was certainly 
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Fig. 13—Comparison of Values of Effective Stress 
and —* Strain for Cutting Operations and Ten- 
sile Test 


true in the case of at least one of the derivations of Equation 3 
which was derived by Siebel and by Davidenkov on the basis of very 
different sets of assumptions. ) 

The empirical relationship of Bridgman, giving the flow stress 
correction factor as a function of strain, is not in agreement with 
the tests on copper, although quite close in the case of steel. Thus 
it is probably better to measure the neck profile radius in every case, 
in order to make sure of determining this factor accurately. 

The fracture condition of both the steel and copper bars was best 
expressed by the maximum shear theory, taking into account the 
effect of normal stress on the maximum shear plane. It was found 
that the strain for fracture could be increased by increasing the neck 
profile radius, and decreased by decreasing the profile radius. 
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DISCUSSION 


Written Discussion: By P. W. Bridgman, The Physics Laboratories, 
Harvard University, Cambridge, Mass. 

It was naturally a gratification that the authors were able to find agree- 
ment between their experimental results and my formula for the flow stress 
in the neck of a tensile specimen. Their method of verification, by refigur- 
ing the neck, was one which I had tried to apply and had discarded because 
of displacement of the neck on the second pulling. Most of my pullings 
were made to greater reductions of area than employed by the authors, 
and it would seem probable that the tendency to displacement of the neck 
becomes greater at greater reductions, where nonisotropy of strain harden- 
ing along the axis becomes accentuated. 

The authors state that, although the formula checks with the experi- 
ments, this does not prove that all steps in the derivation of the formula 
are verified, but that certain of the assumptions might be in error in dif- 
ferent directions, with cancellation in the net result. One must of course 
agree with this on general principles. I think it would be desirable, however, 
if the authors in their reply could indicate in detail what the suspect 
“assumptions” are. It would be-still better if they could indicate on the 
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basis of their own or of other work the numerical amount by which they 
suspect these assumptions may be in error. 

With regard to the failure of my empirical relation between strain at 
the neck and radius of the profile for copper, it is to be commented that 
the interest in my work was mostly in the region of high strains and little 
attention was paid to strains less than unity. In the region of low strains, 
the suggested empirical relation carries implied in it the possibility of 
making a quick check to find whether the suggested relation can be nearly 
enough correct to make ii profitable to apply it. It will be observed that 
my empirical correction indicates that necking starts at a strain of about 
0.1. If necking is known to start at a different strain, as it is for a variety 
of metals, then the empirical correction cannot possibly be right at small 
strains and one should not attempt to apply it. At higher strains, however, 
the indications of my own work and also that of the authors are that it 
becomes a better approximation. It would be an interesting question for 
examination as to whether a simple correction could not be found for the 
empirical relation which would sufficiently reproduce the results by intro- 
ducing the single additional parameter of the strain at which necking starts. 
My own experimental material was not extensive enough to permit this. 

Finally, I take occasion to say again that, granted that one has found 
a satisfactory solution for the state of affairs at the neck, the general 
problem is still unsolved—namely, to find the complete shape of the tension 
specimen and the stress distribution at all points. If an equation for the 
plastic ‘state similar to that of von Mises is adequate, then one should 
eventually be able to deduce the complete solution from the complete strain 
hardening curve, that is, from the curve of flow stress against strain. If 
the von Mises or a similar criterion is not adequate and there is appreciable 
nonisotropy, the solution will be more complicated. It is to be discovered 
how much information about nonisotropy could be deduced under these 
conditions from a knowledge of the complete shape of the contour and 
the complete flow stress-strain curve. 

Written Discussion: By R. W. Mebs, metallurgist, National Bureau 
of Standards, Washington, D. C. 

It appears desirable to give some words of caution to the employment of 
Bridgman’s correction method and to the acceptance of some of the result- 
ing conclusions drawn of the present study. Bridgman’s a priori assump- 
tion that flow exists uniformly across the minimum section throughout 
local contraction is not tenable, inasmuch as flow becomes progressively 
greater at the surface than at the center of this section. Additional to 
experimental evidence of this flow gradient,* a simple explanation can be 
given for this phenomenon. In the elastic case for a circumferential notch 
in a tensile specimen, a concentration of longitudinal stress is obtained at 
the surface in the region of the neck as shown in the literature,“” resulting 
in a stress gradient across this section. When flow begins, this stress gradient 

8R. W. Mebs, discussion of paper by P. W. Bridgman, entitled “The Stress Dis- 


tribution at the Neck of a Tension Specimen’, Transactions, American Society for 
Metals, Vol. 32, 1943, p. 572. 


*H. Neuber, ““Kerbspannungslehre’’, Germany, 1937, Julius Springer. 


5L. R. Jackson, ‘‘Some Speculations | Regarding the Plastic Flow and Rupture of 
Metals Under Complex Stresses”, Symposium on Cohesive Strength, Transactions, Ameri- 
can Institute of Mining and Metallurgical Engineers, Vol. 162, 1945, p. 584. 
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becomes supplanted, at least partially, by a flow gradient, the steepness of 
both stress and flow gradient being determined by the severity of the notch. 
It matters little whether the notch exists before extension begins, or whether 
it is produced by the flow mechanism; nevertheless, the notch will disturb 
any tendency toward uniform flow. Conversely, work hardening in the 
more highly stressed regions will tend to minimize the degree to which 
the flow gradient will supplant the stress gradient. It is recognized that an 
appreciable flow gradient will exist only where the radius of the notch 
formed at the neck becomes small; a notch radius at fracture of a few 
hundredths of an inch is found in specimens of ductile materials. 

Since the range of principal stress ratios is small, the test of any 
strength criteria of fracture stress on the basis of data obtained from the 
present series of tests is open to question. For example, in the present 
tests the ratio of radial stress o,, to axial stress o,, is computed to vary from 
a minimum of 12% to a maximum of 28%. Within this small range of 
principal stress ratios there occurs a variation of maximum resolved shear 
stress of about 8%. 

Written Discussion: By L. W. Hu, research assistant, The Pennsyl- 
vania State College, Department of Engineering Mechanics, State College, Pa. 

The authors are to be congratulated for their contribution to a com- 
plicated subject. They have observed the important fact that there is a 
linear variation between the ratio a/R to the strains. It is encouraging that 
there may be some way to simplify the problem of necking. 

However, there is some criticism to be offered concerning the experi- 
mental procedure adopted by the authors, as it is questionable whether the 
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(A) 


reprofiling of the necked portion of the specimen during testing will retain 
the original conditions which the test pursued. It is well known that removal 
of the outer layer of a strained body will remove part of the residual stresses. 
Therefore, the stress state of the necked specimen is disturbed and the 
behavior of the specimen may be changed. This point may be used to 
explain some of the reported facts for which the authors give no explanation. 

As pointed out by the authors, the “uncorrected” stress-strain relations 
for the reprofiled specimen were lower than those for the unmachined ones. 
Or, to put it differently, the reprofiled specimen gave larger strain than the 
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unmachined one at the same stress. This difference may be explained by 
consideration of the partial removal of the residual stresses. During the 
loading, the maximum tensile stress occurs in the middle part and the 
distribution of the stress may be shown as in Sketch A. After the unloading, 
the compressive residual stress is produced at the outer fiber as shown 
in Sketch B. Thus, the removal of the outer fibers means the release 
of the compressive residual stresses, partially or entirely. Due to the 
reduction of the outer fibers’ compressive stresses, the tensile load required 
to produce the same amount of strain for the reprofiled specimen must be 
less than the one for the, unmachined specimen. Since there is no change 
in the minimum cross section area, the stress in the unmachined specimen 
is then higher than the stress in the reprofiled one. It is not astonishing, 
therefore, to discover that the stress-strain relation for the unmachined 
specimen is above that of the reprofiled one (see Figs. 4, 5, 6, 8 and 9). 
As for specimen G in Fig. 7, it is apparent that the specimen with the 
premachined profile causes a stress state different from the uniform 
cylindrical one. 

In the uniform cylindrical specimen the stresses may be considered 
the same for any cross section, but in the specimen with a premachined 
profile the stress at any cross section is less than the stress at the minimum 
cross section upon which the true stress is calculated. The strain over the 
gage length is a summation of the deformations of all the points within 
the gage length. The specimen with a uniform cylindrical cross section then 
will produce larger strain at a certain true stress than the specimen with 
a premachined profile, as G in Fig. 7, because in the latter most of the 
points within the gage length are subjected to lower stress than the true 
stress plotted in Fig. 7. 

By the same reasoning, the discrepancy in the ductility values may be 
explained. The ability of the specimen to absorb the strain energy is 
increased with removal of the outer fibers of the necked portion. If the 
strain energy is calculated approximately as the product of the fracture 
strength and the ductility, listed in Table II as Columns 4 and 5, respec- 
tively, one will find that reprofiled specimens B, C and D give higher strain 
energy values than specimen A _ without reprofiling. Also, specimen D 
will give higher strain energy value than specimen C which was tested 
under the same conditions as D except that the curvature of the reprofiled 
portion was smaller. 

From the foregoing discussion it can be seen that the effect of the 
partial removal of residual stresses deserves some consideration in the 
future. 

Written Discussion: By H. J. Godfrey, assistant chief engineer, Re- 
search and. Development, John A. Roebling’s Sons Co., Trenton, N. J. 

It is of interest to know that the true stress-strain curve is becoming 
a useful tool in the study of the strain hardening of metals. Similar ex- 
perimental work as reported by Marshall and Shaw has been carried out in 
our laboratory and has shown that the Bridgman correction factor as 
determined by experimént agrees reasonably well with the theoretical factor. 

Referring to Fig. 11 of the authors’ paper, the discrepancy between 
Bridgman’s empirical curve and the experimental curve for copper is due 
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to a large extent to the amount of uniform elongation in annealed copper 
prior to necking. The empirical curve assumes that the strain prior to 
necking is equal to 0.1. We have found that the uniform strain prior to 
necking will vary considerably with the type of material and heat treat- 
ment. After necking begins, however, the a/R ratios are quite similar for 
an equal amount of necking strain. 

Our first experiments on steel were made on machined specimens. 
However, we later found it more expeditious to make a series of tensile 
tests to various degrees of necking. The necked specimens were then 
reheat treated and retested to determine the experimental correction factor. 
This procedure eliminated machining costs and produced test specimens 
to exact a/R ratios. 

In interpreting the results of true stress-strain curves, one should be 
cognizant of the effect of temperature on the rate of strain hardening. 
Tensile tests at low rates of strain do not produce the same temperatures 
as would be present in high speed rolling or machining operations. In spite 
of this factor, the true stress-strain curve can be very useful in obtaining 
relative strain hardening characteristics of materials. The authors have 
added another interesting chapter to this important subject. 


Authors’ Reply 


Professor Bridgman has asked us to indicate what assumptions in his 
paper, in our opinion, are open to question. We feel that he was certainly 
justified in making the assumption that the longitudinal strain is constant 
across the neck, as a first approximation. However, a Doctor’s thesis as yet 
unpublished by Mr. M. Steinberg® indicates that there is a small strain gradient 
across the neck. He demonstrated this in two ways: one was by casting a 
lead grid in the neck and then determining the strains by X-ray radiographs 
of the grid after the specimen had been necked. The second method was to 
pull an austenitic stainless steel bar and then determine the degree of defor- 
mation across the neck by magnetic measurements after the bar had been 
pulled. Both of these techniques showed a strain gradient, although it was not 
great in either case. We will not give further details because this paper is 
expected to be published shortly. We feel, however, that our tests have indi- 
cated that this departure from linearity is not very important over the range 
of necking that we have studied. 

We are grateful to hear that Mr. Godfrey has obtained similar proof of 
the Bridgman correction factor. His method is most ingenious, since it allows 
the necking to be obtained in an ordinary tensile test without machining. 
Difficulty may in some cases be encountered in applying this technique, since 
it is sometimes difficult to completely eliminate all strain history by annealing. 

As Mr. Godfrey has pointed out, flow stress is influenced by both temper- 
ature and rate of strain in addition to the amount of strain. However, the 
effects of temperature and strain rate are in opposing directions and will gen- 
erally effectively neutralize each other. Therefore, to a first approximation, 
the effects of both temperature and strain rate may be ignored in the analysis 
of cutting stresses, since the net effect of these two items will usually be small 


®*M. Steinberg, “Determination «f the Plastic Flow Mechanism in Ductile Metals’, 
Massachusetts Institute of Technology, 1948. 
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compared with stresses due directly to the very large strains obtained in 
cutting. 

Dr. Mebs has indicated that he feels that the Bridgman correction factor 
may be greatly in error due to a strain gradient across the neck. In our reply 
to Professor Bridgman we have indicated experimental evidence which shows 
that there is a flow gradient, although not very great in the ordinary tensile 
test. Apparently, however, he has no objections to our experimental technique 
which showed that the final result of Bridgman’s theory is a good approxi- 
mation for the materials we have tested. We agree with Dr. Mebs that the 
range of principal stresses over which we tested the strength criteria of frac- 
ture was small. Additional tests designed specifically to investigate strength 
criteria over a wider range of principal stresses must be made before it can 
be ascertained whether the maximum shear stress theory is still in best agree- 
ment with experimental data. 

Mr. Hu believes that he can provide an alternative explanation for the 
change in average true stress when the neck radius R is altered by machining. 
The authors deliberately conducted tests G and K in order to make sure that 
machining did not alter the residual stress pattern in the other tests. In these 
tests, G and K, the profile was machined in the bar from the start. Mr. Hu 
also objects to these tests, but for a different reason. In conducting a true 
stress-strain test the longitudinal true strain is determined by measuring the 
diameter D at the minimum section as the test progresses. This is done with 
a pair of knife edges connected appropriately to a dial micrometer. The true 
strain is then defined as 2 XK loge (Do/D). Thus, the strain in the neck is 
measured over a gage length that is extremely small, i.e., the thickness of a 
knife blade. It would appear that Mr. Hu’s comment is based upon a lack of 
appreciation for the difference between true strain and engineering strain. For 
this reason we feel his argument on this point is invalid. Thus tests G and K 
demonstrate the correctness of the Bridgman factor. Since reprofiled test bars 
also verified this correction factor, we feel this demonstrates that the stress 
pattern is not appreciably altered by reprofiling. Among other reasons, this 
is probably true because no material is actually removed at the minimum cross 
section. 

In a private communication Prof. N. H. Polakowski'’ has directed our 
attention to the early work of F. Koérber and A. MiilJer® that bears on this 
subject. These authors photographed the neck of a standard tensile specimen 
as it developed. Bars were then machined to have the same profile as the 
neck of the standard specimen at various stages of development. When these 
bars were pulled, it was possible to determine the increase in yield stress due 
to the shape of the specimen at various strains (reductions in area). Thus 
they cleverly determined the actual flow-stress curve for various materials. 
Although Siebel worked at the same Institute, Koérber and Miller did not 
attempt to check his correction factor (1925). Moreover, they did not publish 
data on neck curvature, so that it is not possible to use their data to check 
present theories. They did not employ the main technique used in this paper, 
i.e., increasing the radius of profile of a specimen after natural necking 
occurred. 


™N. H. Polakowski, private communication, Metallurgical Department, University 
College of Swansea, Swansea, England. 

SF. Kérber and A. Miiller, Mitteilungen aus dem Kaiser-Wilhelm-Institut fiir Eisen- 
forschung, Vol. 8, 1926, p. 194; also abstracted in Journal, Iron and Steel Institute. 
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This paper presents the results of an experimental 
investigation of the effect of the presence and near absence 
of carbon and nitrogen in an initially low carbon steel 
upon the delayed yield phenomenon. Rapid-load tensile 
tests were performed on a low carbon steel after being 
treated in four different ways: *(a) Annealed; (b) Wet- 
hydrogen-treated to remove the static upper yield point; 
(c) Wet-hydrogen-treated and recarburized; (d) Wet- 
hydrogen-treated and renitrided. 

The results of the rapid-load tests show that all four 
materials exhibit delayed yielding and that the time delay 
is similarly affected by stress and temperature in all cases. 
The principal effect of reducing the carbon and nitrogen 
concentrations by wet-hydrogen treatment is to lower the 
stress level of the delay time versus stress relation. Since 
the wet-hydrogen-treated material exhibits a definite time 
delay for yielding in rapid-load tests, 1t 1s concluded that 
the absence of an upper yield point in static tests on this 
material does not indicate any fundamental change in the 
mechanism of yielding. 


HE phenomenon of delayed yield in annealed mild steel has been 

studied previously (1, 2)* by the present authors. The tech- 
nique which has been used consists of simultaneously measuring the 
stress and strain as functions of time in a specimen subjected to a 
rapidly applied constant tensile stress. The rise time of the stress 
(5 to 10 milliseconds) is small enough so that it may be neglected, 
compared to the total duration of the test. When the applied stress 
exceeds the static upper yield stress, it is found that the specimen 
behaves elastically for a certain period of time, after which yielding 
begins rather abruptly. The duration of the time during which the 
specimen behaves elastically under. the applied stress is called the 
delay time for yielding. 

The delay time is found to decrease logarithmically with in- 
creasing stress for stresses exceeding the static upper yield stress. 





1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirty-third Annual Convention of the 
Society, held in Detroit, October 13 tc 19, 1951. Of the authors, D. S. Wood 
is assistant professor of mechanical engineering and D. S. Clark is professor of 
mechanical engineering at California Institute of Technology, Pasadena, Calif. 
Manuscript received March 26, 1951. 
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In one typical annealed mild steel of 0.17% carbon content, having 
a static upper yield stress of 39,000 psi, the delay time varies from 
about 0.7 second at a stress of 41,000 psi to about 0.005 second at a 
stress of 57,000 psi. The effect of temperature upon the delay time 
has been studied in the temperature range from —75 to +250 °F 
(—60 to +120°C). The delay time increases with decreasing 
temperature at any given stress. The temperature dependence does 
not correlate well with a simple thermal activation function of the 
form constant K e-°/8T, A theory describing the delayed yield 
phenomenon has not been given up to the present time. 

Several other investigators (3, 4, 5) have demonstrated that 
the existence of the static upper yield point is intimately related to 
the presence of carbon and nitrogen in the steel. Low and Gensamer 
(3) have shown that by reducing the carbon and nitrogen concen- 
trations to values of the order of 0.001% by weight, the static upper 
yield point is eliminated. Holden and Hollomon (4) and Schwartz- 
bart and Low (5) have studied the effect of small concentrations of 
carbon and nitrogen upon the yield point in single iron crystals. In 
view of these results, an investigation of the delayed yield phenom- 
enon in a steel in which the concentrations of carbon and nitrogen 
are very low is pertinent. The purpose of this paper is to present 
the results of such an investigation. 


EXPERIMENTAL PROCEDURE 


The delay time for the initiation of yielding was measured in a 
steel treated in four different ways: (a) Annealed; (b) Annealed 
and wet-hydrogen-treated to eliminate the static upper yield point; 
(c) Annealed, wet-hydrogen-treated and recarburized; (d) Annealed, 
wet-hydrogen-treated and renitrided. For each heat treatment, the 
delay time was measured for a range of applied stress and at each 
of two temperatures, 75 and —75 °F (24 and —60°C). In addition, 
static tension tests were made on specimens prepared by each of these 
four treatments. 


Material, Test Specimens and Treatments 


The specimens for this investigation were taken from a single 
billet, hot-rolled to 5¢-inch diameter bars. The chemical analysis of 
the material as received from the mill is as follows: 


he Mn P S Si Cu Sn 
0.12 0.43 0.019 0.042 0.27 0.23 0.037 


Test specimens of the form shown in Fig. 1 were machined 
from this material. The thin, flat gage section is employed so that 
the length of time required for the removal of the static upper yield 
point by wet-hydrogen treatment is not excessive. 

All specimens were treated in a small, electrically heated hearth 
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furnace fitted with a stainless steel muffle. This muffle has a maxi- 
mum capacity of 200 test specimens. An iron-constantan thermo- 
couple in contact with the specimens inside the muffle is used to 
determine the temperature during treatment. 

Purified dry hydrogen is used as the furnace atmosphere for the 
simple annealing treatments and during the periods of heating and 
cooling. The hydrogen purification train consists of the following 
elements: (a) De-oxo Catalytic Hydrogen Purifier, a product of 


L \ Wrench Flats 
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Fig. 1—Test Specimen. 


Baker and Co., Inc., Newark, N. J.; (b) Dri-rite (CaSO,4) drying 
tower; (c) Activated charcoal trap in liquid air; (d) Sponge 
titanium in a combustion furnace at 1600 °F (870 °C). 

The catalytic purifier reduces the oxygen content to one part 
per million or less, according to the manufacturer. The drying tower 
removes the major portion of any moisture present, including that 
produced by the combustion of oxygen and hydrogen in the catalytic 
purifier. The activated charcoal trap in liquid air serves to absorb 
any nitrogen and hydrocarbons which may be present in the hydrogen 
and, in addition, removes residual traces of water vapor. The hot 
sponge titanium is a final “getter” for residual traces of nitrogen, 
hydrocarbons, and oxygen. 

This purification train provides an atmosphere which does not 
introduce any nitrogen or carbon into the test specimens when they 
are held at high temperature for several hours at least. The criterion 
used for determining the nitrogen and carbon purity of the hydrogen 
is simply whether or not a static upper yield point is obtained in 
specimens from which it has previously been eliminated by wet- 
hydrogen treatment. 

The reduction of the carbon and nitrogen contents of specimens 
to sufficiently low values that no upper yield point is exhibited in 
static tension tests is accomplished by a wet-hydrogen treatment, 
essentially the same as that used by Low and Gensamer (3). By 
suitable valves, the activated charcoal trap and the hot titanium com- 
bustion furnace are by-passed, and the hydrogen is bubbled through 
a water bath held at 160°F (40°C). This provides an atmosphere 
containing 30% of water vapor by volume. The line from the water 
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bath to the main furnace is steam-jacketed to prevent condensation 
of the water vapor in the gas. 

For introducing small amounts of carbon into specimens which 
have been previously wet-hydrogen-treated, the water bath is re- 
placed by a bath of normal heptane held at 77 °F (25°C). For the 
nitriding treatment, the hydrogen is bubbled through a bath of liquid 
ammonia held at —100°F (—74°C). During both of these treat- 
ments, the complete purification train described above is used ahead 
of the saturating bath. 

Two rotameter flow rate indicators of different ranges are pro- 
vided between the hydrogen tank and the purification train, and 
either one may be used as desired. Standard regulators are used to 
control the flow of hydrogen. A bubble tower and safety bottle are 
placed in the exhaust line from the main furnace, giving a positive 
differential pressure of about 6 inches of water in the muffle and 
purification train. 

Four groups of specimens were prepared: annealed; wet- 
hydrogen-treated to eliminate the static upper yield point; wet- 
hydrogen-treated and recarburized; and wet-hydrogen-treated and 
renitrided. In all treatments, the water, heptane, or ammonia 
saturator was in operation only while the specimens were held at 
the treating temperature. The specimens were loaded into the cold 
furnace, and the hydrogen purification train was brought to its 
steady operating condition before the specimens reached a tempera- 
ture of about 300°F (150°C). The specimens were slow-cooled 
in the furnace with the flow of pure dry hydrogen maintained until 
the specimen had cooled to about 300°F (150°C). The cooling 
rates were approximately the same in all treatments. From the 
treatment temperature down to approximately 1000°F (540°C), 
the cooling rate was about 4 °F (2 °C) per minute. Below the latter 
temperature, an air blast through the furnace and around the outside 
of the muffle was used to hasten the cooling to room temperature, 
which required several hours. 

The temperatures, the times at temperature, and the hydrogen 
flow rates used for the four treatments were as follows: 

(a) Annealing: Hold at 1700°F (930°C) for 1 hour with a flow 
rate of 1.4 cubic feet per hour of pure dry hydrogen. 

(b) Wet-hydrogen treatment to eliminate the static upper yield 
point: Hold at 1700°F (930°C) for 1 hour, cool to 1300°F (700°C) 
and hold for 64 hours with a flow rate of 7.5 cubic feet per hour of 
hydrogen bubbled through water at 158 °F. 

(c) Recarburizing of previously wet-hydrogen-treated specimens: 
Hold at 1300 °F (700°C) for 30 minutes with a flow rate of 3 cubic feet 
per hour of pure dry hydrogen bubbled through normal heptane at 77 °F. 
Hold at 1300°F (700°C) for an additional 334 hours with a flow rate 
of 1.5 cubic feet per hour of pure dry hydrogen. 

(d) Renitriding of previously wet-hydrogen-treated specimens: 
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Hold at 930 °F (500°C) for 30 minutes with a flow rate of 3 cubic feet 
per hour of pure dry hydrogen bubbled through ammonia at —100 °F 
(—74°C). Hold at 1300°F (700°C) for 2 hours with a flow rate of 
1.5 cubic feet per hour of pure dry hydrogen. 


The specimens were held at 1700 °F (930°C) for 1 hour prior 
to the wet-hydrogen treatment in order to eliminate any effects due 
to the machining operations and to make the specimens comparable 
with those which had been annealed. The 64-hour period required 
to eliminate the static upper yield point in wet-hydrogen treatment 
had been previously determined by several trials of different duration. 
In these trials, three specimens at a time were treated in a stainless 
steel tube in place of the large muffle in the furnace. These specimens 
were statically tested after treatment, and the effectiveness of the wet- 
hydrogen treatment was judged by the magnitude of the upper yield 
point. The soaking treatment at 1300°F (700°C), after both the 
recarburizing and renitriding treatments, was used to produce a more 
uniform distribution of carbon and nitrogen through the specimen 
cross section than would have been present immediately after those 
treatments. 

The temperatures used for the wet-hydrogen, recarburizing, and 
renitriding treatments are those used by Low and Gensamer (3). 
The wet-hydrogen treatment is carried out at a temperature just 
below the lower critical temperature for plain carbon steel in order 
to obtain a maximum rate of carbon and nitrogen removal without 
inducing excessive grain growth. The partial pressure of water vapor 
used is chosen to be the maximum value which will not cause surface 
oxidation of the specimens. The temperatures and gas concentrations 
used for the recarburizing and renitriding treatments are such that 
carbides or nitrides are not formed at the surface of the specimens. 

No chemical analyses of the wet-hydrogen-treated, recarburized, 
or renitrided specimens for carbon and nitrogen content were 
attempted because, as Low and Gensamer (3) have shown, the con- 
centrations involved are so low that the accuracy of the analyses is 
very poor. However, the amounts of carbon and nitrogen introduced 
into the specimens during the recarburizing and renifriding treat- 
ments may be estimated by considering the diffusion processes occur- 
ring during these treatments. 

The assumptions which are necessary to make an estimate of the 
concentrations obtained are as follows: (a) Diffusion takes place 
only in the direction normal to the flat surface of the specimen gage 
section; (b) The concentration at the specimen surface is constant 
during the period of diffusion into the specimen; (c) During the 
homogenizing treatment, no diffusion takes place across the specimen 
surface. 

The values of the diffusion coefficients for carbon and nitrogen 
in alpha iron recently given by Wert and Zener (6) were used in the 








1952 DELAYED YIELD PHENOMENON 731 


calculations. The concentrations of carbon and nitrogen at the sur- 
face during the periods of diffusion into the specimens were assumed 
to be 0.02 and 0.3% by weight respectively. These values are 
approximately equal to the maximum solubilities in alpha iron at the 
temperatures employed, according to the equilibrium diagrams given 
by Austin (7) and Norton (8). 

On the basis of the assumptions given, a suitable solution of the 
diffusion equation was obtained for the period of diffusion into the 
specimens, and numerical values for the amounts of carbon and 
nitrogen introduced into the specimens were computed. The mean 
carbon concentration introduced was 0.004% by weight, and the 
mean nitrogen concentration introduced was 0.014%. The effect 
of the homogenizing treatments was also calculated. The maximum 
difference in carbon concentration within a specimen was computed 
to be about one-quarter of the mean concentration. For the re- 
nitrided specimens, the maximum concentration difference was twice 
the mean concentration. 


Table I 
Grain Size and Hardness of Material Tested 
ASTM Hardness, 
Material Grain Size Rockwell B 

Annealed 6.7 54 
Wet-Hydrogen-Treated » 6.1 37 
Wet-Hydrogen-Treated 

and Recarburized 6.1 42 
Wet-Hydrogen-Treated 


and Renitrided 6.1 40 


The ASTM grain sizes of specimens prepared by each of the 
four treatments were determined from suitable photomicrographs, 
and hardness measurements of each were taken. These values are 
given in Table I. 


TEST PROCEDURE 
Static Tension Tests 


All the static tension tests were made in a 30,000-pound testing 
machine having a least reading of 10 pounds (corresponding to a 
stress of 200 psi in the specimen gage section). Two independent 
means were employed for measuring strain in the static tension tests 
performed at room temperature. Small strains, up to about 1%, 
were determined by means of Type A-5 SR-4 resistance-sensitive 
wire strain gages. One gage was bonded to each side of the specimen 
gage section. Measurements were made by means of a Type K 
strain indicator. , Before the tests, a check was made of the bending 
stresses in the specimens by applying loads in the elastic range and 
determining the differential reading of the two SR-4 gages. During 
a test, the two gages were connected so as to average their reading, 
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and gages fitted to another specimen were used as the temperature- 
compensating dummy gage in the bridge circuit of the strain indicator. 
A strain sensitivity of 10° inch per inch or better was obtained by 
this method. 

Strains up to 5% were determined by means of the same exten- 
someter used in the rapid-load tests. This instrument, described in 
a previous paper (2), has a sensitivity of about 2 & 10% inch per 
inch. Only the extensometer was used in static tests made at 
—75°F (—60°C), because the specimen itself is inaccessible in 
such tests. All static tests were discontinued after a total strain of 
about 5% had been reached. 

The temperature control of the specimen in static tests per- 
formed at —75°F (—60°C) is obtained in the same manner as 
that used in rapid-load tests at that temperature. Briefly, the speci- 
men temperature is controlled by means of cold alcohol circulated 
through a jacket surrounding the specimen. The jacket is composed 
of a metal bellows which attaches to the specimen grips. The fluid 
connections are incorporated in the grips. The temperature is de- 
termined by means of copper-constantan thermocouples in contact 
with the specimen. A detailed description of this apparatus may be 
found in a previous paper (2). 

Stepwise loading was used in the static tests, with each load 
held for 8 minutes or more, depending upon the magnitude of the 
creep. Strain readings were taken at 2-minute intervals. In the 
range of strain below about 1%, each load was maintained until the 
creep rate had decreased to 3 & 10° inch per inch per minute or less. 
For strains greater than about 1%, each load was maintained until 
the creep rate had decreased to 10-° inch per inch per minute or less. 
Immediately after yielding began, the load was completely removed. 
Reloading was then applied in the same stepwise fashion. This pro- 
cedure was followed in order to obtain a sensitive indication of the 
presence or absence of an upper yield point. 

Two static tension tests were made at temperatures of 75 and 
—75 °F (24 and —60 °C) on specimens of each of the four treat- 
ments. 


Rapid-Load Tension Tests 


The rapid-load tests were performed in the same manner and 
with the same equipment as in previous investigations of this type 
(2). A complete series of tests was performed at temperatures of 
75 and —75°F (24 and —60°C) on each of the four materials. 
The stress and the delay time for the initiation of plastic deformation 
were determined for each test. A sufficient number of tests were 
made in each series to adequately define the delay time versus stress 
relation of the material over the*range of delay times from about 
5 milliseconds to about 100 seconds. 
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EXPERIMENTAL RESULTS 
Static Tension Tests 


The stress-strain relations obtained in the static tension tests 
are shown in Figs. 2 through 9. Two sets of curves for the tests 
at 75°F (24°C) are shown in Figs. 2, 4, 6, and 8. The lower 
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Fig. 2—Static Stress Versus Strain at 75°F 
(24°C), Annealed Specimens. 
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YY 3—Static Stress Versus Strain at —75°F 
(—60°C), Annealed Specimens. 


curves are plotted to a strain scale having a total range of 0.5% 
and represent the strain measurements obtained from the SR-4 wire 
strain gages bonded to the gage section. The upper curves represent 
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the strain up to a total of 5% and are taken from the extensometer 
measurements. The stress scale is the same for both sets of curves. 
The expanded scale curves for the wet-hydrogen-treated and re- 
nitrided material tested at 75 °F (24°C), given in Fig. 8, show two 
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Fig. 4—Static Stress Versus Strain at 75°F 
(24°C), Wet-Hydrogen-Treated Specimens. 
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re 5—Static Stress Versus Strain at —75°F 
(—60°C), Wet-Hydrogen-Treated Specimens. 


cycles of unloading and reloading. The creep rate at the highest 
stress reached prior to the first unloading increased with time, 
rather than decreasing, as was observed at all lower stresses. This 
was taken to be an indication of-the presence of an upper yield point, 
and the load was immediately removed. The specimen was then re- 
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loaded in the original manner until a stress was reached at which a 
normal low creep rate was obtained. Yielding then continued with 
approximately constant creep rate at any given load. After yielding 
had progressed for a period of time, a second unloading and reload- 
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Fig. 6—Static Stress Versus Strain at 75°F 
(24°C), Wet-Hydrogen-Treated and Recarburized 
Specimens. 
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re 7—Static Stress Versus Strain at —75°F 
(—60°C), Wet-Hydrogen-Treated and Recarburized 
Specimens. 


ing cycle was followed in order to compare the behavior of the 
material after prior yielding had taken place with its behavior during 
the initial yielding. 

The unloading and reloading cycles immediately after yielding 
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began are not shown in the stress-strain curves of the other materials. 
They are of less interest than the one for the renitrided material and 
would only serve to complicate the figures. It should be noted, how- 
ever, that in the case of the wet-hydrogen-treated material tested at 
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Fig. 8—Static Stress Versus Strain at 75°F 
(24°C), Wet-Hydrogen-Treated and Renitrided 
Specimens. 
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( F ig, 9—Static Stress Versus Strain at —75°F 


Wet-Hydrogen-Treated and Renitrided 
Specimens. 


75°F (24°C), no accelerated creep rate, such as that observed for 
the renitrided material, was found. Furthermore, upon unloading 
and reloading, the plastic deformation followed a continuation of the 
curve obtained during the initial loading. 
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Rapid-Load Tests 


_ The results of the rapid-load tests are given in Figs. 10, 11, 12 
and 13, which exhibit the relations between delay time (on a log- 
arithmic scale) and stress. 
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Fig. 10—Delay Time Versus Stress, Annealed Material. 
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Fig. 11—Delay Time Versus Stress, Wet-Hydrogen-Treated Material. 


With the exception of Fig. 11 for the wet-hydrogen-treated 
material, two straight.lines have been drawn in the figures to repre- 
sent each series of data. These lines are determined from the experi- 
mental points by a simple averaging process which is described in a 
previous report (2). -The line of constant stress is characterized by | 
the empirical constant 6. The sloping line may be represented by a 
relation of the form 

t = te €°9/Ge, Equation 1 
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Fig. 12—Delay Time Versus Stress, Wet-Hydrogen-Treated and 
Recarburized Material. 
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Fig. 13—Delay Time Versus Stress, Wet-Hydrogen-Treated and 
Renitrided Material. 
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Fig. 14—Strain Versus Time for Three Rapid- 
Load Fests at 75°F (24°C) on Wet-Hydrogen- 
Treated Material. 
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where t is the delay time; o is the stress; and t, and o, are empirical 
constants. 

Sloping lines of the form of Equation 1 are also drawn for the 
wet-hydrogen-treated material; however, this material does not ex- 
hibit a constant stress line, 6, in the delay time versus stress relation 
as can be seen in Fig. 11. Instead, the tests at 75 °F (24°C) appear 
to follow a second sloping line of the form of Equation 1 except that 
the slope is smaller. In tests made at 75 and —75°F (24 and 
—60 °C), the magnitude of the plastic deformation associated with 
yielding progressively decreases as the applied stress is made smaller. 
The delay time for the beginning of plastic deformation becomes less 
and less distinct. Finally, a delay time can no longer be detected, 
and the deformation taking place is of the nature of fast creep. 
Therefore, a second sloping line does not exist for the tests at 
—75°F (—60°C). A second sloping line is obtained from the 
tests at 75°F (24°C) but does not extend beyond a delay time of 
about 10 seconds for the same reason. 

Three extension versus time records for the wet-hydrogen- 
treated material tested at 75 °F (24°C) which show the progressive 
disappearance of the definite delay time are given in Fig. 14. The 
values of the empirical constants t,, o6,, and o for the two test tem- 
peratures, 75 and —75°F (24 and —60°C), for each of the four 
materials are given in Table II. 








Table II 


Empirical Constants to Fit the Relations t — toe-¢/*o and ¢ =o 
to the Experimental Data 


Temperature o-:3! So o 
Material °F (°C) sec 108 psi 103 psi 
Annealed 75 (24) 1.66 X 105 2.90 41.9 
—75 (—60) 1.00 X 107 3.19 49.1 
Wet-Hydrogen-Treated 75 (24) (a) 1.7 X 10? 2.99 
(b) 2.1 X 10° 0.93 
—75 (—60) 6.6 X 104 3.05 
Wet-Hydrogen-Treated 
and Recarburized 75 (24) 4.37 X 10° 2.01 28.2 
—75 (—60) 5.76 X 108 2.82 34.3 
Wet-Hydrogen-Treated 
and Renitrided 75 (24) 1.07 X 104 2.36 20.2 
—75 (—60) 1.46 X 105 3.14 25.5 


DIscussION OF RESULTS 


The experimental relations of delay time versus stress, given in 
Figs. 10, 11, 12, and 13, show that all four of the materials behave 
in a qualitatively similar manner when subjected to rapidly applied 
constant stress. That is, a delay time for the initiation of plastic 
deformation exists for all four materials; the relations between this 
delay time and the stress are all quite similar in form; and the effect 
of temperature upon these relations is essentially the same in all 
cases. Furthermore, the behavior of these materials is similar to the 
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behavior of annealed low carbon steels which have been previously 
investigated (1, 2). However, definite quantitative differences in 
behavior are exhibited between the four materials. The test results 
show that the principal effect of changing the carbon and nitrogen 
content of an annealed low carbon steel subjected to rapidly applied 
constant stress is to change the stress corresponding to a given value 
of the delay time. The magnitude of the stress for a given delay 
time is decreased by a reduction of the carbon and/or nitrogen 
concentration. 

Other quantitative differences in behavior of the four materials 
are shown by the values of the empirical constants t,, 6,, and 6, 
given in Table I, which have been used to represent the experimental 
data. The reciprocal of the slope of the logarithm of the delay time 
versus stress relations, o,, for the region of short delay times, varies 
from 2000 to 3200 psi. The values for the annealed and the wet- 
hydrogen-treated materials at both 75 and —75 °F (24 and —60 °C) 
are all nearly equal (about 3000 psi). However, the values for the 
recarburized and renitrided materials exhibit appreciable variations. 
First, 6, varies with temperature for both of these materials, exhib- 
iting lower values at 75°F (24°C) than at —75°F (—60 °C). 
Second, the values are lower, in general, than those exhibited by the 
annealed and wet-hydrogen-treated materials. 

The values of the constant stress, 6, which characterize the 
delay time versus stress relations at long delay times are approxi- 
mately the same as the stress at the static upper yield point for cor- 
responding materials and test temperatures. This is in agreement 
with previous work (2). The differences which do exist between 
the values of 6 and the stresses at the static upper yield points can 
be attributed to experimental errors and scatter in the behavior of 
the materials. 

The rapid-load test data for the wet-hydrogen-treated, recar- 
burized, and renitrided materials exhibit considerably less scatter 
than the data for the annealed material. This shows that the 
64-hour wet-hydrogen treatment at 1300 °F (700°C), to which all 
three of the former materials were subjected, brings the material 
considerably closer to a state of — equilibrium than does a 
simple annealing treatment. 

The wet-hydrogen-treated ihaieriés tested at 75°F (24°C) 
exhibits a second sloping line in its delay time versus stress relation 
rather than a line of constant stress, as found for all of the other 
materials. This, however, does not indicate that there is a funda- 
mental difference in the character of the curve for the wet-hydrogen- 
treated material, since the constant stress lines for the other mate- 
rials actually may be slightly sloping lines also. 

Since the wet-hydrogen-treated material exhibits a definite delay 
time for the initiation of yielding in rapid-load tests, it is evident 
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that the absence of an upper yield point in static tests on decarbu- 
rized and denitrided steels does not indicate that a fundamental 
change in the mechanism of yielding has been produced. However, 
it is not to be inferred from this that the yield-point phenomenon 
can exist in iron without the presence of carbon or nitrogen. It does 
mean that the carbon and nitrogen concentrations must be consider- 
ably lower than those used in this investigation if the yield-point 
phenomenon is to be completely eliminated. 

The static stress-strain relation for the wet-hydrogen-treated 
material tested at 75 °F (24°C), which is shown in Fig. 4, exhibits 
a region of yield strain at constant stress which would be called the 
lower yield point in a normal steel. This suggests the following 
interpretation of the effect of carbon and nitrogen concentration upon 
the yield-point phenomenon: The magnitude of both the upper and 
lower static yield points is decreased by reducing the carbon and 
nitrogen concentration; but the upper yield point experiences a 
greater reduction than the lower yield point. At some value of the 
carbon and nitrogen concentration, the upper yield point becomes 
less than the lower yield point; and, hence, the upper yield point no 
longer appears in the static stress-strain curve. Under rapidly ap- 
plied loads, however, the upper yield point is exhibited because the 
upper yield point is more sensitive to the duration of loading than 
the lower yield point. 

No upper yield point is shown in the static stress-strain curves 
for the wet-hydrogen-treated material tested at —75 °F (—60 °C), 
given in Fig. 5. However, it is possible that a small upper yield point 
of the order of that found in the renitrided material tested at room 
temperature actually exists. The lack of high-sensitivity strain 
measurements in the static tests made at —75°F (—60°C) pre- 
vents the detection of such small effects. 


SUMMARY AND CONCLUSIONS 


The delayed yielding which has been previously observed in 
annealed low carbon steels is found to occur in a steel which had 
been wet-hydrogen-treated to remove the static upper yield point. 
The effect of stress and temperature upon the delay time in the wet- 
hydrogen-treated material is similar in form to that observed in the 
material as annealed. The principal difference between the two 
materials is that the delay time — stress relations lie at lower stresses 
for the wet-hydrogen-treated material. 

In view of these results, it is concluded that the absence of an 
upper yield point in static tests is not an indication of a fundamental 
change in the mechanism of yielding, but simply a change in the 
relative magnitudes of the upper and lower static yield points. Since 
the upper yield point is observed in rapid-load tests when it is absent 
in static tests, it is evident that the upper yield point is more sensitive 
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to the duration of loading than the lower yield point. It is also 
concluded that in order to remove completely the effects of carbon 
and nitrogen upon the mechanism of yielding, the concentrations of 
those elements must be reduced to considerably lower values than 
were present in the wet-hydrogen-treated material used in this and 
other investigations. 

The effect upon the delayed yield of small additions of carbon 
and nitrogen to previously wet-hydrogen-treated material is also 
investigated. The delay time versus stress relations for these mate- 
rials are also found to be similar to those for the annealed steel. 
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DISCUSSION 


Written Discussion: By Harry Schwartzbart, research metallurgist, 
Armour Research Foundation, Illinois Institute of Technology, Chicago. 

The authors have demonstrated that steel containing different 
amounts of carbon and/or nitrogen behaves the same, qualitatively, in 
respect to the time delay for initiation of plastic flow. Indeed, it appears 
that one of the facts demonstrated is that the observance of an upper 
yield point in a tension test is largely fortuitous, depending upon speci- 
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men geometry, alignment, etc., and that it can easily be obscured, espe- 
cially where the constant-load elongation is small. This has previously 
been pointed out by Winlock and Leiter? and by Low and Gensamer.’ 
It is unfortunate that the authors did not carry the wet-hydrogen purifi- 
cation further until all traces of the yield point phenomenon in the static 
tests were eliminated. Delayed yield tests on purified material which 
showed no trace of the yield point phenomenon would have proven con- 
clusively whether or not the delayed yield is related to the conventional 
yield point phenomenon known to be caused by carbon or nitrogen. If 
the completely purified material were to demonstrate a delay time for 
yielding, then its cause would have to be something other than the car- 
bon or nitrogen in solution. This is unlikely in view of the previous evi- 
dence of Clark and Wood that only materials that exhibit a yield point 
in static tension show the delayed yield in fast tests. The problem, then, 
becomes one of explaining how the presence of carbon or nitrogen causes 
the delayed yield. 

An explanation of the yield point phenomenon recently advanced by 
Cottrell and others* ** 7 is based upon the interaction of dislocations and 
solute atoms. The theory states that dislocations are anchored by atmos- 
pheres of solute atoms and that a high applied stress is needed to tear 
these dislocations loose from their atmospheres, after which they can 
travel through the specimen at a reduced load. At temperatures above 
0 °K, the external stress needed to tear the dislocations loose from their 
atmospheres is aided by thermal fluctuations. Since these fluctuations 
are time-dependent, the activation energy supplied by them is time- 
dependent and it is in this fashion that the dependence of yield point on 
the loading rate is explained. It does not seem likely, however, that such 
an explanation could account for the time delay observed in the present 
tests, where the applied stress is higher than the yield point, and no aid 
from thermal fluctuation should be necessary to free the dislocations. 

Another theory has been advanced which explains the yield point 
phenomenon as a diffusion process. It is, therefore, time-dependent and 
could account for the time delay phenomenon observed in the present 
tests. This theory was formulated by Palm® and is an extension of 
Snoek’s theory of the elastic after-effect in mild steel. It states that in 
an unstressed specimen of mild steel the carbon or nitrogen atoms are 
distributed statistically equivalent along the three principal directions in 
the iron lattice. The application of elastic stress causes the solute atoms 


2J. Winlock and R. W. E. Leiter, “Some Factors Affecting the Plastic Deformation of 
Sheet and Strip Steel and Their Relation to the Deep Drawing Properties’, Discussion by 
M. Gensamer, Transactions, American Society for Metals, Vol. 25, 1937, p. 197. 


3J. R. Low, Jr., and M. Gensamer, “Aging and the Yield Point in Steel”, Discussion, 


Transactions, American Institute of Mining and Metallurgical Engineers, Vol. 158, 1944, 
p. 247 and 249, 


‘A. H. Cottrell, “Effect of Solute Atoms on the Behavior of Dislocations”, Report on 
the Strength of Solids, Physical Society, London, 1948, p. 30. 

5F. R. N. Nabarro, “Mechanical Effects of Carbon in Iron”, Report on the Strength 
of Solids, Physical Society, London, 1948, p. 38. 

6A. H. Cottrell and B. A. Bilby, “Dislocation Theory of Yielding and Strain Aging of 
Iron”, Proceedings, Physical Society, Vol. 62A, 1949, p. 49. 

7A. H. Cottrell, “The Yield Point in Single Crystal and Polycrystalline Metals’’, 
Symposium, Plastic Deformation of Crystalline Solids, Sponsored by the Carnegie Institute 
of Technology and the Office of Naval Research, May 1950. 


" sy. ap raten “Reflections on Yielding and Aging of Mild Steel’, Metalen, Vol. 3, 
o. 5, A 
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to diffuse to new preferred positions. The supposition is that the original 
positions of the solute atoms impede slip on the slip planes, and that by 
diffusing to the new positions slip is facilitated. The upper yield point 
corresponds to the unlocking of the slip planes by the diffusion, after 
which strain can occur at a reduced load. The distances over which the 
solute atoms must move are extremely small and can thus take place at 
room temperature during the elastic straining of the specimen. Although 
this theory is not as satisfactory for explaining the yield point as the 
dislocation theory, it does offer the possibility of being able to explain 
the time delay for the initiation of plastic flow in the present experi- 
ments; this would be done by considering the time necessary for diffu- 
sion to take place and the possible effect of stress level on the rate of 
diffusion. 

The time delay for the initiation of plastic flow for stresses above 
the yield point has previously been observed in single crystals and poly- 
crystalline iron by Gensamer and Mehl.® The specimens were dead- 
weight-loaded in increments and the strain-time curves obtained after the 
addition of each increment of stress. In all cases for stresses above the 
yield point, there was an initial delay time before flow began; the rate 
of extension then reached a maximum and, finally, decreased to zero. 
When the next increment of stress was added, the same behavior was 
observed. There was no correlation between delay time and the amount 
of stress increment or stress level. The wet-hydrogen purification of 
these specimens reduced the carbon content only to the limit for detec- 
tion under the microscope. 


Authors’ Reply 


Dr. Schwartzbart has pointed out that some aspects of the yield 
point phenomenon were still evident in the static tests of the wet- 
hydrogen-treated material, as shown by the constant-load elongation ex- 
hibited in Fig. 4. This means that carbon and nitrogen were not com- 
pletely removed from the material, as was stated in the paper. Undoubt- 
edly, a higher degree of purification can be attained. Dr. J. R. Low, Jr., 
has pointed out in private conversation that the relatively thick heads at 
the ends of the specimen limit the degree of purification by acting as 
reservoirs from which carbon and nitrogen diffuse continuously into the 
gage section during treatment. However, there may be some questions 
as to whether it is really feasible to eliminate completely all possible 
effects of carbon and nitrogen upon the yielding phenomenon in iron. 
This is indicated by Cottrell’s dislocation theory of the yield point which 
was referred to by Dr. Schwartzbart. Approximately one carbon or 
nitrogen atom per atomic spacing along a dislocation is sufficient to pro- 
vide effective anchoring and, hence, presumably to affect the yielding 
process. If the density of dislocations is taken to be 10° to 10° per square 
centimeter, it may be seen that a concentration of carbon or nitrogen of 
10° to 10° atomic per cent would be sufficient to anchor all the disloca- 


tions. To attain concentrations of this order and lower may be quite 
difficult. 


°M. Gensamer and R. F. Mehl, “Yield “ec of Single Crystals of Iron Under Static 
Loads”, Metais Technology, AIME T.P. 893, 1938. 
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Dr. Schwartzbart’s statement that no thermal fluctuations should be 
necessary to free dislocations from their carbon and nitrogen atmospheres 
at stresses above the static upper yield stress differs from the authors’ 
understanding of the Cottrell theory. It seems to the authors that all 
of the stresses used in the present investigation were a relatively small 
fraction of the stress required to release a dislocation without thermal 
fluctuation. The delay time for yielding can be nicely explained, at least 
qualitatively, by assuming that a certain critical number of dislocation 
must be released, under the combined action of the applied stress and 
thermal fluctuations, within some limited volume of the material before 
macroscopic yielding is initiated. The delay time for yielding represents 
the time required for this process to be completed. Cottrell has recently 
introduced’ a more detailed picture of such a process; namely, the first 
dislocations to be released are held up at obstacles such as grain bound- 
aries. When a sufficient number of dislocations have been released against 
an obstacle, the resulting stress concentration causes dislocations to pass 
through it or releases new dislocations from it. Macroscopic yielding is 
initiated only when this break-through has taken place. The authors pre- 
fer an explanation of the delayed yield phenomenon of the above type to 
the theory suggested by Palm, as referred to by Dr. Schwartzbart, be- 
cause it seems that slip in crystalline solids must be associated, almost by 
definition, with the motion of dislocations. 

The authors wish to express their appreciation to Dr. Schwartzbart 
for his searching and stimulating discussion. 











STRESS-INDUCED TRANSFORMATION OF RETAINED 
AUSTENITE IN HARDENED STEEL 


By B. L. Aversacnu, S. G. Lorris anp M. CoHEN 


Abstract 


The transformation of retained austenite in tapered 
tensile bars of hardened and tempered AISI 2340 steel 
was studied as a function of distance from the fracture. 
The as-hardened material originally contained 6% re- 
tained austenite. After the test, complete transformation 
of the retained austenite was found at the fracture and 
some transformation was detected in all sections where 
plastic strain had occurred. The retained austenite was 
completely converted before necking was observed. The 
stress-induced transformation proceeded more readily in 
the untempered steels, whereas after tempering at 400 °F 
(205°C), considerably higher plastic strains were re- 
quired for transformation. This effect is ascribed to the 
relaxation of strain embryos in the austenite during 
tempering. 

Determinations were also made of retained austenite 
as a function of distance from the fracture of V-notch 
slow-bend and Charpy impact bars. Complete transfor- 
mation of the austenite was observed at the fracture, and 
some transformation was detected at appreciable distances 
from the fracture. 


ETAINED austenite is frequently found in quench-hardened 
steels (1).1 In some instances, these steels are tempered 
at relatively low temperatures in order to avoid appreciable loss of 
strength and hardness, and after such a treatment the retained 
austenite may not be decomposed. A recent study on AISI 2340 steel 
(2) has shown that tempering at temperatures up to 400°F (205 
°C) does not result in any appreciable conversion of the retained 
austenite. It was also found (2) that the 6% austenite in the as- 
quenched steel completely disappears at the fracture of notch-bar 
slow-bend specimens, even though the fractures are quite brittle. 
In this paper, the retained austenite content in both slow-bend 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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and V-notch Charpy bars is measured in an AISI 2340 steel by 
means of X-rays as a function of distance from the fracture. These 
results are supplemented by a study of the stress-induced transfor- 
mation of austenite using tapered tensile bars in which fairly precise 
measurements can be made of the stress and strain conditions needed 


to initiate and complete the transformation in these fully hardened 
steels. 


TRANSFORMATION OF RETAINED AUSTENITE 
IN Notcu-Bar TEsTs 


The steel for this investigation was taken from a single heat of 
AISI 2340 steel (0.36% carbon, 3.53% nickel, 0.87% manganese, 
0.27% silicon, 0.018% sulphur, 0.019% phosphorus). The speci- 
mens were austenitized at 1500°F (815°C) and quenched into a 
large oil bath maintained at room temperature. 

The slow-bend test employed a notched bar which was similar 
to the usual Charpy specimens (2). The bars were first machined, 
then coated with a copper-base paint to prevent decarburization, 
austenitized, quenched, and in most cases tempered. After heat 
treatment, the retained austenite was determined near the ends of 
the test specimens by means of integrated X-ray intensities (1), the 
lower limit of detection being 0.1% austenite. The specimens were 
fractured at room temperature and the deflection rate was maintained 
at 0.002 inch per minute during the test. A complete run took from 
5 to 40 minutes, depending on the ductility. 

The total deflection is shown in Table I for an untempered bar 


Table I 


Tension and Notch-Bar Data for Hardened 2340 Steel 
Austenitized at 1500 °F, Oil-Quenched 


Average 
True Average 0.2% Charpy Slow-Bend 
Fracture True Yield Hardness Impact Total 
Tempering Stress Fracture Stress Rockwell Energy Deflection 
Treatment (10% psi) Strain (10° psi) “ (ft-lbs) (inches) 
Untempered 338 0.041 230 57.5 5 0.015 
200 °F (1 hour) 407 0.235 260 57.5 ie. Ee Be 
300°F (i hour) 359 0.135 223 56.0 o> St. ei 
375 °F (1 hour) ee eae ae a3 amt ig 0.080 
400°F (1 hour) 415 0.640 226 52.5 19 0.080 


ee ee er es 5 i 50.0 12 


and for one tempered at 375°F (190°C). Both bars exhibited 
completely brittle fractures, but the latter specimen underwent con- 
siderably ‘greater deflection before breaking. The exposed surfaces 
were smooth enough to give good diffraction patterns, thereby per- 
anitting retained austenite determinations at the fracture. There was 
no retained austenite at the fractured surface of either bar. Each 
surface was then carefully removed by polishing and etching, and the 


2More complete slow-bend properties are given in Reference 2, where the same test and 
same steel were used. 
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austenite content was measured at successive intervals of distance. 

The retained austenite content as a function of the distance from 
the fracture in the notch-bar slow-bend test is shown in Fig. 1. It 
should be noted that there is no austenite in the untempered bar for 
a distance of 0.001 inch from the fracture surface. At 0.015 inch 
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Fig. 1—Retained Austenite in Notch Bars Fractured by Slow Bending at Room Tem- 
perature. AISI 2340 steel, austenitized at 1500°F, oil-quenched, tempered as indicated. 
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Temperature. AISI 2340 steel, austenitized at 1500°F, oil-quenched, tempered 1 hour as 
indicated. 


from the fracture the austenite increases to the value prior to testing. 
In the specimen tempered at 375 °F (190°C) there is considerably 
greater ductility, and the austenite is missing for a region of 0.004 
inch from the fracture. The original austenite content is attained 
at a distance of 0.035 inch from the fracture. 

The same procedure was .repeated for V-notch Charpy impact 
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bars tested at room temperature. The impact energies are shown in 
Table I and here also the fractures were entirely brittle. Retained 
austenite contents are plotted as a function of the distance from the 
fracture in Fig. 2. The untempered specimen exhibits no retained 
austenite for the first 0.001 inch from the fracture, and the austenite 
content does not reach its original value for a distance of 0.030 inch 
from the fracture. In the specimen tempered at 400 °F (205 °C) 
there is no retained austenite within the first 0.005 inch from the 
fracture and the austenite content rises relatively slowly as a function 
of distance. The bar tempered at 300 °F (150°C) displays an inter- 
mediate behavior. 

These findings demonstrate that retained austenite in hardened 
steel is strain-sensitive, and may undergo transformation during 
mechanical testing. Such transformation may also occur in service, 
particularly in tool steels which are not ordinarily tempered much 
above 400 °F (205 °C) and which therefore have considerable quan- 
tities of retained austenite. The notch-bar data indicate that retained 
austenite can be transformed under complex triaxial stress condi- 
tions. There appears to be little difference between the behavior of 
the retained austenite in the relatively slow bend test and that in 
the more rapid Charpy test. However, inasmuch as the stress varia- 
tions in the notch-bar specimens are difficult to define, it was decided 
to study further details of the stress-induced transformation by 
means of a tensile test in which more quantitative information re- 
garding the applied stresses and strains could be obtained. 


TRANSFORMATION OF RETAINED AUSTENITE 
DurRING TENSILE TEST 


A tapered tensile bar (3) was used in order to measure the 
conditions associated with the stress-induced transformation of re- 
tained austenite. This bar, which is shown in Fig. 3, has a very 
gradual taper, and after heat treatment a spiral scratch with a 0.10- 
inch lead was scribed onto the specimen with a diamond point. The 
diameter of the bar at selected points and the distance between seg- 
ments of the spiral were measured prior to test. After the specimen 
was broken in the tension test, the diameters and distances were 
measured again and the true plastic strain as a function of distance 
along the bar was calculated for each position. The maximum true 
stress sustained by each section was calculated from the fracture load, 
and the entire true stress — true plastic strain curve was obtained by 
the method of MacGregor (3). The true stress—true strain curves 
were also determined in the plastic range during the tension test by 
the measurement of minimum diameters, and the two methods 
checked quite well. Duplicate tests were run in each case. 

Fig. 4 shows the true plastic stress-strain curves for bars tem- 
pered up to 400 °F (205°C) and Table I summarizes some of the 
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Fig. 3—Tapered Test Bar. 
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Fig. 4—True Stress —- True Strain Tapered Tensile Test. 


AISI 2340 steel, austenitized at 1500°F, oil-quenched, tem- 
pered as shown. 


pertinent test data. It is surprising to note that specimens tempered 
at 300 °F (150°C) are weaker and more brittle than those tempered 
at 200 °F (95 °C). The subsequent increase in strength and ductility 
after tempering at 400 °F (205 °C) is also noteworthy. 

Retained austenite was determined as a function of distance 
from the fracture in each tensile bar and the results are plotted in 
Figs. 5 to 8. In no case was*there any retained austenite at the 
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Fig. 5—Plastic Strain and Retained Austenite in Tapered Tensile Bar. AISI 2340 steel, 
austenitized at 1500°F, oil-quenched, untempered. 
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Fig. 6—Plastic Strain and Retained Austenite in Tapered Tensile Bar. 
AISI 2340 steel, austenitized at 1500°F, oil-quenched, tempered at 200°F, 
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Bar. AISI 2340 steel, austenitized at 1500 °F, oil-quenched, tempered at 
300 °F, 1 hour. 
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Fig. 8—Plastic Strain and Retained Austenite in Tapered Tensile 
ae, a 2340 steel, austenitized at 1500 °F, oil-quenched, tempered at 
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9—Transformation of Retained Austenite by Piastic Tensile Strain in 
Hardened Steel. AISI 2340 steel, austenitized at 1500 °F, oil-quemched, tempered as 
Own. 


fracture surface, and in each case the original retained austenite 
content was reached at the section where no plastic flow could be 
detected. Even in the brittle. untempered test bars, plastic strain 
(permanent set) was detected for 1.5 inches from the fracture. 
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Fig. 10—Effect of Tempering on Transformation of Retained Austenite by Tensile 
Plastic Deformation in Hardened Steel. AISI 2340 steel, austenitized at 1500°F, oil- 
quenched, tempered as shown. 
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Fig. 11—Effect of Stress on Transformation of Retained Austenite in Hardened Steel. 
AISI 2340 steel, austenitized at 1500 °F, oil-quenched, tempered as shown. 


The austenite content remaining in the tension bar is shown as 
a function of the plastic tensile strain in Fig. 9. The original 
austenite content prior to testing varied between 5 and 6.5%, and 
the fractional part transformed in each run is shown as a function 
of the plastic strain in Fig. 10. It is evident that the untempered 
austenite is much more susceptible to mechanical transformation than 
the tempered austenite, and that tempering at increasing tempera- 
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Table II 
Transformation of Retained Austenite During Tension Test 
Strain 
Stress Energy Expended 
% Required Stress True Plastic During Initial 
Retained to Start Required to Strain Total Transformation 
Austenite Austenite Complete Required to Strain Energy (cal/mol of steel/ 
Prior Trans- Trans- Complete to Complete % retained 
Tempering to Test formation formation Trans- Transformation austenite 
Treatment (vol.%) (10% psi) (10° psi) formation (cal/mol of steel) transformed) 
Untempered 5 -~200 331 0.018 74 1.1 
200 °F 5 -~~200 343 0.029 119 4.1 
300 °F 6 ~200 319 0.030 116 5.8 
400 °F 6.5 -~200 290 0.032 116 13.5 


tures makes it mote difficult for the austenite to be converted during 
the tensile test. This is a manifestation of the stabilization phe- 
nomenon (4). 

It should be emphasized, however, that the austenite is com- 
pletely transformed during the early stages of the plastic stress-strain 
curve. Table II lists the plastic strain required for complete trans- 
formation in these steels. In the untempered specimen, transfor- 
mation is complete after a strain of less than 2%, whereas the tem- 
pered austenite all transforms after a plastic strain of slightly more 
than 3%. In all cases the entire transformation occurs before neck- 
ing is detected. Transformation is observed only in sections which 
are plastically strained, although it is possible that the transformation 
may have helped to initiate the plastic deformation. 

The role of applied stress in this mechanical transformation is 
quite complex. All of the specimens start to transform when the 
stress reaches approximately 200,000 psi. Plastic flow also sets in 
at about the same time.* Fig. 11 shows how the mechanical trans- 
formation of austenite proceeds as a function of the tensile stress. 
Although the untempered specimen begins to transform more rapidly 
than the one tempered at 400 °F (205 °C), it requires less stress to 
complete the reaction in the tempered austenite. However, it should 
be noted that considerably more plastic flow is introduced in the 
tempered specimens for equivalent stresses beyond the yield point. 

All of the curves in Fig. 11 turn sharply upward in the later 
stages. As a tentative hypothesis it may be considered that, prior 
to the upturn, the stress-induced transformation proceeds via existing 
strain embryos (5) in the austenite. With increasing plastic flow, 
however, additional nuclei are produced and the mechanical trans- 
formation proceeds much more easily. Since the specimen tempered 
at 400 °F (205°C) exhibits greater plastic strain than the untem- 
pered specimen for the same applied stress, it appears that the trans- 


*This should not be taken as the true elastic limit Sarees the method used here is not 
me mgm precise to detect permanent sets of the order of a few microinches per inch. he 
elastic limits based on electrical resistancg-strain gage measurements are much more sensitive 
pay once san (2) than the oa results indicate. 7 The smallest plastic strain which can be 
us by the tapered bar technique used in this paper is approximately 1000 microinches 
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Fig. 12—Transformation of Retained Austenite in Hardened Steel During 


Tension Test. AISI 2340 steel, austenitized at 1500°F, oil-quenched, tempered as 
shown. 


formation in the former is completed at a lower stress level because 
of the earlier introduction of the extra nuclei. 

The strain energy required for mechanical transformation (cal- 
culated from the area under the stress-strain curve) is plotted in 
Fig. 12 as a function of the extent of transformation. The untem- 
pered austenite requires considerably less strain energy to complete 
the transformation than does the tempered austenite. The corre- 
sponding energy values are given in Table II. The initial rate at 
which strain energy is expended for each per cent of transformation 
(which is inversely proportional to the initial slope in Fig. 12) is 
also listed in Table II. It is significant that this energy per unit 
of austenite converted rises markedly as the tempering temperature 
increases. Evidently, the relaxation that takes place during temper- 
ing renders it more difficult to sustain the mechanical transformation. 
This would certainly be expected if strain centers in the austenite 
provide the nuclei for the austenite-martensite reaction (5). 


CONCLUSIONS 


1. Using hardened AISI 2340 steel which contains about 6% 
austenite after tempering in the range of 70 to 400°F (20 to 205 
°C), it is found that all the retained austenite is converted at the 
fracture of notch-bar slow-bend and Charpy impact specimens. 
Partial transformation is detected at considerable distances from the 
fracture in both the as-hardened and tempered conditions. 

2. Using tapered tensile bars for more quantitative measure- 
ments of stress and strain, it is found that the retained austenite 
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transformation starts with the onset of plastic flow and proceeds to 
completion before necking sets in. 

3. Tempering tends to stabilize the retained austenite with re- 
spect to the stress-induced transformation, and increases the amount 
of plastic strain necessary to achieve a given fraction of the trans- 
formation. This phenomenon is attributed to the relaxation of strain 
embryos in the austenite during the tempering. 

4. When plotted against the applied tensile stress, the initial 
transformation proceeds more readily in the as-hardened steel than 
in the tempered steel, but the curves cross and complete transfor- 
mation, is attained at a lower stress level in the tempered case than 
in the as-hardened case. The significance of these relationships is 
discussed. 

5. The strain energy expended in producing the mechanical 
transformation of the retained austenite is appreciably increased by 
tempering. 
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DISCUSSION 


Written Discussion: By Samuel J. Rosenberg, metallurgist, National 
Bureau of Standards, Washington, D. C. 

A study of the data presented in this paper shows ample corroborative 
evidence of the well-known fact that cold working causes the decomposition 
of some austenites, but also reveals two facts which give rise to two 
questions. 

First, it is apparent that samples of the test steel, treated alike, do not 
necessarily have the same amouat of retained austenite. This is evident 
from Fig. 1, in which the untempered sample apparently contained slightly 
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more than 4% of retained austenite, and from Fig. 2, in which the cor- 
responding sample contained about 6% of retained austenite. This is an 
appreciable difference and it would be interesting to know whether the 
authors ascribe this to the difference in size of the specimens used for the 
two types of tests, with corresponding differences in cooling rates, or 
whether such a variation in retained austenite may normally be expected 
in various samples of their test steel. 

Second, it is surprising to note that the amount of retained austenite 
increases as the steels are tempered. This is apparent from the data shown 
in Figs. 5 to 9, inclusive. The values actually given are as follows: 


Tempering Temperature Retained Austenite 
as-quenched 5% 
200 °F 5 
300 6 
400 6.5 


It is all the more surprising, in view of the data given by Castleman, 
Averbach and Cohen,‘ in which it is shown that tempering at 400 °F (205 °C) 
or below does not alter the amount of austenite appreciably. Since all the 
samples used for these tests were alike (the tapered test bar shown in 
Fig. 3), the variable of specimen size is eliminated. The question which 
naturally follows, then, is this—are these variations in the amount of retained 
austenite a reflection of accidental variations originally present in the 
individual as-quenched samples and is it just a coincidence that the samples 
selected for tempering at 300 and 400°F (150 and 205°C) originally con- 
tained greater amounts of retained austenite? I do not believe that the 
authors intended to convey the idea that low temperature tempering in- 
creases the amount of retained austenite. 


Authors’ Reply 


It was not intended that the retained austenite data should be com- 
pared among the separate samples as a function of the tempering tem- 
perature. The data in Table II were obtained on different specimens which 
were quenched under closely controlled conditions. Even with the best 
control, however, the retained austenite content varied from 5 to 6.5% and 
this must be considered as a normal variation which occurs from specimen 
to specimen. It is unfortunate that the retained austenite appears to increase 
as a function of a tempering temperature in Table II, but this was purely 
accidental, due to the choice of the specimens for the tempering sequence. 
If the retained austenite content of a specific sample is measured as a function 
of the tempering temperature, it is found that tempering at 400°F (205 °C) 
or below does not alter the amount of austenite appreciably. 

Substantial variations in the amount of retained austenite from specimen 
to specimen must be expected. This is a natural consequence of the nature 
of the problem. If, on cooling to a certain temperature, the martensitic 
transformation is 93.5 and 95% complete in duplicate specimens, this is 
certainly good reproducibility, considering that we are dealing with the 
tail-end of a solid-state: reaction. Yet this very situation leads to more than 
a 25% difference in the relative amounts of retained austenite. 


*L. S. Castleman, B, L. Averbach and Morris Cohen, “Effect of Retained Austenite 
Upon Mechanical Properties”, see this volume, page 240. 
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AN INVESTIGATION OF THE QUENCHING 
CHARACTERISTICS OF A SALT BATH 


By M. J. Stnnott anp J. C. SHYNE 


Abstract 


The quenching constant H, used to determine the 
severity of a given quench, has been determined for 
quenching from a high temperature salt bath at 1550 °F 
(845 °C) into low temperature unagitated salt baths be- 
tween 385 and 725°F (195 and 385C). The values of 
H have been found to be comparable to those reported for 
oil quenching with good to violent agitation. 

Variations in the values of H, depending on where 
temperature measurements are taken, are shown to be due 
to the existence of a surface film resistance. The instan- 
taneous value of this surface film heat transfer coefficient 
has been shown to be a function of the temperature dif- 
ference between the metal surface and the temperature 
of the quenching bath (Ts—Tx3). For the test conditions 
investigated, the value of this instantaneous coefficient in 
Btu/Sq.Ft/Hr/°F is given by the following equation: 

hy — 03 ¢e9-0015(Ts-TB) 


OR a number of years there have been numerous articles appear- 
ing in the literature on the mathematical treatment of the heat- 
ing or cooling of metals. To the superficial observer it would appear 
that the problem has been adequately or even exhaustively treated 
and that further work is superfluous. Some years back, however, 
one of the authors on investigating the heat transfer rates to steels 
in a recirculating draw furnace noticed the existence of serious devia- 
tions between published mathematical treatments and actual experi- 
mental data (1).1 More recent work by other authors (2, 3) indi- 
cates that this fact is becoming more generally known and that the 
. mathematical analyses are, for the most part, approximations. 

The error in the mathematical solutions lies not in the methods 
but rather in the boundary conditions assumed, which are, for the 
most part, not those encountered in metallurgical practice. The usual 
assumptions that are made in arriving at a mathematical solution are 
as follows: | 


1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Thirty-third Annual Convention of the Society, 
held in Detroit, October 13 to 19, 1951. Of the authors, M. J. Sinnott is 
associate professor of chemical and metallurgical engineering, University of 
Michigan, and J. C. Shyne is graduate student in metallurgical engineering. 
Manuscript received March 28, 1951, 


758 


















































1952 SALT BATHS 

a. The values of the physical properties such as the con- 
ductivity, specific heat, and density are constant and independ- 
ent of temperature. 

b. There is no flow of heat across the axes of cylinders or 
planes of symmetry parallel to the faces of plates or blocks. 

c. The body is initially at a uniform temperature. 

d. Newton’s law of heating or cooling applies. This is 
usually stated that the rate of heat absorption or emission is 
proportional to the difference in temperature between the surface 
of the body and its surroundings. 


It is generally recognized that the first of these assumptions is 
in error and usually mean values for these properties over the tem- 
perature range being covered are assumed. It has been shown (2, 3) 
that while this assumption introduces some error into the calculations, 
it does not account for the very large variations that exist between 
theoretical values and actual experimental data. This particular 
assumption can be corrected by expressing the physical properties as 
functions of temperature and introducing them into the calculations, 
but this is an unwieldy technique and the error introduced from this 
source is not large enough to warrant this type of correction. The 
second and third assumptions listed above are valid, but the fourth 
is where the largest error is introduced. 

The mathematical statement of the Newtonian law is given by 
the following: dq/d@=hA (Ts—Txg) where dq/dé@ is the rate of 
heat absorption or emission at the surface, Ty, the temperature of the 
heating or cooling medium, Ts the temperature of the surface of the 
metal, A the area of the metal receiving or giving up heat, and h is 
a constant. It has been shown many times that his law is valid only 
“under certain conditions, the chief restriction being that the tempera- 
ture difference (Ts—Tg) must be small (4, 5). In spite of this 
limitation, several mathematical solutions such as those of Grober 
(6) and Russell (7) have been used for the correlation of data on 
the quenching of metals. In fairness to the men who have presented 
these solutions it should be mentioned that they are aware of the 
fact that the constant of the Newtonian equation is not a true con- 
stant, but in view of the lack of experimental data it was assumed to 
be constant. It is these mathematical solutions that yield values of H, 
the Grossmann severity of quench criterion. The recent work of 
Pumphrey and Jones (2) and Carney and Janulionis (3) have 
emphasized that these Ht values are not as constant as it has generally 
been believed. 

Since it is a well-established fact in steady-state heat transmis- 
sion that the controlling factor in most processes involving transfer 
to or from fluids is the resistance of the films at the metal interfaces 
(8), it seems reasonable to believe that such is the case in the 
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unsteady-state cooling of a metal obtained on quenching. This has 
been pointed out by investigators such as Scott (9). To date, however, 
no one has shown how the value of this film resistance varies during 
quenching, but have in most cases assumed this resistance to be con- 
stant and that the metal resistance was the controlling factor in heat 
transmission on quenching. In order to determine just how large 
this film resistance is and how it varies during the quenching opera- 
tion, the present work was initiated. The data were taken on quench- 
ing into a salt bath for two reasons. The first was in order to obtain 
some idea of the severity of this type of quench, since no data are 
available, and the second reason was that in such quenching the 
existence of a vapor film such as is obtained on water quenching is 
improbable. The existence of such a vapor film would unnecessarily 
complicate the determination of the resistance to heat transfer. 


ExPERIMENTAL METHOD 


The technique used to obtain the necessary data was to quench 
l-inch diameter bars of steel from a temperature of 1550 °F (845 °C) 
into an unagitated salt bath operated at various temperatures from 
385 to 725 °F (195 to 385°C). The surface and center tempera- 
tures of this bar during the quenching operation were recorded on a 
high-speed recorder and from these data and the physical properties 
of the steel, the severity of quench H, and the surface heat transfer 
coefficients, hy, were computed. 


Material Tested 


In order not to complicate the analysis of the test results a steel 
was chosen which did not undergo any thermal arrests over the range 
of temperature investigated. A stainless Type 430 (17% chromium) 
was chosen because of the above property and for the reason that the 
thermal conductivity of this iron is practically independent of tem- 
perature over the range of temperatures of this work (10). Although 
this material does not undergo a phase change on quenching, the 
material does have a Curie temperature and this energy change is 
reflected in the instantaneous specific heat which undergoes a maxi- 
mum at a temperature of 1325 °F (720°C) (11) and must be taken 
into account in determining the enthalpy change with changing tem- 
peratures. The material supplied was in the form of hot-rolled 1-inch 
diameter bars. 


Salt Baths 


A high temperature salt bath was used to heat the test pieces 
to the quenching temperature of 1550 °F (845 °C) in order to obtain 
uniformity of heating, although it is realized that the drag-out from 
this bath might conceivably affect the magnitude of the film resist- 
ance. This was kept to a minimum, due to the high fluidity of this 
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bath, and at no time was there any evidence of salting on the test 
piece on immersion into the low temperature bath. This high tem- 
perature bath was an electrically heated, 12-inch I.D., 18-inch deep 
unit equipped with an agitator to insure uniformity of heating. The 
salt used in the pot was of a neutral composition consisting principally 
of chlorides of barium, potassium, and sodium. It had a melting point 
of 1020 °F (550 °C) and a working range of 1100 to 1700 °F (595 
to 925 °C)... 

The low temperature quenching bath was an electrically heated 
unit 8 inches I.D. and 12 inches deep. A low temperature drawing 
salt of the KNOs3-NaNOz type with a melting point of 275 °F 
(135 °C) and:a working temperature of 300 to 1100°F (150 to 
595 °C) was used. 


Test Method 


Test specimens were made up of 6-inch lengths of the 1-inch 
rounds of Type 430 steel. The steels were used in the as-rolled 
condition, i.e., mill scale was left intact. This length was chosen in 
order to eliminate end effects. A hole 0.087 inch in diameter and 
3 inches in length was drilled from one end of the specimen and then 
countersunk and tapped for %4-28 threads to a depth of % inch. Into 
this tapped hole was screwed a 7-inch length of %4-inch stainless steel 
high pressure tubing which had been drilled to accommodate thermo- 
couple spaghetti tubing 0.086 inch in diameter. A chromel-alumel 
thermocouple, 28 gage, was threaded into the spaghetti tubing and 
inserted into the stainless tubing and down into the center of the 
test piece. This arrangement proved to be salt-tight and permitted 
the accurate’ measurement of the center temperatures. Various tech- 
niques such as the insertion of a tin or silver slug or the percussion 
welding of the thermocouple to the bottom of the hole proved to be 
unnecessary if a good force fit of the thermocouple into the tapered 
bottom of the well is obtained. 

Surface temperatures were obtained by two methods both of 
which yielded the same results. The method most commonly used 
was to drill two holes % inch apart, 0.025 inch in diameter, at the 
midpoint of the surface of the specimen, to a depth of #4, inch. Into 
these holes were peened at the surface a chromel and an alumel wire. 
This technique essentially gives. the average surface temperature at 
two points: the chromel-iron junction and the alumel-iron junction. 
An alternate method used was the drilling of a hole 7 inch deep 
and 3; inch in diameter into the surface at the midpoint of the speci- 
men into which was inserted a chromel-alumel bead which was peened 
into place. In both cases the bare thermocouple wires were sepa- 
rated from one another and brought out directly into the bath and 
to the recorder. - ) 

The temperature recorder was a TAG Celectray 2-second 
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recording potentiometer which was fitted with a double-throw, 
double-pole switch so that during the quenching operation the center 
and surface temperatures would be recorded on the same chart. The 
accuracy of this unit was +5°F and the speed of response was 
ample for the quenching operation that was carried out. 

In making a test, the specimen, equipped with thermocouples, 
was suspended vertically in the high temperature salt bath and 
allowed to come to a uniform temperature throughout. This tem- 
perature varied somewhat during the test program but generally was 
in the range of 1550 +15°F. The low temperature bath, maintained 
at a fixed test temperature, was adjacent to the high temperature 
bath and in a matter of 1 or 2 seconds the specimen was removed 
from the high temperature bath and quenched vertically into the 
center of the low temperature bath being held in place by a fixture. 
On quenching, the recorder was alternately switched every 10 sec- 
onds from the center to the surface thermocouple, and from the 
temperature traces on the chart the center and surface temperature 
versus time plots were drawn. Duplicate tests, carried out over 
widely different time periods, indicated a surprisingly good repro- 
ducibility for any given test condition. Even the data taken during 
the first 5 seconds of the quench when there is the greatest uncer- 
tainty, due to the rapidly changing temperature, is reproducible to a 
high degree. 


ANALYSIS OF DATA 


The method for arriving at a value for H, the severity of quench, 
has been outlined in various papers and texts. In analyzing the data 
taken in this work, the tabulated solutions given by Russell (6) were 
used. In order to use these tables, a value must be assigned to a’, 
the thermal diffusivity of the steel which is equal numerically to 
K/C, p, where K is the thermal conductivity, C, the specific heat, 
and p the density. The value of K for Type 430 steel is constant 
over the range of temperatures covered in this work at a value of 
0.062 cal/sq.cm/sec/°C/cem. The density is 0.278 Ibs/in*, while the 
C, is a variable ranging from 0.113 to 0.216 Btu/lb/°F over the 
temperature range from room temperature to 1325°F (720°C), 
after which it falls to a value of 0.160 at a temperature of 1600 °F 
(870°C). In order to arrive at a mean diffusivity, a mean specific 
heat from 1550°F (845 °C) to the low temperature quenching bath 
temperature was computed, and from these data a mean diffusivity 
from 1550°F (845°C) to the quenching temperatures used was 
computed. These values ranged from 0.0070 to 0.0075 in?/sec. 

The Grossmann H values as computed from the Russell tables, . 
using the center and surface cooling curves, and various unaccom- 
plished temperature increments, U, are given in Table I and are 
plotted versus the low temperature quenching bath temperature in 
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Fig. 1—Effect of Quenching Temperature and Unattained Temperature Incre- 
ment on Severity of Quench. 


Fig. 1. The unaccomplished temperature increment U is numerically 
equal to (Ts—Tg) or (Tco—Tp) divided by (Ty-—Tx), where Ts 
is the surface temperature, Tc the center temperature, Tg the low 
temperature bath temperature, and Ty the high temperature bath 
temperature. Values of U of 0.25, 0.50, and 0.75 were used to 
compute H for the center, while values of 0.25 and 0.50 were used 
for the surface, since values of 0.75 were too uncertairf, due to the 
rapid change in surface temperature occurring at this time. 

These data of Table I are of interest for several reasons. They 
show that the usual H values, those based on center cooling, U = 


Table I 
“Grossmann H” Severity of Quench Data 
High Temperature Bath, 1550°F (845 °C) 


Quench Bath -—H (1/in) for Center Cooling—, H for Surface Cooling 
Temperature, Ts,°F U = 0.25 U = 0.50 Us 6.75 U = 0.25 U =0.50 

385 0.46 0.60 0.70 0.63 1.23 

390 0.45 0.60 0.73 0.65 1.23 

450 0.48 0.67 0.74 0.65 1.30 

515 0.45 0.57 0.61 0.64 1.00 

560 0.41 0.52 0.53 0.57 0.87 

660 0.43 0.53 0.58 0.58 0.90 

725 . 0.78 
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0.5, are equivalent to values obtained on oil quenching with good to 
violent agitation, even though no agitation was used in the quenching 
salt. The data also show that in general the severity of quench as 
measured by H tends to decrease slightly as the quenchant temper- 
ature is raised. Like the data of Carney and Janulionis (3) they 
also show a variation in H with position in the bar for the same 
quench. A much higher value of H is obtained for surface cooling 
than for center cooling. It also appears that higher values of H are 
obtained for the larger values of U. 


Determination of Film Coefficients 


Assuming that the heat transfer to the test piece is through a 
film existing between the salt bath and the piece, the Newton law 
of heating or cooling can be utilized to determine the magnitude of 
this film resistance. Since, however, this is unsteady-state heat 
transfer, it follows that the properties of the film are not constant but 
change as the surface temperature changes. If this is the case, then 
the Newtonian law is only applicable over limited temperature ranges 
on cooling, since the film coefficient is dependent upon the density, 
viscosity, thermal conductivity, specific heat, and degree of motion 
of the bath and in addition is a function of some parameter that 
would describe the surface of the metal. Since all of these properties 
are temperature-dependent, then it naturally follows that the film 
coefficient is also temperature-dependent and in an unsteady-state 
process it will change as the temperature falls with time. 

Writing the Newton equation in the form dq/d@=h;A(Ts—Ts) 
where dq/dé@ is the rate of heat transfer, A the area in square feet, 
Ts and Tx, are the surface and quenching bath temperatures respec- 
tively and hy is the surface heat transfer coefficient or the conduct- 
ance in Btu/sq.ft/hr/°F, it can be seen that sufficient data are at 
hand to enable the calculation of the values of he for various time 
periods durfhg the operation. Since the surface and center temper- 
atures of the test piece are known, an average temperature of the 
piece can be determined by assuming a linear variation from surface 
to center. Under conditions of constant heating or cooling, this 
distribution is actually parabolic, but this condition is not attained 
in a quenching operation, so a linear distribution has been utilized 
to give an average temperature. Knowing the weight of the piece, 
its mean specific heat from the quenching temperature to the average 
temperature, the enthalpy change can be readily obtained from the 
relationship q = W C,(Tx-— Tw), where q is in Btu, W is the weight 
of the piece, C, the specific heat, and (T;-— Ty) is the temperature 
difference between the high temperature bath and the piece. The 
enthalpy change over any given time interval can then be computed 
and q as a function of @ can be obtained. The plot of q versus 6 
can then be used to obtain values~of dq/d@ which can be substituted 
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Table Il 
Determination of Instantaneous Film Coefficients 
Weight of Test Piece = 1.38 lbs. 
Area of Test Piece = 0.131 sq.ft. 
High Temperature Bath = 1550 °F 
Low Temperature Bath = 560 °F 





Time Surface Center Mean s Btu Per Lb. 
Secs. Temperature Temperature Temperature Mean Specific From 1550 °F 
6 Ts To Tm Heat, C, q 
25 1220 1545 1383 0.165 27.6 
5.0 1165 1500 1333 0.171 37.0 
7.5 1130 1450 1290 0.178 46.1 
10.0 1085 1405 1245 0.182 55.6 
12.5 1060 1350 1205 0.185 63.8 
15.0 1025 1300 1163 0.186 72.1 
17.5 1000 1260 1130 0.187 78.6 
20.0 970 1220 1095 0.187 85.2 
25.0 940 1145 1043 0.187 95.8 
30.0 905 1085 995 0.186 103.5 
40.0 840 995 918 0.184 116.8 
50.0 785 920 853 0.182 126.3 
60.0 740 855 798 0.180 136.0 
80.0 685 770 728 0.178 146.5 
100.0 640 715 678 0.176 153.8 
120.0 610 690 650 0.175 157.8 
‘wens 560 560 560 0.171 170.0 
Time 

Secs Ts (Ts — Ts) dq/dé he 

5 1165 605 4.51 248 

12 1065 505 3.21 211 

21 965 405 2.28 187 

35.5 865 305 1.24 135 

54.5 765 205 0.80 130 

87.0 665 105 0.368 116 


into the Newton equation to obtain what are essentially instantaneous 
values of hy, the film coefficient. 

The results of the above calculations for the test piece quenched 
from 1550°F (845°C) into a bath at 560°F (295°C) are pre- 
sented in Table II. 

Similar calculations were made on the data obtained on quench- 
ing from 1550°F (845°C) to temperatures of 385, 390, 450, 515, 
660, and 725°F. The values of the instantaneous film coefficient, 
he, determined in each test are plotted in Fig. 2 as a function of 
(Ts—Txg), the temperature difference between the surface temper- 
ature and the quenching bath temperature. It can be seen that the 
film coefficient is not constant during the quenching process but is 
quite high at the start of the operation and falls off as heat is given 
up to the bath. As mentioned previously, this decrease is not just 
dependent upon temperature difference directly but is a function of 
the properties of the film which in turn are affected by temperature. 
Within the limits of experimental error it can be seen that the 
temperature of the quenching medium does not determine the film co- 
efficient but only the temperature difference. From the plot of Fig. 2 
the following relationship can be obtained: he = 93e%-0015(Ts-Ts) 
where hs, the instantaneous film coefficient, is in Btu/sq.ft/hr/°F, 


Ts is the surface temperature and Tg, the temperature of the 
quenching bath. 
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Fig. 2—Plet of Instantaneous Heat Transfer Coefficient as a Function of the 
Temperature Difference Between the Surface and the Quenching Bath. 


Comparison of Computed Cooling Rates 


Having determined that the film coefficient is the controlling 
factor governing heat transfer in quenching a small section size, it 
is of interest to see how these data can be used to determine the 
time for a piece to attain a particular temperature on quenching. 
In order to do this the Newton law of cooling will be used, but 
instead of assuming a constant value for h in the equation q/@ = 
hA(Tsg—Tsg), the instantaneous film coefficient h; will be used or 
dq/dé = hrA(Tg — Tg) = 93e%-015(Ts-Ts) A(Tgs—Tg). Witha fixed 
quenching bath temperature Tz, various surface temperatures Ts can 
be assumed and the rates of heat transfer obtained. For dq the 
expression WC,dT can be substituted, where W is the weight of 
the piece, C, the specific heat, and dT the temperature interval 
through which the piece falls in the time interval dé. The value to 
be assigned to dT is where the chief error enters into this calculation, 
since it is assumed that this valye is the difference in surface tem- 
peratures in the time interval dé. This is not true, since the surface 


o- 
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Table Ill 
Calculated Cooling Curve Data 
Initial Quenching Temperature, Tr = 1550 °F 
Quenching Bath Temperature, Ts = 560 °F 
Weight of Test Piece = 1.38 Ibs. 
Area of Test Piece = 0.131 sq.ft. 
q = WC, (Ts: — Tse) 


Surface Temperature he, Btu/sq.ft/hr/°F q/6, Btu/sec. 6 Cum. @ 
(Assumed Values), Ts 930.0015 (Ts - Tp) hrA (Ts — Ts) Secs. Secs. 
1450 360 11.8 1.9 1.9 
1356 325 9.45 2.55 4.45 
1250 280 7.14 4.03 8.48 
1150 240 5.24 5.29 13.77 
1050 208 3.79 6.85 20.62 
950 178 2.59 9.27 29.89 
850 153 1.67 13.8 34.7 
750 132 0.96 21.8 65.5 
650 112 0.41 49.0 114.5 
600 103 0.19 48.0 162.5 
1600 
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Fig. 3—Comparison of Actual Cooling Rates With Computed Rates. 


and center temperatures are not the same and are not changing at 
the same rate. <A better term, if available, would be the difference 
in the mean surface and center temperatures at times 6, and 62. In 
spite of this assumption, however, it will be seen that the effect of 
this error is to yield a time-temperature curve which gives some 
intermediate temperature for the piece rather than a true surface, 
center or mean. 


The data of Table III show how the above calculations can be 
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carried out to determine the cooling curve marked in Fig. 3 as 
“computed mean”. Note that when compared with the experimental 
curves for the surface and center temperatures this is approximately 
what this calculation yields. For comparative purposes the center 
and surface cooling curves as computed from the Russell tables 
utilizing the values of H, as determined experimentally for the sur- 
face and center respectively, have been plotted in Fig. 3. It will be 
noted that except at the beginning of the cooling the curves deviate 
rather badly from actual conditions and do not represent the true 
data any more accurately than the proposed method which at least 
has the advantage that no complex tabular data, cross plots and 
interpolations have to be made to obtain the cooling curve. The 
situation for the use of the Russell tables has actually been pre- 
sented in its best lights in that surface temperature computations 
have been based on the surface H. If the value which is more 
commonly used, the one-half time center cooling value, the data 
would not look as presentable as they do. 


SUMMARY 


Quenching from 1550 °F (845 °C) from a neutral chloride salt 
bath into an unagitated nitrate-nitrite salt bath at temperatures from 
385 to 725 °F (195 to 385°C) has been shown to have a severity 
of quench equal to that obtained in a good to violently agitated oil 
bath. 

The assumption that the film coefficient of transfer is constant 
during quenching has been shown to be erroneous and the value of 
the film coefficient has been expressed as a function of the difference 
in temperature between the metal surface and the quenching baths. 

A simplified method for computing the mean cooling curve for 
a piece quenched into the salt bath described has been presented. 
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DISCUSSION 


Written Discussion: By F. R. Morral, X-Ray Diffraction Department, 
Kaiser Aluminum & Chemical Corp., Spokane, Wash. 

This paper is a welcome addition to the literature of salt quenching. 
The severity of salt quenching has been studied by several workers in 
various countries during the last 20 years* but only a few authors have 
attempted to give actual H values to salt baths. Hollomon and Jaffe* 
have calculated the H value of a salt bath at 1400°F (760°C) to the 
values given in the tabulation below: 


“H” Value Equivalents 


Salt Bath H Equivalent (in.~*) 
No agitation Still oil (H—0.30) 
Violent agitation { Still water (H—1.0) 


The authors’ values fall well within these. The effect of the condition 
of the quench bath is often neglected, and ways of raising or lowering the 
efficiency of the bath can be deduced from White’s‘ paper. 

The authors refer on page 761 to the ternary eutectic salt mixture 
53% KNOs, 40% NaNO:, 7% NaNOs (Footnote 4). 

In summary, it seems as if there is still plenty of room to use some 
imagination and investigate methods for determining the H values of com- 
mercial salt quenching baths. 

Written Discussion: By Paul L. Jackson, Metallurgy Department, 
Scientific Laboratory, Ford Motor Co., Dearborn, Mich. 

The authors have made a valuable contribution to the available 
knowledge concerning quenching. 

The values of the quenching constant H obtained at the various tem- 
peratures should serve to establish that salt is at least equivalent to oil as 
a quenching medium. In this connection, it should be noted that an 
increase of quenching severity with increased agitation has been observed 
in industrial operations involving salt quenching. 

It is of particular interest that, at least under the conditions of this 
investigation, the film coefficient was shown to vary with temperature 

2F, R. Morral, “Quenching Steel in Molten Media”, Steel, June 21, 1948, p. 92. 

8Metallurgical Design, 1947, p. 176. 


4A. M. White, “Variations in the Quenching Power of Salt Baths’, Metat Procress, 
December 1949, p. 819. r 
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according to a simple logarithmic relationship. This relationship has been 
shown to depend on the temperature difference between the surface of 
the piece and the quenching bath, (Ts— Ts) °F. 

The unaccomplished temperature increment U (7) is equal to (Ts— Ts) 
divided by (Tr—Ts). Since (Tr—Ts) may be considered a constant, it is 
evident that the film coefficient may be expressed as a function of the 
unaccomplished temperature. Also, Russell’s “h” is equal to the film 
coefficient divided by the thermal conductivity. If the thermal conduc- 
tivity is approximately constant, “h” may, therefore, be expressed in 
terms of the unaccomplished temperature. 

It is hoped that in future work the authors will extend their present 
investigation to include the effects of agitation and section size, and 
thereby provide a tool for introducing a variable film coefficient into the 
mathematical treatment of heat transfer during quenching. 

Written Discussion: By O. D. Mehrkam, metallurgist, Ajax Electric 
Co., Inc., Philadelphia. 

The authors are to be congratulated upon the presentation of this 
paper which brings us that much nearer to a true understanding of the 
mechanism of quenching into molten salts. 

The authors’ data corroborate our findings of the quenching power of 
molten salts under the conditions reported. Although the authors had a 
valid reason for using a still bath in their investigation, it would be well 
to point out that considerably higher H values can be obtained by a prop- 
erly agitated salt bath. As an instance of the increased quenching power 
of agitated salt, a 1-inch diameter stainless steel specimen quenched from 
1550 to 560 °F (845 to 295°C) reached a temperature of 1300°F (705 °C) 
in 9 seconds, and 1000 °F (540°C) in 16 seconds, as measured at the cen- 
ter. This compares with 15 seconds and 40 seconds respectively as read 
from the plot for the “true center” in Fig. 3 as quenched into a still bath. 
The corresponding increase in the slope of the curve naturally would 
yield a higher H value for the agitated quench. This data serve to illus- 
trate that a salt quench is a more effective heat treating procedure than 
implied by this paper. 

Peter’ has shown that the higher rates of heat extraction occur in 
quenchants which absorb heat by conduction and convection at higher 
temperatures than are obtained in quenchants that cool by evaporation 
during the initial quenching period. This fact, in addition to the authors’ 
conclusion that a molten salt, even though unagitated, has a severity of 
quench equal to that of violently agitated oil, makes clear the reason for 
the success of salt bath quenching as applied to steels formerly thought 
to require oil quenching for proper hardening. 

In martempering and austempering in production, it is common prac- 
tice to austenitize in chloride salts and to quench in a nitrate-nitrite mix- 
ture. In production, the chloride salt carried into the nitrate-nitrite 
mixture by the work and the fixtures contaminates the quench bath and 
reduces its quenching power. The chloride salt content must be kept 
to a point below the saturation point of the nitrate-nitrite salt if success- 
ful and consistent results are to be expected. This is accomplished with 


SWalter Peter, ‘““The Influence of-Surface Conditions of Metals on the Cooling Rates 
in Liquid Quenchants”, Archiv fiir das Eisenhiittenwesen, Vol. 21, Nov.-Dec., 1950. 
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well-designed quenching furnaces equipped with a filter device for remov- 
ing the chloride salt from the nitrate-nitrite mixture. This filter con- 
tinuously removes the contaminants and returns the clarified salt to the 
quench chamber. In this same connection, the salt used for austenitizing 
should not contain barium chloride, as barium salts are not very soluble 
in the nitrate-nitrite mixture and cause some difficulty in their removal. 
Sodium chloride and potassium chloride in the proportion of 1 to 1 has a 
viscosity low enough to be ideal for use within the normal austenitizing 
range and the mixture has a farily high solubility in the nitrate-nitrite 
salts. The binary salt is lower in price, weighs less and for the above 
reasons would be more advisable. 

Written Discussion: By L. T. Wright, Engineering Research Depart- 
ment, Standard Oil Company (Indiana), Chicago. 

The authors are to be congratulated for presenting another step 
toward a better understanding of the heat transfer processes involved in 
quenching. In particular, their decision to simplify the present study by 
a careful selection of the steel for desirable thermal properties and the 
selection of a salt bath quench with the elimination of vapor formation 
problems are noteworthy. 

The authors have correctly pointed out that, among the usual assump- 
tions involved in theoretical analyses of quenching, the assumed con- 
stancy of the quantity “h” in Newton’s law of cooling leads to the greatest 
deviations from actual results. Actually the equation should be written 
with “h” a proportionality function, h(Ts, Ts, Surface Condition, Bath 
Motion). The major difficulties here are that the actual form of the func- 
tion is unknown and that, even if the form were known, the succeeding 
mathematical derivation of temperatures within a cylinder would be im- 
possible of reduction to a form for easy calculation. If these problems 
are overcome, then the question of variable thermal properties of the 
steel will become important. 

The writer would disagree with some of the authors’ statements 
regarding the controlling resistance concept for the film. While this con- 
cept is useful in steady-state heat transfer problems, it is not shown 
directly in the paper that it is applicable to the transient problem. It is 
well known that even an infinitely powerful quench (surface temperature 
instantaneously reduced to the quenching bath temperature) would not 
result in instant cooling of the center of the bar. 

Another instance of disagreement between the writer’s and authors’ 
views is related to the calculation and correlation of film coefficient values 
in the paper. The form of correlating equation for “h” in the paper does 
not agree with the usually used empirical equations for convection film 
coefficients. The authors’ form of equation is h = Ae®‘'s-*®’, whereas the 
usual form is h = A‘?s-7®*®, This difference alone would not be sufficient 
except to raise a question as to the origin of the difference. The writer 
believes that the difference arises in the incorrect choice of the mean 
temperature in the calculations. Two things must be recognized: 

1. As the authors correctly point out, the temperature gradient is 


not linear and the nonlinearity is most pronounced in the early 
part of the quench. 
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2. The average temperature to be used in enthalpy calculations must 
take into account the greater volume of metal in the outer part of 
the round bar. Thus, even with a linear temperature gradient, the 
mean temperature for enthalpy calculations is not the average of 
surface and center temperatures, but rather something less than 
this average. 

These two facts lead to the conclusion that the film coefficient values 
are too high for the early part of the quench and too low for the latter 
part. No completely satisfactory method is available at present to show 
the magnitude of the difference involved, but the writer believes that the 
difference is important. 

Written Discussion: By D. J. Carney, chief development metallurgist, 
United States Steel Company, South Works, Chicago. 

Messrs. Sinnott and Shyne are to be congratulated for presenting the 
results of a careful study on the quenching characteristics of salt baths. 
It is gratifying that the above authors obtained results of a similar nature 
to those obtained at the South Works of the United States Steel Com- 
pany® for oil and water quenching. 

While ample reference to the previously published South Works data 
was given by Messrs. Sinnott and Shyne, some slight exception may be 
taken to their statement that no one has shown that the film coefficient 
varied during the quench. It was mentioned specifically in the South 
Works paper that the variations of H observed were caused largely by 
the variations of the film coefficient. However, a determination of a 
numerical value for the film coefficient was not given. 

Since this publication last year, considerable more work on quenching 
various grades of steel in oil and water has been done at South Works. 
It is hoped to publish these data in the.near future. One of the grades 
of steel studied has been the Type 430 (17% chromium) which was used 
by the above authors. A comparison of the salt bath data with those 
obtained at South Works for oil and water quenches reveals certain facts. 

First, the salt bath data are similar to the data obtained for oil and 
water quenches in that the H value, as normally calculated, increases as 
one approaches the surface of a single quenched round. This, of course, 
is because of the decrease in the surface film coefficient with a decrease 
in surface temperature. 

Second, the salt bath data are different from the oil and water quench- 
ing data in that, at any given position, the H value decreases continuously 
with decreasing temperature in the salt bath, whereas it increases, then 
decreases with decreasing temperature for the oil and water quenches. 
Again, this is because of changes in the film coefficient and clearly illus- 
trates the effect of the stages of quenching in oil and water where vapor 
blankets and films may form as compared to the salt bath v— a vapor 
blanket apparently does not form. 4 

Calculations of film coefficients for l-inch rounds of 17% chromium 
steel quenched in water are presented in Table IV for comparison with 
the salt bath data. These calculations were made in a manner similar to 
that described by Sinnott and Shyne. It should be pointed out that these 


*D. J. Carney and A. D. Janulionis, “An Examination of the ene Constant, H”’ 
Transactions, American Society for Metals, Vol. 43, 1950, p. 480 
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authors used a linear relationship between the surface and center to ob- 
tain the average temperature of the test piece. Data obtained at South 
Works show definitely that this assumption is far in error for oil and 
water quenches. The assumption is probably not too good for a salt bath 
quench but is probably not as far in error as it is for water and oil. 
Average temperatures used in the calculations for Table IV were made 
on the basis of subsurface and center thermocouple readings. It is appar- 
ent that the specific heat values used by Sinnott and Shyne were taken 
from the ASM Merarts HaAnpsook and are those listed for a 12% chro- 
mium steel. They are, however, probably quite close to those of a 17% 
chromium steel. 

Since assumptions or approximations are necessary in the calculation 
of a numerical value of the film coefficient, the values obtained are not 
particularly useful except for comparative purposes. In the latter cases, 
the calculated H values themselves generally are as useful. 





Table IV 
17% Chromium—t-Inch Round—70 °F—H.O Quench 


0.09 Inch From 


Time Surface Center Mean Mean Btu From 
Secs. Temp. Temp. Temp. Specific Heat 1550 °F 
6 Ts To TM Cp q 
0.505 1534 1550 1542 0.162 1.19 
1.01 1418 1550 1484 0.163 9.9 
2.02 1066 1550 1308 0.176 39.2 
5.05 711 1406 1058.5 0.185 84.5 
7.58 555 1141 853 0.182 118 
10.10 448 853 650.5 0.175 144.8 
12.63 389 627 508 0.170 163 
15.15 344 479 411.5 0.166 173 
20.20 260 283 271.5 0.161 189 
25.25 192 198 195 0.158 197 
Time Ts he 
Secs. 0.09 Inch From Ts Ts-Ts Ts-Ts 0.09 Inch From he 
0 Surface Surface (1) (2) dq/dé Surface Surface 
0.505 1534 560 1464 490 8 225.5 681 
1.01 1418 380 1348 310 20 613 2660 
2.02 1066 310 996 240 22 900 3800 
5.05 711 250 641 180 14 910 3220 
10.1 448 220 378 150 10 1060 2760 
15.15 344 210 274 140 4 604 1170 
20.2 260 200 190 130 2 435 635 
25.25 192 190 122 120 5 170 173 


Authors’ Reply 


The authors would like to thank those who have so kindly contrib- 
uted to the discussion of this paper. 

In regard to Mr. Morral’s comments on the quenching bath composi- 
tion, it is possible that the ternary mixture was used. A commercial bath 
of the stated properties was used and no chemical analysis was made. 
Generally speaking, we were unable to detect any change in the efficiency 
of the quenching bath over the period during which these tests were made. 

Mr. Jackson correctly points out that, since the correlation indicates 
a relationship between the film coefficient and (Ts—Ts), there is a possi- 
bility of inter-relating the film coefficient with the unaccomplished tem- 
perature increment U. This type of tie-in was deliberately avoided, since 
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the film coefficient is not merely a function of the temperature difference 
but of several variables which in turn are temperature-dependent. Each 
of these variables should be investigated before an attempt is made to 
incorporate the results into the usual mathematical forms. 

The comments of Mr. Mehrkam are of considerable interest. The 
authors neglected to state why an unagitated quench bath was used in 
this work. The chief reason was that we could not arrive at a suitable 
criterion for describing degree of agitation, so it was simply omitted. 
Tests were made using what might be termed mild agitation, and the H 
values obtained were measurably higher. 

Mr. Wright’s comments are greatly appreciated and the points he 
has raised have been given considerable thought by the authors. We 
cannot agree that the film-controlling resistance concept is not applicable 
to an unsteady-state operation. The very concept of a quench having 
a severity H presupposes the existence of such a film. Mathematically, 
H is equal to h/2K. The usual solutions assume that H is constant but 
it is our contention that this is only true under steady-state conditions. 
Admittedly, there are conditions under which the film is not the control- 
ling resistance, but the present case is not one of these, since the value 
of H varies and the value of K was deliberately made independent of 
temperature by the choice of the steel. Still further proof of the validity 
of the film concept, although data are not specifically presented in this 
paper, is the fact that agitation increases the rate of heat transfer. The 
fact that the center of a bar does not cool instantly in a perfect quench 
merely indicates that the controlling resistance under such conditions 
is the heat flow through the metal and not through the film. 

As to the form of the equation developed, it is of course empirical, 
but there is no particular reason why it should assume the form of pre- 
viously developed empirical equations. The form more commonly used 
was tried but did not give as good a correlation of the data. It was reai- 
ized that the mean temperature is not the average of the surface and 
the center temperatures and that the surface layers of the bar have a 
greater mass than the center sections, but after considerable manipula- 
tions of the data by making various assumptions it was felt that the 
simpler assumption has as much merit as any of the other assumptions. 
There is, of course, no way of computing the temperature variation across 
the bar during the unsteady-state cooling if the H value is not constant. 

Dr. Carney’s comments are most welcome, as the authors had in- 
tended continuing the work to investigate the film coefficients obtained 
on oil and water quenching. The results he presents show how badly 
the actual quenching mechanism can be masked by simply assigning a 
value to the quenching constant H. It is also of interest to note that 
the values of the instantaneous film coefficients he reports are of the 


same order of magnitude as those reported as heat transfer coefficients 
for boiling of water. 


LIMITATIONS OF THE END-QUENCH 
HARDENABILITY TEST 


By A. R. Trorano anv L. J. KLINGLER 


Abstract 


Three steels of comparable hardenability, SAE 2240, 
1340, and 5140, were end-quenched in bars less than the 
standard 1-inch diameter. The subsize bar of SAE 2340 
exhibited substantially greater hardenability than indicated 
by the standard end-quench test, while no change in hard- 
enability for SAE 5140 was obtained under the same con- 
ditions. After controlled slack quenching, the notch im- 
pact strength of SAE 5140 exhibited substantial deterio- 
ration, while the loss of impact strength for SAE 2340 
was slight under the same conditions. 

From a consideration of transformation characteris- 
tics, cooling curves and thew relationship to quenched ob- 
jects, as well as the notch properties of slack-quenched 
specimens, it is concluded that the end-quench harden- 
ability test does not always rate steels accurately with re- 
spect to their true hardenability or ability to be hardened 
im various section sizes. In addition, it appears that the 
discrepancies in correlating end-quench curves with vari- 
ous quenched sections of the same or different steels may 
reflect substantial variations in properties and eventual 
performance. 


INTRODUCTION 


EVERAL years ago one of the authors (1)? presented an investi- 

gation of the transformation characteristics of three steels of 
comparable hardenability. These steels were of the type SAE 2340, 
5140, and 1340 (Fig. 1). The transformation diagrams were deter- 
mined and the structures along the end-quenched hardenability bar 
of each steel were investigated. 

Briefly, it was found thatthe amount of retained austenite in- 
creased to a maximum away from the quenched end of the harden- 
ability bar for all three steels; but that SAE 2340 retained more 
austenite than SAE 5140 at all corresponding positions and SAE 
1340 somewhat less than SAE 2340. A metallographic examination 
of the same bars indicated that at all corresponding positions, beyond 

1The figures appearing in parentheses pertain to the references appended to this paper. 

A paper presented before the Thirty-third Annual Convention of the Society, 
held in Detroit, October 13 to 19, 1951. Of the authors, A. R. Troiano is pro- 
fessor of physical metallurgy, and L. J. Klingler is senior research associate, 


Case Institute of Technology, Cleveland. Manuscript received May 18, 1951. 
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approximately 3 inch, the austenite in SAE 5140 had transformed 
to end products, other than martensite, to a much greater extent 
than had SAE 2340, with SAE 1340 intermediate in its behavior. 

Thus it was evident that although these steels possessed com- 
parable hardenability curves, the relative proportions and even the 
nature of the structures at corresponding positions may be widely 
different. It was concluded that the end-quenched hardenability test 
may be seriously limited as a tool for comparison of various steels, 
even of comparable hardenability, since variations in microstructure 
may exist which are not evident from hardness data. 

The end-quench test has served a useful purpose and should 
continue to do so under certain restricted conditions. However, 
there definitely exists a growing appreciation of its limitations. The 
results of the test are employed in many different ways, including a 
hardenability control on various heats of the same type steel and also 
as an index for steel selection to obtain a desired hardness distribu- 
tion in quenched objects. The latter is accomplished quantitatively 
through a comparison of cooling rates under various specified con- 
ditions such as half-temperature time, cooling velocity at 1300 °F 
(705 °C), time to cool through a specified temperature range, and 
other similar criteria. These have generally been offered as adequate 
approximations. 

However, there is considerable evidence in the literature that 
this type of correlation may not even be a satisfactory approximation. 
To examine just two of the many pertinent investigations one may 
refer to the work of Manning (2) or that described in the recent 
comprehensive Symposium on the Hardenability of Steel (3). 

The over-all application of the end-quench hardenability test in 
some cases involves not only a correlation between different shaped 
objects and the end-quench hardenability curve for the same steel, 
but also extends to further correlation of the same type with different 
steels of the same or different hardenability as indicated by the end- 
quench test (4). This particular aspect of the problem will be fur- 
ther developed. 


EXPERIMENTAL PROCEDURE AND RESULTS 


In connection with another investigation, occasion arose to end- 

es bars of the three steels of Fig. 1. These bars were 

.980 inch in diameter with the water jet orifice reduced to %4 inch. 
Altother conditions of the test were standard. 

The results shown in Fig. 2 were quite unexpected but definitely 
reproducible. The results were confirmed in several different labo- 
ratories and with different heats of essentially the same steel. 

Note that in the subsize bar the indicated hardenability of SAE 
2340 was increased by as much as 12 points Rockwell C at the 1-inch 
position, while for SAE 5140 ‘there was no difference in the end- 
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[steet| ¢ | mn | si | cr | wi |Quenen gear 
emp. 

| 2340 | 0.40] 0.89|0.31/0.11/3.34] 1500 | 8 

| 5140] 0.41 | 0.90|0.27/ 1.04004] 1575 | 8 | 
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Fig. 1—Jominy End-Quench Test on SAE 5140, 2340, 
and 1340 Steels. 
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Fig. 2—Standard and Subsize Hardenability Tests on 
SAE 2340, 1340, and 5140 Steels. 
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Fig. 3—Cooling Curves (1%-Inch Position) Superimposed on TTT- 
Curve for SAE 2340 Steel. 


quench curves for the different size bars, and the behavior of SAE 
1340 was intermediate to that of SAE 2340 and 5140. 

In an effort to shed further light on this anomalous behavior, a 
series of tests was performed on SAE 2340 and 5140 as follows: 

1. Cooling curves were taken at the 1%-inch position of both 
the subsize and standard hardenability bars (5). 

2. Subsize bars were wrapped in asbestos and end-quenched 
under the same conditions as the unwrapped bars. 

3. The retained austenite and the microstructure of the subsize 
bars were examined in the manner previously reported. (1) for the 
standard bars. 

The standard size hardenability bars of both steels exhibited 
very similar cooling curves, likewise the cooling curves for the sub- 
size bars of the two steels were similar to each other; but the cooling 
time for the subsize bars of both steels was substantially less than 
for the standard pair of bars. As a matter of convenience, the cool- 
ing curves are plotted on the appropriate transformation diagrams 
in Figs. 3 and 4. It is appreciated that correlation between con- 
tinuous cooling and isothermal transformation is very limited. How- 
ever, it is instructive to examine qualitatively the relationship be- 
tween these curves and the transformation diagram. 

The 0.580-inch bar of SAE2340 when end-quenched with asbes- 
tos wrapped about it exhibited a sharp drop in hardness along the 
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Fig. 4—Cooling Curves (1%-Inch Position) Superimposed on TTT- 
Curve a SAE 5140 Steei. 


bar as compared to the unwrapped subsize bar. The end-quench 
curves for the wrapped and unwrapped subsize bars of SAE 5140 
exhibited very little difference in hardness; the wrapped bar ap- 
peared to be slightlly softer. 

No significant difference was found in the amount of retained 
austenite in the subsize bars as compared with that reported for the 
full-size bars for the same steels. 

The results of the metallographic examination of the subsize bars 
compared with those of the standard bars at the 1l-inch position 
appear in Figs. 5 to 8 inclusive. It is evident that there is sub- 
stantially less decomposition of the austenite (to products other than 
martensite) at the l-inch position in the subsize bar of SAE 2340 
than in the standard size bar of SAE 2340. On the other hand, the 
subsize and standard bars of SAE 5140 indicate no essential differ- 
ence in the amount of decomposition of austenite at all corresponding 
positions including the l-inch position as shown in Figs. 7 and 8. 
The previously reported observation (1) that SAE 5140 shows 
greater decomposition of the austenite than SAE 2340 at all positions 


in the end-quenched bar is also supported by the microstructure of 
Figs. 5 to 8 inclusive: 


DISCUSSION 


In reviewing the results of these tests, it becomes apparent that 


’ 
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Fig. 5—SAE 2340 Subsize Bar 1 Inch From Quenched End. Etched in 2% Nital. x 500. 
Fig. 6—SAE 2340 Standard Bar 1 Inch From Quenched End. Etched in 2% Nital. x 500. 
Fig. 7—SAE 5140 Subsize Bar 1 Inch From Quenched End. Etched in 2% Nital. x 500. 
Fig. 8—SAE 5140 Standard Bar 1 Inch From Quenched End. Etched in 2% Nital. x 500. 





the subsize bars of both steels cooled faster than the standard bars, 
and that this increased cooling rate was primarily the result of the 
greater effect of the air cooling component on the subsize bars. This 
increased cooling rate was approximately the same for both steels. 
The retained austenite examination offered no explanation of the 
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anomalous behavior of the subsize bars, since no significant difference 
was found between the amount of retained austenite in the subsize 
and standard bars. However, the microstructure comparison showed 
that SAE 2340 exhibited greater hardenability in the subsize than in 
the standard bar because there is more martensite farther back in the 
subsize bar, and SAE 5140 exhibited no difference in hardenability 
because there was little or no difference in the microstructure at the 
same positions. 

Considering the fact that the cooling curves in the standard end- 
quenched bars of both steels were very similar as were the curves 
for the subsize bars, one must conclude that the two steels do not 
respond correspondingly to equal changes tn cooling conditions, with 
respect to either structure or hardness for the same size object. 

In view of the different transformation characteristics of these 
two steels and the effect of approximately equally displaced cooling 
curves as in Figs. 3 and 4, it becomes apparent that one should not 
expect equivalent changes in the microstructure or hardness corre- 
sponding to equivalent changes in cooling conditions. It is significant 
to note that this is true for steels of comparable hardenability. It 
follows that steels of different hardenabilities may not necessarily be 
expected to respond to different cooling conditions in a manner pro- 
portional to their difference in hardenability. In fact, it is con- 
ceivable that a steel of lower hardenability may actually respond with 
a higher as-quenched hardness throughout much of a quenched object 
than will a steel of higher hardenability as indicated by the standard 
end-quench test. 

The situation discussed above deals with a consideration of 
essentially the same shape? (coincident) cooling curves applied to 
steels of different time-temperature-transformation characteristics. 
This is one of two important aspects of the general problem of inter- 
preting and applying end-quench hardenability curves. The other 
phase of this problem involves the attempted correlation of the hard- 
ness distribution in quenched rounds (or more generally in quenched 
irregularly shaped objects) with the end-quench hardenability curve 
for the same steel. 

This latter situation is precisely the converse of the one dis- 
cussed above. That is, the transformation characteristics are always 
the same (the same steel) ; but the shape of the cooling curves will 
change with different section sizes, destroying correlation, regardless 
of what criterion of equivalence may be employed—as Russell (6) 
demonstrates and so succinctly states, “..... if two bars, either 
round or rectangular, of the same steel, but of different sizes, be 
quenched in the same medium, it is impossible to have any two 
places, one in each bar, which will cool in such a way that the time- 


®*These curves are ideally coincident for the same size object, neglecting such variations 
as may be caused by slightly different austenitizing temperatures, and heat evolutions by 
transformation. It appears obvious that such variations do not invalidate the argument. 
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temperature curves would be exactly the same over the full range 
of quenching temperature, or even over any finite limits of temper- 
ature within the quenching range. This statement applies with even 
more force in two places, one on the side of a Jominy test bar, and 
one inside or on the surface of a bar totally immersed in the quench- 
ing medium.” 

In view of the two aspects of the hardenability problem discussed 
here, it appears that no real correlation can exist between the end- 
quench hardenability curve and the hardness distribution in a 
quenched object, since, for the same steel, different size objects will 
have different shape cooling curves yielding different structures, and 
for different steels, the same size object with approximately the same 
(coincident) cooling curves will also yield different structures. For 
neither of the above situations does equal hardness necessarily reflect 
similar microstructures. At best, any apparent correlation would be 
fortuitous and may be expected only in steels of very low harden- 
ability of the plain carbon steel type. However, in such cases hard- 
enability is of minor concern. 

Attempted correlations which involve the use of the hardenability 
curve and hardness distribution in a prototype quenched object of 
low hardenability steel to predict the hardness distribution of the 
object, when made of a higher hardenability steel are subject, to 
considerable error. Such methods will multiply the errors inherent 
in both aspects of the general problem of hardenability as already 
discussed. 


Notcu Impact TEsts 


It is of interest to examine some of the mechanical properties 
of slack-quenched steels of comparable hardenability of the type dis- 
cussed here. 

One normally expects a deterioration of certain mechanical 
properties, particularly notch properties, after incomplete quenching 
followed by tempering. If a correlation with the end-quench curve 
does exist, it should predict equal deterioration with reduced severity 
of quench in steels with comparable end-quench curves. 

SAE 2340 and 5140 steels were water-quenched and tempered 
and also slack-quenched and tempered. Slack quenching was per- 
formed by rapidly rotating the specimens in an air blast of controlled 
and reproducible pressure, and a constant moisture content, accord- 
ing to the method developed at the General Motors Company (7). 
This method yields a controlled reduced hardness quench with sur- 
prisingly little hardness gradient across the section of 0.577-inch 
rounds. Several slack-quenched specimens of both steels were nickel 
plated prior to heat treatment. These specimens behaved no differ- 
ently from the unplated ones, thus removing as a variable the possible 
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differences in surface condition of these two steels after austenitizing 
in salt.? 

The chromium steel, SAE 5140, was air blast-quenched to obtain 
as-quenched hardnesses of Rockwell C-47 and C-40, then tempered 
to Rockwell C-30, C-35, and C-40. The nickel steel, SAE 2340, was 
slack-quenched in the same manner under precisely the same air 
blast conditions to produce the same reduced severity of quench. 
As expected, in view of the higher true hardenability of SAE 2340 
(than indicated by the-end-quench- hardenability curve), the hardness 
was much higher than for SAE 5140 at equally reduced severity of 
quench. Following this the slack-quenchéd bars of SAE 2340 were 
also tempered to Rockwell C-30, C-35, and C-40. Thus a series of 
specimens was obtained for both steels which had been quenched with 
three degrees of severity (water and air blast), and tempered to 
three different strength levels corresponding to Rockwell C-30, C-35, 
and C-40. 
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Fig. 9—Impact Energy as a Function of Quenching 


Severity for Three Quenched and Tempered Hardness 
Levels. 


Room temperature V-notch Charpy tests were made in triplicate 
and the results are indicated in the bar graph of Fig. 9.4 The as- 
quenched hardnesses and the slack quenching conditions are listed in 
Table I. 

It becomes apparent from Fig: 9 that slack quenching of SAE 
5140 causes a rapid and severe deterioration in impact strength at 
all three hardness levels, while for the same slack quench SAE 2340 
suffers only a slight loss of impact strength.at the same hardness 


_ ®More complete rimetital details will be published later in connection with an inves- 
tigation of the same but of broader_seepe. 

‘Two different heats of SAE 5140 and 3 heats of SAE 2340 were tested. The results 
for all five heats of steel were essentially the same as indicated in the bar graph of Fig. 9, 
demonstrating that these results are a general characteristic of the types of steels involved. 
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Table I 
As-Quenched Air Blast Pressure, 

SAE Hardness, Inches Hg, Measured 
Steel Quench Rockwell C Across #s-inch Orifice 
5140 Water 61 with 

2340 Water 61 kas 

5140 Slack Quench 1 47 2% 

2340 Slack Quench 1 55.5 2 

5140 Slack Quench 2 40 1% 

2340 Slack Quench 2 55 1% 


levels. On a percentage basis, the greatest deterioration in impact 
strength occurs at the highest hardness level. For example, after 
water quenching and tempering to Rockwell C-40, both steels have 
approximately the same impact strength, but after slack quench 1, 
steel SAE 2340 shows a deterioration of less than 20% while the 
impact strength of SAE 5140 drops to one-half its original value. 
After slack quench 2, SAE 2340 exhibits a loss of impact of ap- 
proximately 28% while SAE 5140 suffers a reduction in impact 
strength to only one-fourth of its original value. In other terms, 
after slack quench 1, SAE 2340 has almost double the impact 
strength of SAE 5140, and after slack quench 2 more than triple that 
of SAE 5140. 

Certainly, equal deterioration of notch impact strength with re- 
duced severity of quench does not exist for these steels of comparable 
hardenability. 

Sachs, Sangdahl and Brown (8) quenched different size rounds 
in oil or brine and obtained the notch tensile strength at a strength 
level ‘of 275,000 psi (Rockwell C-55) in 0.30-inch diameter speci- 
mens of the same type of steels reported in this investigation. It 
was observed that the nickel steel retained its high notch strength 
up to the maximum quenched section size (1.25 inches). In con- 
trast to this, both SAE 5140 and 1340 exhibited considerably re- 
duced notch strength when the as-quenched diameter exceeded 0.30 
inch. This is merely another manifestation of the same phenomenon 
discussed above. 


CONCLUSIONS 


These results are taken as an ‘indication that the end-quench 
test does not always rate steels accurately with respect to their 
ability to be hardened in various section sizes. One further con- 
cludes that the discrepancies in correlating end-quench curves with 
quenched sections of the same or different steels may reflect sub- 
stantial variations in properties and performance. 

The end-quench hardenability test has served an important 
function; however, it does have limitations. It is felt that once 
these limitations and the reasons therefor are fully appreciated and 
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understood, the way will be open for appropriate limited application 
of the test, for modification in different special applications as 
occasionally proposed (9), or even for the development of a new 
test. Unfortunately, at the present time, it appears unlikely that any 
simple test can be developed that will have the universal application 
that has been attempted with the end-quench test. 
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DISCUSSION 


Written Discussion: By R. F. Thomson, assistant head, and A. L. 
Boegehold, head, Metallurgy Department, Research Laboratories Division, 
General Motors Corp., Detroit. 

The personnel at General Motors Research Laboratories has been 
interested for many years in the two aspects of the hardenability problem 
discussed in the first half of the present paper. These problems are: 

1. The measurement of hardenability of different steels which re- 

sulted in the’ end-quench hardenability test bar described before 
ASM by Jominy and Boegehold® in 1938. 


5W. E. Jominy and A. L. Boegehold, “A Hardenability Test for Carburizing Steel’, 
Transactions, American Society for Metals, Vol. 26, 1938, p. 574-606. 
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2. The prediction of as-quenched hardness in quenched parts which 
resulted in correlation curves of the type presented in the SAE 

Handbook.*® 
| Experience over about 10 years has shown that both the end-quench 
test bar and the correlation charts have been very valuable in evaluating 
. new steels and in selecting a steel to make a given part. Neither the test 
bar nor the correlation charts, however, are tools of extremely high pre- 
cision in large part because steel is not a homogeneous material. The 
| present paper and the one to follow are both concerned with the extent 

of the precision involved in areas subject to slack quenching. 
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Fig. 10—Hardenability Curves Determined in General Motors 
Research Laboratories. 


Fig. 2 summarizes the first problem presented by the authors, where 
decreasing the size of the end-quench specimens results in an increase in 
hardness in SAE 2340 of 11 Rockwell C units at 1 inch with no corre- 
sponding increase in SAE 5140. The authors explain this on the basis of 
different subcritical reaction rates in the two steels. We agree with the 
authors in their conclusion that “one should not expect equivalent changes 
in microstructure ... corresponding to equivalent changes in cooling con- 
ditions”, and this is a major factor in explaining the discrepancy. 

There are two other major factors of importance, however. The first 
involves transverse segregation and the second similarity of cooling. 

With regard to transverse segregation, the present authors do not 
present data to show that the hardenability of the steels at the surface 
of the 1-inch bars was the same as at the 0.275-inch position measured 
along the radius of the 1l-inch bar. This 0.275-inch position is near the 
surface of the subsize specimen. In an investigation of similar steels at 
the General Motors Research Laboratories, it was found there was a de- 
crease in hardenability in the 5140 steel and no decrease in the 2340 as 
shown in Fig. 10. This will, of course, tend to offset the faster cooling 
when the 5140 steel is tested in the 0.58-inch round hardenability bar. 


®SAE Handbook, 1951, p. 108. 
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The authors state, ‘““The standard size hardenability bars of both steels 
exhibited very similar cooling curves, likewise the cooling curves for the 
subsize bars of the two steels were similar to each other.” Cooling curve 
determinations were made at our laboratories on both steels in both sizes 
with the following results: 


Time to Cool—Seconds, 16/16-Inch Position 


1-Inch Bar 0.58-Inch Bar 
1350-900 °F 1350-600 °F 1350-900 °F 1350-600 °F 
2340 60 175 50 135 
5140 61 165 52 130 
Time to Cool—Seconds, 32/16-Inch Position 
2340 152 339 105 235 
5140 151 306 124 228 


It will be noted the 2340 cools about the same or slightly faster from 
1350 to 900 °F than does the 5140, but the 2340 cools slower over the range 
1350 to 600 °F. Thus we see that the two steels do not cool in an identical 
fashion. The differences are due to composition differences and their re- 
sulting effect on transformation rates and temperatures. This emphasizes 
a point to be brought out that one set of correlation curves developed 
from one grade of steel will not serve all other chemistries of steel with 
the same precision. 

The authors have not concerned themselves with what is a proper 
cooling criterion for judging equivalence of cooling, and this is, in our 
opinion, extremely important. 

The authors have, we feel, seriously condemned the practical utility 
of charts correlating distances on the end-quenched bar with rounds 
quenched under various conditions. Since the charts currently available 
have been useful, in our opinion, it seems that further explanation should 
be given by the authors on the following statements: 

The authors state, “In fact, it is conceivable that a steel of lower 
hardenability may actually respond with a higher as-quenched hardness 
throughout much of a quenched object than will a steel of higher harden- 
ability as indicated by the standard end-quench test.” Such an instance 
has never come to our attention and we should like to ask the authors if 
they have actually observed such an occurrence. It appears to us that this 
is of major importance. For if this were at all common, the attempt to 
predict hardenability, even qualitatively, from an end-quench test bar 
would be impossible. We do not believe this is the case. 

The authors continue, “ ... any apparent correlation would be for- 
tuitous and may be expected only in steels of very low hardenability of 
the plain carbon steel type.” We wish the authors would amplify this 
statement, as we believe there is a useful correlation possible for medium 
alloy steels, especially in the areas of transformation to largely martensite 
and in the slack-quenched areas within the limits to be shown in the paper 
which follows. 

The authors state, “It is of interest to examine some of the mechanical 
properties of slack-quenched steels of comparable hardenability.” It is 
obvious that the 2340 and 5140 steels are not of comparable hardenability, 
even though the 2340 is only 2 Rockwell C units harder than 5140 at the 
16/16-inch position. In general, a criterion of less than 50% martensite 
has not been used as a criterion for hardenability. For these steels a 50% 
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martensite structure corresponds to a hardness level of about Rockwell 
C-42. 

If one compares the hardenability curves in Fig. 1 at any level higher 
than Rockwell C-42, it will be observed that 2340 hardens out to any given 
hardness level to about 1-1/2 to 2/16 inch farther out on the bar than does 
the 5140. This is a measurable and appreciable difference in hardenability. 
Hardenability data from another laboratory showed a difference of 3/16 
inch in favor of 2340, and results from our laboratory showed a difference 
of 4/16 inch. It is quite clear that the 2340 has higher hardenability than 
5140, and results on end-quench hardenability bars from three laboratories 
all show it to be so. 

In the steels examined at the General Motors Research Laboratories, 
transverse segregation had the effect of increasing the spread in harden- 


Std.Bor Subsize Bor 
2340 A B 
5140 A’ B' 


100 





% Austenite Remaining 
(Martensite at Room Température ) 


Log Reaction Time 


Fig. 11—Schematic Effect of Reducing End-Quench Bar Diameter. 


ability between the two steels, as shown in Fig. 10. Where there had 
been a difference of 4/16 inch at the Rockwell C-42 level in the 1-inch 
rounds, there was a difference of nearly 6/16 inch at the 0.275-inch radius 
position. Furthermore, the slopes of the hardenability curves at the 
16/16-inch position show a small increase in cooling rate from that found 
at the 16/16-inch position will affect the 2340 more than it does the 5140, 
which is what the authors found. In other words, the authors have 
selected a position where the 2340 is most sensitive to a slight increase in 
cooling rate, whereas the 5140 is relatively insensitive to this same change. 
On the basis of reaction rates, the two cases are shown schematically 
in Fig. 11. 

A change from the 1-inch bar to the subsize bar has caused an in- 
creased cooling rate or, conversely, has shortened available reaction time 
from some position A-—A’ to B-B’, This results in a large increase in per 
cent of martensite in 2340 and no appreciable change in 5140. 
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Figs. 5 through 8 support this argument where the increased rate of 
cooling by using the subsize bar increased the amount of martensite from 
about 50% to about 90% for the 2340, with no appreciable martensite in 
either case for the 5140. 

The important point here is that a more critical hardenability deter- 
mination and a slightly different interpretation of the end-quench curves 
predict exactly the condition the authors described in increasing the cool- 
ing rate a given amount by decreasing the size of the end-quench test bar. 

The authors point out that 5140 has inferior notched-bar impact prop- 
erties to 2340 when quenched under certain conditions designated as slack 
quench 1. They conclude, “While for the same slack quench, 2340 shows 
only a slight loss of impact strength at the same hardness level.” It 
should be borne in mind that although the tempered hardness was the 
same, the 2340 quenched out to Rockwell C-55 as compared to Rockwell 
C-47 for the 5140 as shown in Table I, which would indicate the degree 
of slack quenching was not the same in the two cases. Rather, the cooling 
medium was the same in the two cases. 

Written Discussion: By G. K. Manning, Battelle Memorial Institute, 
Columbus, Ohio. 

The authors have shown very emphatically that a shift from one type 
alloy steel to another should not be made without, at the same time, 
reconsidering the hardenability specifications for each heat treated part. 
This is particularly true in the case of heat treating departments that 
have good control of their quenching procedure, and that, like good chil- 
dren, have been using steels possessing the lowest possible hardenability 
for a given application. 

The paper is particularly timely, since at the present time many heat 
treating departments are confronted with the problem of shifting from 
their favorite steel composition to one containing a lesser quantity of 
strategic alloying elements. Let the heat treating department beware 
when the boss comes around and says, “Steel X is no longer available, 
but Steel Y having the same hardenability curve is available; let’s make 
the part from Steel Y.” The shift from one grade of steel to another 
can be made, but the fact that the two steels have the same end-quench 
curve does not mean that there will be no difficulties involved in the 
changeover. In such a case, it would be highly desirable to make a few 
preliminary tests on sample parts before placing Steel Y in production. 

It occurs to me that the differences between the TTT-curve for 
SAE 2340 steel and the TTT-curve for SAE 5140 may offer more of an 
explanation for the effects observed by the authors than they chose to 
discuss in the paper. It may be noted from Figs. 3 and 4 in the paper 
that SAE 2340, when treated isothermally, requires a minimum of about 
1500 seconds to transform to ferrite and pearlite; whereas SAE 5140 may 
be transformed to ferrite and pearlite in as little as 110 seconds. One 
might then expect that the final hardness of incompletely hardened SAE 
2340 would be more dependent on the time spent in the pearlite trans- 
formation temperature range, and less dependent on the cooling rate prior 
to beginning transformation than SAE 5140. If the cooling rates in Figs. 
3 and 4 are replotted with a linear time scale, it is apparent that the 
difference in cooling rate between the standard bar and subsize bar 
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increases as the temperature decreases. Considered in this way, the ob- 
served effect appears consistent with the TTT-diagrams for the two steels. 

This same line of reasoning can be carried further. A shop that has 
good control of a quenching operation can probably produce parts exhibit- 
ing a narrow range in “as-quenched” hardness from either steel if the end- 
quench curves are properly “adjusted” for the particular part being treated. 
However, a shop that has less control of its quenching operation may find 
that parts made of SAE 2340 vary through a small hardness range, but 
parts made of SAE 5140 exhibit a much greater hardness range. Many 
shops are being forced to shift from nickel alloy steels to boron steels 
because of the nickel shortage. The TTT-diagrams for boron steels are 
characterized by a short-time interval between the beginning and end of 
transformation in the pearlitic temperature range. Because of this, it 
may be that some shops will find the boron steels appear to be erratic as 
compared to the steel formerly used. If such proves to be the case, the 
solution is to be found in better control of the quenching operation. 

The other aspect of this is that, although steels exhibiting a short- 
time interval between beginning and end of transformation in the pearlitic 
temperature range may require better control of the quenching operation, 
these same steels will show less variation in hardness after normalizing 
and will anneal more easily. So there are compensations. 

Written Discussion: By E. S. Rowland, research metallurgical engi- 
neer, The Timken Roller Bearing Company, Canton, Ohio. 

The authors are certainly to be complimented for presenting so illu- 
minating an example of the fallacy contained in the oft-repeated state- 
ment that “equal cooling rates mean equal hardnesses and structures”. It 
is most certainly true that widely varying microstructures can exist at the 
same hardness and that cooling rates over significant ranges of tempera- 
ture are not the ‘same in different bodies. 

In the practical application of hardenability information, however, 
many other errors and pitfalls exist which have taught the operating 
metallurgist to treat the correlation between end-quench data and pro- 
duction part as a first approximation and to proceed cautiously in changing 
composition without adequate performance information. Furthermore, the 
end-quench test has been of great value in improving the control of hard- 
ness and structure of production parts made from a given type of steel. 

It is undcubtedly fortunate that the presence of surprisingly large 
amounts of decomposition products in quenched engineering alloy steels 
adversely affect the tempered mechanical properties to only a small degree. 
Based upon the-limited data available, the notched-bar impact test is cer- 
tainly the most sensitive detector of slack quenching, while the endurance 
limit is considerably less so. With this in mind, then, the evident limita- 
tions of end-quench data, so ably demonstrated by the authors, are of the 
greatest practical significance when dealing with large sections, with steels 
having TTT-curves of the type shown in Fig. 4 of the paper and with 
parts subjected to impact. 

One final question: Do the authors have any information as to 
whether double tempering would decrease the large differences in impact 
values obtained on 5140 steel with slack quenching? Bainite, in par- 
ticular, tends to stabilize retained austenite which may decompose into 
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martensite on cooling from the temper. Double tempering has been used 
to advantage in improving the performance of slack-quenched steels in 
some applications. 

Written Discussion: By R. D. Chapman, research metallurgical engi- 
neer, and W. E. Jominy, staff engineer, Chrysler Corp., Detroit. 

After careful consideration of this paper we find ourselves not in com- 
plete agreement with the conclusions. We agree that the end-quench test 
does not give strictly accurate correlation with the expected behavior in 
all the various sections in which the steel may be used. Perhaps our dis- 
agreement is in the extent of lack of correlation. In our judgment the 
correlation is good enough to be of commercial significance and to justify 
the wide application of the test as it is applied today. The purchase of 
steel by the “H” band method has proven very satisfactory and there has 
been a tremendous increase in the percentage of steels purchased using 
the “H” band specification with slightly wider chemical limits over the 
purchase of steel on the basis of only chemical composition. Just now 
there are 75 “H” band specifications contained in the SAE Handbook and 
also specified in the AISI Specifications, and we believe the large use of 
these specifications indicates wide approval of the test. 

It is agreed that there are many conditions which must be kept in 
mind in making correlations. It has been our experience that segregation 
can give an appearance of lack of correlation. It has also been our experi- 
ence that where the martensite content is high the correlation is usually 
good. In the range of 75. to 100% martensite, which is the desired con- 
dition in quenching steels, the correlations are usually quite good. We 
have observed that the correlations are best where the quenching con- 
ditions give cooling rates as fast as oil quenching and are very carefully 
controlled. It is quite well agreed that the least variable type of quench 
is the water spray quench, such as is used in the end-quench specimen, 
and that immersion quenching often leads to some variation in results 
from one piece to the next. We feel, therefore, that making correlations 
using slack quenching may lead to some error due to the difficulty of 
repeating the slack quenches. Also segregation may be an important 
factor. 

We are also very willing to concede that a steel having a low per cent 
of martensite such as was obtained with SAE 5140 at Rockwell C-40 as 
reported in Table I by the authors would have lower impact value when 
tempered than a steel having a high martensite percentage such as ob- 
tained with SAE 2340 at Rockwell C-55. If these steels are compared 
where 100 or nearly 100% martensite was obtained, it will be observed 
that the SAE 5140 had slightly better impact values than the SAE 2340, 
as shown in Fig. 9 of the authors’ paper. The question then is: How is it 
possible to get Rockwell C-40 on the SAE 5140 and Rockwell C-55 on the 
SAE 2340 when according to the hardenability curves they should be 
nearly the same? We feel that this condition occurred in the quenching 
practice or might be the result of segregation. 

However, having read this paper we immediately obtained 1%-inch 
round bars of SAE 5140 and SAE 2340 to make some comparisons in our 
laboratory. Fig. 12 shows the results obtained with these steels after 
normalizing and quenching from the same temperature as the authors 
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Fig. 12—Results Obtained With SAE 5140 and SAE 2340 Steels After 
Normalizing and Quenching. 


used, and following the testing procedure as recommended by the SAE. 
The upper portion of the figure shows the hardenability curve of SAE 
2340 and SAE 5140 based on percentage of martensite, and the lower 
portion of the figure shows the hardenability curve of both of these steels 
based on hardness. It will be noted that the SAE 2340 had slightly higher 
hardenability than the SAE 5140. 

We then made a hardenability determination of a 0.580-inch round 
bar, which is the size used by the authors, and found that both steels had 
a somewhat greater hardenability with this small diameter bar, which, 
of course, is expected, since the small diameter bar will cool just a little 
faster. We failed to find the large difference between the 0.580-inch and 
the 1-inch round hardenability bar that was reported by the authors, 
especially in the SAE 2340. We then made some quenching experiments, 
using boiling water and water at 180°F, with results shown in Table II. 


Table Il 
Rockwell C End Quench Rockwell C End Quench 
Steel Boiling H2O Distance 180 °F H20 Distance 
SAE 2340 34 12.5/16 46 7.75/16 
SAE 5140 34 14/16 48 7.25/16 


Here again we do not get much difference between the SAE 5140 and 
SAE 2340. As stated earlier in this discussion, our experience has been 
that best correlation is obtained when the quenching conditions are as 
fast as normal oil quenching and are carefully controlled. 

About 10 years ago some very careful studies of hardenability were 
made by water quenching and oil quenching round bars of many of the 
SAE steels at Battelle Memorial Institute and reported by Klain and 
Lorig. End-quench hardenability bars were made from the same bars 
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studied by Klain and Lorig and correlation between the sectioned round 
bars and the predicted hardness of the end-quench bar was made. The 
curves obtained were published in the Transactions of the American 
Society for Metals in 1940, Vol. 28, p. 125. These curves showed fair 
correlation between the two methods of measuring hardenability. In the 
correlations published, the poorest was obtained with SAE 2330 steel 
where the difference between the center of the round and the hardness 
of the corresponding cooling rate of the end-quenched bar was 7 points 
Rockwell C. This again is in the range of a low martensite content. 
Good correlation is found in another comparison in the range of higher 
martensite content for SAE 2330. We believe that it is possible to take 
isolated cases and find discrepancies, particularly in the range of less than 
50% martensite. We believe, however, that if the great volume of harden- 
ability tests is considered, commercially satisfactory correlation will result. 

It is good to have a paper as presented by the authors to point out 
interpretations that can exist in the hardenability test. This paper will 
no doubt stimulate further work which should increase our knowledge 
of the hardenability test. 

Written Discussion: By D. Niconoff, Canton Metallurgical Laboratory, 
Republic Steel Corp., Canton, Ohio. 

The authors have rendered an important service to the practical met- 
allurgists by indicating in an ingenious way some of the limitations of one 
of our most used, and most useful, methods for evaluating the properties 
of steel, and thus proved the old saying that there are no rules without 
exceptions. 

The discrepancy between the standard and the undersized end-quench 
hardenability tests, which proved to be a surprise to the authors, was 
observed more than 10 years ago in one of the hardenability committees’ 
investigations into a possibility of using 4-inch diameter specimens for end 
quenching. At that time this phenomenon was ascribed to the air hard- 
ening effect taking place predominantly in the smaller test pieces; and a 
conclusion was reached that, while the agreement between 1l-inch and 
Y%-inch specimens was good for relatively shallow hardening steels, the 
results became considerably higher for the smaller specimens representing 
deep hardening steels. But could the hardenability of 2340 steel be con- 
sidered greater than that of 5140? Hardly so, considering the end-quench 
hardenability results obtained with the aid of the conventional 1-inch 
diameter specimens. 

Using as the criterion the TTT-diagrams developed by the authors, 
the 2340 steel might be regarded as the one possessing a slightly greater 
hardenability in view of the fact that the cooling curves, reproduced for 
the 1%-inch position, intersect the A+ F + C (pearlite) zone closer to the 
beginning-of-transformation line than in the 5140 steel (Figs. 18 and 14). 
These curves, unfortunately, do not indicate with any degree of accuracy 
the progress of the transformation occurring on continuous cooling, be- 
cause they were derived under conditions hardly ever encountered in 
practice. 

A more practical method for estimating the transformation character- 
istics of a steel consists of dilatometric determination of critical points 
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. Fig. 13—Effect of Variation in Cooling Rates Upon the Position of Critical 
Points in SAE 5140 Steel. 


under conditions of cooling at different rates.” 

Using a conventional dilatometer, several specimens are cooled at a 
series of constant rates in the temperature range of 10 to 400°F per hour; 
and for faster cooling, several variable rates approaching the conditions 
of air cooling (about 150°F per minute through 1300°F) are employed. 

The dilatometric results are usually reproduced in a form similar to 
the TTT-diagrams, except that, first, the cooling curves representing the 
rates employed are plotted, and then the corresponding critical points are 
indicated upon them. To differentiate between the weak and intense 
transformation reaction rates, the critical temperatures indicated by re- 
version in the direction of the dilatometric curves, and representing strong 
reactions, are drawn in solid lines, while the weak points revealed by 
mere deflections from the original direction of the dilatometric curves are 
shown in broken lines. According to this method, the transformation of 
5140 steel on continuous cooling at rates below those prevailing on air 
cooling is characterized by a pearlitic reaction and is associated with a 
gradual lowering of the critical points. Under conditions of air cooling 


"D. Niconoff, “Critical Points of SAE 4340 Steel as Determined by the Dilatometric 
Method”, TRANSACTIONS, American Society for Metals, Vol. 37, 1946, p. 337-352. 
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Fig. 14— Effect of Variation in Cooling Rates Upon the Position of 
Critical Points in SAE 2340 Steel. 


there is an evidence of a weak residual reaction at 720 to 490 °F, indicat- 
ing that the original transformation at the pearlite zone was not entirely 
completed. 

On the other hand, the transformation of 2340 steel occurs in the 
pearlite region only on cooling at rates of less than 50°F per hour. 
Cooling at faster rates brings about the phenomenon of split transfor- 
mation, whereby the reaction partly takes place in the high temperature, 
and partly in the intermediate temperature zone. On air cooling, the 
transformation reaction becomes entirely bainitic in character. 

Comparison of the hardness values obtained under different conditions 
of cooling reveals that the 2340 is intrinsically a deeper hardening steel 
than 5140: 


Cooling Rate, Resulting Hardness 
°F per Hour SAE 2340 SAE 5140 
10 94Rb 82Rp 
50 95 84 
400 28Re 88 
Air-cooled 33 95 


Written Discussion: By John Vajda and Cyril Wells, Metals Research 
Laboratory, Carnegie Institute of Technology, Pittsburgh. 
As stated by the authors, there definitely exists a growing appre- 
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Fig. 15—Variation of Hardness With Distance From End of End-Quenched 1 and 
7-Inch Rounds. 


ciation of the limitations of the end-quench hardenability test. Results 
presented in the paper clearly demonstrate these limitations and indicate 
that air cooling is a major cause of their existence. Any reduction during 
the test of the detrimental effect of air cooling on hardenability data 
would be advantageous; perhaps to accomplish this end the radial distance 
from the curved surface of standard end-quenched specimens to the sur- 
face penetrated when hardness determinations are made should be in- 
creased beyond the 0.015-inch value now specified. 

Curves plotted in Fig. 15 show the effect of air cooling on hardness 
distribution. Curves A and B are standard end-quenched curves, while C 
and D are not; C and D show the variation of hardness with distance 
from the quenched end of large cylinders, each 7 inches in diameter and 
7 inches long. Hardness measurements were taken at ys-inch intervais 
and at approximately half-radius positions in the large rounds. A com- 
parison of Curve A with Curve C indicates the effect of air cooling when 
Steel 1A was used, while a comparison of B with D indicates the effect 
when Steel 5A was used. Data included in this figure support the authors’ 
conclusions. Steels 1A and 5A were made in a 15-ton basic electric fur- 
nace, cast into 25-inch square molds, and rolled to 7-inch rounds. Com- 
positions are as follows: 


Per Cent of Element ; 
Steel Cc Mn P Ss Si Ni Cr Mo Vv B 


1A 0.33 0.78 0.013 0.018 0.31 0.80 0.68 0.50 0.10 0.0000 
5A 0.33 0.78 0.013 0.018 0.31 O80 0.68 0.50 0.10 0.0010 


It is the opinion of the present ‘discussers that if the air cooling effect 
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referred to above could be eliminated, or at least drastically reduced, one 
should be better able to calculate, away from ends, the relation between 
hardness and distance across simple quenched shapes, such as cylinders 
and sheets. In the absence of air cooling, true hardenability curves could 
be drawn and steels then rated more confidently and quantitatively with 
respect to their hardenability characteristics. 

Written Discussion: By William Wilson, Jr., research metallurgist, 
Armour Research Foundation, Chicago. 

Professor Troiano and Mr. Klingler demonstrate in an indisputable 
manner that hardness is a necessary, but not sufficient, proof of equivalent 
cooling conditions or microstructure. 

Generally, the three hardenability curves of Fig. 1 would be accepted 
as proof that the three steels were of the same hardenability. All iden- 
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Fig. 16—Comparison of Hardenability Bar Cooling 
Curves. Subsize versus subsize; standard versus standard. 


tical pieces made from these three steels and quenched in the same man- 
ner would be expected to have the same hardness distribution, throughout 
the piece, but herein lies the fallacy demonstrated by the authors. 

The expectation that all identical pieces made from these steels and 
quenched in the same manner would have the same hardness distribution 
is based on the assumption that the end-quench test has shown these 
steels to respond the same to all of the shapes of cooling curves en- 
countered in quenching. Although the end-quench test does include a 
large range of cooling rates, it checks the hardness of only one shape of 
cooling curve for each rate. Hence it may be suggested that the cooling 
curves experienced by these three steels in the subsize bars were not 
checked, at the points of equal hardness, in the standard specimen. 

I have checked the 1%-inch cooling curves of both steels on the 
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standard and subsize bars, by my graphical method,® and find that the 
cooling curves of both steels are comparable on each test, Fig. 16. 

No cooling curves are presented for SAE 2340 at the 11/16-inch 
position, or for SAE 5140 at the 1-1/16-inch position, which would permit 
a test of my hypothesis. 

However, another paper at this session’ has presented some cooling 
times for NE 9445, which do not involve an extreme amount of transfor- 
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Fig. 17—-Comparison of Hardenability Bar 
Cooling Curves. Subsize versus standard. 


mation at the 11/16-inch position of the standard bar. Testing the 1-1/8- 
inch cooling curves of the subsize bars against that of NE 9445 at the 
11/16-inch position—points of equal hardness for SAE 2340, in Fig. 17, 
it is found that the points fall on curved, instead of straight, lines and 
do not approach the 45-degree line required for equivalent cooling con- 
ditions. I believe the authors would find the same to be true if they 
made the same tests using cooling curves for the standard specimen ob- 
tained with their steels. 

Hence, the subsize hardenability bars investigate a new shape of 
cooling curve which is not examined on the standard hardenability test 
and the new discordant data should not be alarming. However, the new 
data should remind us that the hardness is not a positive indication of the 
cooling cycle or microstructure, although for identical austenitizing and 
cooling cycles of the same steel the hardmtss and microstructures must be 
the same. 

Written Discussion: By H. B. Knowlton, supervisor of materials 
engineering, International Harvester Co., Chicago. 

We do not in any way question the accuracy of the scientific data 
presented by Messrs. Troiano and Klingler, but we do greatly fear the 


®William Wilson, Jr., “A Hardenability Test for ow Hardening Steels”, Transac- 
Tions, American Society for Metals, Vol. 43, 1951, p. 454. 

°F. W. Weinman, R. W. Thomson and A. L. Boegehold, “A Correlation of End- 
Quenched Test Bars and Rounds in Term of Hardness and Cooling Characteristics’, see 
page 803, this volume. 
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Fig. 18—S-N Curves on 4140 Steel Quenched to Different Hardnesses and Tem- 
pered to Rockwell C-35. 


conclusions which may be drawn from this paper. There is no doubt that 
the end-quench hardenability test is inadequate for predicting the notch- 
bar impact strength of various steels under different conditions. There 
is a very great doubt, however, with regard to the correlation of such 
notch-bar impact data with actual performance of commercial parts in 
service. So far as we have been able to learn, the great majority of 
metallurgists in the automotive industry have not found it necessary to 
impose specifications for notch-bar impact strength, in order to guarantee 
the safe performance of their products. This is probably because the 
ordinary alloy steels after the conventional heat treatment have adequate 
toughness. 

It is undoubtedly true that for each type of part there is a minimum 
toughness, which is essential to prevent brittle-type failures. It does not 
follow, however, that once this minimum requirement is met, additional 
impact will give any better performance whatsoever in service. The big 
question is, how much impact strength is actually needed for each par- 
ticular application? 

Impact tests at various temperatures on a number of spring steels 
have shown very low figures for 9260 and 5152 (about 5 to 10 foot- 
pounds at minus 50°F). It is believed that the great majority of auto- 
motive parts, which break in service, fail in fatigue and show a ductile 
fracture at the origin. It has been reported by a number of investigators 
that notch-bar impact strength bears no relationship whatsoever to fatigue 
strength. By the same token it bears no relation to service failures as 
long as these failures are of a ductile nature at the origin of rupture. 
It is also true that while slack quenching has a pronounced effect upon 
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the notch-bar impact strength, it has a much smaller effect upon the 
fatigue endurance limit. This is shown by Fig. 18, which is copied from 
Boegehold’s paper to which the authors referred. It will be noted that 
there is only about 10% difference between the fatigue endurance limit 
of 4140 specimens, which are quenched fully martensitic, as compared with 
others which are slack-quenched, both types of specimens being given 
sufficient tempering to reduce the hardness to Rockwell C-35. 

We are now in a national emergency which makes it desirable to 
conserve alloying elements as much as possible, consistent with safe per- 
formance of the product. It is entirely possible that winning the next 
war may be dependent upon our using 5100 series steels or other straight 
chromium steels, with or without boron. We wonder if the authors know 
of any specific instance where 2340 has given any better performance in 
a commercial article than 5140, providing both of them are given good 
commercial heat treatments. 


Authors’ Reply 


We wish to express our appreciation to all who have presented dis- 
cussions for their interest in this paper. 

Before entering into any specific discussion by way of answer, it 
should be clear that it was not the intent or purpose of this paper to make 
recommendations for the use of any specific type of steel in any given 
application. 

The question of segregation has been continuously raised in connection 
with the frequently observed lack of correlation between end-quenched 
and immersion-quenched rounds. There is no doubt that segregation is 
capable of giving an appearance of lack of correlation. On the other hand, 
we cannot accept the thesis that in all cases where it has been observed 
it must perforce be attributed to segregation. Segregation is a variable 
which may operate in a manner to either increase or decrease harden- 
ability, and it is not logical to presume that it must always operate in the 
proper direction to explain the lack of correlation. In addition, several 
rather comprehensive investigations have evaluated the effects of segre- 
gation and found that the discrepancy in correlation is not necessarily 
caused by segregation. It is unfortunate that we neglected to state that 
the subsize bars discussed in the paper were obtained in two ways: 

1. By forging to the subsize diameter. 

2. By machining to the subsize diameter. 

No difference in the subsize end-quenched bars prepared in either of these 
two ways was detected. Also, if the effect observed in the subsize bar 
had been caused by segregation, one would not have observed the results 
obtained when the subsize bars were wrapped with asbestos. 

Dr. Rowland raises an interesting question with regard to the effect 
of double tempering on the impact energy. We have no specific data on 
this; but do not believe that the large differences in impact are associated 
with the stabilization of retained austenite in 5140 as compared with 2340. 
The reason for this conclusion is based on the fact that other transforma- 
tion studies on these two steels have shown that slack quenching 5140 will 
not result in the retention of as much austenite as full quenching 2340. 

Mr. Manning quite properly observes that the difference between ‘the 
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transformation characteristics of the two steels will account in a large 
measure for the phenomena observed. Correlations between continuous 
cooling and isothermal treatments are complicated; but one very signifi- 
cant feature of the transformation characteristics of these steels is the 
large difference in ending time or average reaction rate for the pearlite 
transformation. A similar but more involved comparison could be made 
for the relative reaction rates of the bainite transformation in the two 
steels. There can be no doubt that increased use of boron-treated steels 
will require better understanding of the concepts of true hardenability 
because of their apparent small margin for error. 

Messrs. Thomson and Boegehold state that the very slight difference 
in the slopes of the hardenability curves for 2340 and 5140 (Fig. 1) will 
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Fig. 19—Jominy End-Quench Tests on SAE 2340 and 5140 
Steels. 


predict exactly the behavior of the subsize bars, and presumably also the 
impact behavior observed in slack quenching. 

This is difficult to understand, since: 

1. Data have been reported for two conditions corresponding to the 
Rockwell C-40 and C-47 positions on the 5140 end-quench curve, both of 
which demonstrate the same hardenability phenomenon. At the Rockwell 
C-47 position, the slopes of the two end-quench curves are the same. 

2. The slope of the end-quench curve is not as simple and direct a 
measure of a steel’s response to changes in cooling conditions as is implied. 

3. The normal variation in shape of the end-quench curve from ran- 
domly selected positions in the same heat of steel is greater than that 
being discussed here. Thus, if this hypersensitivity of the slope of the 
end-quench curve to slack-quenched structures really exists, then the end- 
quench test would be of little value even in anticipating heat treating re- 
sponse throughout one given heat of steel. This is not true. 

The major objections can best be considered by presenting some addi- 
tional data. Fig. 19 shows the end-quench hardenability curves for addi- 
tional heats of 5140 and 2340. Note that the end-quench curve for 2340 
does not lie above 5140 at any distance from the quenched end and drops 
appreciably below 5140 over a large portion of the bar. It would appear 
safe to conclude that this heat of 2340 is of comparable or lower harden- 
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Fig 20 — Hardness Distributions for Quenched Rounds of Steels With End- 
Quench Curves Shown in Fig. 19. 


ability than the heat of 5140. A series of rounds of these two steels, 
ranging from 1 to 3 inches in diameter in half-inch intervals, was pre- 
pared by forging to size. These rounds were oil-quenched in lengths three 
times their diameter and sectioned to provide the well-known U curves, 
with Rockwell C readings taken every rs inch. The results are shown in 
Fig. 20. The maximum deviation of any single hardness reading from the 
indicated curves was one point Rockwell C. It becomes apparent that for 
quenched rounds greater than 1 inch diameter, 2340 demonstrates a greater 
ability to be hardened than does 5140. This difference amounts to as much 
as 10 points Rockwell C and significantly is most pronounced near the 
surface of the larger sections. 

In addition to the above, the same two steels (Fig. 19) were subjected 
to the same subsize end-quench test comparison and also slack-quenched 
and tested in impact. The results were not sufficiently different from 
those reported in Figs. 2 and 9 of this paper to justify their presentation. 
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A CORRELATION OF END-QUENCHED TEST BARS 
AND ROUNDS IN TERMS OF HARDNESS AND 
’ COOLING CHARACTERISTICS 


By E. W. Wertnmav, R. F. THomson anv A. L. BOEGEHOLD 


Abstract 


This paper reports the results obtained when a more 
precise correlation was sought between a given location in 
a quenched round and the equivalent position on the end- 
quenched test bar. New correlation charts covering a 
wider variety of oil and salt-quenching conditions are 
presented and the authors present data to show why ex- 
tremely accurate charts do not appear to be obtainable. 
The difference in cooling between end-quenched test bars 
and quenched rounds is discussed. 


HE object of this investigation was to obtain a more precise 

correlation than had been previously available between the as- 
quenched hardness in quenched rounds and that obtained in standard 
(Jominy) end-quenched bars. The attempt to correlate these hard- 
nesses was based on the assumption that equal cooling histories in 
two different bars will produce identical structures which in turn 
should have similar hardness under conditions prevailing in conven- 
tional heat treating practice. Charts in existence today (1, 2, 3)? 
have been of great use to metallurgists and engineers in predicting 
hardness in quenched parts from known hardness on Jominy bars of 
similar material. But it was felt that if more accurate charts could 
be developed, their utility would be increased. 


EXPERIMENTAL PROCEDURE 


The general method of approach to the problem was: 

1. Rounds of various sizes were quenched into several different 
quenching media at various velocities. 

2. Standard end-quench hardenability bars were quenched. 

3. Cooling curves and hardness were determined fer various 
positions in both quenched rounds and end-quenched hardenability 
bars. 

4. Positions in end-quench bars having the same cooling time 

1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Thirty-third Annual Convention of the Society, 
held in Detroit, October 13 to 19, 1951. Of the authors, A. L. Boegehold is head, 
R. F, Thomson is an assistant head and E. W. Weinman is senior research 
metallurgist in the Metallurgy Department of the Research Laboratories Divi- 
sion of General Motors Corporation, Detroit. Manuscript received April 19, 1951. 
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from 1350°F (730°C) to T (where T is some temperature lower 
than 1350 °F) as given positions on the quenched round bars were 
determined. c 

5. Using the data from 4, the as-quenched hardnesses on the 
rounds and end-quenched bar at positions of equal cooling time were 
compared, and the differences were plotted as a function of the cool- 
ing criterion used (1350 °F-T). 

6. A chart was plotted correlating positions on quenched rounds 
and end-quench bars having the same cooling time, using that cooling- 
time criterion over a given temperature interval (1350 °F-T) which 
gives minimum hardness error. 

Steels and Heat Treatment: The analyses of the steels used in 
this investigation are shown in Table I. Two different surface con- 


Table I 
Composition of Steels Used 
Size Round 
s- As- Oxidation 
Designa- AISI Rec'd Quenched Grain Sizes 
tion Type C Mn Si S P Ni Cr Mo Inches at 1525°F 
1045 1045 0.40 0.55 0.08 0.06 0.01  .... 1... «ae. 3 1 4-7 
JR20 9420 0.19 0.90 0.49 0.015 0.025* 0.26 0.36 0.10 1% 1 7-8 
R35 9437 0.36 1.12 0.39 0.016 0.025* 0.40 0.32 0.13 3% 2,3 6-8 
JR42 9442 0.45 1.18 0.47 0.019 0.025* 0.38 0.37 0.10 % % 7-8 
JR45 9445 0.49 1.20 0.50 0.030 0.019 0.35 0.35 0.12 4% 4 6-8 
WLA2 9445 0.47 1.46 0.43 0.015 0.025* 0.38 0.37 0.10 1% 1 7-8 
WLSO 9450 0.51 1.41 0.42 0.018 0.025* 0.20 0.30 0:09 2% 2 7 





ditions were effected on the quenched rounds. A scaled condition 
was produced by heating in air and a scale-free condition was pro- 
duced by heating in dried DX gas (12.5% Hs, 10.5% CO, 5% COs 
and 0.0% Oz). 

Hardenability bars for determining cooling rates were 3 inches 
long of 1045, 9445 and 9420 steels. These were heated in dried DX 
gas at 1500°F (815°C) (9420 was probably not completely in 


solution). Hardenability bars for determining end-quench hardness 


curves were 4 inches long and were quenched from 1525 °F (830 
°C). The round bars after austenitizing at 1525 °F for 1 hour per 
inch of section were quenched into: 


a. S-7 mineral quenching oil (viscosity 79 S.U.S. at 100°F) at 120 °F. 


1. 0 ft/min. 
. so Paes: | Scaled and scale-free 
4. 750 ft/min. 

b. Molten Martemp salt at 400 °F. 


1. 5 ft/min. 
2. 35 ft/min. Scale-free 
3. 135 ft/min. 


Quenching and Recording Technique: Surface chromel-alumel 


ee 


1952 END-QUENCHED TESTS 





Fig. 1—Three-Inch Diameter Cylindrical Specimen 
With Ends Insulated and Thermocouples Installed. 





Fig. 2—Quench Tank and Fixture in Position for Quenching a Round at a Velocity 
of 200 Feet per Minute. 
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Fig. 3—Fixtures for Quenching Five Sizes of Rounds at Velocities of 50 Feet per Minute 
and ys | Feet per Minute. The lower fixture is the master fixture connected to the 4-inch 
pump line. 


thermocouple wires of either 22 or 28 gage were separately percus- 
sive-welded by electrical discharge to the cylindrical surfaces. The 
internal thermocouples of specimens for oil quenches were welded 
similarly to flat bottoms of holes drilled normal to the cylindrical 
surface and passing to or through the axis of the round. The por- 
celain insulators were removed from the holes after the wires were 
welded, the holes filled with Sauereisen porcelain cement No. 1 and 
new insulators installed. The internal thermocouples of the speci- 
mens to be salt-quenched were installed in longitudinal holes parallel 
to the axis of the rounds and shielded from salt by metal tubing. 
End cooling of 1 to 4-inch diameter by 6-inch long specimens was 
minimized by insulating the ends as shown in Fig. 1. 

Rounds were quenched in a fixture as shown in Fig. 2. The 
master fixture shown at the bottom of Fig. 3 was affixed to a 4-inch 
standpipe in the quenching tank shown in Fig. 4, which was con- 
nected to a pump delivering 150 gallons per minute. The fixtures 
in the upper left of Fig. 3 were used to obtain flow rates of 50 feet 
per minute and those at the upper right produced velocities of 200 
feet per minute. In some of the later work, the pump capacity was 
decreased so the fixtures on the right of Fig. 3 could be used to 
produce 50 feet per minute, as this gave slightly more uniform flow 
conditions. 

The flow of the oil and salt was vertical and the velocity was 
determined by exploring the flow with a Pitot tube connected to a 
manometer: In salt-quenching experiments the molten salt in the 
manometer legs was displaced. by a high temperature quenching oil 


to prevent the salt from freezing in the manometer. The specimens 


were quenched while the quenching medium was in motion. 
Quenching curves were obtained on a recorder developed for 
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Fig. 4—Inside Quench Tank Showing 4-Inch Line for Holding Master Fixture. 


this research by the Physics-Instrumentation Department of the 
General Motors Research Laboratories. It is based on the principle 
that the EMF of each of the four thermocouples was matched ap- 
proximately by a linearly decreasing bucking voltage from furnace 
temperature down to 800 °F and below by a bucking voltage in steps 
of 200°F. The differences between the thermocouples and bucking 
voltage were amplified to record the surface thermocouple at a sen- 
sitivity of 200 °F per inch of line displacement and the three internal 
thermocouples at a sensitivity 100 °F per inch. The four quenching 
curves were simultaneously recorded on a 10-inch wide roll of photo- 
graphic paper. It is believed this recorder will follow cooling rates 
up to 4000 °F-per second. Actual tests have shown a drop of 200 °F 
will be followed in less than one-tenth second. The cooling curve data 
collected from the records consisted of cooling rate at 1300 °F and the 
time to cool from the austenitizing temperature to 1500, 1400, 1350, 
1300, 1200, 1100, 1000, 900, 800, 700, 600, 500, 400, 300, and 200 °F. 

Table II shows the degree of reproducibility of cooling data 
based on duplicate specimens. With the exception of the WL50 
heated in air, the time error is about 10% or less for times as short 
as 10 seconds, with correspondingly better accuracy as the time 
interval increases. 

Hardness Determinations: Cross section hardness curves were 
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Table I! 
Reproducibility of Cooling Data, Oil-Quenched Rounds . 
Coolant TIME TO COOL 1350°F-T 
Velocity ————_& Radius—————_. ~—————_Center-—_—__—. 
Steel Size, Feet per Atmos- T =1100°F 900°F 700°F 500°F 1100°F 900°F 700°F 500°F 
Sample Inches Minute phere Seconds 
WLSO!-3 2 0 DX 14.8 22.7 48.9 154.3 15.2 30.7 64.1 168.9 
WLSO-14 2 0 DX 17.0 25.3 49.0 149 iS:3 32:5 ‘62.4 174 
WLS50-11 2 50 DX 12.8 20.2 46.6 129.8 13.8 29.8 60.5 144.1 
WLSO -5 2 50 DX 12.0 19.9 46.1 130.0 13.6 31.5 64 154 
WLSO -6 2 50 Air tun 22.1 66.6 165 16.3 40.0 86 183 
WLSO-13 2 50 Air 12.2 32.1 62.5 162.5 16.3 40.7 85.6 180 
JR202-1 i 200 DX 15.4 bg.e 22.8: aes. 30.7 13.9 eS 3.2 
JR20 -3 1 200 DX 15.8 18.5 23.7 40.9 11.5 14.2 20.9 35.8 
!ATSI 6450 
2A ISI 9420 


Hardness — Rockwell "Cc" 
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Fig. 5—Transverse Segregation in a Bar of 9450 Steel. Heat WLSO. 


determined for the quenched rounds, and end-quench hardenability 
curves were determined as shown in Fig. 5 in an attempt to deter- 
mine the effects of transverse segregation. , 

While it is well known that there is an effect of residual stress 
on hardness measurement and this might work against a correlation 
between the relatively unrestricted end-quenched bar and a quenched 


round which may contain appreciable stress, no attempt was made 
to evaluate this variable. 


RESULTS 


Throughout this work, the cooling criterion found most con- 
venient was the time to cool from 1350 °F (730°C) to some lower 
temperature. For use in this paper, this lower temperature limit 
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Fig. 6—Time to Cool From 1350°F to Temperatures of 1200 to 500°F for Jominy Bar. 
3-inch long hardenability bars of NE 9445 steel quenched from 1500°F. 
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Fig. 7—Time to Cool From 1350°F to Temperatures of 1200 to 500°F for Jominy Bar. 
3-inch ae hardenability bars of 1045 steel quenched from 1500 °F. 


will be referred to as the “terminal temperature’. For example, 
when the time to cool from 1350 to 800 °F is used as a criterion, 
800 °F will be referred to as the “terminal temperature’”’. 

Figs. 6 and 7 summarize the cooling time data obtained on end- 
quench bars of 9445 and 1045 respectively in terms of the time re- 
quired to cool from'1350 °F to various terminal temperatures. 

From cooling data on quenched rounds, the time to cool from 
1350 °F to T was determined at surface, 34 radius, % radius and 
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center, and the position on the Jominy bar which took the same time 
to cool over the given temperature interval was determined from 
Figs. 6 and 7. The hardness at this position on the end-quenched 
bar was termed “predicted hardness” and was compared with the 
actual hardness determined from the hardness traverse curves on the 
quenched rounds. The difference (“predicted hardness” minus actual 
hardness) was then plotted for 9437, 9445, 9450, 9420 and 1045. 
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Fig. 8—Effect of Terminal Temperature of Cooling 


Range From 1350°F on Limits of Errors in Predicting the 
As-Quenched Hardness in Oil- and Salt-Quenched Rounds. 


These data were then summarized in Fig. 8 in an attempt to find 
the temperature interval to be used as a basis for the cooling criterion 
which would give minimum error in predicted hardness when all 
steels were considered. The heavy solid lines show the limits of 
hardness error obtained for the medium carbon 9400 steels when the 
error in predicted hardness was plotted for all sizes quenched and all 
coolant conditions investigated on one chart. The limits for 9420 
and 1045 were obtained in the-‘Same way. It is immediately obvious 
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“x— Surface of Round 1350-600° 
a— %Radius from Cen 1350-700 
o — “Radius from Cen. 1350-800 
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Fig. 9—Correlation Curves for Identical Cooling Times in Jominy Bar and Quenched 
Round Bars—Oil Flowing at 0 Feet per Minute. 


that AISI 1045 gives the minimum error when a relatively high 
terminal temperature T, such as 1000°F (540°C), is used for % 
radius, % radius and center positions, whereas, for the 9400 series, 
3% radius and % radius give a smaller error with a terminal temper- 
ature between 700 and 800°F and the center position correlates 
better at about 900 to 1000°F. Because of this difference between 
alloy and carbon steel, it was decided to use only the medium carbon 
9400 steels in determining the quenched round, end-quenched bar 
position correlation charts. The cooling criteria adopted were the 
times to cool over the following temperature ranges as they seemed 
to give minimum hardness error. 


Quenched Bar Position Temperature Range Criteria 
Surface 1350 — 600 °F 
¥% radius 1350 — 700 °F 
4 radius 1350 — 800 °F 
Center 1350 — 900 °F 


Using the above criteria, the correlation charts shown in Figs. 
9 to 15 were drawn, which give correlation for equal cooling times 
over the given temperature ranges above for quenched rounds and 
Jominy bar positions for 9400 medium carbon steels. 

At low coolant velocities there are some seemingly inconsistent 
effects noted which are not present at higher coolant velocities. For 
example in Fig. 13, the equivalent correlation position for the center 
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Fig. 10—Correlation Curves for Identical Cooling Times in Jominy Bar and Quenched 
Round Bars—Oil Flowing at 50 Feet per Minute. 
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Fig. 11—Correlation Curves fer Identical Cooling Times in Jominy Bar and 
Quenched Round Bars—Oil Flowing at 200 Feet per Minute. 
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Fig. 12—Correlation Curves for Identical Cooling Times in Jominy Bar and 
Quenched Round Bars—Oil Flowing at 750 Feet per Minute. 
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Fig. 13—Correlation Curves for Identical Cooling Times in Jominy Bar and 
Quenched Round Bars—Martemp Salt Flowing at 5 Feet per Minute. 


of a 2-inch round appears at a smaller “J” distance than does the 34 
and % radius positions. In the time allowable, it was not possible 
to recheck these inconsistencies but it seems reasonable to assume 
they may be due to irregular heat transfer conditions prevailing in 
low velocity coolant media. 

It should also be noted that as the cooling velocity increases, the 
tendency for both scaled and nonscaled rounds to cool similarly 
increases. 

It was then decided to determine how accurate these charts 
would be for predicting hardness in other commercial medium carbon 
engineering alloy steels. 
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Fig. 14—Correlation Curves for Identical Cooling Times in Jominy Bar and Quenched 
Round "ices — Seaiteene Salt Flowing at 35 Feet per Minute. 
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Fig. 15—Correlation Curves for Identical Cooling Times in Jominy Bar and Quenched 
Round Bars—Martemp Salt Flowing at 135 Feet per Minute. 





Table IV 


Summary of Hardness Errors Produced in Steeis of Table III 
Using Figs. 11 and 14 to Predict As-Quenched Hardness 


Rockwell C Units 
Surface vie Rad. \% Rad. Center 
Max. Min. ax. Min. Max. Min. Max. Min. 


Hardness error range (Fig. 8) +5 —13 +3 —2 +3 —6 +3 —9 
Hardness error range, oil-quenched 

steels of Table III +6.5 +0.5 +3 -4.5 +6 —6.5 +5.5 -—1i1 
Hardness error range, Martemp salt- 


t 
quenched steele af Table iL +14 42.5 +17 +0.5 +13.5 +1.0 +10 —1 
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Eight steels were obtained and treated as shown in Table III, 
with the resulting actual hardness and that predicted from Jominy 
bars using correlation Figs. 9 through 15. The errors resulting are 
summarized and compared in Table IV. It will be noted that the 
oil-quenched rounds fell approximately within the error limits of 
Fig. 8 but for the salt-quenched rounds, while the range of error 
was of the same order of magnitude, the actual hardness values lay 
primarily on the plus side, meaning the actual hardness was lower 
than the predicted hardness. It will be recalled that this same 
situation occurred with 1045 steel in Fig. 8. This indicates that the 
salt-quenched correlation curves apparently lie too close to the 
quenched end of the end-quenched bar. Sufficient data are not 
available to draw new and more accurate correlation curves at the 
present time. 


ANALYSIS AND INTERPRETATION OF DaTA 


The agreement between predicted hardness and actual as- 
quenched hardness with the above method varies from quite good 
to quite poor. An examination of the data was made to explain 
both of these conditions. The entire basis for trying to predict as- 
quenched hardness is the hope that a simple cooling criterion can 
be measured and conveniently presented which will determine the 
hardness in a quenched piece of steel. An examination of any factor 
aiding in this prediction is worthwhile. 

The Hardness Criterion: First an examination of hardenability 
curves shows certain types are conducive to good predicted hardness 
values. 

Fig. 16 shows the upper limit of the hardenability band for an 
AISI 8622H and the band for a 4340H steel. 

4340 Upper Limit—Curve A: If one were interested in selecting 
some correlation position on the end-quenched bar for predicting the 
hardness of a steel with high side hardenability, it is obvious one 
could select almost any position, and the maximum error in hardness 
which one could obtain would be 4 Rockwell C units. These struc- 
tures are predominantly martensite. 

4340 Lower Limit—Curve B: In the same manner, one could 
be in error by a maximum of only 5 Rockwell C units for any 
position up to about 16/16 inches. These structures are predomi- 
nantly martensitic. 

8622 Upper Limit—Curve C: Ina similar manner for the steel 
represented by curve C, there is a maximum difference of only 6 
Rockwell C units from 10/16 to 32/16 inches. These structures are 
predominantly pearlite and ferrite. 

Thus it is apparent that where the hardenability curve is rela- 
tively flat over#a considerable distance on the end-quench bar, the 
error in selecting the proper correlation position can be very large 
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Hardness —Rockwell "Cc" 


x — Upper Limit 4340H 
©o— Lower * 4340 H 
8622 H 
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Fig. 16—End Quench Hardenability Curves (4). 


without appreciably affecting the predicted hardness. Or, stating 
this in another way, if the hardenability is very high or very low, 
the prediction of a large portion of the hardness penetration curve 
can be made with relatively small error using a large range of cooling 
criteria. 

It is-only in the regions such as that from 1/16 to 10/16 inches 
on curve C that one will have a problem in selecting a criterion 
which will describe the transformation history with sufficient accu- 
racy that it will be useful in predicting hardness. Since the struc- 
tures in this partially hardened zone vary with the chemistry of the 
steel, an examination of the “S” curves for austenite decomposition 
rates at various temperatures is in order. 

An examination of “S” curves published by Rickett (5) et al 
on steels of the general type used in this investigation shows how 
the temperatures and rates of reaction vary with chemistry. Table V 
shows some of the isothermal reaction rates at several temperatures. 


Table V 


Isothermal Reaction Rates 
[Data Taken From “S” Curves (5)] 


TIME, SECONDS 


Temperature, 800 °F Temperature, 700 °F Temperature, 600 °F 
Steel Start 50% _ Finish Start 50% Finish Start 50% Finish 
8744 2 40 4.5 X 10° 5 70 1.5 X 10° 1.6 50 8.5 X 10? 
8949 12 7.5 X 108 45 X 10° 20 3.6 X10? 5 X 103 40 4X10? 3.5 X 103 
9442 2.5 50 iS X1 5 9 1 X 108 a 80 1.5 X 10° 
9540 10 2.7 X 10? 100 x 10°* 20 3.7 X10? 4 X 10% 40 5 X10? 7 X 108 


* = More than. nh 
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While it is well known that one has difficulty in accurately 
correlating continuous cooling and isothermal reaction, some useful 
trends are indicated. 

A comparison of steels 8949 and 9540 at 800 °F shows a case 
where the reaction starts slightly sooner in the 9540, reaches 50% 
completion in about one-third the time and takes very much longer 
to complete than does 8949. It is obvious a given amount of time 
in the region of 800 °F will produce different amounts of decompo- 
sition product in the two steels which will in turn produce different 
hardnesses. 

The isothermal diagram for 9650 is also pertinent, as it shows 
a fairly common feature where certain lower temperature products 
are softer than certain higher temperature ones. 


AISI 9650 Steel (5) 


Temperature of Transformation Hardness of Reaction Product 
1000 °F 36 Rockwell C 
900 31 Rockwell C 
800 36 Rockwell C 


It is interesting to note that the 900 °F product contains more ferrite 
than the 1000 °F product. 

Since the reaction rate and hardness is a function of composition 
and temperature, it indicates the Jominy bar and the quenched round 
must cool at the same rates during all temperature regions in which 
relatively fast reaction is occurring if good correlation curves for 
predicting hardness are to be obtained. 


SEGREGATION 


Transverse Segregation: Probably the most important factor 
which prevents a precise correlation from Jominy bar hardness to 
quenched round hardness in commercial steels results from trans- 
verse and longitudinal segregation. 

Fig. 5 shows the method used in this work to try to compensate 
for transverse segregation. It will be noted there is as much as 11 
Rockwell C units difference in hardenability between near surface 
and center. With this large spread in a 2%-inch round there is 
‘ always some question as to the exact extent of segregation at any 

point within a given round. One should not be surprised if equivalent 
quenched round and hardenability bar cooling positions showed as 
much as 5 Rockwell C units difference due to this cause alone. 

Longitudinal Segregation: When poor correlation between pre- 
dicted and actual hardness values was obtained, it was decided to 
check the effects of longitudinal segregation. Three more bars of 
9450 heat WLS5O were selected at random and hardenability bars 
were obtained in the same manner in Fig. 5. The bars were deep 
etched before locating the end-quench bar. A pronounced square 
pattern was observed in bar D which was absent in bars C and E. 
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Fig. 17—Longitudinal Segregation in 4 Bars of 9450 Steel. Heat WLSO. 
Hardness taken 1 inch from center of 24-inch round bars. 
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Fig. 18—Longitudinal Segregation in 4 Bars of 9450 Steel. Heat WLS0. Hardness 
taken at center of 24-inch round bars. 
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The hardenability curves for near surface and center for the four bars 
are shown in Figs. 17 and 18. It will be observed there is a differ- 
ence of as much as 4 Rockwell C units in surface and 10 Rockwell C 
units in center hardenability curves between different bars. 

While this effect of segregation is probably the most potent 
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Fig. 19—Theoretical Coaling Curves for 2-Inch Round. (Russell h =10) (Grossmann H =5). 
Binbealene violent brine quench. 
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Fig. 20—Average Cooling Time Curves for an End- Quenched Bar of 9447 Steel. Each 
point esas the time to cool from 50°F above the point to 50°F below the point. 





factor working against a precise correlation, there are some factors 
in cooling which are also important. 


THE CooLInG CRITERION 


If the cooling curve is of the type predicted by Newton’s law 
of cooling (assuming constant thermal diffusivity), such as those de- 
rived by Russell (6), the cooling rate continuously decreases with 
temperature, except at the very start of the quench, and the time to 
cool over any given temperature range T2—-Ts (see Fig. 19) describes 
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Fig. 21—-Comparison of Cooling Curves of a 2-Inch Round of 9450 Quenched in 50-Foot- 
per- -Minute Oil and Equivalent Jominy Bar Positions. 
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the thermal history for a given steel for a given set of quenching 
conditions. For example, all rates between T,—T>2 will be faster, and 
all rates below T.—-Ts; will be slower, than that over T2—-Ts. Simi- 
larly any other set of conditions producing a slower rate over T2-Ts 
will also produce slower rates above and below this latter range than 
were obtained under the initial conditions. 

Reference to Fig. 20 will show that cooling curves taken on a 
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Jominy bar of 9447 between 1/16 and 20/16 inches are of the general 
shape which meet the requirement of continuously decreasing cooling 
rate with temperature. 

Correiation of Cooling Characteristics Producing Similar Hard- 
ness: Since the Jominy bar is of greatest utility for comparing the 
depths to which various steels will completely or largely transform 
to martensite, a comparison of the cooling characteristics of quenched 
rounds of appreciable hardness and corresponding Jominy positions 
is desirable. 

Oil-Quenched Rounds: Fig. 21 shows a comparison of cooling 
rates of a 2-inch round of 9450 steel at 34 radius and center and the 
cooling curves for corresponding Jominy positions for this steel. It 
will be noted that the curves coincide quite well and the hardness is 
comparable. 

When one examines other cooling curves of rounds quenched in 
oil, the curves are often considerably different in shape from either 
the Jominy curves or the theoretical curves. See Fig. 22. It is 
immediately apparent that the cooling rate does not always continu- 
ously decrease with temperature. There is a temperature range 
under some conditions over which the cooling rate decreases and, 
at some lower temperature, the rate is increased. One might explain 
this on either or both of the assumptions that (a) a reaction is 
occurring which is causing heat evolution to delay cooling or (b) 
there is some phenomenon occurring at the metal-liquid interface 
which is delaying cooling. 

One can pursue this line of thinking somewhat farther and 
reason that, if the liquid-metal interface disturbance persists for a 
sufficiently long time to start a high temperature reaction, e.g., 
austenite to pearlite plus ferrite, the heat evolution occurring will 
tend to accentuate the delay. Since the liquid-metal disturbance 
undoubtedly occurs for a shorter time in quenching the standard 
Jominy bar than it’ does in oil quenching a round of appreciable size, 
i.e., 2 to 4 inches in oil of moderate velocity, i.e., less than 200 feet 
per minute, it is obvious that the cooling histories should not be 
identical. 

If the delay in cooling the round due to cooling medium dis- 
turbance is not sufficient to initiate a high temperature reaction, the 
criterion may well be the rate at which a given point cools through 
some lower critical temperature region. 

This line of reasoning is supported by Tables VI and VII. 
Table VI shows the hardness obtained in various steels in quenched 
rounds and Table VII summarizes the difference in hardness be 
tween samples heated in DX gas and those heated in air. 

It ‘will be observed that the steels which react primarily in a 
upper temperature regions (1045 and 9420) to produce low hard- 
ness, produce higher hardness when the quenched rounds are heated 
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Table VI 
Hardness Comparison of Scaled Versus Nonscaled Rounds 
Rockwell C Hardness——--——_——_-_—~ 
Oil Surface % Rad. 4 Rad. Center 
Size, Velocity Atmosphere 
Steel Inches ft/min. DX Air DX Air DX Air DX Air 
JR35! 3 0 44 31 30 26 30 28 29 26 
50 44 40 30 30 30 30 30 29 
200 48 46 31 31 31 31 30 32 
750 52 45 34 32 32 33 32 31 
JR35 2 200 56 51 36 36 35 33 34 33 
WLS0O? 2 0 59 59 57 52 57 51 52 44 
50 59 59 57 56 57 51 54 44 
JR453 4 0 51 46 38 33 37 30 36 25 
50 55 52 39 36 39 37 37 32 
200 57 52 42 36 43 35 36 31 
1045 1 200 20 19 17 18 14 15 13 13 
1500 51 53 29 28 23 23 20 20 
200* 20 24 18 23 15 19 14 15 
Rockwell B Hardness —-—————————_—~ 
JR204 1 50 99 ae 93 96 93 95 93 94 
200 100 104 97 99 96 97 94 95 
*=Spiraling flow 
1AISI 9435 
2AISI 9450 
SAISI 9445 
4AISI 9420 








Table VII 
Hardness Comparison of Nonscaled Versus Scaled Rounds 


Rockwell C Units 
Hardness Difference 





Size, Oil Velocity Nonscaled Minus Scaled Hardness 
Steel Inches ft ‘min. Surface % Rad. \% Rad. Center 
JR35! 3 Still +13 +4 +2 +3 
JR35 3 50 +4 7) 0 +1 
JR35 3 200 +2 0 0 —2 
JR35 3 750 +7 +2 —1 +1 
JR35 2 200 +5 0 +2 +1 
WLS0? 2 50 0 +1 +6 +10 
WLS5O 2 0 0 +5 +6 +8 
JR45! 4 0 ~8 +5 +7 +11 
JR45 4 50 +3 +3 +2 +5 
JR45 4 200 +5 +6 +8 +5 
1045 1 200 +1 —1 —I 0 
1045 i 200* —4 —-5 ° —4 —! 
1045 1 1500 —2 +1 0 0 
—————————- Rockwell B — 
JR20¢ i 50 ask —3 —2 —1 
JR20 i 200 —4 —2 —1 -1 
* =Spiraling 
'‘AISI 9435 
2AISI 9450 
SAISI 9445 
‘AISI 9420 





in air and are somewhat scaled. The higher hardenability steels 
(9437, 9445, and 9450) give somewhat higher as-quenched hardness 
when the rounds are not scaled. 

An examination of Fig. 23 explains the above observation. The 
nonscaled rounds of 9450, a relatively high hardenability stéel, cool 
more slowly than the scaled rounds down to some temperature about 
1200 °F. Below this temperature the nonscaled rounds (a) cool 
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Fig. 24—Effect of Surface oa on Cooling Curves of 1-Inch Round of 9420 Steel 
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more rapidly and, (b) as the hardness indicates (see WL50, Table 
VI), transform to something more than 80% martensite. The re- 
tardation in cooling shown between 1300 and 1200°F for the % 
radius position of the scale-free rounds must be due to the metal- 
liquid interfacial disturbance. Apparently this delay was not suffi- 
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Fig 
a 1- conk Round Quenched in Oil at 200 Feet per Minute Using Time to Cool From 
1350-T °F. 


ciently long nor in the right temperature range to cause appreciable 
transformation to softer constituents for the steel. 
Fig. 24 shows similar cooling curves for l-inch rounds of 9420 
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Fig. 27—Effect of Alloy Content on Time to Cool 1350-T °F for 1-Inch Round, 
Heated in Air and Quenched in Oil at 200 Feet per Minute. 


5 
Note -Small Numbers on 
Curves ore "J" Distances 


Temperature T -°F 





10 20 30 40 50 60 70 80 90 
Time to Cool 1350°F -T (Seconds) 
Fig. 28—Effect of Alloy Content on Jominy Bar Cooling Curves. 


quenched in 200-foot-per-minute oil and it will be noted that the 
delay is now sufficiently long in the higher temperature regions that 
the over-all cooling time to 300 °F is longer in the case of scale-free 
rounds than is the case for scaled rounds. Reference to Fig. 23 
shows this over-all cooling time to 300°F is opposite to that ob- 
served in the 9450 steel and explains why scaled rounds of low 
hardenability materials are harder than scale-free rounds, whereas 
in higher hardenability materials the scale-free rounds are harder 
than scaled rounds. 

The effects of surface condition and chemistry of quenched 
rounds on the correlation end-quench bar positions for 1-inch rounds 
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quenched in 200-foot-per-minute oil are shown in Figs. 25 and 26. 
These curves show the positions on the end-quench bar which have 
the same cooling time as the l-inch rounds from 1350 °F to various 
terminal temperatures. It will be observed that the steels of different 
chemistry do not correlate at the same position, which would be 
necessary if one set of correlation charts were to serve for all steels. 
Furthermore, if the end-quenchéd hardenability bar duplicated the 
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cooling in a quenched round, the curves would be vertical ; that is, a 
given position on the end-quenched bar should cool in the same man- 
ner as some given position in the quenched round. This is obviously 
not the case, though it is more nearly so for the alloy steel than it is 
for the carbon steel. 

An analysis of why the 1045 steel lies to the right of the 9445 
in Figs. 25 and 26 is interesting. Fig. 27 shows the effect of com- 
position on time to cool from 1350-T for 1-inch rounds quenched in 
200-foot-per-minute oil. It will be observed the 1045 cools slower 
down to all values of T to about 500°F. This is probably due to 
the heat evolution resulting when austenite transforms to pearlite 
plus ferrite. 

Fig. 28 shows the effect of composition on cooling time for 
Jominy bars and now it will be observed that 1045 cools faster from 
1350 °F to all temperatures down to 500 °F between 3/16 and 14/16 
inches. Beyond this 14/16-inch position the 1045 cools slower at 
first and more rapidly later on than does the alloy steel. See 20/16 
and 24/16-inch positions in Fig. 28. The curves at these distances 
remote from the quenched end behave in a similar manner to the 
quenched rounds, but at these positions the entire cooling curve on 
the end-quench bar is much farther out on the time axis than is the 
l-inch round of 1045 quenched in 200-foot-per-minute oil. 

Now since the alloy steel quenched round cools faster, and the 
Jominy bar cools slower than 1045, it is obvious in Figs. 25 and 26 
that the correlation positions for the alloy steel must lie closer to 
the quenched end. 

Previous work has shown that published correlation charts are 
useful for quite a wide range of steels, especially when they are 
cooled in a manner which produces an appreciable amount of mar- 
tensite in the as-quenched structure. This would indicate chemistry 
is not as important for harder structures as Figs. 25 and 26 seem to 
show. 

The effect of increasing the oil velocity to 800 feet per minute 
has the effect of bringing the correlation positions for steels 9445 
and 1045 much closer together, as shown in Fig. 29. 

Fig. 30 shows ancther example of how the end-quench cooling 
curves do not reproduce actual cooling. The center cooling curve 
for a l-inch round of 1045 quenched in 1500-foot-per-minute oil is 
compared with slower and faster cooling curves from the end- 
quench bar. The end-quenched bar curves have been displaced on 
the time ordinate to coincide with the quenched round curve at 1400 
°F. It is obvious that the curves are not coincident. 

Summarizing these data, it is concluded: 

1. The position on the J-bar having the same cooling time from 
1350 °F to T as a given position in a quenched round varies with 
chemistry, surface condition and the temperature interval of interest. 
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Fig. 31—Comparison of Cooling of 3-Inch Round of 9435 Steel Quenched in 135-Foot- 
per-Minute Martemp Salt and Equivalent J-Distance. 


2. There is a pronounced effect of chemistry and surface con- 
dition on the correlation position. This is greatest in the higher 
temperature regions. 

From the foregoing data and theory, it can’ be concluded that a 
precise correlation between end-quenched bars and quenched rounds 
having equivalent cooling positions must include as parameters: 

1. Surface condition. 

‘2. Chemical analysis of steel. 

3. Coolant characteristics. 

It appears that the cooling criterion used must vary with the 
type structure of interest for correlation. For example, if one wishes 
to correlate quenched rounds and Jominy bars at a position where 
there are appreciable quantities of pearlite and ferrite, the most pre- 
cise cooling criterion will be different from that at a position where 
the structure consists of martensite and lower bainite. 

Molten Salt-Quenched Rounds: For rounds quenched in molten 
salt at 400 °F, the agreement in cooling history with various positions 
on the end-quenched bar is fair, at least for hardnesses above about 
25 Rockwell C, which was the lowest produced in this investigation. 
There seems to be a trend for the salt-quenched round to cool a 
little faster in the higher temperature regions and a little slower in 
the lower regions than does a Jominy bar position having the same 
cooling time from 1350 to 900 °F. See Figs. 31 and 32. It will be 
observed that the curves do not correspond completely. 

Referring to Table III, it will be noted that the salt-quenched 
rounds are softer than predicted from the correlation charts. Since 
the hardness indicates most of the reaction products formed at the 
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Fig. 32—Comparison of Cooling of 3-Inch Round of 9435 in 35-Foot-per-Minute 
Martemp Salt at 400°F and 16/16-Inch J-Distance. 


lower temperatures, the greater cooling speed of the end-quench bar 
in these lower temperature regions would tend to produce a higher 
hardness than found in the salt-quenched rounds. 

Correlation With Previous Curves: Curves showing the relation 
between quenched round and Jominy bar position as calculated by 
J. L. Lamont (2) were used to see which correlation curves would 
give better hardness prediction. Lamont’s curves are obtained by 
equating the “half temperature” time of the Jominy bar as derived 
by Asimow, Craig and Grossmann (3) to the half temperature time 
of curves of quenched rounds calculated by Russell (6). These latter 
curves are based on Newton’s law of cooling and “the thermal values, 
notably the thermal diffusivity, are assumed to be constant at all 
temperatures and no account is taken of heat which may be absorbed 
or evolved by phase changes during the heating or cooling of the 
steel’ (4). 

Since more complete and useful data were available with steels 
quenched in oil at 200 feet per minute, these data were used for 
comparison with Lamont’s curves. “H” values were computed by 


Table VIII 


“H” Values Computed by Lamont’s (2) Method 
Oil Flowing 200 Feet per Minute 


Size, 
Steel Inches Scaled Bars Scale-Free Bars 
4047 34 0.4 0.4 
8642 1% 0.35 0.35 
8645 2 0.2-0.4 0.3-0.5 
5145 2 0.5 0.5 
5145S 2 0.4 0.4 
9450 2 0.3-0.75 
H 0.2-0.5 0.3-0.75 
eo 0.4 0.5 
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Table IX 
Comparison of Error in Hardness 


Prediction— 
Scale-Free Rounds Quenched in Oil at 200 Feet per Minute 
Range of Error—Predicted Minus Actual Hardness 











Size, seer s Method——. From Fig. 11 

Steel Inches % Ra % Rad. Center % Rad. \% Rad. Center 
9435 3 +2. . 0 —1.5 +2.0 —1.5 —2.0 
9435 2 +2.5 —0.5 —3.5 +6.0 +1.5 —3.5 
1045 1 +8.0 +7.0 +7.0 +8.0 +8.5 +6.0 
9445 4 —1.0 —5.0 +1.0 —1.0 —6.0 0 

9450 2 —0.5 —1.0 —4.5 0 —1.0 —5.0 
8642 1% 0 —1.0 —1.0 0 0 —2.5 
8645 2 +1.0 +5.5 +5.0 +1.0 +5.0 +4.5 
5145 2 —1.0 —1.5 
5145S 2 0 0 

4340 4 +1.5 +0.5 +2.0 +1.0 0 +9.5 








Lamont’s method and are shown in Table VIII. It will be noted 
that there are some variations from steel to steel. It will also be 
observed that the spread in H values on 9450 steel are quite broad. 
The extremes of these values were obtained by using the high and 
low center hardenability curves of Fig. 18 for the determination of H. 
Thus, in using Lamont’s method, if one made an unfortunate choice 
of hardenability bars, there could be a two-fold error due to longi- 
tudinal segregation, viz. (a) A wrong value for H might be pre- 
sumed and (b) when using this H value for predicting the hardness 
on a second steel, the predicted hardness could also be in error by 
the amount of longitudinal segregation prevailing in the second steel. 

To compare the accuracy of the Lamont method with the cor- 
relation curves developed from these data, an H value =0.5 was 
used for scale-free bars and the hardness errors produced by using 
the two methods are summarized in Table IX. It will be noted that 
the order of error is the same by each method, with slightly less range 
in using the Lamont curves. The use of H=0O.5 was checked 


against errors obtained by assuming H = 0.35 and H = 0.70. When’ 


this was done it was observed that errors using H = 0.7 were more 
positive and errors using H = 0.35 were more negative than when 
H = 0.5; hence, this 0.5 value of H was near the position of mini- 
mum error. Though there is some difficulty in determining which 
value of H should be used, an error of +0.1 H, when H is near 0.5, 
gives values of a$ good accuracy as the present curves. 

Though the accuracy of the correlation curves presented in Figs. 
9 to 15 is not better than the curves calculated by Lamont, the 
authors feel there are a large number of metallurgists who will find 
the curves in this paper very useful because they are described in 
terms most familiar to the average practicing metallurgist. 


SUM MARY 


From time to time there has been considerable pressure to 
develop more precise charts for the prediction of as-quenched hard- 
ness in engineering alloy steéls. This work was begun with that 
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objective in mind. In the light of these data an appraisal of the 
probable fruitfulness and direction of further work in this direction 
is in order. 

If further work were done, the effects of the parameters of 
surface conditions, chemical analysis, coolant characteristics and 
probably end austenite reaction products would need to be evaluated 
if a more precise correlation were to result. 

While it might be argued that the use of more homogeneous 
material in this present work might have produced less hardness 
error for the steels shown in Fig. 8, the authors of this paper feel 
that no great practical advantage would have been served, since the 
correlation charts would ultimately be used to predict the perform- 
ance of commercial steels which are subject to transverse and longi- 
tudinal segregation effects of the magnitude of the steels used in this 
research. 

Since the use of curves shown in Figs. 9 to 15 and similar ones 
such as those of Lamont (2) give errors equal to or less than those 
which result due to segregation effects, the authors feel that an exact 
determination of the effects of all variables involved will not be of 
great practical utility. In other words, from the practical engineering 
standpoint there are enough uncontrolled variables in the present 
state of the art of manufacture and heat treatment of steel to make 
further work along this line appear to be of doubtful practical value, 
although the authors are fully cognizant of the value of any work 
which tends to help in the understanding and possible control of the 
variables involved. 

The conclusions to be drawn from the present work are: 

Quenched round, end-quench bar correlation charts are pre- 
sented for AISI 9400 medium carbon steels using the time to cool 
from 1350 °F (730 °C) to some temperature T which gave minimum 
hardness error in predicting hardness in quenched roumits from end- 
quench hardness data. 

2. These curves give about the same order of accuracy as do the 
curves of Lamont (2) when a value of H giving minimum hardness 
error is determined. 

3. Where hardenability curves are relatively flat, good correla- 
tion is to be expected with moderate errors in selection of a proper 
cooling criterion. 

4. Transverse and longitudinal segregation are sufficient in 
commercial steels to prevent a precise prediction of as-quenched 
hardness. 

5. End-quench hardenability cooling curves do not reproduce 
the cooling found in oil-quenched rounds when there is appreciable 
pearlite and ferrite formed in the structure. 

6. It is postulated that conclusion 5 is so because a liquid-metal 
interface disturbance occurs in oil-quenched rounds at a time when 
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the reaction to pearlite and ferrite is relatively fast and the two 
phenomena are complementary and combine to accentuate a halt in 
the cooling curve above 1200 °F (650°C). This condition does not 
exist in an end-quenched bar. 

7. When the austenite decomposition reaction occurs at lower 
temperatures, the agreement in shape between Jominy bar position 
and equivalent quenched round position is quite good in many cases. 

8. Steels of different chemistry do not have identical correlation 
positions on the end-quenched bar. 1045 correlates at higher dis- 
tances from the quenched end than does 9445. This is due to the 
fact that when pearlite is formed in a 1045 1-inch round, while mar- 
tensite is being formed in 9445, the 9445 cools faster than 1045 in the 
oil-quenched bars, whereas in the end-quenched bars, 9445 cools 
slower than 1045 in regions of most likely correlation. 

9. Correlation curves must include as parameters: (a) surface 
condition ; (b) chemical analysis of steel; (c) coolant characteristics. 

10. Rounds quenched in Martemp salt tend to cool faster in 
high temperature regions and slower in low temperature regions 
than do corresponding end-quench bar positions. 

11. In general, scaled rounds cool faster in upper temperature 
regions and scale-free rounds cool faster at lower temperatures. 
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DISCUSSION 


Written Discussion: By G. K. Manning, Battelle Memorial Institute, 
Columbus, Ohio. 

The authors are to be complimented on carefully performing a num- 
ber of very difficult tests. The results of their experiments indicate that 
a good many metallurgists have been attempting to make too general an 
application of the end-quench hardenability test. Metallurgists have 
superimposed on the end-quench chart a scale supposed to indicate equiv- 
alent positions in various-sized rounds and squares; such a scale has been 
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assumed to be independent of the steel employed. The authors show 
rather conclusively that such a scale is not independent of the steel used 
and, in this, they are in agreement with the less complete work performed 
previously by other investigators. 

The fact that a satisfactory scale, applicable to all grades of steel, 
cannot be constructed does not mean that the end-quench test is useless. 
It still should be valid to correlate the center hardness of a particular 
part quenched in a particular manner with a position on the end-quenched 
bar. However, it must be understood that this position on the end- 
quenched bar is a function of the steel as well as the size of the part and 
the quenching medium. If, then, it becomes necessary to change from 
one type of steel to another, a new correlation should be made. It is very 
likely that the correlating end-quench position will be somewhat different 
for the new steel. 

Many steel consumers are currently being forced to change from one 
type of alloy steel to another containing lesser amounts of strategic ele- 
ments. The paper is, therefore, particularly timely and should serve as a 
warning that a quick shift from one steel to another having the same 
hardenability curve may cause some difficulties. However, a change from 
one grade of steel to another certainly can be made if parts rather than 
end-quench bars are used for the preliminary tests. 

Written Discussion: By William Wilson, Jr., research metallurgist, 
Armour Research Foundation, Chicago. 

The authors have presented a very interesting and novel method for 
developing a correlation to predict the hardness distribution in quenched 
rounds from the hardenability test results. Their method is designed to 
obtain a minimum discrepancy between the predicted and the actual hard- 
ness values by using the time to cool through an experimentally deter- 
mined temperature interval as the basis of correlation. 

Fig. 8 in the paper presents the method of minimizing the predicted 
hardness discrepancies by selecting a terminal temperature, but the bene- 
fits of the method may be lost, in part, by the inclusion of two inherently 
different quenching media. In the oil quenching of large rounds, the vapor 
blanket and nucleate boiling stages will persist long enough to affect the 
cooling curves in the temperature interval used for correlation. Even in 
salt quenching, where these early quenching stages are absent, cooling 
times identical with those in oil quenching can be found, but the cooling 
curves may be significantly different. 

In Fig. 8 it is assumed that the terminal temperature is a function 
only of the chemistry and the relative position in the quenched round. 
As an alternative, either the diameter of the round or the correlated posi- 
tion on the hardenability bar could be selected as a parameter instead 
of the relative position. The selection of a terminal temperature to mini- 
mize the predicted hardness errors for the surface correlation of SAE 1045, 
on the basis of the relative position, would present a difficult problem. 

It appears obvious that the hardness of some positions in quenched 
rounds can be predicted with more assurance than others. Fig. 21 gives 
two examples where truly equivalent cooling conditions can be said to 
exist, ice., “Equivalent cooling conditions exist only when the cooling 
curves may be superimposed between the upper critical temperature or 
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the solution temperature—whichever is the lower—and the M, tempera- 
ture.” . 

In those cases where the above definition of equivalent cooling con- 
ditions cannot be satisfied, it is necessary to accept additional risk in our 
predicted hardness values by using a criterion derived from the above by 
making simplifying assumptions. The criterion adopted by the authors is 
one; cooling rate at 1300°F and hardness are two other commonly ac- 
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Fig. 33—Comparison of Fig. 11 With Lamont’s Correlation. 


cepted criteria. All of these derived criteria are satisfied simultaneously 
when the definition is applicable. 

Users and future investigators of these correlations would probably 
be interested to know in what general areas the simplifying assumption 
was required. 

Inasmuch as Table III confirms only the correlations of Figs. 11 and 
14, the authors might care to add a statistical summary of their tests 
confirming the other correlations. 

On comparing the authors’ correlations for rounds heated in D.X. 
gas, Fig. 11, with Lamont’s (2) correlation for H = 0.5, I find some rather 
large differences, Fig. 33. The surface correlation of the authors lies to 
the left of Lamont’s, diverging to a point ¥% inch closer to the quenched 
end for a 4-inch diameter bar. All of the results shown in Table III for 
this correlation show the predicted hardness in excess of the actual sur- 
face hardness, but no comparable data can be found for Lamont’s cor- 
relation. 

The other curves in Fig. 11 become tangent to Lamont’s correspond- 


“William Wilson, Jr., ““A Hardenability Test for Deep Hardening Steels”, Transac- 


tions, American Society for Metals, Vol. 43, 1951, p. 454. 
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ing curves at a diameter of 2 inches. At diameters greater and smaller 
than 2 inches, the authors’ correlations diverge from Lamont’s curves to 
greater distances from the quenched end. Obviously, because of the cool- 
ing characteristics of the end-quench bar, the discrepancies of these 
correlations are much more important for small than for large diameter 
rounds. Table IX includes comparisons, primarily, for 2-inch diameter 
rounds, and none for rounds smaller than 1 inch, and is therefore not a 
critical test of the two correlations for the above reason. 

The last stage of oil quenching and, perhaps, the only stage in salt 
quenching are good examples of heat transfer by forced convection. In 
the design of this apparatus, the Reynolds number and the equivalent 
hydraulic radius should have been considered to avoid a variable severity 
of quench from these factors alone. Some of the discrepancies between 
the authors’ and Lamont’s correlations might originate from a variable 
severity of quench caused by neglecting the effect of bar diameter on 
these fattors. 

I would be interested to know if it is suggested that these correla- 
tions can be applied in operations where the quenching media are not 
flowing past the round in an annulus, e.g., highly agitated tank quenching. 

Written Discussion: By Carl M. Carman, metallurgist, Pitman-Dunn 
Laboratories, Frankford Arsenal, Philadelphia. 

Messrs. Weinman, Thomson and Boegehold are to be congratulated 
for the fine time-temperature work shown in this paper. Experimental 
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ao 34—Time-Temperature Relationships of the Above Steels for 
the %-Inch Position of the Jominy Specimens. 
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work now being performed at Frankford Arsenal shows that the tech- 
nique necessary for accurate results is not easy to master. 

It is rather unfortunate that a 3-inch long Jominy specimen was 
used for their investigation rather than the standard 4-inch long speci- 
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men. The effect of lengthening the Jominy specimen is to increase the 
cooling times along the specimen. This increased length also permits 
significant hardness readings to be taken for a greater distance from the 
quenched end without the cooling times being measurably affected by 
radiation from the air-cooled end. These conclusions are borne out by 
theoretical calculations and experimental results. The calculated values 
and experimental results are shown in Figs. 34 and 35. 


o——© 18-8 FA. 4" Specimen 
2—1 9445 GMC 3" Specimen 


Temperature °F 





Cooling Time in Seconds 


Fig. 35—Time-Temperature Relationships of the Above Steels for 
the %-Inch Position of the Jominy Specimens. 


The Frankford Arsenal specimens were 1 inch by 4 inches and were 
drilled longitudinally at the midradius point for insertion of the thermo- 
couple. 

All of these curves show more rapid cooling for the 3-inch long speci- 
men quenched at General Motors. It will be observed that the tempera- 
ture difference between the theoretical and experimental curves for both 
the Frankford Arsenal and General Motors specimens is essentially the 
same (Fig. 34). 

Messrs. Weinman, Thomson and Boegehold’s attempts to develop a 
correlating parameter are a modification of Grossmann’s® earlier work 
on the half-temperature time. Their efforts show that better correlations 
are obtained if the isothermal transformation characteristics of the steel 
are considered. In other words, a higher correlating temperature is used 
for a steel whose limiting hardenability is in the bainitic range. These 
correlations are particularly interesting in view of the fact that they 
contain martempering results in which the final temperature is 400 °F 
rather than 70°F which is the usual temperature for oil and water 
quenching. 





8M. Asimow, W. F. Craig and M. A. Grossmann, “Correlation Between Jominy Test 


and Quenched Round Bars”, Journal, Society of Automotive Engineers, 1941. 
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The observed phenomenon of delayed cooling in the high temperature 
regions for large oil-quenched rounds is in agreement with the variations 
in the quenching factor, H, described by Carney and Janulionis.* It was 
reported that the effective H of the quenching medium decreases with an 
increase in the diameter of the quenched round due to the first stage or 
vapor blanket effects. Apparently, these effects are sufficient to permit 
some isothermal transformation to occur. This isothermal transforma- 
tion liberates additional heat which tends to prolong this first stage of 
quenching. 

The more rapid quenching observed for the scaled samples is in 
agreement with the results of Sato.® Sato observed more rapid quenching 
at the higher temperatures when the steel was coated with a refractory 
material than when scale-free. This effect was attributed to the ability 
of the refractory material to break up the vapor blanket surrounding the 
specimen, thereby increasing the rate of heat transfer. 

Written Discussion: By Gerrit DeVries, metallurgist, U. S. Naval 
Ordnance Test Station, Pasadena, Calif. 

The exact correlation between the hardness obtained on an end- 
quenched bar with the hardness in various size rounds quenched in vari- 
ous ways is not possible as shown by the authors. In addition to the 
reasons given by the authors for the lack of exact correlation might be 
added the effect of stresses formed during quenching on the rate of trans- 
formation. It is well known that tensile stresses hasten the transforma- 
tion of austenite. The center of a small round bar, air-cooled, and the 
center of a large round bar, water-quenched, might have identical times 
to cool to some particular temperature, but the stresses developed during 
cooling would be quite different. Only low stresses would be developed 
in the center of the small air-cooled round while high stresses would be 
developed in the center of the large water-quenched round. The stresses 
developed in an end-quenched bar are relatively low and therefore even 
if a particular position on an end-quench bar had the same cooling curve 
as an area in a quenched piece, the stresses might not be the same and 
therefore the amount and kind of transformation occurring might not 
be the same. Manning® has shown that a difference of as much as 15 
Rockwell C points between the predicted hardness and the actual hard- 
ness could be obtained due to the stresses set up during quenching. This 
effect would be in addition to the effect of residual stress on the hardness 
measurement discussed by the authors. 

Written Discussion: By Dr. D. J. Carney, chief development metal- 
lurgist, United States Steel Company, South Works, Chicago. 

Messrs. Weinman, Thomson and Boegehold are to be congratulated 
for presenting the results of a careful study of hardness and cooling 
rates in rounds and end-quenched bars. The data and conclusions reached 
by these authors were particularly interesting to the personnel of the 


4D. J. Carney and A.. D; -Janulionis, “An Examination of the Quenching Constant, H”, 
Transactions, American Society for Metals, Vol. 43, 1951, p. 480. 


5S. Sato, Science Reports, Tohoku Imperial University, Vol. 21, 1932. 


. K. Manning, “End Quench Hardenability Versus Hardness of Quenched Rounds”, 
MetaL Procress, Vol. 50. No. 4, October 1946, p. 647. 
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South Works Metallurgical Laboratory, since we recently have obtained 
results of a similar nature. 

A few years ago, a program was organized at South Works to inves- 
tigate the cooling behavior of quenched rounds of various grades of steel. 
A part of this work was published last year by the American Society for 
Metals.’ This paper was concerned solely with the behavior of the Gross- 
mann quenching constant, H. An evaluation of the severity of quench 
is a necessary factor for practically all hardenability correlations involv- 
ing end-quenched bars and quenched rounds or flats. Additional work 
on the quenching behavior of various grades of steel has been completed 
and at present the investigation is concerned mainly with a correlation 
of cooling rates and hardness in rounds and end-quenched bars. It is 
hoped that a summary of this work will be published in the near future. 

Since our recent work is quite similar to that of the present authors, 
a comparison of the data is in order. We have measured cooling rates 
and hardness in end-quenched bars and in various size rounds from % to 
3 inches in diameter. The scale-free rounds were manually quenched 
in circulating water and oil, and the oil and water flow in quenching varied 
from approximately 200 to 500 feet per minute. The grades studied have 
been 1080, 8620, 4340 and 8660. In the selection of the commercial steels, 
care was taken to choose materials with a minimum of chemical segrega- 
tion. This differs from the choice of the present authors. While we 
agree with the authors that, ultimately, correlation charts must be used 
to predict performance of all commercial steels, we feel that the first step 
in the attainment of more precise hardness correlation charts must be 
done by studying the effects of the known variables either individually 
or by limiting the variables. 

The correlation charts developed in the present paper were drawn 
from data obtained on medium carbon 9400 steels. The medium carbon 
steel used in our work was 43840. Fig. 36 shows a comparison of the 
end-quench cooling data for 4840 and the 9445. In Fig. 37 are shown the 
data for 4340 which correlate rounds with end-quenched bars having the 
same cooling time.. This figure compares with Figs. 11 and 12 of the 
present paper. Fig. 38 shows our data for 4340 plotted in the same man- 
ner as Fig. 8 of the present paper. Significant differences are shown in 
this latter figure. First, our data show a positive correlation over the 
whole temperature range; second, there is no effect of terminal tempera- 
tures; and third, there is an apparent effect of size of round. In regard 
to the hardness levels of the rounds being consistently equal to or softer 
than the end-quenched bar for equivalent cooling times, we note that in 
general the data of Weinman, Thomson and Boegehold show this same 
trend both in Fig. 8 and in the data of Table III. The larger size rounds 
of Table III are almost all positive in correlation, whereas the smaller 
size rounds tend to have more negative correlations. In the absence of 
a complete tabulation of cooling time and hardness for all the rounds 
quenched by the authors, we feel that the negative correlation observed 
by them is caused largely by chemical segregation. 

We have observed that in general for all the grades which we have 


7D. J. Carney and A. PD, Jaouitens “An Examination of ~ poeins Constant, H”’, 
Transactions, American Society for Metals, Vol. 43, 1951, p. 
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Fig. 37—Correlation Curves for Identical Cool- 
ing Times in End-Quench Bar and Quenched Round 
Bars, Oil-Quenched Manually. 


studied, the round hardness is equal to or less than that of the end- 
quenched bar for equivalent cooling rates or cooling times. The reason 
for this is being investigated further. A comparison of cooling rates and 
hardness in one size round as compared to another size of the same grade 
is helpful in this work. We would like to suggest this possibility to the 
authors. When one compares round against round, rather than end- 
quenched bar against .round, the variable of the geometry of specimens 
is lessened. Our work to date leads us to believe that some factors other 
than chemistry, surface condition and cooling rate are affecting the hard- 
ness of quenched rounds. . 
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wmOnm AoW O 


In order that we might better compare our data with the present 
data, we would like to obtain the following information: 

1. A more complete tabulation of the hardness and cooling times in 
all of the rounds quenched. 

2. Why was the cooling time from 1350°F-T most convenient? 
What about the time from 1500 °F-T or the quenching temperature to T? 

3. What method was used in attaching thermocouples to the end- 
quenched bars? How were the bars placed in the jig? 

4. What was the reproducibility of the end-quench cooling data? 

5. How was the beginning of quench obtained? 

6. Was the extent of transverse and longitudinal segregation deter- 
mined chemically? 


Authors’ Reply 


We wish to thank the discussers for their comments. 

In regard to Mr. Manning’s comments, we wish to point out that the 
closer the center of the part approaches 100% martensite on the quench, 
the greater will be the ease of predicting the as-quenched hardness from 
the end-quench hardenability bar. 

We made attempts to separate oil and salt quenching in the same 
manner as Mr. Wilson suggests, but because of the meagerness of the 
useful data on salt quenching we were not able to arrive at a more useful 
criterion. With respect to Mr. Wilson’s comment that the predicted 
surface hardness is in excess of the actual surface hardness, we do not 
feel too great significance can be attached to surface hardness readings 
because of the possibility of decarburization, especially in the longer heat- 
ing times required for the lafger sized rounds. 
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We believe field experience will prove to what extent these curves can 
be successfully used for predicting as-quenched hardness in nonannular 
quenching. In two isolated instances of manual quenching at approxi- 
mately 200 feet per minute the curves gave reasonably good predicted 
hardness. 

With regard to Mr. Carman’s remarks concerning the slower cooling 
observed in the 4-inch specimen at the Frankford Arsenal, we presume 
the 18-8 material is 18 chromium-—8 nickel austenitic stainless and its 
cooling rate would be lower than for 9445. Russell and Williamson® 
showed this effect about six years ago. 

While no comparative cooling data are available on 3 and 4-inch end- 
quench specimens, it has been the rather general experience that harden- 
ability curves for a given steel are the same out to 2% inches for both 
specimens, indicating little difference. in cooling over this part of the bar. 

We are in agreement with the comments of Mr. DeVries. 

Dr. Carney’s remarks and data are very pertinent and timely. The 
data in Fig. 38 showing the independence of hardness prediction on cooling 
criterion are interesting. The center correlation position for the 2%4-inch 
round from Dr. Carney’s Fig. 37 is about 10/16 inch. The hardness at 
this position on the bottom side of the 4340 H-band is only 1 Rockwell C 
unit less than the hardness at the ys-inch position, indicating there has 
been essentially very little transformation to products other than mar- 
tensite. We wonder if this condition would not be more favorable to an 
independence with cooling criteria than it would be in the case of a steel 
in which most of the structure is composed of higher temperature decom- 
position products. In support of this there seems to be more dependence 
in the 3-inch rounds which probably did not harden to martensite through- 
out. Dr. Carney attributes the negative values in predicted hardness 
minus actual hardness to chemical segregation. It is worthwhile to point 
out here that there is some evidence, such as shown by E. H. Bucknall,’ 
that hardenability variation cannot always be explained by variations in 
chemical analysis, at least for the main alloying elements and impurities 
usually determined. 

The answers to Dr. Carney’s six question are: 

1. Since the complete tabulation of hardness and cooling times is 
rather voluminous, we are sending these to Dr. Carney as requested. 
The cooling time from 1350°F-T was selected because this is 
the temperature range of most interest, since austenite decompo- 
sition occurs most rapidly in the range below 1350°F (730°C). 

3. The end-quench specimen used was the 3-inch long, plain end, 
hardenability test bar with screwed-in adapter. 22-gage chromel 
and alumel thermocouple wires were spot-welded to the surfaces 
of the specimen along lines scribed at the desired distances from 
the water-cooled end. Each hardenability test bar was prepared 
with four thermocouples at different distances from the quenched 
end. The screwed-in adapter was extended by a 1-inch diameter 


bo 


ST. F. Russell and J. C. Williamson, ‘Surface Temperature Measurements During the 
Cooling of a Jominy Test-Piece”, Symposium on the Hardenability of Steel, The Iron and 
Steel Institute, p. 34. 

*E. H. Bucknall, “A Note on the Effect of the Location of the Test-Piece on the 
Jominy Hardenability of Billets”, Symposium on the Hardenability of Steel, p. 120-129. 
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by %-inch thick disk and by a long ¥¢-inch diameter stainless steel 
rod which served as a thermocouple and specimen support. The 
specimen was lifted from the furnace by this rod and placed in the 
fixture and quenched. Alignment of the specimen during the 
quench was maintained by clamping the rod to a fixture on the 
hardenability tester. 

4. The reproducibility of end-quench data for the 3-inch long bars is 
shown in the following tabulation: 


Steel Heat Treatment 


9445 Quenched and requenched from 1500 °F 
9420 Quenched and requenched from 1650 °F 
Time to Cool Time to Cool 
, 1350 to 900 °F 1350 to 500 °F 
Times Wire 7-———Distance From Quenched End, Inches———, 


Steel Specimen Quenched Gage 1/16 2/16 3/16 4/16 1/16 2/16 4/16 


9445 A 1 22 0.7 1.8 3.9 6.5 nies andes 
B* 1 22 0.7 2.0 3.8 6.6 ce vine 
2 22 0.7 1.9 3.8 6.5 eee Pese 
4 22 0.6 1.6 3.3 5.7 ast cia 
9420 E 1 22 1.1 1.7 6.3 4.4 16 39 
2 2 0.7 1.6 6.4 4.5 16 40 
D 1 22 0.8 1.8 ies 5.2 15 ‘> 
2 22 0.6 1.6 4.9 15.9 
Cc 1 22 0.6 1.6 4.2 15.8 
2 22 0.6 1.6 3.8 14.6 
D 1 28 0.8 1.6 4.8 15.8 
2 28 0.5 1.5 4.4 15.2 
Cc 1 28 0.6 1.5 4.3 14.2 
2 28 0.6 1.4 4.0 13.8 


It will be noted there is a tendency for the cooling rate to increase with successive 
quenches of the same sample. 

The 28-gage couple determinations were made at the same time as were the 22-gage 
couples, i.e., one sample had both 22 and 28-gage couples attached during quench C-1. 








5. The time recorder was started before the end-quench specimen 
was removed from the furnace. At the start of the quench, a 
microswitch, closed by the action of the quick-opening water 
valve, caused a momentary signal to be made on the record. 

6. The extent of transverse and longitudinal segregation was not 
determined chemically, since the hardenability curve shows the 

cumulative result of all factors affecting the hardenability. 














EFFECT OF MANGANESE BANDING ON MECHANICAL 
PROPERTIES OF HEAT TREATED STEEL PLATE 
IN THE THICKNESS DIRECTION 


By Harry SCHWARTZBART 


Abstract 


An investigation was carried out on the effect of man- 
ganese banding on the mechanical properties of quenched 
and tempered steel plate in the thickness direction. Ten- 
sion specimens were cut out of a plate of banded steel of 
0.21% carbon and 1.47% manganese with their longitudi- 
nal axes perpendicular to the surface of the plate. Half 
of these were given-a homogenization treatment at 2275 
°F (1245 °C) for 6 hours after which all specimens were 
heat treated by quenching and tempering at temperatures 
from 212 to 1200 °F (100 to 650°C). 

It was found that for any tempering temperature both 
strength and ductility were increased by the homogeniza- 
tion treatment, the former by as much as 10% and the 
latter by a factor of from 2.5 to 8.5. The biggest im- 
provement in ductility was for specimens having low duc- 
tility. Metallographic examination of as-quenched speci- 
mens revealed no apparent difference in martensitic struc- 
ture or in size, shape or distribution of nonmetallic inclu- 
sions between the homogenized and nonhomogenized 
material. 


N the course of an investigation concerned with the brittle failure 
of ships during the last war, interest was aroused in the effect of 
manganese banding on the strength and ductility of heat treated ship 
plate in the thickness direction. The properties in this direction are 
significant in problems such as the occurrence of spalling when a plate 
is struck by a projectile. In addition, manganese banding is one of 
the factors found to be responsible for cold cracking in the heat- 
affected zone of metal-arc welds in steels (1).* 
it has been shown (1, 2, 3) that one of the causes of the segre- 
gation of pearlite and ferrite into bands, or “ghost lines”, in forged 
or rolled steel is: (a) manganese segregation in dendrite interstices 
of an ingot during freezing, (b) the subsequent elongation of these 
high manganese regions during working, (c) the low diffusion coeffi- 
1The figures appearing in parentheses pertain to the references appended to this paper. 








_. This work was done at Pennsylvania State College, State College, Pa., under contract 
with the Bureau of Ships, U. S. Navy. 





The author, Harry Schwartzbart, is research metallurgist, Armour Re- 
search Foundation, Chicago. Manuscript received September 10, 1951. 
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cient of manganese in austenite at ordinary heat treating tempera- 
tures, making these manganese bands difficult to eliminate, and (d) 
the effect of this heterogeneous distribution of manganese on the 
transformation characteristics of the steel. If a specimen which has 
a banded distribution of manganese is heated into the austenite range 
it will have a uniform distribution of carbon in austenite. Upon slow 
cooling, hypoeutectoid ferrite will form first in the low manganese 
regions where the transformation temperature is the higher. Carbon 
will diffuse to the high manganese regions where final transforma- 
tion will cause a concentration of pearlite. Thus, the final structure 
will consist of alternate bands of pearlite and ferrite. This process 
is cooling-rate-sensitive because of its dependence on diffusion of 
carbon. If the cooling rate is fast enough to prevent the carbon 
diffusion, then the final structure will be a homogeneous dispersion 
of ferrite and pearlite although the manganese still exists in bands. 
It has been demonstrated that temperatures upwards of 2200 °F 
(1205 °C) are necessary to cause homogenization of the manganese 
in reasonable periods of time. 

Other impurities or alloying elements can cause banding in steel, 
presumably by the same mechanism as manganese. Whiteley (4) 
and Sauveur and Krivobok (5) have shown that phosphorus may 
cause persistent banding; similarly, Cameron and Waterhouse (6) 
and Hindley (7) for arsenic, Geiger (8) for nickel, and Johnson 
and Buechling (9) for chromium and/or molybdenum. 

It might be expected that a rolled plate consisting of bands of 
ferrite and pearlite would have poor properties in the thickness 
. direction. The object of the present investigation was to determine 
the effect of banding on the thickness direction mechanical properties 
in the quenched and tempered condition. In this case, the carbon 
remains in a random distribution, since there is insufficient time 
during cooling through the critical range for carbon to diffuse. The 
sole inhomogeneity is the manganese banding. 


PROCEDURE 


The material used for this investigation was a 1-inch thick plate 
of banded steel containing 0.21% carbon and 1.47% manganese. 
Blanks were cut out with the longitudinal axes perpendicular to 
the plane of the plate. Half of these were homogenized in a vacuum 
at 2250 to 2300°F (1230 to 1260°C) for 6 hours. Buttonhead 
tensile specimens (Fig. 1) machined from the homogenized and 
nonhomogenized blanks were heat treated together. Heat treatment 
consisted of austenitizing at 1560°F (850°C) for 15 minutes, oil 
quenching, and tempering for 1% hour at various temperatures from 
212 to 1200 °F (100 to 650°C). Tensile strength, reduction in area 
and elongation in 0.4-inch fage length were measured. 
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Broken halves of homogenized and nonhomogenized specimens 
were reheated to 1560°F (850°C), furnace-cooled and examined 
metallographically to determine the homogeneity of the structure. 
Specimens were also examined in the unetched condition to deter- 
mine if the homogenization treatment had affected the apparent 
size, shape, or distribution of the nonmetallic inclusions. Specimens 





Fig. 1—Buttonhead Tensile Specimen. 


quenched from 1560°F (850°C) were examined under the micro- 
scope to determine the homogeneity of the martensitic structure. 


RESULTS AND DISCUSSION 


Examination of the photomicrographs in Figs. 2 and 3 will read- 
ily reveal the effect of the homogenization treatment on the structure 
resulting from subsequent heat treatment. Figs. 2a and 2b are 
photomicrographs of the specimens slowly cooled from the austenitiz- 
ing range, one of which had previously been held at 2250 to 2300 °F 
(1230 to 1260°C) for 6 hours and the other had not. In accord- 
ance with the mechanism of banding described in the introduction, it 
can be seen that the 6-hour treatment at 2250 to 2300 °F (1230 to 
1260 °C) served to give a homogeneous distribution of manganese. 
It was the heterogeneous distribution of manganese in the specimen 
possessing the structure illustrated in Fig. 2b that caused the pearlite 
and ferrite to segregate into bands. Similarly, Figs. 3a and 3b are 
photomicrographs of homogenized and nonhomogenized specimens 
in the quenched condition. No difference can be seen between the 
two structures. In other words, although the distribution of manga- 
nese is heterogeneous in the nonhomogenized specimen, insufficient 
time was allowed during cooling through the transformation range 
for carbon to segregate inte-bands. Examination of specimens in the 
unetched condition showed no apparent difference in size, shape, or 
distribution of nonmetallic inclusions. 


TRANSACTIONS OF THE A.S.M. Vol. 44 


The tensile properties are tabulated in Table I and plotted in 
Figs. 4 and 5. Each point on the graphs is an average of two or 
three tests. It can be seen from Fig. 4 that for any tempering tem- 
perature both the strength and ductility are increased by the homo- 
genization. The tensile strengths of the homogenized specimens were 
up to 10% higher than those of the nonhomogenized specimens, while 
the reduction in area was increased from 2.5 to 8.5 times (the latter 


Effect of Homogenization for 6 Hours at 2275°F on the Tensile Properties of a 
Banded Steel Subsequently Quenched and Tempered 


-————- Homogenized ————_, -——_ Not Homogenized—_, 
Tensile Reduc- Elon- Tensile Reduc- Elon- 
Tempering Strength tion in gation Strength tion in gation 
Temp. (°F) psi X 10° Area, % % psi X 10° Area, % % 
195 12.8 181 3.3 
212 194 15.4 170 1.6 
186 17.0 ae ae 
Average 192 15.1 175 2.4 
194 17.0 180 1.6 
182 1.6 
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for low values of reduction in area) by the homogenization. The 
reduction in area is a better measure of the ductility than the elonga- 
tion because of the relatively short gage length and because of its 
greater fundamental significance. The strain in a tension specimen 
which develops a neck is compounded of uniform strain which takes 
place over the entire specimen and local strain which goes entirely 
into the formation of the neck. Thus, elongation in a finite gage 
length is dependent upon the gage length because for varying gage 
length there is a varying ratio of amount of specimen length affected 
by necking to total gage length. To avoid this effect of gage length 
one can use either a long gage length, for which case the length 
affected by necking is small in relation to the gage length, or 0 gage 
length, which corresponds to reduction in area, which is the limiting 
case where the value of ductility obtained is most affected by necking. 
As the gage length on these _specimens was relatively short, reduction 
in area is the better measure of ductility. 
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Fig. 2—Specimens Austenitized at 1560°F for 15 Minutes and Furnace-Cooled. 
The specimen illustrated in Fig. 2a had previously been held at 2250 to 2300 °F for 6 
hours and air-cooled. Nital etch. > 100. (a)—-Homogenized; (b)—-Not homogenized. 
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Fig. 3—Specimens Austenitized at 1560°F for 15 Minutes and Oil-Quenched. 
The specimen illustrated in Fig. 3a had babe ac been held at 2250 to 2300 °F for 6 


hours and air-cooled. Nital etch. x 50 (a)—Homogenized; (b)—Not homogenized. 
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It can be seen from the curves of ductility versus tempering 
temperature in Fig. 4 that there is a minimum in ductility in the 
temperature range of 400 to 700 °F (205 to 370°C). It is interest- 
ing that the embrittlement affects the ductility in percentagewise 
fashion, making it appear as though the homogenized material is 
much more affected than the nonhomogenized. It does appear from 
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the reduction in area curves that the temperature at which the mini- 
mum occurs is higher for the homogenized material than for the non- 
homogenized. For the latter, there is a corresponding maximum in 
the tensile strength curve. 

The data are replotted in Figure 5 as tensile strength versus 
reduction in area and elongation. It is immediately apparent from 
the figures that the mechanical properties of the homogenized mate- 
rial are much superior to the properties of the material not homoge- 
nized. Apparently, there is enough difference in strength between 
the manganese-rich martensite and the manganese-poor martensite 
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that the soft layers constitute planes of weakness which impair the 
thickness direction properties of the nonhomogenized material. Actu- 
ally, a specific mechanism cannot be offered unless one knows the 
flow curves and the proper fracture criteria of the individual layers. 
The difference in strength of the different layers is also carried over 
to the products of tempering. It is not known whether the difference 


Elongation, % 


o Homogenized 


QO Not Homogenized 


Reduction in Area, % 
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Tensile Strength, |\OOOpsi 
Fig. 5—Tensile Strength Against Reduction in Area 


and Elongation for Specimens Homogenized and Not Ho- 
mogenized Prior to Quenching and Tempering. 


in strength is caused solely by the difference in manganese content 
or if there is an additional effect operating. Such an effect might be 
associated with small amounts of retained austenite; however, it is 
not believed possible to have retained austenite in either the high or 
low manganese regions of this steel. 


CONCLUSIONS 


A homogenization treatment [2250 to 2300 °F (1230 to 1260 °C) 
for 6 hours] that eliminated manganese banding increased both the 
strength and ductility of quenched and tempered steel (0.21% carbon 
and 1.47% manganese) over nonhomogenized material. Over the 
range of tempering temperatures from 212 to 1200°F (100 to 650 
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°C), the tensile strength was increased up to 10% and the reduction 
in area by 2.5 to 8.5 times for any tempering temperature. 
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EFFECT OF CHEMICAL COMPOSITION ON COARSENING 
OF AUSTENITE GRAINS 


By JoHN SCHUYTEN 


Abstract 


An investigation was made into the effect of chem- 
cal composition on the coarsening of austenite grains im 
synthetic and commercial alloy steels. A series of syn- 
thetic alloys melted under helium resulting in very low 
oxygen and nitrogen contents was tested including ter- 
nary tron-carbon-chromium, iron-carbon-manganese, and 
iron-carbon-nickel alloys and a series of synthetic 3312 
alloys compared with two commercial 3312 alloys. 

Coarsening in general was found to be more severe 
with higher alloy content in the iron-carbon-chromium 
and iron-carbon-nickel alloys, whereas the iron-carbon- 
manganese alloys as a group showed remarkable resistance 
to coarsening. These results suggest that stable carbides 
do not play an important role in the process of inhibiting 
grain growth. It seems probable that differences in grain 
coarsening behavior in the alloys tested are due primarily 
to small differences in nitrogen and oxygen contents. 
Several synthetic iron-carbon-chromium alloys melted un- 
der nitrogen, resulting in nitrogen contents approximately 
twenty times as great as in those alloys melted under 
helium, showed complete resistance to grain coarsening at 
the highest temperature tested. These results suggest that 
nitrides play a very decisive role in the process of grain 
growth inhibition. 


INTRODUCTION 


HE purpose of this investigation was to determine the influence 

of chemical composition on the coarsening of austenite grains in 
synthetic and commercial alloy steels. The commonly accepted theory 
is that grain growth inhibition is due to a minute, intergranular dis- 
persion of nonmetallic inclusions, probably oxides, nitrides, sulphides, 
or possibly special carbides. The availability of synthetic alloys of 
relatively high purity from the Investigation on the Temper Brittle- 
This is taken from a thesis submitted in partial fulfillment of the requirements for the 
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alifornia. 
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ness of Steel (1)' suggested the desirability of a systematic study of 
grain coarsening characteristics of several alloy systems with special 
emphasis on the possible role of special carbides. These alloys, 
melted under helium, contained very low oxygen and nitrogen con- 
tents on the order of 0.001 to 0.002%, and hence contained a mini- 
mum of nonmetallic inclusions. 

Grossmann (2), in the first concerted attack on the problem 
of austenite grain size in the 1934 ASM Grain Size Symposium, 
reported that different commercial steels of the same chemical com- 
position had widely different coarsening temperatures due to varying 
amounts of grain growth inhibitors. He reported that the coarsening 
temperature varied as a function of prior heat treatment, hot work- 
ing and cold working. Normalized specimens, for example, showed 
a lower coarsening temperature than oil-quenched, water-quenched, 
or furnace-cooled specimens, and hot work had the effect of lowering 
the coarsening temperature. - Grossmann concluded that the effect 
of heat treatment on the dispersion of grain growth inhibitors and 
the initial austenite grain size jointly influence coarsening tempera- 
ture. 

Davenport and Bain (3) considered that dispersed particles are 
the primary cause of restricted grain growth as well as acting as 
transformation nuclei, accelerating transformation and hence decreas- 
ing hardenability. They believed these undissolved particles to be 
either nonmetallics or special carbides. Coarsening temperatures 
were found to be very high for aluminum-killed steels but the grain 
size after coarsening was greater than on nonaluminum-killed steels. 
- These investigators also reported large variations in austenite grain 
size in commercial steels of the same composition. 

In a comprehensive, critical review of the grain size of steel, 
Ward and Dorn (4) reported little available data on the effect of 
chemical composition. Digges (5) reported that a series of pure 
iron-carbon alloys developed the same grain size at 1700 °F (925 °C) 
with carbon varying from 0.23 to 1.21%. Zimmerman, Aborn and 
Bain (6) believed that with vanadium additions grain growth inhibi- 
tion may be due to low rates of solution of stable carbides, whereas 
Houdremont, Bennek and Schrader (7, 8) concluded that stable car- 
bides were not responsible. Ward and Dorn (4) reported further 
that there are no inherent grain sizes or grain growth characteristics, 
as cold work.produces finer austenite grain size, hot working reduces 
the coarsening temperature by several hundred degrees and previous 
heat treatment affects grain size, even if identical structures are pres- 
ent. They also advanced a mechanism of grain growth inhibition 
involving an unknown compound, probably of aluminum, which is 
less soluble in gamma iron than in alpha iron so that the excess of 
this compound in solution in the ferrite over the saturation value pre- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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cipitates in the austenite grain boundaries, thereby preventing grain 
growth. At the coarsening temperature this precipitate is considered 
to dissolve at the thinnest points, resulting in duplexed grains and 
above the coarsening temperature complete solution occurs, produc- 
ing uniformly large grains. 

Harker and Parker (9) postulated that inclusions larger than 
the thickness of the grain boundary would tend to prevent grain 
boundary motion while inclusions smaller than the grain boundary 
thickness would have little effect. If it is assumed that grain bound- 
ary thickness increases with temperature, the hindrance to motion 
would cease when the grain boundary thickness becomes greater than 
the inclusion size. These authors pointed out, further, that grain 
growth depends on grain shape and that grain boundaries move 
toward the center of curvature until the grains make equilibrium 
angles of 120 degrees with each other at intersections of three grains 
and have flat faces, which represents the condition of lowest surface 
energy. In this connection, Smith (10) cited a relation advanced 
by Zener between the number and size of inclusions and the mini- 
mum curvature that can move: 

R 3 
rT 4f 
where R = radius of curvature of grain boundary 


r = radius of inclusion 
{ = fraction of total volume of specimen occupied by inclusions 


Burke (11), in summarizing extensive work by Beck and co- 
workers on grain growth characteristics in brass, pure aluminum and 
aluminum-magnesium and aluminum-manganese alloys and his addi- 
tional work on brasses, observed that (a) surface energy of grain 
boundaries provides the driving force for grain growth, (b) if the 
rate of growth is assumed proportional to the total amount of grain 
boundary in the specimen, the rate of growth would be inversely 
proportional to the average grain diameter and to the radius of curv- 
ature of the grain faces, (c) the heats of activation can be computed 
from the temperature dependence of the rate of migration of single 
grain boundaries of definite curvature in absence of inclusions. Meas- 
ure of grain growth would be the reciprocal of the time necessary for 
grain size to increase from starting size, D,, to final size, D. In the 
plot of the log of growth rate versus 1/T the slope gives a measure 
of the heat of activation, e.g., 64,000 cal/mol. for alpha brass, and 
(d) heat of activation increases as temperature increases, indicating 
some other factor permits rate of growth to increase more rapidly 
with increased temperature than would be predicted from a single 
heat of activation,.probably due to solution and coalescence of inclu- 
sions. 


Beck, Towers and Manly (12) reported that a heat of activation 
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value from grain growth data was not possible in high purity alumi- 
num since a range of values is found as the heat of activation varies 
with grain size and temperature. Beck, Kremer, Demer and Holz- 
worth (13) distinguished between two types of grain growth: “con- 
tinuous” in pure metals and solid solutions; “discontinuous” in inhib- 
ited materials, resulting in the sudden development of extremely large 
grains at the coarsening temperature. These investigators also 
reported that although isothermal grain growth takes place at a 
decreasing rate as the grains become larger, the grain size does not 
tend to approach a finite limit. Beck and Sperry (14) also distin- 
guish between strain-free grain boundary migration induced by the 
surface energy associated with grain boundaries, in which the bound- 
aries move toward their centers of curvature, and strain-induced 
boundary migration, in which the boundaries move away from their 
centers of curvature. 

Beck, Holzworth and Sperry (15), in discussing the effect of 
dispersed phase on grain growth in aluminum-manganese alloys, con- 
cluded that finely dispersed aluminum-manganese compound has a 
considerable grain growth inhibiting effect and that an ultimate grain 
size is reached with increased temperature and decreasing amounts 
of aluminum-manganese compound. When the compound redissolves 
accompanied by coalescence, extremely large grains result. They 
considered that a fine dispersion of Al2O3 particles is the direct cause 
of inhibition in steel and that in titanium steels the TiC phase is 
responsible for inhibition effects and that the coarsening temperature 
increases with the titanium content. They reported, further, that 
_Tangerding had observed that even the few small carbide particles 
occurring in carbonyl iron have a very marked inhibitive effect. 


EXPERIMENTAL PROCEDURE 


The purpose of the experimental work was to determine the 
austenite grain coarsening characteristics of a series of high purity 
alloys as a function of temperature. The alloy systems chosen for 
investigation included a series of 3312 alloys including several syn- 
thetic 3312 alloys and chromium, manganese and nickel-free 3312 
compared with two commercial 3312 alloys, an iron-carbon-chromium 
series of chromium contents from 1 to 6%, an iron-carbon-man- 
ganese series of manganese contents from 1 to 6%, and an iron- 
carbon-nickel series of nickel contents from 1 to 8%. Exact chemical 
compositions of the melts tested are given in Table I. Analyses of 
representative alloys for trace elements are given in Table II. The 
experimental work consisted of heat treating these alloys 2 hours at 
temperatures of 900, 1000, 1100 and 1200 °C (1650, 1830, 2010 and 
2190 °F) followed by water quenching and a low temperature tem- 
pering treatment at 400 to 440 °F for 20 minutes in preparation for 
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Table I 




















Chemical Composition of Alloy Steels Tested 
Melt ———————_Co position, % 
Type No. Cc Mn Cr Ni Others 
Commercial 3312 F 0.12 0.5 1.55 3.76 bet Si 
A-2 0.12 0.5 1.43 3.69 0.02 Al 
Synthetic 3312 180 0.22 0.45 1:5 3.6 
536 0.14 0.51 1.5 3.5 
Cr-free 165 0.07 0.37 Se 3.5 
Ni-free 158 0.11 0.46 2.00 a 
Mn-free 169 0.11 ee: 1.5 3.55 pF 
+%% Mo 173 0.20 0.42 3.5 2.2 0.54 Mo 
Fe-C-Cr Series 451 0.20 aes 0.96 
452 0.20 Pe 1.98 
454 0.21 jase 2.96 
456 0.15 nea 3.91 
458 0.20 ahcaen 5.1 
460 0.18 eek 5.92 
Fe-C-Mn Series 540 0.116 1.14 
590 0.16 2.1 
542 0.177 3.26 
496 0.15 4.00 
544 0.175 5.18 
498 0.146 5.92 to. ee 
Fe-C-Ni Series . 557 0.193 uae sof 1.126 
559 0.204 ve ae wee 2.108 
561 0.216 3.119 
563 0.208 4.153 
566 0.203 6.1 
568 0.212 ee vate 8.0 
Fe-C-Cr-Mn 623 0.18 1.00 2.9 
Table Il 
Spectroscopic Analysis of Representative Alloys for Trace Elements 
Melt Tr race Elements———___ 
No. Type Si Ce. Mi Mn Al Mo Co Ti Sa V 
180 Synthetic 3312 0.04 e - " t t 0.01 t t t 
451 0.20 C,1 Cr 0.005 * 0.005 t t . (Sie 2s. .3 3 
460 0.20 C, 6 Cr 0.04 a 0.005 0.005 t g 0.005 ft t t 
540 0.20 C,1 Mn 0.05 t 0.005 . o0es. 3° aaeit- f° 8 
590 0.20 C, 2 Mn 0.005 ft 0.005 * t t 0.005 t t t 





*Alloying constituent. Trace. tNone detected. 








the differential Vilella picric-hydrochloric etchant for austenite grain 
size determination. All specimens were one-half of broken half 
Charpy impact bars, approximately 34 inch square by ¥% inch long. 
Heat treating was performed in a large vertical tube Globar furnace 
using a stainless steel fixture giving a specimen bed of 3-inch length. 
Temperatures were determined by a platinum/platinum — 10% rho- 
dium thermocouple immersed in the specimen bed and a standard 
potentiometer. Temperatures were maintained constant within +3 
°C. A flow of helium gas was maintained over the specimens in the 
furnace through a gas-tight stainless steel cap cemented to the fur- 
nace tube to provide a protective atmosphere and limit oxidation. 
The furnace cross section and specimen bed are shown in Fig. 1. 
It should be noted that all specimens had previously been oil-quenched 
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and drawn at 600°C (1110°F) in the temper brittleness investiga- 
tion prior to being machined into Charpy impact bars. Hence, prior 
heat treatment can be eliminated as a possible variable affecting the 
grain coarsening characteristics. 

Following heat treatment the specimens were cut in half to elim- 
inate possible surface effects. Specimens were then polished and 
etched in Vilella’s reagent consisting of 4 grams picric acid, 20 cc. 
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Fig. 1—Section of Heat Treating Furnace. 


HCl and 376 cc. of alcohol. Specimens were examined metal- 
lographically, the grain size being determined on the ground glass at 
100 magnifications by comparison with standard ASTM grain size 
charts, both opaque and transparent. These determinations were 
checked by actual measurement of representative grains on the 
ground glass as well as by a grain size eyepiece. With adequate 
practice, reproducibility of a given grain size number can be attained 
readily. 
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Fig. 2—Structure of 0.2% Carbon, 3% Chromium, 1% Manganese Steel After 
Heat Treating 2 Hours at 900°C (1650°F). x 100. 


Fig. 3—Structure of 0.2% Carbon, 2% Nickel Steel After Heat Treating 2 Hours 
at 900 °C (1650°F). xX 100. 


ASTM Grain Size Number is determined from the following 
equation : 
X= 2" 
where X = number of grains per square inch at 100 magnifications 
N = ASTM Grain Size Number 
[t is evident that a very large grain size would correspond to a nega- 
tive ASTM Grain Size Number. Standard ASTM Grain Size Num- 
bers vary from 1 to 8. 

With proper tempering treatment the Vilella differential picric- 
hydrochloric etchant was successful in defining the martensitic struc- 
ture outlining prior austenite grain size. A typical martensitic micro- 
structure is shown in Fig. 2, a 0.2% carbon, 3% chromium, 1% 
manganese steel after heat treating 2 hours at 900°C (1650 °F). 
In a few cases of marginal hardenability the prior. austenite grains 
were marked out by large intergranular patches of fine nodular pearl- 
ite as shown in Fig. 3, a 0.2% carbon, 2% nickel steel after heat 
treating 2 hours at 900°C (1650°F). Fig. 4, a 0.2% carbon, 5% 
chromium steel after heat treating 2 hours at 1200°C (2190°F), 
and Fig. 5, a commercial 3312 steel after heat treating 2 hours at 
1200 °C (2190 °F), show the severely coarsened martensitic grain 
structure characteristic of many alloys heated to 1200 °C (2190 °F). 
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4—Structure of 0.2% Carbon, 5% Chromium Steel After Heat Treating 2 


Fig. 
Hours at 1200 °C (2190 °F). X 100. 


Fig, de Mirectare of Commercial 3312 Steel After Heat Treating 2 Hours at 1200 
°C (2190 °F). xX 100. 
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It is of interest to note*in passing that the adjacent grains in the 
severely coarsened structures make angles with each other approach- 
ing the 120-degree equilibrium angles predicted by Harker and 
Parker (9). 

All compositions were run in duplicate in the first heat treatment 
of 2 hours at 900 °C (1650 °F) and results were found to be com- 
pletely consistent. In subsequent tests representative specimens were 
run in duplicate and results were again found to be completely 
reproducible. 


EXPERIMENTAL RESULTS 


The experimental results are presented in Figs. 6, 7, 8, and 9 in 
which ASTM Grain Size Number is plotted against temperature. 
Figs. 6, 7, 8, and 9, respectively show the austenite grain coarsening 
characteristics of synthetic and commercial 3312 steels, synthetic 
iron-carbon-chromium steels, synthetic iron-carbon-manganese steels 
and synthetic iron-carbon-nickel steels. All microstructures exhibit- 
ing coarsening showed a duplexed structure with two or more grain 
size numbers present. In each case the average grain size was plotted 
against temperature. Experimental results may be summarized as 
follows : 

1. Grain size in most cases remains unchanged up to a certain 
temperature at which coarsening begins. 

2. Coarsening then proceeds as a function of temperature and 
does not- reach a plateau. The slope of the grain size versus tem- 
perature curves increases in some cases and decreases in others. 

3. The commercial 3312 alloys (Melts A-2 and F, Fig. 6) 
started with a much finer grain size (attributed to the presence of 
nonmetallic inclusions in the grain boundaries due to silicon and 
aluminum killing) but started to coarsen at lower temperatures and 
coarsened more rapidly with increasing temperature than the syn- 
thetic 3312 alloys (Melts 158, 165, 169, 173, 180, 536, Fig. 6). 
Metallographic examination of the commercial 3312 steels in the 
unetched condition showed a marked dispersion of fine nonmetallic 
inclusions, whereas the synthetic 3312 steels showed a very clean 
appearance with very few inclusions. Fig. 6 shows that the commer- 
cial 3312 alloys (Melts A-2 and F) started with a grain size of 
ASTM Number 7 or 8 and coarsened to a grain size of ASTM 
Number —2 at 1200°C (2190°F), whereas the synthetic 3312 
alloys (Melts 158, 165, 169, 173, 180, 536) started with a grain size 
of ASTM Number 3 or 4 and coarsened to a grain size around 
ASTM Number 0 at 1200 °C (2190 °F). 

4. Coarsening in general was more severe with higher alloy 
content in the iron-earbon-chromium and iron-carbon-nickel series. 
For example, the 5 and 6% chromium alloys (Melts 458, 460, Fig. 7) 
attained an ASTM grain size of —2 at 1200 °C (2190 °F), whereas 
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the 1, 3 and 4% chromium alloys (Melts 451, 454, 456, Fig. 7) 
showed a somewhat smaller grain size after the 1200 °C (2190 °F) 
heat treatment. However, the results on the iron-carbon-chromium 
alloys as a function of alloy content were not entirely uniform as the 
2% chromium alloy (Melt 452, Fig. 7) likewise showed an ASTM 
grain size of —2 after heat treatment at 1200 °C (2190 °F). Results 
on the iron-carbon-nickel alloys while showing the same trend are 
somewhat less consistent, as may be seen in Fig. 9. 
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Fig. 6—Austenitic Grain Coarsening Characteristics of Synthetic and 
Commercial 3312 Alloy Steels. 


5. The iron-carbon-manganese alloys as a group showed 
remarkable resistance to coarsening, with the 1 and 2% manganese 
alloys (Melts 540, 590, Fig. 8) coarsening not at all, the 3 and 5% 
manganese alloys (Melts 542, 544, Fig. 8) only slightly at 1200 °C 
(2190 °F) and the 4 and 6% manganese alloys (Melts 496, 498, 
Fig. 8) significantly only at 1100 and 1200°C (2010 and 2190 °F). 

6. The manganese-free synthetic 3312 alloy (Melt 169, Fig. 6) 
also did not coarsen at any temperature tested. 

7. So-called coarsening temperature is actually a range of tem- 
perature. Duplexed structures were found up to the maximum 
temperature tested. 

In addition to the above series of alloys, all of which were melted 
under helium, two alloys which had been melted under nitrogen were 
tested at 1200 °C (2190 °F) in order to determine the effect of much 
higher nitrogen content. Duplicate specimens of two melts of 0.2% 
carbon, 1.5% chromium melted under nitrogen were heat treated at 
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Fig. 7—Austenitic Grain Coarsening Characteristics of Synthetic Iron- 
Carbon-Chromium Alloy Steels. 
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Fig. 8—Austenitic Grain Coarsening Characteristics of Synthetic Iron- 
Carbon-Manganese Alloy Steels. 


1200 °C (2190°F) along with duplicate specimens of two melts 
of 0.2% carbon, 5% chromium melted under helium for control 
purposes. Results are summarized in Table III. The alloys melted 
under nitrogen showed no grain coarsening, whereas the alloys melted 
under helium showed extremely severe coarsening under the same 
conditions. It should be noted also in this connection that both the 
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Fig. 9—Austenitic Grain Coarsening Characteristics of Synthetic Iron- 
Carbon-Nickel Alloy Steels. 


0.2% carbon, 1% chromium and 0.2% carbon, 2% chromium alloys 
melted under helium and previously tested had shown severe grain 
coarsening after identical heat treatment at 1200 °C (2190 °F). 
The amount of nitrogen present in the alloys melted under nitro- 
gen is about 20 times that of the alloys melted under helium and 
about 2 to 3 times that found in commercial steels. Table IV shows 
results of analyses for nitrogen on representative alloys by different 
methods, made in connection with the Temper Brittleness Project 


(1). 
DISCUSSION OF RESULTS 
If stable carbides function as a grain growth inhibiting agent it 


would be expected that the iron-carbon-chromium alloys of higher 
chromium contents where the trigonal Cr7C3 carbide is stable would 





Table Ill 


Comparison of Iron-Carbon-Chromium Alloys Melted Under Nitrogen and Helium 
Heat Treated 2 Hotirs at 1200 °C 


-—Analysis—, Melting ASTM 
Melt No. %C % Cr Atmosphere Grain Size No. 
261 O21 148 Nitrogen 32 
263 O21 Las Nitrogen 43 
3 a Helium + 
ce eg Helm + 
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Table IV 
Analyses for Nitrogen on Representative Alloys by Different Methods 
Kjeldahl Method Foaming 
-—-Beeghly—, Vacuum Fusion Soln. 
Melt Univ. Bur. Bur. Gen. Bur. 
No. Type of Steel Calif. Stds. Stds. Elect. Stds. 
237 Synthetic SAE 3312 without C, 
s melted under helium ...... 0.0003 0.0003 0.001 0.002 0.002 
243 As above except melted under 
re ee ee 0.007 0.007 0.028 be teu 0.034 


SAE 3312 Commercial steel .. 0.003 0.003 0.01 ie eae 0.011 





show the greatest resistance to coarsening. Actually, the reverse is 
true; the iron-carbon-chromium alloys showed extreme coarsening, 
especially with the higher alloy contents. In the iron-carbon-man- 
ganese alloys the carbide (Fe, Mn)s3C of the form of cementite nor- 
mally would not be expected to be an effective grain growth inhibit- 
ing agent; yet, these alloys were the most resistant to grain coarsen- 
ing. With respect to the iron-carbon-nickel alloys no effect should 
be anticipated, as nickel is not a carbide former. 

The sluggishness of stable alloy carbides to go into solution in 
the austenite does not appear to be a factor in inhibition of grain 
growth, at least in iron-carbon-chromium alloys. It is possible, of 
course, that even stronger carbide-forming elements such as titanium 
and vanadium may form stable carbides which play a role in inhibit- 
ing grain growth in steels in which these elements are present in 
adequate amounts. 

With respect to the rather remarkable resistance to grain coars- 
ening of the iron-carbon-manganese alloys tested, there appears to be 
no clue in the chemical composition of these alloys that would account 
for this behavior. It may well be that the type or amount of principal 
alloying element or elements is not decisive in determining grain 
coarsening behavior but that very small differences in nitrogen 
and/or oxygen contents are responsible. for the differences in grain 
coarsening behavior observed in these tests. It is very difficult to 
determine such small differences reliably by any analytical means. 
That the manganese content is not the primary or even the secondary 
reason for the resistance to grain coarsening among the iron-carbon- 
manganese alloys is suggested by the fact that the manganese-free 
synthetic 3312 alloy (alone among the synthetic 3312 alloys) also 
showed no grain coarsening at the temperatures tested. It seems 
possible that the iron-carbon-manganese alloys tested could have a 
higher nitrogen content than the other alloy series investigated due 
to details in the melting procedure. It may be observed in this con- 
nection that the 3 and 5% manganese alloys which showed similar 
behavior were consecutive melts and that the 4 and 6% manganese 
alloys which showed similar behavior were also consecutive melts; 
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Table V 
Thermodynamic Properties of eee a Oxides, Nitrides, and Carbides 
~ miro Change 
Free Energy of Formation Heat Content ASas 
208 A Fess Calories per 
Compound Calories per Mol Calories per Mol Degree Mol 
CreOs —250,500 —270,000 —65.4 
CrN — 22,500 — 29,800 bo s 
CrsCe — 21,200 — 21,000 + 0.6 
CriCs — 43.800 — 42,600 + 4.2 
CrasCe —100,200 — 98,400 + 7.2 
AlsOs —376,800 —399,000 —74.7 
AIN — 56,300 — 64,000 —25.8 
AliCs — 38,100 — 39,900 — 6.0 


however, the 1 and 2% manganese alloys which showed similar be- 
havior were not consecutive melts. These observations at least sug- 
gest the possibility that minor differences in the melting technique 
leading to small but significant variations in the nitrogen and/or 
oxygen contents may be decisive in determining the grain coarsen- 
ing characteristics. 

The tests performed on the 0.2% carbon, 1.5% chromium alloys 
melted under nitrogen show conclusively that nitrogen has a very 
decisive effect in inhibiting grain coarsening, as grain growth was 
completely inhibited after heat treatment at 1200°C (2190°F), 
whereas comparable alloys melted under helium and with a nitrogen 
content of about one-twentieth that of the alloys melted under nitro- 
gen showed severe grain coarsening. This may be attributed to the 
formation of intergranular nitrides of chromium. In the case of the 
0.2% carbon, 1.5% chromium alloy the chromium would be expected 
to form chromium nitrides first as the free energy of formation of 
chromium nitride, CrN, is much greater than that of the carbide 
present, CrgCo. 

The best and most recent available data (16, 17, 18) on the 
thermodynamic properties of aluminum and chromium oxides, ni- 
trides and carbides are summarized in Table V. It may be noted that 
the free energy of formation of CrN is —22,500 calories per mol, 
whereas the free energies of formation of the chromium carbides, 
CrogCg, Cr7zC3 and CrgCe, are —100,200, —43,800 and —21,200 
calories per mol respectively. Thus, it is evident that, per atom of 
chromium, the nitride is much more stable, thermodynamically, than 
any of the carbides. On the other hand, in the presence of oxygen, 
Cr2Ox3 will form preferentially, as the free energy of formation of the 
oxide is —250,500 calories per mol. Similarly, it is evident that 
Al,Ox; will form preferentially, then AIN and finally AlsC3;. The 
differences in AFogg are so large that the same qualitative relation- 
ships would hold at high temperatures, including the melting tem- 
peratures. | 


eS 


_ TL 


1952 COARSENING OF AUSTENITE GRAINS 867 


It was noted also that the commercial 3312 alloys had a finer 
initial austenite grain size than the synthetic 3312 alloys but that 
they coarsened at lower temperatures and coarsened more rapidly 
with increasing temperature than the synthetic 3312 alloys. 

The finer initial austenite grain size may be attributed to the 
presence of a fine dispersion of AlOs3 inclusions due to the killing of 
the steel with silicon and aluminum which is customary with this 


grade of steel. It is suggested that the AlsOs; inclusions may go into. 


solution at a lower temperature than do the alloy nitrides assumed 
to be present in minute amounts in the synthetic 3312 alloys, thus 
explaining the lower coarsening temperature and the more rapid 
coarsening of the commercial 3312 alloys. 

With respect to the effect of aluminum additions to commercial 
steels, Epstein, Nead and Washburn (19) reported that aluminum- 
killed steels can have coarsening temperatures as high as 1175 °C 
(2145°F). Halley (20) reported a maximum -in the coarsening 
temperature at an aluminum content of about 0.028% acid-soluble 
aluminum. He found also that titanium increases coarsening tem- 
perature up to 0.17% titanium and gives much higher coarsening 
temperatures than can be reached with aluminum. 

Since aluminum is a well-known alloying constituent for nitrid- 
ing steels, due to the stable nitrides it forms, it may be that aluminum 
nitride plays an important and perhaps primary role in grain growth 
inhibition of aluminum-killed steels. The facts that aluminum ni- 
trides show solid solubility varying with temperature and precipitate 
in grain boundaries lend support to this hypothesis. The ‘fine- 
grained characteristics of titanium and vanadium steels may also be 
due primarily to the formation of stable nitrides rather than to th 
formation of stable carbides. 

The mechanism by which the intergranular nitrides and oxides 
prevent grain growth appears to involve the surface tension of the 
grain boundary surfaces. The accepted theory of uninhibited grain 
growth is that the decrease in surface energy corresponding to de- 
crease of total grain boundary surface area is the driving force for 
the process of grain growth. In the presence of intergranular non- 
metallic inclusions the mechanism may be modified in this way: 

As an advancing grain boundary approaches and then touches 
an inclusion the boundary breaks to go around the inclusion very 
readily, since the surface area of the grain boundary and, hence, 
the surface energy, are thereby decreased. However, as the grain 
boundary continues to move it is held back at the inclusion as it now 
requires additional energy to re-establish the broken part of the grain 
boundary. For this purpose the remainder of the boundary may be 
considered as continuing to move until sufficient curvature is obtained 
to compensate for the part of the boundary eliminated by the inclu- 
sion; then the boundary snaps back into position and the inclusion 
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is no longer effective in. preventing grain boundary movement: .. For 
this to happen it is apparent that additional thermal energy must be 
introduced, which may be accomplished by an increase in temperature. 


CONCLUSIONS 


The results indicate that stable alloy carbides in iron-carbon- 
chromium alloys do not play a significant role in inhibiting austenite 
grain coarsening. The results show further that the grain coarsen- 
ing in general increases with increasing alloy content in the iron- 
carbon-chromium and iron-carbon-nickel synthetic alloys; however, 
this correlation is not sufficiently decisive or consistent to conclude 
definitely that such a relationship exists and the results may be ex- 
plained by slight variations in the nitrogen and/or oxygen contents 
leading to varying amounts of intergranular nitrides and/or oxides 
which determine the grain coarsening behavior. The results on the 
0.2% carbon, 1.5% chromium alloys melted under nitrogen show 
conclusively that nitrogen plays a very decisive role in inhibiting 
grain growth. It is believed that intergranular nitrides may be 
chiefly responsible for the phenomenon of grain growth inhibition. 
These results also suggest the feasibility of producing fine-grained 
alloy steels that will be resistant to grain coarsening at very high 
temperatures by doubling or tripling the nitrogen content by appro- 
priate additions. 
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ISOTHERMAL TRANSFORMATION OF AUSTENITE INA 
NICKEL-CHROMIUM-MOLYBDENUM STEEL 


By Epwarp A. Loria 


Abstract 


This paper describes the results obtained in an in- 
vestigation of the isothermal transformation characteristics 
and structural features of a nickel-chromium-molybdenum 
hypoeutectoid steel. Its TIT T-diagram together with that 
for a molybdenum hypoeutectoid steel are presented and 
discussed. The TTT-diagram shows a full knee for the 
pearlite reaction and a second lower knee for the bainite 
reaction, separated by a bay of stable austenite. The 
effects of the alloying elements in this and previously 
studied steels are seen in a comparison of the start of 
transformation curves. For these steels, ferrite is the 
initial decomposition product (hence the primary factor 
influencing hardenability), and the manner in which alloy- 
ing elements may decrease the rate of nucleation and the 
rate of growth of ferrite is discussed. 


HE purpose of this paper is to present data on the isothermal 

transformation of austenite in a hypoeutectoid steel containing 
appreciable amounts of nickel, chromium and molybdenum, and to 
compare its transformation characteristics with other steels of vary- 
ing alloy content that have been studied previously (1-4).1 Alloy- 
ing elements differ in the nature and magnitude of their effects on 
isothermal transformation. Nickel and manganese retard the pearl- 
ite and the bainite transformation fairly uniformly at all temperatures, 
whereas molybdenum and chromium strongly retard the pearlite re- 
action but affect the intermediate reactions to a much smaller extent. 
The latter elements also raise the temperature range within which 
the pearlite reaction occurs and depress the temperature range for 
the intermediate reactions. Consequently the TTT-diagrams for 
steels containing appreciable amounts of either element frequently 
show a bay of austenite stability between the two reaction zones. 

The effects of combinations of two or more alloying elements 
on isothermal transformation are complex and a great deal of system- 
atic work is required to determine to what extent the effects of one 


1The figures appearing in parentheses pertain to the references appended to this paper. 


The author, Edward A. Loria, is associated with the Mellon Institute of 
Industrial Research, Pittsburgh, and The Carborundum Company, Niagara 
Falls, N. Y. Manuscript received October 2, 1951. 
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element are intensified or weakened by the presence of another. 
There are, however, clear indications that certain combinations are 
particularly advantageous. For example, Brophy and Miller (5) 
have shown that nickel retards isothermal transformation to a greater 
extent in the presence of manganese, chromium or molybdenum than 
when alone, and that similarly these elements are more effective in 
the presence, than in the absence, of nickel. More recently, Hodge, 
Giove and Storm (6) have demonstrated that an addition of 0.3% 
molybdenum is about twice as effective in retarding transformation 
when added to a steel containing 1% chromium. A systematic sur- 
vey of this field should eventually lead to the establishment of the 
most effective combinations of alloys for different purposes, but so 
far this aspect of the subject is substantially unexplored. 


EXPERIMENTAL PROCEDURE 


The composition of the steel studied, together with that of a 
low alloy steel previously studied by Troiano (4) and included for 
comparison purposes, is given in the following tabulation : 


Steel c Ni Cr Mo Mn Si V P S 


E 032 . 230 0.75 0.52 058 030 £0.11 0.032 0.020 
L 0.34 0.16 0.08 0.31 0.60 026 012 0.030 0.038 


The code letter for each steel will facilitate subsequent reference and 
follows the notations used for other steels in earlier papers (1-3). 
Steel E is a nickel-chromium-molybdenum hypoeutectoid steel and 
can be classified with previously studied steels A, C and D. Steel L 
is a molybdenum hypoeutectoid steel and is included here for direct 
comparison with the transformation characteristics of steel E. The 
compositions were commercially made acid open-hearth steels and 
were processed in the form of forged rounds of ™% inch diameter 
which were cut into disks about 4% inch thick for the isothermal and 
hardness studies. 

As in the earlier work, the direct microscopic method was used 
to determine the time for the reaction to start, the rate at which it 
proceeded and the time taken to complete the reaction at various sub- 
critical temperatures. Samples of steel E were austenitized for 
1 hour at 1550°F (845°C) and quickly transferred to lead baths 
controlled to +5 °C for various holding periods and then quenched 
in water. The transformations were studied at seven temperature 
levels. In general, the over-all accuracy of the microscope deter- 
minations is believed to be of the order of 10 to 15°F. The dia- 
grams have been drawn in the customary manner where the begin- 
ning line indicates approximately less than 14% transformation and 
the ending line somewhat more than 99% decomposition of the 
austenite. The transformation products, pearlite and bainite, although 
different in structure and properties, are all basically mixtures of 
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ferrite and carbide and are therefore all indicated on the TTT- 
diagram by the notation F-+C. The thin dotted line within the 
A+ F-+C field represents, for each temperature level, the time at 
which half of the total austenite has transformed. 


EXPERIMENTAL RESULTS 


The TTT-diagram developed for steel E is set forth in Fig. 1. 
It shows a full knee for the pearlite reaction and a second, lower 
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Fig. 1—Transformation Diagram for Alloy Steel E, Austenitized at 
1550 °F (845 °C). 


knee for the bainite reaction separated by a bay of extremely slow 
reaction. Ag is located at 1435°F (780°C) and A, at 1290°F 
(695 °C). Having a lower carbon content than the previously 
studied hypoeutectoid steel D (3), proeutectoid ferrite first forms 
over a wide range both above and below the pearlite knee and really 
exhibits a knee of its own. It can be seen that the early part of the 
transformation, during which ferrite-predominates and precedes the 
subsequent separation of pearlite, occurs for an appreciable time 
period. For example, at 1240°F (670°C) only blocky ferrite, 
nucleated at the former austenite grain boundaries, is observed for 
holding times of 7 to 14 hours. Then separation of partially sphe- 
roidized carbide within the ferrite grains begins on holding for even 
longer times. The ferrite knee, or that part of the curve at which 
the “incubation” period reaches a minimum, occurs at 1180°F 
(635 °C) and appears to coincide with the apex of the pearlite knee. 
Below the knee, the ferrite becomes more plate-like in habit and the 
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reaction persists over a long time period. A bay of stable austenite 
occurs over the temperature range 975 to 1050 °F (525 to 565°C), 
and the top of the bainite shelf is located in the 920 to 975 °F (495 
to 525 °C) range. The intermediate or bainite structures in this steel 
are formed in much less time than the ferrite and pearlite. Inter- 
mediate structures vary greatly in appearance, but one characteristic 
type formed at temperatures toward the upper end of the range has 





Fig. 2—Alloy Steel E Transformed at (a) 850°F (455°C) for 1 Hour and (b) 
660 °F (350°C) for 5 Minutes. Modified picral etch. Xx 2000. 


a feather-like appearance and is developed by the growth of fingers 
of ferrite followed by the precipitation of carbide (1). Such a struc- 
ture for steel E, formed on holding for 1 hour at 850 °F (455 °C) 
is illustrated in Fig. 2a. The intermediate structures, formed at 
lower temperatures, on the other hand, appear to form by the simul- 
taneous separation of ferrite and carbide; and the type most fre- 
quently encountered has a dark-etching acicular appearance not 
readily distinguishable from that of tempered martensite (1, 2). 
Such a structure for steel E, formed on holding for 5 minutes at 660 
°F (350°C), is presented in Fig. 2b. As shown by this and pre- 
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viously constructed TTT-diagrams for complex alloy steels (3), 
transformation to intermediate structures on heat treatment is less 
easily avoided than the ferrite-pearlite transformation; and unless 
heavily alloyed steel is used, it is usually necessary to tolerate the 
development of some intermediate structures toward the center of 
medium to large sections. Fortunately the intermediate structures, 
particularly the lower bainites, affect mechanical properties to a much 
less marked extent than does pearlite. 


DISCUSSION 


A comparison can be made of the velocities of transformation 
between steels E and L and previously studied steels J and K (3). 


Temperature °F 





Time - Seconds 


Fig. 3—-Comparison of Start of Transformation Curves for Alloy 
Steels E, J; K and I 


In all these steels, ferrite is the initial decomposition product and 
hence the primary factor influencing hardenability. The extent to 
which alloying elements delay the rate of nucleation of ferrite and 
hence increase hardenability is shown in Fig. 3 by the comparison 
of the start of transformation curves. The influence of carbon is 
readily understood upon examination of the iron-carbon equilibrium 
diagram. As the carbon concentration is increased at constant tem- 
perature, the degree of supersaturation with respect to ferrite is 
decreased, the rate of nucleation of ferrite also decreases and the 
hardenability increases. All alloying elements, except cobalt, in- 
crease hardenability but their effect is more difficult to understand. 
Qualitatively it may be possible that they decrease the rate of nuclea- 
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tion of ferrite by producing fluctuations in the position of the various 
atoms during the transformation of the austenite lattice to the ferrite 
lattice, thereby causing resistance to the process of slip. The influ- 
ence of alloying elements on hardenability may also have its source 
in their effect on the rate of growth of ferrite. The latter problem 
was considered in some detail by Mehl (7), though no data on the 
rate of growth of alloyed ferrite are available. However, from the 
analogy with the pearlite case, the alloying elements may be expected 
to influence the rate of growth as well as the rate of nucleation. 
Since there is no partition of alloying elements, at least in molybde- 
num steels (8), it is surmised that the rate of growth should be de- 
creased by alloying elements mainly through a reduction of the carbon 
concentration at the ferrite-austenite boundary. 

In this grouping of hypoeutectoid steels possessing a relatively 
narrow carbon range the effect of 1.00% chromium in separating the 
ferrite and bainite reactions is shown in the positions of the start 
curves for steels L and K. The delay in the start of the proeutectoid 
ferrite reaction from 6 to 80 seconds, or a factor of about 14, at a 
temperature of 1200°F (650°C) can also be noted. The curves 
show clearly the influence of increasing carbon content in delaying 
transformation to ferrite and its marked effect in lowering the bainite 
shelf and delaying transformation in that region. Thus the differ- 
ence in 0.08% carbon and 0.34% manganese between steels J and K? 
was sufficient to delay the start of the proeutectoid ferrite reaction 
from 65 to 450 seconds, or a factor of about 7, and to separate the 
ferrite and bainite reactions by lowering the bainite shelf about 110 
°F. The addition of 2.35% nickel in steel E to the same carbon level 
as steels J, K and L did not suppress the ferrite reaction but did 
retard its formation. Also the bainite transformation is lowered and 
delayed considerably. The maximum difference is shown when 
comparing steel L with steel E and the minimum difference when 
comparing steel J] with steel E. In the case of the former, one 
would certainly expect that the large addition of 2.35% nickel, 0.75% 
chromium and 0.21% more molybdenum in steel E would separate 
and delay markedly the start of the ferrite and bainite reactions. The 
curves show that the time for the start of ferrite transformation -at 
1200 °F (650 °C) varies from 60 seconds in steel L to 1100 seconds 
in steel E, increasing by a factor of 18 with increasing alloy content. 
The time for the start of the bainite transformation at 840°F (450 
°C) varies from 3.5 seconds in steel L to 45 seconds in steel E, 
increasing by a factor of 13 with increasing alloy content. The bain- 





2The TTT-diagrams and the structural features of steels J and K have been investi- 
gated by Troiano (9) and discussed in a previous paper of this series (3). Their respective 
chemical analyses are: 


Steel Cc Cr Mo Mn Si V P S 
k 0.39 1,00 0.56 1.10 0.29 0.12 0.015 0.013 
0.31 0.99 0.52 0.76 0.27 0.11 0.016 0.013 
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ite shelf was lowered 130 °F, a considerable decrease. In the case 
of the latter, the 2.35% nickel delayed the same reactions to a less 
extent. Apparently the higher quantities of 0.25% chromium, 0.52% 
manganese and 0.07% carbon in steel J almost offset the retarding 
effect of the 2.35% nickel in steel E. The curves show that the time 
for the start of ferrite transformation at 1200°F (650°C) is 550 
seconds for steel J] compared to 1100 seconds for steel E, or a fac- 
torial increase of 2. The bainite reaction is not lowered but the re- 
action below the shelf is delayed to a greater extent than was the 
case for the ferrite reaction, the time for reaction at 840 °F (450 °C) 
ranging from 12 seconds in steel J to 46 seconds in steel E, a time 
factor of about 4. Of course an even greater difference is noted in 
the start of transformation curves when comparing steel E with 
steel K, which has 0.34% less manganese and 0.08% less carbon than 
steel J. The vanadium additions and the austenitizing treatments 
produced the same grain size rating in this series of steels. The as- 
quenched hardness increased with the alloy content in the sequence: 


Rockwell C-53, C-53, C-58 and C-62. 
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IDENTIFICATION OF “INCLUSIONS” IN AUSTENITIC 
18 CR-8 NI-CB (TYPE 347) STEEL 


By E. J. Dutts anp G. V. SmiTH 


Abstract 


X-ray diffraction examination of the surface of an 
18 Cr—8 Ni-—Cb steel quenched from 2300 °F, in which 
the “inclusions” had been concentrated by selective etching 
of the austenite matrix, has shown that the inclusions have 
a cubic crystal structure with cell size of about 4.40 A, 
corresponding, thus, with CbC (4.40 A) and CbN (4.41 
A) which are presumed to be isomorphous. The inclu- 
sions were also separated from the matrix by electrolytic 
dissolution in 5% hydrochloric acid or by direct solution 
in strong hydrochloric acid, and examined both by X-ray 
diffraction and by chemical analysis. 

It ts concluded that the characteristic inclusions of 
18 Cr—8 Ni-—Cb steel are essentially a solid solution of 
CbC and CbN containing approximately equal amounts of 
carbon and nitrogen. 


N 18 Cr-—8 Ni-—Cb steels (AISI Type 347) there occurs a 

characteristic microconstituent which, because it appears to re- 
main largely inert and because it is seen in the unetched condition, 
may be termed an inclusion, according to common usage of this word. 
This constituent has also been called a columbide by some and a 
carbide by others. This latter designation, however, has been un- 
acceptable to some, inasmuch as carbides are not usually considered 
to be evident in the unetched condition and because when these steels 
are etched, another constituent of finer size, and generally called 
carbide, does appear. 

In the course of experiments on 18 Cr—8 Ni-—Cb steel an 
opportunity arose to shed some light on the nature of these particles 
and this brief note relates our findings. The composition of the steel 
examined was as follows: 


C. Ma FF = oe: Ge Cr. @- Ba N Cb/Ta 
0.07 121 0.014 0.018 0.43 0.02 10.80 17.10 0.99 0.043 0.047 23 


The microstructure of this steel after a customary annealing 
treatment is shown in Fig. 1. The relatively large “inclusions” and 





The authors, E. J. Dulis and G. V. Smith, are associated with the Research 
Laboratory, United States Steel Company, Kearny, N. J. Manuscript received 
August 17, 1951. 
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Fig. 1—18 Cr—8 Ni-Cb (Type 347) Steel Water-Quenched 
From 1900 °F (1040 °C), Etched in Picric — Hydrochloric Acids 
in Alcohol. 1000. 





Fig. 2—Same as Fig. 1-but Quenched From 2300 °F (1260 °C). 
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the smaller carbides, described above, are apparent. When the steel 
is quenched from a sufficiently high temperature, however, only the 
relatively large inclusions are observed, Fig. 2; presumably the 
smaller carbides have been dissolved or have joined the larger par- 
ticles. In any event an opportunity was afforded to identify the large 
inclusions. This was accomplished by concentrating them at the sur- 
face of the sample by selective etching of the austenitic matrix for 30 
hours in an alcoholic solution of picric and hydrochloric acids, where- 
upon they could be identified in situ by X-ray diffraction. Alterna- 
tively they were concentrated by electrolytic dissolution of the matrix 
in 5% hydrochloric acid or by direct solution in strong hydrochloric 
acid, in which case they could be examined not only by X-ray dif- 
fraction, but also by chemical analysis. 

Fig. 3 is a reproduction of the X-ray diffraction pattern, re- 
corded autographically with a spectrometer-type apparatus, using 
characteristic radiation of cobalt, of a sample in which the inclusions 
had been concentrated at the surface by etching in a solution of 
picric and hydrochloric acids in alcohol. The pattern and its spacing 
reveal that the inclusions have a cubic crystal structure (rock salt 
type) with cell size of about 4.40 A. This corresponds (1)! with 
the structure and cell size of either CbC (4.40 A) or CbN (4.41 A), 
which are so similar as to be indistinguishable with our apparatus. 
TaC also has a cubic crystal structure with cell size reported (1) to 
be 4.49 A or 4.56 A, and Goldschmidt (2) reports TaC to be iso- 
morphous with CbC; TaN has a hexagonal crystal structure (1) 
with a, = 3.05 A and c/a = 1.62. Measured and calculated diffrac- 
tion lines are compared in Table I. Similar examination of this 
sample after precipitation of the carbides at 1300°F (705°C) did 


not reveal any additional diffraction lines, except when sigma phase 
precipitated. 





Table | 


Comparison of Measured and Calculated Diffraction Angies* for ‘‘Inclusions”’ 
in Type 347 Steel, Assuming Them to be CbC 


-——26 Degrees——, Interplanar Spacing—d, A 


Plane Calculated Measured Calculated Measured 
(111) 41.2 40.8 2.54 2.56 
(200) 47.8 47.6 2.20 2.21 
(220) 70.2 69.3 1.55 1.57 
(311) 84.4 83.9 1.33 1.34 


: n\ 7 2 : 
*# = sin-! sa where @ is the diffraction angle 


\ is the wave length of the X-radiation 
d is the interplanar spacing of the diffracting planes 
n is the order of the reflecting plane 
Basis for Calculation 
CbC—cubic (rock salt) with unit cell size of 4.40 A 
Cobalt characteristiq»radiation \xqg = 1.787 A 


Note: Higher angle reflections are beyond the range of the spectrometer. 








'The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 3—Reproduction of Spectrometer Record of Surface of Sample of 18 Cr-8 
Ni—Cb Steel Water-Quenched After 1 Hour at 2300°F (1260°C) and Selectively 
Etched so as to Concentrate ‘“‘Inclusions”. Cobalt characteristic radiation. Pattern shows 
inclusions to have same crystal structure as CbC and CbN. 


Since CbC, CbN and TaC have identical crystal structure and 
nearly identical cell size, it seems probable that they are isomorphous, 
as are TiC and TiN (3). As chemical analysis of the concentrated 
sample offers a means of supplementing the X-ray diffraction iden- 
tification of the “inclusions”, a quantitative analysis was made of 
the relative amounts of columbium, tantalum, carbon and nitrogen. 
The composition of the concentrate, by weight per cent, is as follows: 


Cb Ta C N 
63.0 2.2 3.5 3.3 


The remaining 28% of the total weight of concentrate is believed 
attributable to oxides or other impurities. Of the total carbon and 
nitrogen in the steel, 0.016 and 0.015% respectively are present in 
the concentrate, the remainder of these elements presumably being in 
solution in austenite; also in terms of the original steel, the colum- 
bium and tantalum were 0.29 and 0.01 respectively (or in approxi- 
mately the same proportion as in the steel), the remainder presumably 
being present in solution in the austenite or as oxide inclusions. 
Assuming that the carbon and nitrogen analyses of the residue rep- 
resent complete recovery, about 24% of the columbium (tantalum) 
is unaccounted for by combination as CbC or CbN. The excess 
columbium is presumably attributable to oxide inclusions originally 
present in the steel and to hydrolysis of some or all of that part in 
solution in the austenite. Electron diffraction examination of the 
concentrate showed that in addition to the diffraction lines of 
Cb(C,N) there were a few lines corresponding to the strongest lines 
of CbO, CbOs and several forms of Cb2O;. There was no evidence 
of the presence of TaN. In afiy event it is quite apparent that carbon 
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and nitrogen are present in the “inclusions” in substantially equal 
amounts so that the X-ray diffraction pattern shown in Fig. 3 is of 
both CbC and CbN, presumably together in solid solution, i.e., as 
Cb(C,N). Because of the relatively small amount of tantalum, the 
formation of TaC or TaN can be considered as a possible minor 
factor in the composition of the “inclusions”’. 

The small “carbides” as well as the “inclusions” are in all 
probability basically solid solutions of CbC and CbN, although pos- 
sibly small amounts of some other elements may be present ; however, 
these constituents may differ in composition owing to difficulty of 
equilibration at relatively low temperatures at which the smail car- 
bides precipitate. As to why the small carbides do not appear in 
the unetched condition, two possibilities come to mind: (a) they 
differ sufficiently in composition and character from the larger par- 
ticles; (b) they are obscured by “smeared” metal developed during 
polishing, which is removed by etching. 

It is noteworthy that similar circumstances exist in respect to 
18 Cr—8 Ni-Ti steel (AISI Type 321). That is, a characteristic 
type of inclusion appears in the unetched condition, and additional 
small particles, ordinarily considered to be carbides, appear on etch- 
ing. It is true, however, that titanium seems to have a greater avid- 
ity for nitrogen than does columbium, and the nitrogen content of 
Type 321 steel seems to be much lower than in Type 347 steels. 


CONCLUSION 


The coarser inclusions in 18 Cr—8 Ni—Cb (Type 347) steel 
are essentially a solid solution of CbC and CbN with approximately 
equal amounts of carbon and nitrogen. 
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THE FATIGUE PROPERTIES OF SOME BINARY ALPHA 


SOLID SOLUTIONS OF ALUMINUM 
By J. W. Ricues, O. D. SHERBy AND J. E. Dorn 


Abstract 


Alloying additions invariably increase the fatigue 
strength of alpha solid solutions of aluminum; the order 
of increasing effectiveness per atomic per cent of the 
added element is: zinc, silver, cadmium, magnesium, 
germanium and copper. This is in agreement with the 
order of increasing effectiveness of alloying elements in 
improving the plastic properties of alpha solid solutions 
of aluminum. 


INTRODUCTION 


LTHOUGH the details of the mechanics of initiation and growth 

of fatigue cracks have not yet been fully resolved, numerous 
investigations appear to uphold the contention that fatigue cracking 
is a phenomenon that attends alternating slip. Under the initial 
cycles of stress, slip bands are produced in favorably oriented grains. 
If the stresses are low, e.g., below the endurance limit in the case of 
steels, strain hardening in the vicinity of a slip band restrains the 
generation, motion and hence the accumulation of new dislocations in 
this region and a fatigue crack, if present, will not grow. But if the 
stresses are sufficiently high, each cycle of the stress results in the 
generation and motion of new dislocations. Some of such dislocations 
are thought to accumulate in certain favorable regions on slip planes 
near the free surface of surface grains, thus forming a nucleus of a 
growing fatigue crack. On the basis of this tentative preliminary 
picture of the process of fatigue failures in polycrystalline materials, 
some correlation should exist between the plastic properties and the 
fatigue strength of metals in view of the more or less common role 
played by dislocations in both of these processes. The origin of any 
difference between plastic and fatigue properties of metals might be 
sought in the singular distinction that fatigue cracking is believed to 
result from a specific kind of coalescence of accumulated dislocations 
to form a fatigue crack whereas this action is not essential for plastic 
deformation. Such factors as solid solution alloying, which are 
Thirteenth Technical Report, Series 22, Issue 13 NR-onr-295, Task Order II, NR-031-048. 
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known to restrain the generation and motion of dislocations in a ten- 
sile test, should also restrain the generation and motion of dislocations 
under conditions of cyclic stressing and thus restrain their coales- 
cence into the nucleus of a fatigue crack. 

The anticipated correlation between fatigue and plastic proper- 
ties of alloys has already been revealed for low alloy heat-treatable 
steels. It is well known that the ratio of the endurance limit to the 
tensile strength of steels approximates 0.5, varying for most steels 
from about 0.45 to about 0.55. No theoretical significance, however, 
should be ascribed to an endurance ratio of 0.5. Furthermore, the 
comparison of the endurance limit to the tensile strength is a highly 
questionable procedure due to the fact that the general strain-hard- 
ened state of a fatigue specimen stressed 20 & 10® cycles at the endur- 
ance limit is known to differ significantly from that of a tension 
specimen of the same steel that has been stressed to its tensile 
strength. Nevertheless the observed correlation between the endur- 
ance limit and the tensile strengths of steels, crude as it may be, is 
not entirely fortuitous. It is well known that the tensile properties 
of steels are reasonably homologous; the tensile strength, yield 
strength, strain to necking, per cent elongation and per cent reduction 
in area for low alloy carbon steels are, to a first crude approximation, 
functions solely of the hardness of the steel and they are independent 
of carbon content or percentage of alloying elements that are present. 
This infers that carbon steels exhibit homologous plastic properties. 
To a first approximation, therefore, low alloy steels that have the 
same tensile strength have almost identical stress — plastic strain curves. 
The correlation between the endurance limit and the tensile strength 
of steels is undoubtedly ascribable to the fact that the tensile strengths 
of steels are a simple, convenient, approximate measure of their plas- 
tic properties. 

The observed correlation between the fatigue and tensile 
strengths of low alloy steels does not apply to nonferrous alloys. 
Frequently a high tensile strength precipitation-hardened nonferrous 
alloy will have about the same endurance strength that it exhibits in 
lower strength solution heat treated, overaged, or annealed condi- 
tions. This observation, however, does not necessarily imply that no 
correlation exists between the fatigue and plastic properties of these 
alloys. Such lack of correlation with tensile strength would be 
obtained if the precipitation-hardened state promoted the specific 
accumulation of dislocations necessary to generate a fatigue crack or 
if the tensile properties of the various conditions of the nonferrous 
alloys do not form a homologous series. It would prove interesting 
therefore to seek more thoroughly a possible correlation between 
the fatigue and plastic properties of nonferrous metals. The simplest 
system for analysis would undoubtedly consist of alpha solid solutions. 
In such materials the complications arising from the stresses due to 
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coherent @ precipitates or incoherent intermetallic phases would not 
be present to complicate the phenomenon of fatigue cracking and a 
clearer correlation between fatigue and plastic properties should be 
obtainable. 

In spite of the theoretical significance and practical importance 
of fatigue, only one systematic investigation has thus far been pub- 
lished on the effect of alloying additions on the fatigue properties of 
alpha solid solutions. Epremian and Nippes (1)* investigated the 


Endurance Limit, |OOOpsi 





—— Pare coed 
Atomic % Alloying pak 


Fig. 1—The Fatigue Strength of Binary Ferrites (1). 


effect of additions of titanium, molybdenum, silicon, manganese, 
cobalt, nickel and chromium on the endurance limit of binary ferrites. 
They found that alloying additions invariably increased the endur- 
ance limit of ferrite, titanium having the greatest effect and chro- 
mium having the least effect per atomic per cent as shown by the 
data of Fig. 1. All of the elements excepting nickel appear to form a 
homologous series relative to their effect on the endurance limit of 
ferrite. In general those elements which induced the greatest lattice 
strain also induced the greatest increase in the endurance limit. 
Although Epremian and Nippes did not evaluate the tensile proper- 
ties of their alloys, they did compare their values of the endurance 
limit with tensile strengths of binary ferrites deduced from the data 
of Lacy and Gensamer (2) and recorded in Table I. Excepting 
for the anomalously high endurance ratio for the titanium alloy, the 
endurance ratios varied from about 0.45 to about 0.61, suggesting 
that the endurance ratios for binary ferrites are not much dissimilar 
1The figures appearing in jardiiidech pertain to the references appended to this paper. 
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Table | 


Fatigue and Tensile Strengths of Binary Ferrites (1) 
Endurance Tensile 
Atomic Limit Strength Endurance 
Element Per Cent (psi) (psi) Ratio 
1.07 16,500 35,300 0.47 
Cr } 5.30 18,000 38,400 0.47 
) 1.00 20,000 35,600 0.56 
Co } 3.72 23,300 38,600 0.58 
J 4.76 23,400 39,400 0.59 
7, 1.02 18,050 39,900 0.45 
Ni 5 4.81 26,500 52,900 0.50 
Mo | 0.076 19,250 35,000 0.55 
oj; 0.292 23,200 37,900 0.61 
si) 1.11 23,250 43,900 0.53 
. + 2.61 26,500 54,100 0.49 
Mn | 0.651 19,300 39,000 0.49 
” s 1.505 21,000 43,400 0.49 


Ti 0.538 33,000 41,900 0.78 








from those for low alloy carbon steels. In view of the fact that the 
tensile strength of binary ferrites can be used as an index of their 
plastic properties (2) the observed correlation of the endurance 
ratios for the binary ferrites appears to suggest a correlation between 
the fatigue and plastic properties of these alloys. Unfortunately this 
proof is not strong because low alloy commercial steels also give this 
correlation, suggesting that this correlation might be fortuitous and 
unique for steels. Furthermore, the carbon content of Epremian and 
Nippes’ ferrites was in excess of the solubility limit of carbon whereas 
Lacy and Gensamer annealed their binary ferrites in moist hydrogen 
to reduce the carbon content below its solubility limit in ferrite. The 
comparison between tensile strength and endurance limit was there- 
fore made on somewhat dissimilar alloys. Thus additional inves- 
tigations on the effect of alloying elements on the fatigue properties 
of alpha solid solutions is warranted. 


MATERIALS FOR TEST 


Inasmuch as aluminum alloys in general do not have a constant 
endurance ratio, alpha solid solutions in aluminum were considered 
to be suitable alloys for the present investigation on the relationship 
between the fatigue and plastic properties of alloys. The chemical 
analyses and grain size of the alloys that were used in this investiga- 
tion are given in Table II. All alloys were rolled to a nominal thick- 
ness of 0.070 inch. The preparation, homogenization and recrystal- 
lization treatments for these alloys, together with their plastic prop- 
erties at subatmospheric temperatures, have already been reported 
(3). Additional data are also available on the electrical resistivity of 
these alloys (4) as well as their elevated temperature plastic proper- 
ties (5) and creep properties at 300°F (6). 
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Table Il 
Chemical Analysis* and Grain Size of Alloys 


Mean Grain 


Alloying Atomic -—Weight Per Cent of Residual Impurities——, Diameter 
Element Per Cent Si Fe Cu Meg Mn (mm.) 
Aluminum 99.987 0.003 0.003 0.006 0.001 ca ose 0.25 
Magnesium 0.554 0.003 0.003 0.007 ees esi 0.25 
1.617 0.003 0.004 0.006 tule ae 0.26 
3.228 0.003 0.004 0.007 vas ' vac’ 0.27 
Copper 0.029 0.003 0.004 tee GO 0.0006 0.001 0.29 
0.101 0.003 0.003 ate Ai 0.0006 0.001 0.29 
0.233 0.003 0.004 a abil 0.0006 0.001 0.30 
Zine 0.211 0.004 0.004 0.006 0.001 pee 0.26 
0.755 0.004 0.005 0.006 ei ~ kone 0.26 
1.616 0.003 0.005 0.007 0.001 peek 0.26 
Germanium 0.015 0.004 0.004 0.006 0.001 5 b0%ee 0.27 
0.145 0.003 0.006 0.007 0.001 nah 0.26 
Silver 0.025 0.003 0.005 0.006 0.001 ESky 0.31 
0.100 0.003 0.005 0.007 0.001 oxen 0.29 


*The authors express their appreciation to the Aluminum Company of America for the 
preparation and chemical analyses of these alloys. 


EXPERIMENTAL PROCEDURE 


All fatigue tests were conducted on a Krouse sheet-type canti- 
lever beam fatigue testing machine. The deflection and stressing of 
the specimens were accomplished by means of a connecting rod, one 
end of which was attached to an adjustable eccentric through self- 





No.t7 Drill 
2 Holes 


Fig. 2—-Fatigue Specimen. 


aligning bearings whereas the other end was attached to one end of 
the specimen through a wrist pin and a self-aligning bearing; the 
other end of the specimen was clamped in a vise whose elevation 
was adjusted to give zero deflection to the sheet when the eccentric 
was placed in the neutral position. In this way equal cycles of posi- 
tive and negative tensile strains were induced in both the upper and 
lower surfaces of the sheet. 

The specimen design is Shown in Fig. 2. The specimens were 
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machined with their axes in the rolling direction from the cold-rolled 
sheet and then annealed for recrystallization to equal and uniform 
grain sizes (as shown in Table Il). The machined edges of the 
specimens were then polished longitudinally with 3/0 emery paper. 
The wide end of the specimen was clamped in the vise and the small 
end was attached to a fixture on the connecting rod. 


Peak Stress, |OOOpsi 


anita Deflection, Inches 
© 0.1275 
, D 0.1450 
4 0.1825 
2 468] 2 468| 2 468 2 4 


lO io2 ~=610 ~=10* ~=— 105-108 
Cycles of Stress 





Fig. 3—The Stress for a Given Deflection Versus the 
Number of Cycles for 2S-O Aluminum. The stress was calcu- 
lated from the formula: S = 6FL = t*b. 


The theory of elastic deflections for cantilever beams reveals that 
the longitudinal stress in the outer fiber is given by 


L 
S= Sr (:) Equation 1 


t? 
where F = applied load 
t = thickness of specimen 
L = distance from point of application of the load 


b = width of the beam at a distance L from the point of application of 
the load. 


Since the specimens are designed so that L/b is constant over the 
gage section, the same longitudinal stress should be obtained over the 
entire gage section of the elastically deformed beam. 

It is common practice to apply a load F to the specimen by 
means of a pan and weights, calculate S and adjust the maximum 
deflection of the variable eccentric to give the same deflection to the 
specimen as it had under load F. In this way the peak applied stress 
can be plotted as a function of the number of cycles, N, to failure. 
A series of preliminary tests was made on 2S-O aluminum alloy 
in order to check this procedure and its reproducibility. Periodically 


. 
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the fatigue tests were interrupted and the stress S for the same 
deflection as was initially imposed on the specimen was remeasured. 
These data are shown in Fig. 3. Obviously in the interesting range 
of peak stresses, the stress calculated by Equation 1 increases with 
increasing cycles of straining. This is attributable to plastic deforma- 
tion and strain hardening throughout the course of a single test. 
Therefore Equation 1 and all of the deductions based on it were 
found to be invalid in the planned tests. Occasionally, in tests of 
this kind an attempt is made to hold the stress, S, constant by read- 
justing the eccentric periodically in accordance with Equation 1. 
This procedure is also invalid, since Equation 1 applies only when 
the strains are elastic. 

The common procedure of reporting fatigue data in terms of 
S-N curves was prompted by engineering design needs of determin- 
ing the maximum safe stress to which a material might be subjected 
without danger of failure. Sufficiently accurate and reproducible 
S-N curves are obtainable for materials whose endurance strengths 
are much below their yield strengths. On the other hand S-N curves 
are meaningless for those materials, such as high-purity aluminum 
alloys, that have relatively high ratios of endurance strength to yield 
strength. Furthermore, theoretical considerations suggest that the 
endurance strength might be more closely dependent on cyclic plastic 
straining than on cyclic stressing. 

The purpose of the present investigation is to evaluate the effect 
of alloying elements on the fatigue properties of alpha solid solutions 
of aluminum. The observations recorded in the preceding paragraph 
suggested that this objective could be achieved more accurately and 
with equal generality if the total outer fiber strain, rather than the 
stress, was taken as the significant variable in fatigue failures. Thus, 
if the eccentric is held constant throughout a test, the maximum 
radius of curvature R of the gage section becomes fixed and hence 
the maximum outer fiber strain of the specimen is also constant 
throughout this test. 

In order to determine the outer fiber strains for any given deflec- 
tion D at the apex of the gage section and any thickness t of the 
specimen, a special quenched, tempered, and ground specimen of a 
hardened steel was prepared. Preliminary tests revealed that for the 
desired deflections the hardened steel specimen was always stressed 
much below its proportional limit. Therefore, the outer fiber stress 
for this specimen could be determined from Equation 1 and apply- 
ing Hookes’ Law 


Equation 2 


e=5 
E 





assuming E to be 30 « 10° psi, the outer fiber strain was determined. 
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Furthermore, the radius of curvature, R, over the gage section of the 
specimen could then be calculated from 


CR 

R t/2 

In this way the calibration data curve shown in Fig. 4 was obtained 
relating the maximum deflection at apex D to 1/R. 

In the actual tests on the aluminum alloys the vise was adjusted 


so that zero deflection of the specimen was obtained when the eccen- 
tric was set in its neutral position. The eccentric was then set and 


Equation 3 





Maximum Deflection at Apex, Inches 


0 0.01 0.02 003 0.04 0.05 
| 


R 
Reciprocal of the Radius of Curvature 
of Cantilever Fatigue Specimen 


Fig. 4—Calibration Curve for Krouse Cantilever 
Beam Fatigue Machine. 


the maximum deflection of the specimen at its apex was measured 
with a dial gage. The corresponding value of 1/R was determined 
from Fig. 4 and the maximum outer fiber tensile strain was calcu- 
lated from Equation 3. This procedure was considered to be ade- 
quate for the desired qualitative comparisons that were being sought 
on the effect of alloying elements on the fatigue properties of alpha 
solid solutions of aluminum. 


EXPERIMENTAL RESULTS 


The fatigue tests were performed at 1725 cycles per minute at 
atmospheric temperatures. No attempt was made to compensate for 
the slight heating of the specimens during test resulting from their 
internal damping. The maximum outer fiber strain was adjusted to 
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ig. 6—The Effect of Copper on the Fatigue Properties of Alpha 
Solid Solutions of Aluminum at Room Temperature. 


cause failure to occur in about 10° to 10% cycles. Although a few 
specimens fractured in the gage section near the fillet region, their 
data correlated well with those which fractured well within the gage 
section. Therefore, the results for thése specimens were also reported. 

The effect of alloying elements on the fatigue strength of alpha 
solid solutions of aluminum is illustrated in Figs. 5 to 9 inclusive. 


DISCUSSION OF THE RESULTS 


In order to illustrate the effect of alloying additions on the 
fatigue strength of alpha solid solutions, the fatigue data were re- 
plotted in terms of the outer fiber strain necessary to induce failure 
in a stated number of cycles asa function of atomic per cent as shown 
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Fig. 7—The Effect of Zinc on the Fatigue Properties of Alpha 
Solid Solutions of Aluminum at Room Temperature. 
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Fig. 8—The Effect of Germanium on the Fatigue Properties of 
Alpha Solid Solutions of Aluminum at Room Temperature. 


in Fig. 10. The use of a logarithmic scale for the atomic per cent 
of the alloying element was necessary in order to permit plotting a 
sufficiently broad range of compositions. These data reveal that 
alloying additions invariably increase the fatigue strengths of alpha 
solid solutions. When these data are plotted on a linear scale for the 
atomic per cent alloying element they reveal that the initial increase 
in composition is more effective in increasing the fatigue strength 
than equal subsequent increases in atomic per cent of the alloying 
element. These conclusions are in complete harmony with those 
obtained by Epremian and Nippes (1) on binary ferrites reproduced 
in Fig. 1 of this report. 

Copper additions have the greatest effect per atomic per cent on 
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increasing ‘the fatigue strength of aluminum whereas zinc has the 
least effect among the alloying elements that were examined. In 
fact, the effect of alloying additions on the fatigue properties is 
qualitatively similar to the effect of these additions on the tensile 
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Fig. 11—The Strain Hardening Equivalency of the 
Vasieus Solute Elements as Based on the Strain Hardening 
i of the Aluminum-Copper Alloys (3). 
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Fig. 12—Correlation Between Maximum Strain for Various Number of 
Cycles to Failure and the Copper Equivalent of the Binary Aluminum Alloys 
Investigated. 


properties. In a previous report it was shown that alloying additions 
to aluminum yielded alloys which had homologous plastic properties 
(3). The copper equivalents of the various elements determined 
in the previous investigation on tensile properties are reproduced in 
Fig. 11. These data imply that an aluminum alloy containing one 
atomic per cent germanium results in the same stress — plastic strain 
curve as is obtained with the addition of about 0.65 atomic per cent 
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copper to aluminum, whereas a one atomic per cent magnesium alloy 
gives the same stress as would the addition of about 0.38 atomic per 
cent copper, etc. Similarly an aluminum alloy containing about 1.5 
atomic per cent zinc has the same stress — plastic strain curve as an 
alloy containing about 0.7% silver, 0.32% cadmium, 0.3% magne- 
sium, 0.15% germanium or 0.1% copper. Consequently, the plastic 
properties of aluminum alloys are a uniform function of the copper 
equivalents. 

Comparison of Figs. 10 and 11 indicates the same order of rela- 
tive strengths of the various alloying elements with ‘respect to fatigue 
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Fig. 13—Correlation Between Maximum Strain for 
Varicus Stated Numbers of Cycles to Failure and Tensile 
Strengths of the Binary Aluminum Alloys Investigated. 


properties and tensile properties. It would be interesting to ascertain 
whether the same copper equivalents obtained from studies on the 
plastic properties are also applicable to fatigue properties. For this 
purpose the outer fiber strain for failure in fatigue at various fixed 
values of N were plotted as a function of the copper equivalents of 
Fig. 11 as shown in Fig. 12. Although the data for the 0.029 and 
the 0.101 copper appear to be slightly above and those for the zinc 
alloys slightly below the mean curves, the data, in general, infer that 
the fatigue properties of alpha solid solutions are correlatable with 
their plastic properties. Further correlation between fatigue prop- 
erties and tensile properties as a function of alloying is shown in 
Fig. 13. Here, the maximum strain for various stated numbers of 
cycles to failure of the alloys” investigated is plotted as a function 





OT 


Fin atc 








1952 FATIGUE PROPERTIES OF ALUMINUM 895 


of their tensile strengths at room temperature. Again, fair agree- 
ment is obtained. Hence, those elements which most effectively 
induce solid solution strengthening are also most effective in increas- 
ing the fatigue strength. This fact suggests that the same factors 
which restrain the generation and motion of dislocations in alpha 
solid solutions also restrain their generation, motion and thus their 
accumulation under cyclic straining leading to fatigue failure. 


CoNCLUSIONS 


1. Alloying additions invariably increase the fatigue strength 
of alpha solid solutions of aluminum. 

2. Those elements which are most effective in improving the 
plastic properties of aluminum alpha solid solutions are also most 


‘effective in improving their fatigue strengths. 
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THE FUNCTIONS OF ALLOYING ELEMENTS IN THE 
CREEP RESISTANCE OF ALPHA SOLID SOLUTIONS 
OF ALUMINUM 


By A. T. Rosinson, T. E. Tietz anp J. E. Dorn 


Abstract 


Creep data at 422 °K revealed that the creep resist- 
ance of a series of high purity binary alpha solid solutions 
in aluminum decreased in the order Al-Mg, Al-Cu, Al- 
Ag, Al-Ge, and Al-Zn. The highest creep-resistant alloys 
Al-Mg and Al-Cu were those which exhibited the highest 
solid solution strengthening in tension, the greatest Cot- 
trell Effect, and the highest resistance to recovery. 


RGENT engineering demands for the immediate development 

of highly creep-resistant alloys have resulted in an extensive 
but largely uncorrelated literature on this interesting and important 
subject. Our knowledge of creep, however, is gradually being ele- 
vated from an art to a science by fundamental investigations on the 
mechanisms of creep and the microstructural changes attending these 
processes as well as by systematic investigations on the effects of 
various isolatable factors on the creep properties of metals (1).? 
Systematic investigations have already revealed the general qualitative 
effects of such pretreatment factors as hot working, cold working, 
annealing, and grain size on the creep characteristics of metals. In 
addition, systematic investigations have uncovered the effects of such 
factors which attend creep of metals as recovery, recrystallization, 
precipitation hardening, overaging and instability of the microstruc- 
ture. In contrast to the total effort devoted to the subject of creep, 
however, relatively little definitive work has been done to uncover 
the basic information of how alloying elements in alpha solid solutions 
influence the creep behavior of metals. Only four references (2-5) 
pertaining to such studies have been disclosed thus far to the present 
authors. A brief review and analysis of these papers will serve as an 
appropriate introduction to the following report. 

Hanson and Sandford (2) investigated the effects of various 
alloying elements on the creep of tin at atmospheric temperature. 
Although some of the compositions exceeded the limit of alpha solid 
solubility, others were within the solubility range. The alloys were 





1The figures appearing in parentheses pertain to the references appended to this paper. 
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rolled and permitted to recrystallize at atmospheric temperature be- 
fore testing. Unfortunately this treatment resulted in the develop- 
ment of various grain sizes in the different alloys. In all cases, how- 
ever, the addition of a solute element resulted in a decrease in the 
creep rate. Because many of the variables that are known to affect 
the creep resistance of metals were uncontrolled in these investiga- 
tions, more detailed conclusions appear unwarranted. 


Pure Lead 


Lead Alloy 


Creep Strain——. 


| 
| 
| 
| 
| 
| 
| 
| 
| 


Stages O . . . 
of Transient | Quasi-Viscous | Tertiary 
Creep Time—> 


Fig. 1—Effect of Recrystallization on the Creep Proper- 
ties of Lead. 


Greenwood and Worner (3) investigated the effect of several 
alloying elements on the creep of 99.99% lead at atmospheric temper- 
atures. Ingots were cast into a permanent mold, rolled and then 
annealed for 15 minutes at 100°C to induce recrystallization. No 
attempt was made to control the original grain size of the creep 
specimens of the various alloys. Furthermore, no detailed effort was 
made to ascertain whether or not some of the compositions’ exceeded 
the solubility limit. Consequently, no general conclusions can be 
deduced as to the role of solute elements on the creep resistance of 
alloys from these data. It is interesting to note, however, that these 
investigators obtained two types of creep curves: one, type A of 
Fig. 1, was analogous to a typical creep curve, whereas the other, 
type B, exhibited an anomalous increase in creep rate over the limited 
range of B’ to B”. The authors demonstrated that this anomalous 
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behavior was associated with the process of recrystallization during 
this phase of the test. Whereas the original grain size was fine, the 
grains began to undergo recrystallization and coarsening at B’ and 
the recrystallization was substantially complete at B” yielding a 
coarse-grained structure over the range from B” to B. Alloying ad- 
ditions so restrained the recrystallization process that the anomalous 
behavior over the range B’ to B” was shifted to longer times under 
test and in some cases prevented recrystallization during the course 
of creep, giving thereby curves of type A. The alloying elements 
which restrained recrystallization during testing also gave improved 
creep resistance. These investigators also noted that alloying addi- 
tions invariably reduced the initial strain, €,, which is obtained imme- 
diately after the load is applied. 

Austin, St. John and Lindsay (5) determined the effects of 
chromium, cobalt, nickel, manganese, molybdenum and silicon addi- 
tions on the creep properties of binary ferrites in which the residual 
elements including carbon were held at fairly constant low concen- 
trations. Annealing treatments resulted in grain sizes ranging from 
ASTM grain size No. 1 for pure ferrite to grain size No. 7 for the 
higher compositions. Creep tests were conducted at 800 °F (425 °C) 
by means of a staircase procedure of loading in order to facilitate 
the experimental program. Specimens were first stressed to 7500 psi 
for 600 to 700 hours during which time interval the secondary creep 
rate was reached and measured. The stress was then increased to 
10,000 psi and again held constant for 600 to 700 additional hours, 
giving a new secondary creep rate. This procedure was continued 
for higher stresses by increasing the stress by 2500-psi increments 
at intervals of 600 to 700 hours. Unfortunately, complete creep curves 
at a single stress level cannot be compared with the above tests 
conducted in such a manner, since it is fairly widely recognized that 
the secondary creep rates are dependent on the previous strain history. 
Nevertheless, such data as these should reflect at least the qualitative 
effects of alloying additions on the creep properties of metals. 

As shown by the data given in Fig. 2, the alloying additions 
invariably increased the creep resistance of ferrite. Whereas the 
effects per weight per cent are greatest for molybdenum and chro- 
mium, and intermediate for manganese and silicon, cobalt and nickel 
scarcely have any effect on the creep resistance of ferrite at 800 °F 
(425°C). The same general trends were observed at 1000 °F (540 
°C) excepting that the effects of silicon as well as cobalt and nickel 
were negligible, whereas manganese and chromium introduced slightly 
improved creep resistance and molybdenum resulted in the highest 
creep resistance. This order of merit for creep resistance is quite 
dissimilar from the order of merit for solid solution strengthening as 
obtained from tensile data or hardness tests at atmospheric tempera- 
tures. For example, Austin’s data on the effect of alloying elements 
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on the hardness of binary ferrites suggest that chromium is a rather 
ineffective solid solution strengthening element; the solid solution 
strengthening effect increases in the order chromium, cobalt, nickel, 
manganese, molybdenum and silicon on a weight per cent basis. 
Obviously there is no apparent correlation between the relative effect 
of solute elements on the atmospheric tensile properties and their 
effect on creep properties at elevated temperatures. Austin et al 
showed, however, that there is a direct correlation between the effect 
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Stress to Achieve O.! % Creep per |OOO Hours, |O0Opsi 


Fig. 2—Effect of Alloying Elements on the Creep 
Properties of Binary Solid Solutions of Ferrite. 


of alloying elements on the creep resistance of binary ferrites and 
their effect on resistance to recovery. Nickel and cobalt have little 
effect on the recovery of ferrite; silicon, manganese and chromium 
increase the resistance to recovery, whereas molybdenum which in- 
duces the greatest improvement in creep resistance also retards 
recovery most effectively. In fact, the correlation between resistance 
to creep and resistance to recovery is semjquantitative. At 800 °F 
(425°C) binary ferrites containing Sate and nickel creep 
almost as rapidly and also recover almost as rapidly as unalloyed 
ferrite. At 1000°F (540°C) binary ferrites containing silicon also 
creep and recover almost as rapidly as unalloyed ferrite; the recovery 
and creep resistance of binary ferrites containing manganese and 
chromium are greater than that for ferrite containing silicon, whereas 
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molybdenum exhibits very slow recovery and creep at even 1000 °F 
(540 °C). 

The above-quoted investigations suggest the following tentative 
conclusions : 

1. Additions of solute elements reduce the initial strain €, in 
creep tests. 

2. The secondary creep rate is either reduced or unaffected by 
the addition of solute elements to pure metals. 

3. The effect of solute elements on the creep resistance of alpha 
solid solutions at elevated temperatures does not necessarily parallel 
the effect of solute elements on solid solution strengthening at atmos- 
pheric temperatures. 

4. The solute atoms that most effectively retard recovery (or 
recrystallization) are also most effective for improving the high 
temperature creep resistance of alpha solid solutions. 

The investigations described in the text of this report were 
undertaken to ascertain whether or not the above tentative conclu- 
sions are generally valid and whether they are applicable to alloys 
prepared from other base metals. In order to accomplish this objec- 
tive more exacting precautions were exercised regarding the initial 
grain size, annealed state of the alloys, as well as the details of 
execution of the creep tests. 


MATERIALS FOR TEST 


Extensive data are now available on the effect of alloying addi- 
tions on the plastic properties of binary alpha solid solutions of 
aluminum (7,8). These data include not only the true stress — true 
plastic strain tensile data at subatmospheric temperatures (7) but 
also the true stress — true plastic strain data for elevated temperatures 
(8). Inasmuch as these data provide an excellent basis for com- 
parison with creep properties, these same alloys were selected for this 
investigation. 

All of the alloys were prepared from high purity stock through 
the courtesy of the Research Laboratories of The Aluminum Com- 
pany of America. The cast ingots were rolled into the form of sheets 
which were 12 inches wide and 0.100 inch thick. The chemical 
compositions of the alloys which were studied in this investigation 
are recorded in Table I. Because microsections of some of the alloys 
exhibited slightly nonuniform etching characteristics, they were 
given a homogenizing anneal as outlined in Table II. The particular 
time and temperature of annealing for each alloy was based on the 
conditions necessary to provide homogeneous etching characteristics. 
After the homogenization treatment it was necessary to give the alloys 
a recrystallization treatment to obtain a uniform and constant grain 
size among the various alloys. 

The sheet material was first cold-rolled to 0.07-inch thickness, 

























































CREEP RESISTANCE OF ALUMINUM ALLOYS 








Table I 
Chemical Analyses of Alloys* 


Alloying Atomic Atomic ~-———Weight Per Cent of Residual Impurities——, 


Element Per Cent No. Si Fe Cu Mg Mn 
Pure Aluminum 0 13 0.003 0.003 0.006 Caer itacris 
Magnesium 0.554 12 0.003 0.003 0.007 

— 1.097 0.004 0.004 0.007 °.... On 
1.617 0.003 0.004 0.006 sen tales ewad 
3.228 0.003 0.004 See eee oar ce 
Copper 0.029 29 0.003 eee [0 wea 0.0006 0.001 
0.054 0,003 0.004 er 0.0007 0.001 
0.101 0.003 0.003 ee 0.0006 0.001 
0.233 0.003 0.004 Se 0.0006 0.001 
Zinc 0.211 30 0.004 0.004 0.006 0.001 
0.402 0.004 0.005 0.006 0.001 
0.755 0.004 0.005 0.006 0.001 
1.616 0.003 0.005 0.007 0.001 
Germanium 0.015 32 0.004 0.004 0.006 0.001 
0.033 0.004 0.004 0.006 0.001 
0.082 0.003 0.005 0.007 0.001 
0.145 0.003 0.006 0.007 0.001 
Silver 0.025 47 0.003 0.005 0.006 0.001 
0.053 0.003 0.005 0.006 0.001 
0.100 0.003 0.005 0.006 0.001 
0.194 0.003 0.006 0.007 0.001 


*By Aluminum Company of America Research Laboratories. 


Table Il 
Homogenizing Treatments 








Alloy Time Temperature 

Pure Aluminum (Homogeneous as Received) 
Cu (all compositions) (Homogeneous as Received) 
Mg (all compositions) 8 days 820 °F 
Ge (all compositions) 8 days 773 °F 
Ag (all compositions) 8 days 1017 °F 
Zn (all compositions) 16 hours 700 °F 

5 hours 812 °F 

8 days 812 °F 

Table III 


Recrystallization Treatment and Grain Size 








Atomic Time Temperature Grain Size 
Alloy Per Cent Minutes °F Diameter, Mm. 
Aluminum 99.987 22 800 0.25 
Magnesium 0.554 10 800 0.25 
1.097 10 800 0.28 
1.617 10 800 0.26 
3.228 10 800 0.27 
Copper 0.029 75 800 0.29 
0.054 65 800 0.29 
0.101 43 800 0.29 
0.233 52 800 0.30 
Zine 0.211 5 720 0.26 
0.402 10 720 0.27 
0.755 5 720 0.26 
1.616 a 720 0.26 
Germanium 0.015 30 700 0.27 
0.033 6 700 0.26 
0.082 30 700 0.27 
0.145 6 700 0.26 
Silver 0.025 24.5 700 0.31 
0.053 27 700 0.29 
0.100 27 700 0.29 


0.194 4 850 0.29 
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then machined into specimens and finally recrystallized in a salt bath 
to rather uniform and equal grain sizes by means of the heat treating 
schedule outlined in Table III. The uniform etching characteristics 
and the sharp diffraction lines obtained through precision lattice 
parameter determinations (6) attested the good homogeneity of these 
alloys. Furthermore, precision resistivity measurements (9) revealed 
that the electrical resistivity of the specimens prepared according to 
the above schedule of treatments increased linearly with the atomic 
per cent of the solute atoms. This information was considered to 
constitute verification of the fact that the original creep specimens 
were alpha solid solutions. 


EXPERIMENTAL EQUIPMENT 


All specimens were machined with the tension axis of the speci- 
men aligned in the rolling direction of the sheet. The nominal dimen- 
sions of the gage section were 0.07 inch thick, 0.50 inch wide and 
2.00 inches long, whereas the reduced section was 3.50 inches long. 

Creep strains were calculated from readings on a rack and pinion 
type of extensometer which had a least count of 0.005 inch. The 
readings were estimated to the nearest tenth of the least count, cor- 
responding to a strain of about + 0.00025. 

The creep equipment and furnaces have already been described 
(10). Loads were applied to the specimens through counter-weighted 
levers having ratios of about 10 to 1. The load on the beam was 
measured to the nearest + 0.05 pound which corresponds to a stress 
of about + 15 psi on the specimen. 

The furnaces consisted of sealed reflex stills containing central 
openings into which the specimens were inserted. A constant tem- 
perature of 300+2°F (422°K) was maintained over the gage 
section of the specimens by appropriate operation of the stills using 
a constant boiling mixture of glycol and water. 

Each specimen was held in the furnace for approximately 1 hour 
before the load was applied in order to allow it to reach the desired 
temperature. The load was then applied manually over a period of 
Y% to 2 minutes. Extensometer readings were taken periodically 
during the creep test. 


EXPERIMENTAL RESULTS 


In order to represent all of the original creep data that were 
obtained in suitably condensed form, the original strain-time creep 
data were plotted on logarithmic coordinate paper as shown in Figs. 
3 to 8. Each creep curve is appropriately identified in terms of the 
applied stress and the rupture point is indicated by the solid symbol 
at the end of most of the creep curves. All of the alloys gave regular 
smooth creep data and the only peculiarities exhibited are those for 
the 0.194 atomic per cent silver alloy when subjected to low creep 
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stresses (or long times at temperature under load) as shown in Fig. 8. 
Microscopic inspection revealed strong evidence that the 0.194 atomic 
per cent silver alloy specimens which were tested at 3600 and 4000 
psi were initially supersaturated alpha solid solutions in which pre- 
cipitation was induced under the conditions of deformation, duration, 
and temperature of these long-time creep tests. For this reason the 
0.194 atomic per cent silver alloy will be deleted from further con- 
sideration in these studies. 
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Fig. 3—Total Creep Strain as a Function of Time for Pure Aluminum at 422 °K. 


In order to accurately evaluate the secondary creep rates, all of 
the creep curves were also plotted on suitable cartesian coordinates 
as illustrated in Fig. 9. The so-called primary, secondary and ter- 
tiary stages of creep which are commonly observed in constant load 
creep tests are designated I, II and III respectively. The secondary 
creep rate, €, is the minimum creep rate obtained over the secondary 
stage of creep. It is well recognized, of course, that the secondary 
creep rate is not a simple mechanical property of the alloy; the 
strains to the secondary stage of creep are dissimilar for the various 
alloys and the strain histories are likewise dissimilar. If, however, 
the effects of alloying additions on the creep properties exhibit regular 
trends, the secondary creep rate of constant load tests can neverthe- 
less be used to identify and catalogue these trends. For this reason 
it was not considered essential to employ constant true stress creep 
tests in the present investigation. F 

The effect of the applied stress on the secondary creep rate for 
the various alloys is‘ Shown in Figs. 10 to 14 by the data represented 
by the open symbols. The solid symbols at the highest values of the 
secondary creep rate were obtained from tensile data in a manner to 
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Fig. 4—Total Creep Strain as a Function of Time for Various Magnesium-Aluminum Alloys at 422 °K. 
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1952 CREEP RESISTANCE OF ALUMINUM ALLOYS 909 
be described later. In addition, the stress versus time to rupture is 
recorded by the solid data points on the same graphs. The anomalous 
behavior of the 0.194 atomic per cent silver alloys is immediately 
apparent from the data given in Fig. 14. The remaining silver alloys 
appear to have slightly better creep properties than pure aluminum ; 
the alloys of zinc and germanium, however, indicate slightly poorer 
properties than pure aluminum as shown in Figs. 12 and 13. 
Although the observed trends might have some fundamental basis, 
the effects of these elements on the secondary creep rate of aluminum 
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Fig. 9—Typical Creep Curve. 


at 300 °F (150 °C) are indeed small and therefore of minor interest. 
On the other hand the effects recorded in Fig. 11 for the various 
copper alloys are fairly large and therefore significant. The highest 
copper content alloy, containing 0.233 atomic per cent copper, appears 
to deviate from the regular trend obtained in alloys containing 
smaller concentrations of copper. This difference is noticeable not 
only in the secondary creep rate curve but also in the stress-rupture 
data insofar as both of these curves are flatter than those for alloys 
of lower copper content. Microscopic investigations on the series of 
copper specimens revealed that a small amount of the CuAls inter- 
metallic compound had precipitated in the 0.233 atomic per cent cop- 
per alloy during the course of creep testing. Magnesium additions 
also gave a substantial improvement to the creep properties of 
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Fig. 10—Secondary Creep Rate and Rupture Time as a Function 
of Stress for Mg-Al Alloys at 422 °K. 


aluminum. As shown by the data recorded in Fig. 10, the trends for 
the various alloys were highly consistent. 

One remaining apparent inconsistency among these data must 
yet be resolved. Whereas the slopes of the stress — secondary creep 
rate curves for the magnesium and the zinc and germanium alloys 
appear to be almost identical with those for the pure aluminum, the 
slopes of the curves for copper are somewhat steeper. This trend is 
inconsistent only insofar as the creep resistances of the copper alloys 
are intermediate between those for the zinc and the germanium alloys 
and those for magnesium alloys. This inconsistent trend might sug- 
gest that the copper data are’somewhat anomalous. The resolution 
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Fig. 11—Secondary Creep Rate a amare Time as a Func- 
* tion of Stress for Cu-Al Alloys at 422 ° 


Fracture Time-e« 
Secondary Creep Rate oo 
Tensile Data eT 


Stress, |OOO psi 





0.000! 0.00! 0.01 0.1 10 

l | €-1t/Hr.| 

“OI Te) 100 1000 10,000 
Time - Hrs. 


Fig. 12—Secondary Creep Rate and Rupture Time as a Function 
of Stress for Zn- Al Alloys at 422 °K. 


of this problem will he postponed for analysis in the discussion of 
this report. 
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Fig. 14—-Secondary Creep Rate and Rupture Time as a Function 
of Stress for Ag-Al Alloys at 422 °K. 


DISCUSSION OF RESULTS 
Initial Creep Strains 


Immediately following the application of the creep stress (load 
per unit original area), an initial strain, €,, is obtained. If these data 
are plotted as the creep stress versus the initial strain, a stress-strain 
curve is obtained as shown by the datum points of Figs. 15 to 19. 
The solid lines are the stress-strain diagrams for the alloys at 422 °K 
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Fig. 15—The Effect of Magnesium on the Stress-Strain Curve of 
Aluminum at 422 °K and a Strain Rate of About 7.08 per Hour. 


obtained from tension tests conducted at a true strain rate of about 
7 per hour (8). Since this strain rate is comparable with the strain 
rate that is achieved when a creep specimen is being loaded, it is not 
surprising that the initial creep strain upon loading a creep specimen 
is obtainable from a relatively fast tension test. Without exception, 
solid solution additions increase the flow strength of an alloy and 
therefore the additions of solute elements to alpha solid solutions 
decrease the initial creep strain for any given stress. Previous data 
(7), however, have shown that although additions of solute elements 
have a pronounced effect on increasing the flow strength of alpha 
solid solutions at low temperatures, their effect is negligible at tem- 
peratures above those at which recovery becomes extremely rapid. 
The inception of recovery during the course of a constant strain rate 
tension test is detected in the true stress at constant strain versus 
temperature plot given in Figs. 20 to 24. Previous investigations 
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? 

have shown that the plateau extending from about 300 °K to about 

422 °K in the Al-Mg alloy series (Fig. 20) is due to a Cottrell 

Effect (8). At slightly above 422 °K, however, the tensile testing is 

accompanied by recovery resulting in a precipitous drop in the true 

flow stress at constant strain with increasing temperatures. At 750 
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Fig. 16—The Effect of Copper on the Stress-Strain Curve of Alu- 
minum at 422 °K and a Strain Rate of About 7.08 per Hour. 
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Fig. 17—The Effect of Zinc on the Stress-Strain Curve of Alumi- 
num at 422°K and a Strain Rate of About 7.08 per Hour. 


°K the flow stresses of the magnesium ailoys are only slightly greater 
than those for the high purity base aluminum. The temperature at 
which recovery first becomes detectable is only mildly influenced by 
the magnesium content of the-alloys. These general comments are 
also valid for the remaining alloy systems with only one unique dif- 
ference: the Al-Cu alloys appear to begin to recover at somewhat 
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below 400 °K, and the remaining alloys recover at yet lower tem- 
peratures. 

The following conclusions regarding the effect of alloying ele- 
ments on the initial strain in creep testing can now be deduced from 
the above-mentioned experimental facts: 

1. The addition of solute elements invariably decreases the initial 
strain upon application of a given creep stress. 
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Fig. 18—The Effect of Germanium on the Stress-Strain Curve of 
Aluminum at 422 °K and a Strain Rate of About 7.08 per Hour. 
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Fig. 19—The Effect of Silver on the Stress-Strain Curve of Alumi- 
num at 422 °K and a Strain Rate of About 7.08 per Hour. 


2. The stress versus initial creep strain curve is essentially 
identical with a stress-strain curve in tension conducted at about the 
same rate of loading and temperature as was used in the creep test. 
Those alloying additions and concentrations which most effectively 
induce solid solution strengthening in tension are also most effective 
in reducing the initial creep strain. 
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Fig. 20—Effect of Test Temperature on the Flow 
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Fig. 21—Effect of Test Temperature on the Flow 
we Copper-Aluminum Alloys for a True Strain 
of 0.05. 


3. The solid solution strengthening resulting from alloying is 
greatest at the lowest temperatures where a Cottrell Effect is noted © 
and consequently the, initial creep strain is also @ minimum in this 
range of temperatures. 

4. Alloying additions have a small effect on the flow strength 
in tension above those temperatures at which recovery accompanies 
the test; consequently the initial creep strain-stress relationship 
for alpha solid solutions approaches those for the high purity base 
element at those test temperatures where high recovery rates are 
encountered. 
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Fig. 22—Effect of Test Temperature on the 
Flow Stress of Zinc-Aluminum Alloys for a True 
Strain of 0.05. 














15 Symbol Atomic % Ge (32) 
= © 0.145 
a 9 0.082 
2 4 0.033 
° 10 o 0.015 

- ° 0.00 
” 
e 
vg 
- — =0.05 
— = 7.08/Hr. 
*0, 


0 200 400 600 


Temperature °K 


Fig. 23—Effect of Test.. Temperature on the 
Flow Stress of Germanium-Aluminum Alloys for 
a True Strain of 0.05. 
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5. The best alloying element for reducing the initial creep strain 
is one which provides the best combination of the following proper- 
ties: a great solid solution strengthening in tension, a large Cottrell 
Effect, and a high recovery temperature. 

6. Both the Cottrell Effect and the resistance to recovery appear 
to be rather insensitive to solute additions above some small quantity 
(8). These factors, therefore, are not effectively increased when 
larger concentrations of solute elements are added. But the resistance 
to initial creep strain will nevertheless be enhanced as the concen- 
tration of solute atoms exceeds this value because solid solution 
strengthening will continue to occur with increases in concentration 
of the solute element. 

7. This fact suggests that it might be possible to develop ternary 
alpha solid solutions that are highly resistant to initial creep straining 
by selecting one element that most effectively induces the Cottrell 
Effect and resistance to recovery and a second element that most 
effectively induces solid solution strengthening in tension. At first 
this desideratum might appear difficult to achieve because the same 
interaction forces between solute atoms and dislocations are respon- 
sible for solid solution strengthening, the Cottrell Effect, and resist- 
ance to recovery. But when it is realized that the Cottrell Effect 
and resistance to recovery can be achieved with very minute concen- 
trations of special low solid solubility elements that induce particu- 
larly high strain energy (8) or electronic (7) interactions with dis- 
locations, whereas the solid solution strengthening can be achieved 
by higher concentrations of a less potent but more soluble element, 
the possibility of development of solid solutions that are highly re- 
sistant to initial creep strain cannot be categorically denied. 


Secondary Creep Rates 


Many authorities on the creep of metals hold to the belief that 
there are fundamental and major differences between the creep phe- 
nomenon and the plastic phenomenon in tensile stressing. This con- 
cept has been primarily promulgated by the well-known evidence that 
creep data at elevated temperatures and slow rates of strain bear 
little resemblance to atmospheric tensile test data. Added weight is 
lent to this concept by the extensive evidence that the order of creep 
resistance among a series of alloys tested at low secondary creep rates 
is quite dissimilar from the order of merit of these alloys in resisting 
the applied stress in an ordinary tensile test, even when these tests 
are conducted at the same temperature. Thus the tensile test has 
been relegated to a mere preliminary and somewhat ineffective culling 
test in most investigations dealing with the creep of metals. 

Other investigators, including the present authors, however, be- 
lieve that the inherent consistency of nature suggests that the funda- 
mental processes that occur “uring creep and tensile testing are 
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somewhat analogous and that these two tests are qualitatively sim- 
ilar ; the observed differences between these tests are thought to arise 
from minor quantitative differences in their execution rather than 
major qualitative differences that might exist in the mechanisms of 
deformation occurring during creep and tensile testing. It is the 
major purpose of the following discussion on secondary creep rates 
to illustrate that creep testing and tensile testing do indeed appear to 
be more similar than dissimilar, and that the inversion in the order of 
merit of various alloys in creep as contrasted to tension testing could 
be deduced at least qualitatively, though not yet quantitatively, from 
tension data alone. If these deductions be further verified by addi- 
tional data, the more rapidly and more easily conducted tension test 
will assume an ever increasingly important role in the tedious process 
of development of more highly creep-resistant alloys. 

In the preceding discussion, the demonstration was made that 
the initial creep.strain obtained in a creep test was practically iden- 
tical with the strain that is obtained at the same load in a tension 
test conducted at the same temperature and approximately the same 
strain rate as the rate of loading of the creep specimen. Any pos- 
sible dissimilarity between the tension and creep test, therefore, begins 
after the initial creep straining. The phenomenological difference 
between a ereep and a tension test is then immediately apparent. 
Whereas the tension test is continued at an almost constant strain 
rate under which the stress initially increases because of the greater 
rate of strain hardening as contrasted to the combined effects of the 
rate of reduction in cross sectional area and the rate of recovery, the 
creep test continues at an almost constant stress under which the 
creep rate initially decreases because of the greater rate of strain 
hardening as contrasted to the combined effects of the rate of re- 
duction in cross sectional area and the rate of recovery. The differ- 
ences in the creep strain rate of the creep test to the constant strain 
rate of the tension test result in different strain histories, and conse- 
quently the alloys differ in their strain-hardened states when sub! 
jected to these alternative tests. It is reasonable to suspect, however, 
that the differences in the strain-hardened state of the alloy in the 
two alternative tests would be minimized by so selecting the stress 
for creep that the secondary creep rate would agree with the strain 
rate in the tension test. An objection to this approximation can be 
raised because it implies that the initiation of the tertiary stage in 
creep coincides with the drop in load following straining just beyond 
the strain at the ultimate tensile strength. From low temperature 
tensile data it is well known that necking usually begins just after 
the ultimate tensile strength has been exceeded, suggesting that the 
creep specimen should also exhibit local plastic flow as it begins to 
enter the tertiary stage of creep.. But it is well known that many 
creep specimens do not exhibit necking until they are well within the 
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tertiary stage of creep. This observation suggests that there might 
be a difference in the tensile straining and.creep processes. But the 
fallacy of this argument rests with the assumption that necking begins 
just after the ultimate tensile strength has been exceeded. Although 
there is extensive low temperature tensile data that uphold this con- 
tention, this rule is not valid at the usual creep testing temperatures. 
In the data for .the tensile properties at 422 °K of the alloys under 
study here, necking was not observed until the strains had appreciably 
exceeded those at the ultimate tensile strength. Consequently, there 
does not appear to be a significant difference in the necking charac- 
teristics during creep from that in tension. The above argument, 
that a tension test conducted at the same strain rate as the secondary 
creep rate of a creep test leads to a somewhat similar strain-hardened 
state, cannot be discounted on the basis of inhomogeneous flow. 

A simple check on the hypothesis that creep and tensile data are 
somewhat analogous can be had by plotting the. ultimate tensile 
strength as a function of the tensile strain rate on the same graph 
on which the creep stress is plotted as a function of the secondary 
creep rate. The points marked T in Figs. 10 to 14 represent such 
tensile data. The agreement between the creep and tensile data was 
much better than was anticipated and suggests the validity of the 
approximation that tensile strength — tensile strain rate data are rea- 
sonably similar to creep stress— secondary creep rate data. In fact 
the concurrence of the two sets of data are well within the nominal 
scatter of the experimental results. 

The tensile strength is plotted as a function of temperature, 
shown in Fig. 25, for various magnesium alloys that were strained 
in tension at a rate of 7.08 per hour. In view of the arguments that 
were presented in the preceding paragraph, these data can also be 
interpreted as the creep stress necessary to induce a secondary creep 
rate of 7.08 per hour as a function of temperature. The creep resist- 
ance decreases rapidly with increasing temperatures until the Cottrell 
Effect first becomes effective. Over this range the decrease in creep 
resistance with increasing temperature is rather nominal until recov- 
ery occurs, whereupon the creep resistance again decreases rapidly 
with increasing temperatures. At high temperatures in the range 
where rapid recovery is obtained, the improvement of the creep re- 
sistance due to the additions of solute atoms is small. 

If it were possible to convert tensile strength — temperature data 
for a long constant tensile strain rate into creep stress — secondary 
creep rate data at a constant creep temperature, the creep behavior 
of alloys could be readily deduced from tensile test data. Such a 
conversion would follow directly from a suitable analytical theory 
for the creep of metals. But up to the present no completely valid 
theory for relating the variables in creep has yet been developed. 
Consequently, an exact quantitative conversion of tensile to creep data 
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cannot yet be accomplished. Our present knowledge, however, does 
allow an estimation of the qualitative effect of the creep stress on 
the secondary creep rate at constant temperature from the effect of 
temperature on the tensile strength. 

It is well known that a decrease in strain rate has an analogous 
effect to an increase in temperature on the plastic properties of metals. 


40 


€ = 7.08/Hr. Atomic % 


35 


Nm N W 
oO Nn oO 


On 


Tensile Strength, |OOOpsi 





0 200 400 600 800 
Temperature °K 


Fig. 25—The Effect of Temperature on the Tensile 
Strength of Mg-Al Alloys. 


Therefore, slow creep tests at low temperature are somewhat analo- 
gous to fast creep tests at high temperatures. Zener and Hollomon 
(11) suggested that this relationship could be formalized by using 
the parameter Z = ¢ e®/BT as the variable for correlating the effect 
of strain rate and temperature on the plastic properties. The quantity 
Q is an average activation energy for the processes of deformation. 
The qualitative utility of this thought was demonstrated by Zener and 
Hollomon (11) but more recent investigations have shown that this 
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concept is not fully quantitative over wide ranges of strain rates or 
temperatures. The small quantitative deviations from the Zener- 
Hollomon parameter have been found to arise from the fact that the 
activation energy © depends on the strain-hardened state. This factor 
enters the analysis of creep of a homogeneous alpha solid solution in 
the following manner: As successively lower stresses are applied 
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the strain-hardened states and consequently the values of Q are dis- 
similar at the various secondary creep rates. Furthermore, in com- 
plex alloys where precipitation or overaging phenomena attend the 
creep test, the activation energies for these processes will usually 
differ from the QO values associated with the deformation processes. 
Thus the state of the resulting material is qualitatively different at the 
secondary stages of creep for various temperatures or creep stresses. 

Neglecting the small quantitative deficiency of the Zener- 
Hollomon concept, it yet has good qualitative validity, and it is there- 
fore useful for correlating the trends in plastic properties with either 
a decrease in strain rate or an increase in temperature. In order to 
illustrate the utility of the Zener-Hollomon concept for creep testing, 
the creep stress (and tensile strength) should be plotted as some 
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Fig. 27—Correlation of Tensile Test Data With Creep Data for Copper-Aluminum Alloys. 
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Fig. 28—Correlation of Tensile Test Data With Creep Data for Zinc-Aluminum Alloys. 
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function of Z. Because creep data are commonly plotted as the log- 
arithm of the creep stress as a function of the logarithm of the creep 
rate, it was decided to plot the logarithm of the stress as a function 
of 1/T in this investigation since 
ginZ= met V/T 

The tensile strength versus 1/T data for a tensile strain rate of 7.08 
per hour are shown by the solid data points in Figs. 26 to 28. The 
scaling factor R/Q can be obtained by comparing the creep and ten- 
sile data for pure aluminum. For example, the tensile strength of 
pure aluminum at a strain rate of 7.08 per hour and a temperature 
of 550 °K was found to be identical with the creep stress that caused 
a secondary creep rate of 0.00036 per hour at 422 °K. Consequently, 
the same value of Z applies at these two conditions whence 

1 R I 
42 > O In 7 08 -+ 550 
or Q = 35,800 calories/mole 


Actually the scaling was performed in the following manner: the 
tensile strength of pure aluminum at a temperature of 422 °K and a 
strain rate of 7.08 per hour coincides with the creep stress required 
for a secondary creep rate of approximately 7.08, both being 5000 psi. 
The creep data plotted as log creep stress versus log secondary creep 
rate were then superimposed so that the above two data points co- 
incided. The log of the secondary creep rate scale was then com- 
pressed until the datum point for the creep rate of 0.00036 per hour 
at 422 °K agreed with the tensile datum point for a strain rate of 
7.08 per hour at 550°K. Using this same scaling factor for all of 
the alloys, the creep stress was plotted as a function of the secondary 
creep rate as open data points on the creep graphs inserted into Figs. 
26 to 28. The coincidence of the tensile data and the creep data 
when appropriately scaled as described above is remarkably good. 
The only major example of divergence from correlation was obtained 
from the 0.233 atomic per cent Cu-Al alloy. But, as was previously 
described, this particular alloy exhibited precipitation during creep 
and its irregular behavior is therefore attributable to this factor. 
These data, therefore, strongly suggest that the decrease in the creep 
stress with decreasing secondary creep rates at a constant temperature 
is qualitatively similar to the decrease in tensile strength with in- 
creasing temperature at a constant strain rate. For narrow ranges 
of compositions in alpha solid solutions the scaling factor is sub- 
stantially the same as for the pure metal. When precipitation inter- 
venes, however,.a new scaling factor is obtained. 

The qualitative correlation of creep with tensile data resulting 
by application of the procedures which were described in the pre- 
ceding paragraph can now be applied to analyses of the origin of the 


R 
— In 0.00036 + 
Q 
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Fig. 29—The Effect of Recovery on the Creep and Tensile Properties of Alpha Solid 
Solutions of Cu-Al and Mg-Al Alloys. 


trends in the creep resistance of the various alloys in terms of the 
phenomena known to attend tensile testing. In Fig. 29 are shown 
the tensile and creep data for a 0.101 atomic per cent copper and a 
0.200 atomic per cent magnesium alloy. The magnesium curve was 
obtained by interpolation of the data for the various magnesium 
alloys. At 422 °K the tensile strength of the copper alloy is superior 
to that of the magnesium alloy. But an inversion occurs in their 
creep resistance so that the creep resistance of the copper ailoy at a 
secondary creep rate of 0.00036 per hour at 422 °K is less than that 
for the magnesium alloy. This inversion results from the fact that 
the tensile strength of the copper alloy decreases more rapidly with 
increasing temperatures in the range of 422 °K than that for the 
magnesium alloy. This difference, however, was previously ascribed 
to the fact that the copper alloys begin to recover at a slightly lower 
temperature than the magnesium alloys (8). Whereas practically no 
recovery occurs during a tensile test in magnesium at 422 °K, rather 
extensive recovery does occur in the copper alloys. Thus as the 
temperature exceeds 422 °K or as the creep rate decreases below 
7.08 per hour, very little additional recovery takes place in the mag- 
nesium alloy, whereas the copper alloy recovers more completely ; this 
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induces a more precipitous decrease in the stress as a function of 
increasing temperature or decreasing secondary creep rates in the 
copper than in the magnesium alloy. Consequently, the inversion in 
the order of merit of two alpha solid solutions in creep as contrasted 
to their tensile properties at the same temperature is ascribable to the 
fact that one recovers more effectively than the other as the strain 
rate is reduced. This trend of course is also revealed by a crossing 
of the tensile strength versus temperature data. For example, the 
creep resistance of the alloys for slow secondary creep rates at 422 °K 
cannot be established by means of tensile tests at 422 °K, but it can 
be estimated from tensile test data at a somewhat higher temperature 
of 550 °K. 

The identity of the slopes of the creep curves on a log-log plot 
for the high purity aluminum and the Al-Mg alloys was almost 
entirely fortuitous. Whereas the Ai-Mg alloys exhibit very slight 
recovery at 422 °K, the high purity aluminum is almost completely 
recovered, even at any stage of the relatively high speed tensile test. 
The parallelism of the slopes of the creep curves merely results from 
the fact that the tensile strength versus 1/T curves for the unrecov- 
ered Al-Mg alloys have about identical slopes with that for the com- 
pletely recovered aluminum at about 422 °K to about 550°K. If 
the creep properties were evaluated at a lower temperature where 
pure aluminum was first recovering at a significant rate, or if the 
properties were evaluated at a higher temperature where the Al-Mg 
alloys first experienced appreciable recovery, the creep curves for 
the Al-Mg alloys would not have been parallel to those of the high 
purity aluminum. This deduction is readily seen from an inspection 
of Fig. 25. 

.Alloying additions have a negligible effect on solid solution 
strengthening at such high temperatures where the rate of recovery 
is so great that practically no strain hardening occurs during a ten- 
sile test. This fact is demonstrated by the data recorded in Figs. 
20 to 24. Consequently, the creep resistance is not substantially 
inmmproved by solid solution alloying if the creep testing temperature 
is at or above that at which almost instantaneous recovery takes 
place in the alloys. This statement is verified by the creep data for 
the Al-Ge, Al-Ag and Al-Zn alloys given in Figs. 12 to 14 which are 
known to recover with extreme rapidity at 422 °K. 

Usually when creep data are plotted as the logarithm of the 
creep stress versus the logarithm of the strain rates, straight lines 
are obtained. Some investigators ascribe special fundamental sig- 
nificance to the linearity of such creep data. When the range of 
variables of stress or secondary creep rate is extended, however, the 
same method of plotting gives curves somewhat analogous to those 
of tensile stress versus 1/T shown in Figs. 26 to 28. 

The preceding analyses supgest that the testing program for 
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preliminary culling of alloys during the search for new highly creep- 
resistant materials might be reduced to tension testing over a range 
of temperatures. A plot of the logarithm of the tensile strength 
versus 1/T at the tensile strain rate should reflect qualitatively 
although not necessarily quantitatively the effect of creep stress on 
the secondary creep rate. It must be remembered, however, that if 
good long-time creep resistance is desired at 1000 °K, the tensile data 
at 1000°K will not reveal the true merit of the alloy in creep at 
1000 °K. The tensile data at some higher temperature, say 1200 °K, 
will be a much better guide to creep resistance at 1000 °K than ten- 
sile data at the desired creep temperature. 

Having so selected some of the promising alloys for additional 
culling, creep tests can be run at the desired temperature. A single 
creep test on each alloy will permit an evaluation of the scaling factor 
by the procedure that was previously outlined. Such data should then 
serve for a reasonable preliminary guess as to the relative merits of 
various alloys with respect to their creep resistance to permit more 
thorough investigations including the effect of oxidation, environment 
and other factors on the creep of metals. 


CONCLUSIONS 


1. The addition of solute elements invariably improves the creep 
resistance of alloys. 

2. The initial strain upon application of a given stress invariably 
decreases with addition of solute elements. Stress versus initial creep 
strain curves are essentially identical with stress-strain curves in 
tension conducted at about the same rate of loading and temperature 
as was used in the creep test. 

3. Those elements which induce the greatest solid solution 
strengthening, as determined by tensile tests at or slightly above the 
creep testing temperature, also induce the greatest increase in re- 
sistance to creep. 

4. The effect of alloying additions of solute elements on the 
creep resistance is negligibly small for all temperatures at which the 
alloys recover rapidly. 

5. Those elements that are most effective in restraining recovery 
are also effective in maintaining their high creep resistance at the 
higher temperatures. 

6. The resistance to creep under constant stress and the resist- 
ance to stress under constant strain rate in a tension test are reason- 
ably similar phenomena. 

7. Tensile test data can be employed to permit a preliminary 
evaluation of the creep resistance of alloys. 
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INFLUENCE OF GRAIN SIZE ON WORK HARDENING 
AND FATIGUE CHARACTERISTICS OF ALPHA BRASS 


By G. M. Srncrarr AND W. J. CRAIG 


Abstraci 


The relationship between microstructure and the 
strength properties of metals has long been a problem of 
practical interest to the metallurgist. In the present paper 
a relation between metallurgical grain size and the strength 
properties of 70-30 cartridge brass has been discussed 
from the viewpoint of the “fragmentation” theory of work 
hardening. The results of hardness, tensile and fatigue 
tests performed on the brass appear to be consistent with 
the concepts of this simple hypothesis. 


ANY problems arise in which it would be desirable to know 

the relationship between microstructure and the mechanical 
properties of common metals. The fragmentation theory of work 
hardening proposed by W. L. Bragg (9)' presents a relatively sim- 
ple quantitative relationship that merits further consideration. Bragg 
assumed that slip occurs in a strained crystal? only when it results 
in a decrease of the internal elastic strain energy. Using this assump- 
tion, the shear stress at which slip begins (elastic limit) for a poly- 
crystalline metal should be inversely proportional to the mean 
size of the crystals. This hypothesis may be expressed simply as r = 
const - 1/t, where 7 is the elastic limit in shear, and t is the mean 
size of the crystal. For purposes of the present paper it is assumed 
that the parameter t is given approximately by the metallurgical 
grain size of the annealed metal. 

It has been suggested (9, 10, 11) that the primary effect of cold 
work is to decrease the mean size of the crystals and thereby raise 
the elastic limit. Thus a cold-worked metal might behave as though 
it has a very small “grain” size corresponding to the mean size of 
the crystals which are separated by slip bands. If such a “grain” 
size exists for cold-worked metals, it should be possible to test the 
Bragg hypothesis by means of simple mechanical tests. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


*The term crystal will be used throughout this per to designate a group of atoms 
arranged in a perfect ordered lattice. It may imply what is sometimes called a crystallite or 
crystal fragment. 


A paper presented before the Midwinter Meeting of the Society, held in 
Pittsburgh, January 31 and February 1, 1952. The authors, G. M. Sinclair and 
W. J. Craig, are research assistant professors, Department of Theoretical and 
ae fear University of Illinois, Urbana, Ill. Manuscript received 

pril 2, 1951. 
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OsjJECT AND SCOPE 


It was the purpose of the present study to examine the extent 
to which the strength properties of a cold-worked or annealed metal 
might be related quantitatively to the microstructures by a common 
factor of grain size. In some instances this may amount to over- 
simplification ; however, this approach might serve as an engineering 
approximation for many problems. A 70-30 cartridge brass was 
selected as the test material because of its simple single-phase struc- 
ture, and because of its ready response to various types of mechanical 
working and recrystallization heat treatments. 

Three different types of mechanical tests which involve plastic 
deformation of the metal were utilized in the study of the effect of 
grain size and cold work on mechanical properties. Results of hard- 
ness and tension tests were examined by means of the Meyer hard- 
ess analysis (16) and “true” stress-strain relations respectively and 
fatigue S-N diagrams were obtained for the metal in the various 
grain size conditions. An attempt was made to show that a relation- 
ship exists between microstructure and mechanical behavior in each 
of these different types of test. 


PREPARATION OF SPECIMENS AND TEST PROCEDURES 


The brass was received in the form of cold drawn rod having 
the chemical composition given in Table I. Details of the mechanical 
and thermal histories of the various specimen groups are shown in 
Tables IT and III. 


Table I 
Chemical Composition of Brass Rod 
Cu Pb Fe Zn 
69.5% less than 0.05% 0.01% Balance 


Table Il 
Mechanical Processing of Cold Drawn Brass Rod 


Ready-to-Finish Cold Reduction Final Diameter 

Brass Group Grain Size in Area of Rod 
Designation mm. ,' %o In. 

A 0.015 20 0.324 

B 0.035 20 0.324 

Cc 0.135 20 0.324 

D 0.015 40 0.281 

E 0.035 40 0.281 

r 0.135 40 0.281 

G 0.015 60 0.229 

H 0.035 60 0.229 

J 0.135 60 0.229 

————_———————— a a a = ae nnn er 
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Table Ill : 
Heat Treatment of Annealed Brass Groups 
Cold Temperature Time at Annealed Grain 
Number of Drawn of Anneal Temperature Size Resulting 
Anneal od °F Hours mm. 
1 G 750 4 0.012 
2 A 850 4 0.016 
3 A 960 4 0.026 
4 A 1050 4 0.051 
5 A 1200 4 0.131 
6 A 2 7 


S$. —__—__—_— — ee 
oe - 


Determination of Metallurgical Grain Size—The metallurgical 
grain size of those specimens given a recrystallization heat treatment 
(Table III) was determined by means of Jeffries’ planimetric 
method (6). Photomicrographs of the various metallographic speci- 
mens were made at magnifications such that a grain count could be 
made conveniently. Annealing twins were not included as separate 
grains in the count, since the twin boundaries did not appear to 
intetfere appreciably with slip. 

Machining of Specimens and Method of Testing—The tension 
specimens had a test section approximately 0.2 inch in diameter and 
a gage length of 1 inch. To reduce the depth of disturbed surface 
metal, the test section was polished with three successively finer 
grades of emery paper, the final grit being 2/0 grade. 

The tension tests were made in a hydraulic-type Amsler univer- 
sal testing machine. The loads were measured electrically by means 
of SR-4-type electrical resistance strain gages cémented to a weigh 
bar placed in series with the specimen. The weigh bar was sensitive 
to changes in load of +34 pound. During the initial portion of the 
test, strains were measured by means of a special l-inch gage length 
extensometer attached to the specimen. 

Systematic measurements of the minimum diameter of the speci-. 
men were also made throughout the test until fracture occurred by 
means of an ordinary thread micrometer. These measurements per- 
mitted the later calculation of values for the construction of “true” 
stress and “true”’ strain curves, in which the “true” stress is the load 
divided by the actual (reduced) area of the specimen, and the “true”’ 
strain is the natural logarithm of the ratio of the original area to the 
area at the moment of observation. The testing machine speed was 
adjusted manually so that a “true” strain rate of approximately 0.01 
inch per inch per minute was maintained until necking occurred. At 
least two specimens of each group or condition were tested. 

The fatigue specimens were 134 inches in length and the test 
sections were turned to a minimum diameter of about 0.150 inch with 
a radius of curvature of 34 inch. To minimize the depth of the cold- 
worked layer left by machining, the specimens were given a standard 
polish using three successively finer grades of emery paper, finishing 
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with the 2/0 grade. Before testing, the critical section of each speci- 
men was finally polished electrolytically, using a solution of 530 
grams per liter of orthophosphoric acid in water. 

The fatigue tests were performed at a speed of 8000 to 10,000 
rpm on small high speed fatigue machines of the rotating cantilever 
beam type. All stresses, S, were computed by means of the ordinary 
flexure formula, S = Mc/I, in which M is the bending moment and 
I/c is the section modulus of the critical section. 

Hardness specimens were prepared by milling flats on two sides 
of the rod. The flat test surfaces were then ground with successively 
finer grades of emery paper to minimize the depth of any disturbed 
metal layer which may have resulted from machining. 


REsuLts oF TEsTs AND DISCUSSION 
A. Relation Between Grain Size, Degree of Cold Work and Hardness 


One means of making a study of the work hardening capacity 
of specimens having various mechanical and thermal histories is pro- 
vided by the Meyer analysis (16) of the ball indentation hardness 
test. Meyer’s studies led to the empirical law 


WwW d\" 
D? = A (<) Equation 1 


which gives a relation between the applied load W, the ball diameter 
D and the diameter of the indentation d, in terms of two constants 
of the material A and n. Subsequent studies (17) have indicated 
that the exponent n is a measure of the relative work hardening 
capacity of the material. For materials having little or no capacity 
fer work hardening, n approaches a minimum value of 2. The 
material constant A has the dimensions of a stress and provides a 
relative strength index for the metal. 

For the purposes of the present study, hardness specimens were 
prepared from samples representative of several groups having 
widely different cold-worked or annealed grain sizes. Indentations 
were made using a standard Rockwell hardness testing machine. By 
changing the major loads and ball diameters used, different values 
for the term W/D? were obtained. The diameter of the recovered 
indent “‘d” obtained with the various load combinations was measured 
by means of a metallurgical microscope equipped with a calibrated 
filar eyepiece. The results of these measurements on the various 
groups of specimens are shown plotted in Fig. 1. 

The slope of the straight lines drawn through the points obtained 
for each material gives the value of n. The intercept of the line with 
d/D = 1 represents the quantity A which provides a measure of the 
resistance of the material to inelastic deformation. Values of A and 
n obtained from Fig. 1 are listed in Table IV for the various groups. 
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Fig. 1—Effect of Grain Size and Cold Work on the Meyer 
Hardness Relation for 70-30 Brass. 


From a comparison of the values shown in Table IV, it was 
seen that the trend of the data was in accordance with the concepts 
of the fragmentation theory. As the grain size was reduced or as the 
amount of cold deformation increased (resulting in a smaller mean 
crystal size), the quantity A increased, representing increased resist- 
ance to plastic deformation. It was also found that as the mean grain 
or crystal size was reduced, the work hardening capacity decreased 
as indicated by the values of the exponent “‘n”. 
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Table 1V 
Comparison of Meyer Constants “A” and “‘n” for Work-Hardened and Annealed Brass 


Constant “‘A’”’ 





Meyer Material in Terms of 
Brass Group Exponent Constant Mean Pressure 
Designation Condition — - Ib/in.? 
G Cold drawn 60% 2.04 175 320,000 
D Cold drawn 40% 2.04 155 283,000 
Cc old drawn 20% 2.08 118 216,000 
Anneal 1 Annealed 
(Grain size 0.012 mm.) 2.21 91 166,00@ 
Anneal 4 Anneal 
(Grain size 0.051 mm.) 2.36 68 124,000 
Anneal 6 Annealed 





(Grain size 0.220 mm.) 2.65 51 93,000 








¢ Experimental Points 
for Annealed iBrass 
(Grain Sizes Measured 
Optically) 


Mean Grain Diameter in Centimeters 


Points Determined by 
Intercept Method 


°BarC Cold Drawn 20% — 
4BarD Cold Drawn 40% 
xBarG Cold Drawn 60% 





O 20 40 60 80 100 120 140 
Rockwell Hardness Number 
Fig. 2—E‘fect of Mean Gtain “Diameter on Rockwell Hardness 


Number. (Each point is an average value for at least ten hardmess 
readings. ) 


A previous study (19) has shown that a straight-line relation 
appears to exist between the log of the mean grain size and the Rock- 
well hardness number of annealed brass, provided that the ball diam- 
eter is large in relation to the grain size. In Fig. 2 the Rockwell 
hardness readings obtained on annealed brass specimens (for which 
the mean grain sizes were determined optically) are plotted as solid 
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black dots. It may be seen that for any given combination of load 
and ball diameter (i.e., a particular Rockwell scale) the relation 
between log of the grain size and hardness closely approximated a 
straight line. 

The investigation of a possible relation between the “grain” size 
of cold-worked metal and its Rockwell hardness presented an addi- 
tional problem; it is impractical, if not impossible, to determine .a 
“grain size” for a cold-worked metal by using optical methods. It is 
clear that the initial grain size has no meaning after the metal has 
been cold-worked, and that the size of the ordered crystalline regions 











Table V 
Equivalent Grain Sizes of Cold Drawn Brass 
Ready-to-Finish uivalent Grain Size 
Brass Group Grain Size Cold Drawn of Cold Drawn Metal 
Designation cm. % cm. 

G 0.0015 60 0.000185 

H 0.0035 60 0.000186 

b 0.0135 60 0.000200 

0.0015 40 0.000205 

E 0.0035 40 0.000215 

F 0.0135 40 0.000250 

A 0.0015 20 0.000295 

- 0.0035 20 0.000315 


0.0135 20 0.000400 


| 





must be smaller than the initial grain size. Since a relation was 
established between grain size and hardness in the range where opti- 
cal measurements were possible, an attempt was made to estimate a 
grain size for the cold-worked metal by determining its hardness and 
then locating the corresponding point on an extrapolation of the 
grain size —hardness line. For example, group “C” of the brass had 
an initial grain size of 0.135 millimeter and was cold drawn 20%. 
The Rockwell “B” -hardness of this material was 75 and the corre- 
sponding point on the grain size versus Rockwell “B” hardness line 
gives a grain size estimation of 4 & 10% centimeters. 

The grain size was estimated similarly for the K, E and H 
scales and these points are shown plotted as open circles in Fig. 2. 
The grain sizes as estimated from readings on each of the hardness 
scales were approximately the same. In other words, as far as the 
Rockwell hardness test was concerned, the cold-worked brass of 
group “C” behaved as though it had a mean grain size of approxi- 
mately 4 x 10% centimeters. To differentiate between grain sizes 
determined by optical methods and those estimated from this hard- 
ness relationship, the term “equivalent grain size” will be used to 
refer to cold-worked metal throughout the remainder of this report. 
The equivalent grain’ sizes determined for the various cold-worked 
groups are listed in Table V. In general, it may be seen that the 
equivalent grain size became smaller as the “ready to finish” grain 
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size was reduced or as the amount of cold reduction was increased. 

The fact that the grain size—hardness lines in Fig. 2 seem to 
converge in the lower right portion of the diagram may have a spe- 
cial significance. It was observed that the spread between hardness 
readings on the B, K, E and H scales for any given grain size is 
associated with the varying amounts of plastic deformation developed 
by the indenter in obtaining the readings. Also, it appears that as 
the grain size is reduced, the spread between the different hardness 
scales is decreased. This fact suggested that the spread in the hard- 
ness readings provides a measure of the relative work hardening 
capacity of the metal at any particular grain size. If the data of 
Fig. 2 can be interpreted in this manner, it is seen that the work 
hardening capacity is essentially zero at an equivalent grain size of 
about 4 x 10° centimeters. Interestingly enough, this is of the 
same order of magnitude as the “limiting” fragment size suggested 
by Wood’s X-ray measurements (10) of metals severely cold-worked 
at room temperature. 


B. Effect of Grain Size and Degree of Cold Work 
on Tensile Behavior 


Although hardness tests may be used to obtain information con- 
cerning the relative work hardening capacity, the method is not suffi- 
ciently sensitive to indicate small changes. A second disadvantage 
lies in the difficulties encountered in trying to obtain a simple quan- 
titative analysis of the results due to the complexity of the stress 
system produced under the ball indenter. 

Work hardening may be investigated somewhat more accurately 
by means of the tensile test; the nominal stress may be assumed to be 
uniaxial, at least until necking occurs and small differences in the 
resistance to deformation are more easily detected. Fig. 3 illustrates 
the effect of metallurgical grain size and degree of cold work on the 
resistance of alpha brass to tensile deformation. Qualitatively, the 
tensile data are in agreement with the results found in the hardness 
studies. For both the annealed and the cold drawn brass specimens, 
the stress required to produce plastic deformation increased as the 
grain size was reduced. It should be noted that, in general, the 
elongation at maximum load increased as the mean grain diameter 
increased. , 

For the purpose of studying work hardening at large strains, 
“true’’ stress and “true” strain values for the same specimens were 
also plotted. Typical curves for the annealed and for the most highly 
cold-worked samples are illustrated in Figs. 4 and 5 respectively. 
From a comparison of the true stress-strain curves for all specimen 
groups it appeared that the influence of the ready-to-finish grain size 
on the height of the flow stress curve decreased as the amount of cold 
drawing was increased. As the limiting amount of cold work is 
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Fig. 3—Effect of Grain Size and Cold Work on Ultimate Tensile Strength. 


approached, the effect of the initial structure on the height of the 
flow stress curve becomes less important. It was also observed that 
the “true” stress at fracture did not show much variation for the 
different samples in spite of large differences in grain size or degree , 
of cold work in the initial condition. The fracture stress for all 
samples was about 140,000 psi; those specimens having the higher 
degree of cold work usually exhibited the greatest fracture stress. 
Freudenthal (11) has proposed a general work hardening equa- 
tion for metals which is based on energy concepts. Some additional 
information concerning the tensile behavior of the brass in the pres- 
ent investigation can be obtained by using a similar approach. 
The basic argument uséd is that the total work (W 7) done on 
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Annealed Brass Specimens 

No. Grain Size 

G-5 0.012 mm. 

A-|3 0.016 mm. 
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A-4 0.131 mm. 

A-23 0.220 mm. 

x Represents Point of Fracture 
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Fig. 4—True Stress — True Strain Curves for Annealed Brass. 
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Fig. 5—True Stress — True Strain Curves for 60% Cold Drawn Brass. 


the metal must be equal to the elastically recoverable work (We) 
plus the irrecoverable work (Wp). Actually the irrecoverable work 
is made up of two parts: (a) that work which is dissipated as heat 
during deformation of the metal, and (b) that part which is “stored” 
as latent energy in the cold-worked metal. 

It can be shown that the area under the “true” stress-strain 
curve up to any given stress represents the total work done on a 
unit volume of the metal at the critical section of the specimen where 
the strains are greatest. The elastically recoverable work*® at any 
stress, 6, is given approximately by We = 3°/2E; hence, the irre- 
coverable work may be found by subtracting the elastically recover- 

*In computations Young’s modulus, By was taken as 16.5 X 10° psi. 
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able work from the total work. In this manner, a series of values of 
We and Wy were determined at regular intervals of true strain for 
representative samples of the annealed and of the cold drawn brass. 

Values of Wx and Wy for the various brass groups are plotted 
to a logarithmic scale in Fig. 6. It may be seen that the relation 
between log Wx» and log Wp was approximately linear over a con- 
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Fig. 6—Influence of Grain Size and Cold Work on Relation Between Elastically Re- 
coverable Work and Irrecoverable Work. 


siderable range. The straight-line portion of the curves drawn in 
Fig. 6 may also be expressed as a simple power function in the form 


We= KW," Equation 2 


K = material constant (value of Wr when Wp = 1) 
n= a constant of the material 


The constants of Equation 2 may also be evaluated for the dif- 
ferent materials from the curves given in Fig. 6. The exponent “n”’ 
represents the slope of the straight-line portion of the curve for site 
material and provides a measure of the work hardening capacity of 
the brass in a manner analogous to the exponent in Meyer’s hardness 
analysis (16, 17). The exponent “n’” in Equation 2 decreases for 
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the smaller annealed grain sizes and becomes very small for material 
“G” which had the greatest amount of prior cold work. 

The constant K may be evaluated by extrapolation as the inter- 
cept of the straight-line portion of each curve with the ordinate for 
which Wp = 1; thus K is a measure of the elastically recoverable 
energy which may be stored before appreciable plastic deformation 
occurs. An “intercept” yield stress (oy) corresponding to the value 
of K was computed from the relation K = o,?/2E; ~ correspond- 
ing values, oy, are also listed in Table VI. 





Table VI 


Influence of Mean Grain Diameter on Work Hardening Exponent 
and Intercept Yield Stress 





Estimate of Work 
; Mean Grain Hardening Constant Intercept 
Specimen Diameter Source of Grain nape nK Yield Stress 
Number in cm. Diameter Estimate in-lb./in.* (1000's of psi) 
A-23 0.0220 Optical measurement 0.757 0.08 1.61 
A-19 0.0026 Optical measurement 0.678 0.24 2.80 
G-5 0.0012 Optical measurement 0.507 1.45 6.92 
A-l 0.000295 eee, relation 0.202 35. 34.0 
ig. 5 
D-2 0.000205 Hardness en 0.149 88. 43.8 
ig. 
G-1 0.000185 Hoptnges relation 0.115 140. 67.90 
ig. 5 
limiting 0.00004 Hardness relation 0 600. 140.0 
hardness Fig. 5 


The straight-line portions of all curves appear to converge in 
the vicinity of W, = 600in-lb./in.? and Wp = 140,000 in-lb./in.’ 
A theoretical maximum value of oy, was calculated for K = 600 
in-lb./in.*, since this appeared to be the probable limiting value for 
K when the work hardening exponent “n’’ approached zero. Table 
VI lists the values of n and K which were determimed for the vari- 
ous materials shown in Fig. 6. 

The tendency for the work-hardened samples to curve upward 
and away from the initial straight-line behavior (as shown in Fig. 6) 
was due largely to the sharp increase in true strain rate which oc- 
curred during necking of the specimen while the head speed of the 
testing machine remained constant. Several experiments were run 
to determine the relative increase in the rate of true strain after 
necking. It was found that the rate of “true” strain increased 
sharply and continuously after necking began and reached a value 
of 10% times the initial strain rate before fracture occurred. Dorn 
(14) has shown that the influence of strain rate on the “true” 
stress — “true” strain curves of aluminum is greatest when the grain 
size is very small. Since the work-hardened brass might be thought 
of as having a very tiny “grain size’, it appeared that the increase 
in rate of true strain during th€ latter part of the tensile test resulted 
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in an appreciable increase in “true’’ stress after necking. 

According to Bragg’s hypothesis (9), the elastic limit of poly- 
crystalline metal should be inversely proportional to the mean size of 
the crystals. In the present paper it was assumed that the metal- 
lurgical grain size of annealed brass and the “equivalent” grain size 
of cold-worked brass closely approximated the mean crystal size dis- 
cussed by Bragg. A test of this hypothesis was made by examining 
the relation between the “intercept” yield stress, oy, and the corre- 
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Fig. 7—Relation Between Reciprocal of Mean Grain Diameter and Inter- 
cept Yield Stress. (Data from Table VI.) 


sponding grain sizes given in Table VI. These values were plotted 
in Fig. 7 to a logarithmic scale in order to represent the wide range 
of grain sizes covered. The experimental points in Fig. 7 are in 
reasonably good agreement with a straight line having a slope of 1 
and hence would be in accordance with the above assumptions. The 
so-called “limiting grain size” estimated from the tensile test data in 
Fig. 7 is of the same order as that estimated from hardness tests. 
It is interesting to note that fracture in the tension test apparently 
occurs when the metal has been cold-worked to the “limiting” grain 
size. 
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C. Influence of Grain Size on Fatigue Characteristics 


In discussing the theoretical relations between cold work and 
fatigue, Freudenthal (5) has stated that there are three aspects to be 
considered. These are: (a) the effect of cold work produced in the 
metal while repeatedly stressing, (b) the effect of previous cold work 
of the metal on its subsequent performance in fatigue, and (c) the 
effect of cold working the surface of a metal part on its subsequent 
fatigue performance. 

Of these three aspects, the first two are concerned with the in- 
trinsic properties of the metal and their changes by cold work and 
were of greatest interest in the present study. The test surfaces of 
the brass fatigue specimens were all electrolytically polished before 
being tested in order to reduce to a minimum the effect of surface 
cold work on the fatigue strength. 

From the work of Gough (2) it appears that progressive dam- 
age in fatigue is associated with a process of intensive localized cold 
working and that the existence of an endurance limit may depend 
upon the possibility of the prevention or inhibition of such a process 
at an early stage. It should be understood that any relation which 
may exist between cold work and fatigue would be limited to cases 
in which the fatigue life of the metal exhibits a cycle dependency 
rather than a dependence on time. The essential difference here is 
that cycle-dependent fatigue is apparently related to deformation 
which occurs by slip and crystal fragmentation while time-dependent 
fatigue is related to deformation occurring by a creep process. These 
differences in the fundamental character of the fatigue process have 
recently been discussed at some length by Dolan (18). 

In the present experimental work on hardness and tensile be- 
havior of alpha brass, the grain size was found to affect two quan- 
tities: (a) the stress level at which appreciable amounts of plastic 
deformation began, and (b) the relative capacity for being strength- 
ened by additional amounts of cold deformation, i.e., the work hard- 
ening capacity. When the grain size was large, the intercept yield 
stress was low and the work hardening capacity was large; in the 
case of brass with a small initial grain size, the reverse was true. 

If fatigue damage is the result of excessive plastic deformation, 
then those factors which tend to prevent or inhibit the continuance 
of inelastic deformation should also increase the fatigue strength of 
the metal. The factors expected to be of first-order importance then 
may be (a) elastic limit and (b) work hardening capacity. The 
exact contribution of each to the resultant fatigue strength of the 
metal is unknown; however, it appears from the results of the ten- 
sion studies that both of these quantities are essentially determined 
by the initial grain size of the metal. 

According to the foregoing discussion, a relation may be ex- 
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pected to exist between the grain size of a metal and its fatigue 
strength. An obvious difficulty which will be experienced in attempt- 
ing to show any correlation between the fatigue strength and the 
mean grain size is due to the highly /ocalized nature of the deforma- 
tion which occurs in fatigue. It seems most likely that fatigue dam- 
age will be initiated in the largest (hence weakest) grains of a 
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Fig. 8—Influence of Grain Size and Cold Work on Fatigue Strength 
of 70- 30 Sie 


polycrystalline metal; therefore only a comparison of the brass 
groups which had widely different mean grain sizes could be ex- 
pected to show any consistent trend. 

The relations between alternating stress amplitude and number 
of cycles to failure were determined for brass samples having various 
mean grain sizes and different degrees of cold work. Typical S-N 
diagrams for these groups are shown in Fig. 8. 

Table VII lists the fatigue strength at 100 million cycles for 
each group, together with the meam-grain size, intercept yield stress 
and work hardening exponent as determined from the tensile rela- 
tions. From a comparison of the values given in Table VII it is 
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Table VII 
Comparison of Tensile Data With Fatigue Strength at 10 Cycles 


a 0 
Oy Work 

Fatigue Strength Mean Grain Intercept Hardening 

at 108 Cycles Diameter Yield Stress Exponent 

Brass Group psi cm, (1000’s of psi) From Eq. 6 
G 40,000 0.000185 67.9 0.115 
D 30,000 0.000205 53.8 0.149 
A 24,000 0.000295 34.0 0.202 
Anneal 1 22,000 0.00120 6.92 0.507 
Anneal 3 17,000 0.00260 2.80 0.678 
Anneal 4 14,000 0.00510 2.22 0.705 
Anneal 5 12,000 0.0131 1.82 0.750 








seen that the fatigue strength does, in fact, increase as the mean grain 
diameter is reduced. 

Because it is well established (20) that the number of cycles to 
failure (N) in the finite life portion of the fatigue diagram is subject 
to considerable statistical scatter, no attempt was made to quanti- 
tatively analyze the S-N relationship at the higher stress levels. 
However, it may be observed (Fig. 8) that the specimens having 
the largest grain size had the shortest fatigue life within the stress 
ranges examined. 


SUMMARY AND CONCLUSIONS 


The influence of metallurgical grain size on the work hardening 
and fatigue characteristics of 70-30 cartridge brass has been investi- 
gated by means of hardness, tension and fatigue tests. The results 
of these tests were analyzed in terms of the “fragmentation” theory 
of work hardening and appear to be in agreement with the concepts 
of the theory within the limits of experimental error. It is felt that 
the concepts furnished by the fragmentation theory might simplify the 
solution of certain types of engineering problems requiring knowledge 
of the work hardening capacity of metals. The following conclusions 
appear justified for the 70-30 cartridge brass studied, and should be 
applicable to many other stable single-phase alloys. 

1. The stress at which deformation by crystal slip begins is 
proportional to the reciprocal of the mean grain diameter. 

2. The relative work hardening capacity of a metal is deter- 
mined essentially by the mean graifi diameter. An increase in the 
mean grain diameter increases the work hardening capacity. 

3. In hardness and in tensile tests, work-hardened 70-30 brass 
behaved as though it had a very small “grain” or fragment size, the 
value of which depended upon the prior thermal and mechanical 
history. The limiting (minimum) size of the fragments appeared 
to be of the order of 10° centimeters at room temperature. 

4. The finite fatigue life of a metal increases as the grain or 
fragment size is reduced. * 
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5. The fatigue strength of a polycrystalline metal at a life ex- 
ceeding 50 million cycles is primarily dependent upon the elastic limit 
of the largest (hence weakest) crystals and is influenced to a lesser 
degree by the work hardening capacity. 
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DISCUSSION 


Written Discussion: By R. P. Carreker, Research Laboratory, General 
Electric Co., The Knolls, Schenectady, N. Y. 

I share the interests of Messrs. Sinclair and Craig in the effect of 
grain size on the mechanical properties of metals. The functional rela- 
tionship between grain size and yield strength has theoretical significance. 
These experiments give us additional data with which to test the predic- 
tions of two points of view. 

* The authors have presented the fragmentation hypothesis of W. L. 
Bragg, which leads to the prediction that the yield stress is proportional 
to d“, where d is the grain diameter. On the other hand, the work of 
Eshelby, Frank and Nabarro,* as discussed by Hall,® leads to a d~* pre- 
diction. Briefly, they calculate the stress at a point ahead of a dislocation 
array, consisting of a stopped dislocation and n dislocations of the same 
Burgers vector, the last dislocation distance L from the fixed dislocation. 
They find the stress concentration to be proportional to L*. Following 
Hall,° the obstacle can be identified as a grain boundary and L as the grain 
diameter d along which slip takes place. This leads directly to the d-” 
prediction for yield stress. It should be noted that this viewpoint con- 
siders the grain size to affect the propagation of slip bands and does not 
refer to the initiation of the slip, as does the Bragg hypothesis. 

The authors interpret their data to agree with Bragg’s prediction, 
Y.S.~d"“. However, the burden of their proof is contained in Fig. 7, in 
which the “Intercept Yield Stress” is plotted as a function of reciprocal 
grain diameter. The “Intercept Yield Stress” is a somewhat unconven- 
tional measure of the yield strength of a material, the stress at some 
arbitrary small strain being customarily used. Furthermore, the d“ rela- 
tionship of Fig. 7 depends markedly on the grain diameters assigned to 
the cold-workeéd specimens. The authors have based these values on the 
internal consistency observed in the Rockwell hardness tests, a point 
which is debatable. 

It seemed desirable to consider the effect of grain size in a less am- 
biguous, or at least more conventional, manner. The experiments of Fig. 4 
offer an opportunity to plot the stress at some small plastic strain as a 


4J. D. Eshelby, F. C. Frank and F. R. N. Nabarro, “‘The Equilibrium of Linear Arrays 
of Dislocations’, Philosophical Magazine, Vol. 42, 1951, p. 351. 

SE. O. Hall, “The Deformation oe of Mild Steel. II-—-Characteristics of the 
—_ — I1I—Discussion Results”, Proceedings, Physical Society, Vol. 64, 
1951, p. 742. 
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function of the grain diameter of annealed brass. The authors cooperated 
wholeheartedly in supplying the original data from the experiments of 
Fig. 4 at small strains. The stress at a strain of 0.002 was plotted against 
both d* and d-*, for comparison. The results were not wholly satisfac- 
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tory, the point from the fine-grained specimen G-5 leaving the issue in 
doubt. This point prompts the question as to whether that specimen was 
completely recrystallized. The question becomes stronger when we con- 
sider the fatigue stress at 10° cycles in the same way. The data of Hall’ 
on the effect of grain size on the lower yield stress of low carbon irons is 
also of interest. 

While these several sets of data do not incontrovertibly prove the 
validity of either relationship, I feel they support the d~* prediction based 
on stopped dislocations rather than the d™ prediction of the fragmenta- 
tion hypothesis. 


Authors’ Reply 


The authors thank Mr. Carreker for his very interesting discussion 
of the effect of grain size on yield strength, which presents a different 
theoretical viewpoint. The fragmentation concept was used to interpret 
the data of the present paper, since it suggested a possible means of 
correlating the mechanical behavior of cold-worked brass with that of 
annealed brass. Depending upon the choice of initial assumptions, the 
dislocation concept could undoubtedly be applied equally well to the 
present data. 

A point of importance, as Mr. Carreker indicates, is whether or not 
the data support the prediction that yield strength is proportional to d™. 
As shown in the top figure of the discussion, the d™ relation provides the 
best agreement with experimental data for annealed brass when specimen 
G-5 is included. Several samples, taken from the same group as specimen 
G-5, when examined by means of an electron microscope appeared to be 
completely recrystallized. 

While the behavior of cold drawn brass in the hardness test (Fig. 2) 
may be due to an “internal consistency” as suggested, the authors inter- 
pret it as providing an estimate of the mean size of crystal fragment in 
the cold-worked brass. If this interpretation of the hardness test results 
is accepted, the present experimental data appear to strongly support the 
relationship Y.S. ~ d™. 








PHYSICAL, THERMAL AND ELECTRICAL PROPERTIES 
OF HAFNIUM AND HIGH PURITY ZIRCONIUM 


By H. K. ADENSTEDT 


Abstract 


The following physical, thermal and electrical proper- 
ties of hafnium metal (994+-%) and high purity, hafnium- 
free, zirconium metal (99.94-% ) were determined: Density 
at 68 °F (20°C), melting point, modulus of elasticity, 
thermoelectric force relative to platinum between room 
temperature and approximately 1830 °F (1000 °C), elec- 
trical resistivity and thermal expansion between —294 °F 
(—183°C) and approximately 1830°F (1000 °C), and 
the mean specific heat between 80 °F (25°C) and 212 °F 
(100°C). The high purity, hafnium-free zirconium and 
the hafnium were obtained on a United States Air Force 
contract from the Foote Mineral Company. Samples were 
prepared from as-deposited iodide crystal bars, cold- 
swaged rods, cold-swaged and annealed rods, annealed 
sheet and wire. The condition of the samples 
influenced some of the properties (e.g., electrical resis- 
tivity, thermal expansion, transformation range). This ts 
partially due to the hexagonal structure and preferred 
orientation of the samples and partially to contamination 
of the metal during processing (hafnium). 

An evaluation of the literature shows the following: 
The new observed melting point of hafnium is lower and 
the new modulus of elasticity of zirconium is higher than 
found before. The modulus of elasticity, thermoelectric 
force, and thermal expansion of hafnium could not be com- 
pared since these properties were not known before. The 
rest of the values were found to be in satisfactory agree- 
ment with the literature. 


IGH purity, hafnium-free, zirconium metal (99.94 % zirconium) 

and relatively high purity hafnium metal (99.0+-% hafnium) 

were prepared by the Foote Mineral Company under the sponsorship 
of the Materials Laboratory, WPAFB. It appeared desirable to 
determine the physical, thermal, and electrical properties of these 
two metals, since some of the data are not known (e.g., elastic 
modulus, thermal expansion, and thermoelectric properties of haf- 
nium), and since the data previously published were partially ob- 
tained from lower purity metal or at least from samples for which a 
A paper presented before the Midwinter Meeting of the Society, held in 
Pittsburgh, January 31 and February 1, 1952. The author, H. K. Adenstedt, 
is associated with the Materials Laboratory, Air Materiel Command, Wright- 


Patterson Air Force Base, Dayton, Ohio. Manuscript received April 10, 1951. 
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complete analysis was seldom available. Even the authors who have 
an excellent reputation in the field of these metals (e.g., DeBoer, Van 
Arkel, Zwicker, Fast, and others) very often do not give a com- 
plete analysis of their samples, due to the rarity of the metals and 
the difficultes involved. 

The materials used for this investigation are listed in Table I, 
which table also compiles the dimensions, processing conditions, hard- 
ness data, and the analytical values available. The analytical results 
and most of the hardness values were obtained by the Foote Mineral 
Company. The method by which the hafnium metal was produced 
is described by F. B. Litton in a paper entitled “Preparation and 
Some Properties of Hafnium Metal” (fractional distillation of the 
tetrachloride phosphorus oxychloride mixtures, chlorination of the 
hafnium oxide, reduction by means of magnesium, and purification 
by the iodide decomposition process). ‘This paper, which also gives 
some properties of the hafnium metal, was presented at the technical 
meeting of the Electrochemical Society in Washington, D.C., on 
April 9, 1951. 

DENSITY 


The densities of the two metals were determined using annealed 
specimens. The samples were ground to a perfect cylindrical shape 
and the dimensions (diameters and lengths) were determined by the 
Tool and Gage Branch, Quality Control Division, AMC, in a tem- 
perature controlled room (20 °C) using a Pratt and Whitney length 
measuring machine which is capable of measuring to an accuracy of 
20 X 10°° inches. Since the diameter of the samples is the critical 
dimension, as far as precision is concerned, special care was taken 
to obtain this average diameter correctly. The specimens were then 
weighed and the density calculated from the weight and volume. 
Table II contains the results and compares them with findings from 
the literature. 

The three density values obtained for zirconium agree within 
the limit of error which is due to the measurement of the sample 
diameters. The more reliable values reported in the literature and 
the value calculated from the dimensions of the lattice parameters 
are in close agreement with the new results (see Table II). Earlier 
reported density values are much lower in three cases, probably due 
to contamination of the samples. For hafnium only one value is 
available in the literature; the new density determination agrees 
fairly well with this value after a correction has been made for the 
1.4 atomic per cent (0.72 weight %) of zirconium present in the 
sample. 


Mopu.us oF ELASTICITY 


The following tests wereconducted by R. F. Klinger of the 
Materials Laboratory. The same high purity specimens were used 
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TRANSACTIONS OF THE A.S. 
Table Ii 
Density 
Metal and : 
Spec. No. Condition Dimensions 
Zr 764 Remelted, cold-swaged 1.2709 cm dia. 
+ 2 hours 700 °C, 18.894 cm long 
vacuum-annealed 
Zr 757 Cold-swaged + 2 hours 0.5625 cm dia. 
700 °C vacuum-annealed 27.062 cm long 
Zr 667 Cold-swaged + 2 hours 0.6566 cm dia. 
750 °C vacuum-annealed 25.3109 cm long 
Average 
Literature By Wedekind and Lewis (1) 
Values By Wedekind and Lewis (2) 
By Weiss and Neumann (3) 
By Sieverts and Gotta (4) 
By Sieverts, Gotta & Halberstadt (5) 
By DeBoer (6) 
By Roth and Becker (7) 
By Van Arkel and Hagg (8, 9) 
Calculated from X-ray 
Hf “D”’ Arc-melted, cold-swaged, 0.6340 cm dia. 
(0.72% Zr) vacuum-annealed at 17.929 cm long 


1040 °C, cold-swaged 
(11% red. ), vacuum- 
annealed 


Correction for 1.40 atomic % Zr 
Density of Zr-free Hf: 


Literature value By DeBoer and Fast (10) 





M. 





Density 
at 20 °C 


6.491 + 0.002 


6.487 + 0.004 


6.492 + 0.003 


6.490 + 0.001 gr/cm? 


6.52 
6.39 
6.40 
6.28 
6.53 
6.53 
6.47 


6.508 
13.001 + 0.005 gr/cm* 


0.09 
13.09 + 0.01 gr/cm?’ 
' 13.30 





Table Ill 
E-Modulus at Room Temperature 


Single Values for Modulus of Elasticity 


xX 10-4, psi . Average Value 
— ist 2nd 3rd 4th. e#5th 6th of Modulus of 
Material No. Dimensions run run run run run run Elasticity 
High 667 0.250 in. dia. 13.47 13.42 13.58 14.60 13.79 14.38 13.9 X 10° 
purity by 10 in. long 
Zr ~- 764 0.500 in. dia. 13.88 14.58 13.64 13.50 13.9 K 108 
by 7% in. long 
757 0.220 in. dia. 13.20 13.24 13.36 13.3 & 10° 
by 10 in. long 
am. Fe 0.358 in. dia. 13.23 13.18 13.16 12.96 13.36 13.32 13.2 K 10¢ 
3% Hf by 6 in. long 
High “D” 0.250 in. dia. 20.16 20.19 19.74 20.05 20.0 x 10¢ 
purity by 7 in. long 
Hf 
(0.72% 
Zr) 
Note: High purity zirconium vacuum-annealed at 700 to 750 ~ 


Hafnium vacuum- “annealed at 1040 °C 








for these tests as for the density determination. 


In addition, a zir- 


conium specimen (Zr “E”) containing 3% hafnium was investi- 


gated. Extensometers with 2-inch gage lengths, 
sides of the specimens, were used to measure th 


mounted on opposite 
e elastic deformation. 


The specimens were loaded directly by weights such that the incre- 
ments of strain were approximately 20 x 10° inches per inch. 
Average values of the two extensometer readings were used to make 


the final calculation as obtained from a plot 


of stress and strain. 
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Because of the low proportional limit of the material the total strain 
was limited to 30 & 10° inches per inch. Table III contains the 
results. 

No values were found in the literature for the E-modulus of 
hafnium. The E-modulus of zirconium was measured recently by 
W. Koster (26).4. This author used a well-established dynamic 
method and observed for an iodide zirconium bar (in the “‘as-depos- 
ited plus machined” condition) a very low value of only 9.9 x 10® 
psi. Therefore, a dynamic check test was conducted on specimen 
Zr 757 by vibrating the free bar in its fundamental frequency and by 
calculating the modulus from that frequency. This test gave the 
value 14.6 & 10® psi. Hence the conclusion is drawn that Koster’s 
value is apparently too low and probably due to some imperfectness 
(or preferred orientation) of the only specimen tested by him. 
Internal cracks (along the B-boundaries) are sometimes present in 
‘‘as-deposited”’ zirconium crystal bars. 


MELTING POINT 


The following melting points are reported in the literature: 


Zr: 3730-3830 °F (2055-—2110°C) by Wedekind and Lewis (2) 
3380 °F (1860 °C) by Zwicker (18) and also DeBoer (6) 
Hf: Approximately 4050 °F (2230 °C) by DeBoer and Fast (10) 


Dr. Donald J. McPherson of the Armour Research Foundation 
determined the melting points of samples of Zr 684 and Hf 778 
which are both of high purity. The specimens were suspended on 
a molybdenum or tungsten wire and heated inside the tantalum 
heating chamber of a vacuum induction furnace which was similar 
to one described by Schramm, Gordon and Kaufmann (25). The 
temperature was measured using an optical pyrometer which was 
calibrated by observing the melting of gold, platinum, and iridium. 
Dr. McPherson estimates that the accuracy is well within plus or 
minus 25 °C and reports the following values: 


Zirconium (No. 684) 3355 °F (1845 °C) 
Hafnium (No. 778) 3590 °F (1975 °C) 


A zirconium crystal bar manufactured at Westinghouse (prob- 
ably containing hafnium) was investigated at the sdme time and 
gave consistently lower average readings of 3245°F (1785 °C). 
The new determined melting point for zirconium corresponds with 
the literature values of Zwicker and DeBoer (the early determination 
by Wedekind and Lewis can be considered as obsolete today). For 
hafnium, however, there is a greater discrepancy with DeBoer and 
Fast. Since the method, applied here, was very reproducible and 
gave satisfactory results in other cases (titanium and titanium alloys), 





1The figures appearing in parentheses pertain to the references appended to this paper. 











954 TRANSACTIONS OF THE A.S.M. Vol. 44 


and since the sample Hf 778 has a grade of purity comparable with 
DeBoer and Fast’s material (see analysis and electrical resistivity), 
no explanation can be offered for the lower melting point observed. 
It is therefore believed that the new melting point is correct for this 
sample and approximates the melting point of high purity (completely 
Zr-free) hafnium. 


Speciric HEAT BETWEEN 25 AND 100 °C 


A simple mixing-type calorimeter was used for this test, con- 
sisting of a small Dewar bottle which contained 75 cm. of water, a 
stirring device, and precision thermometer graduated to read 
1/100 °C. The temperature of the calorimeter before the test (t:) 
was approximately 20°C. The specimen was heated in a heating 
chamber (which was surrounded by water vapor) to approximately 
100 °C (te) and rapidly lowered into the calorimeter. Due to the 
heat content of the specimen the temperature of the calorimeter 
increased to ts. The following equation is valid: 


(te — ts) «cp > W = Go(ts — ti) 
when cp is the mean specific heat per gram of the specimen, W the 
weight of the sample and q, the heat content per degree of the 
calorimeter. gq, was obtained from tests on pure aluminum and iron 
for which c, was taken from the literature. In the literature we find 
recent determinations of c, for zirconium by Squire and Kaufmann 
(11) which are in good agreement with our value (see Table IV). 
Older determinations by other authors show higher values up to 7.3 
cal, undoubtedly due to impurities. The heat capacity of solid haf- 
nium has been determined between 13 °K and room temperature by 
S. Cristescu and F. Simon (12). These authors found an interesting 
peak at 75 °K; the values at room temperature, however, are normal 
and in complete agreement with the new results. 


THERMOELECTRIC PROPERTIES 


Zirconium wire of approximately 0.010 inch diameter was avail- 
able for use in these tests. The wire was vacuum-annealed and 
welded by the argon shielded arc method to an annealed platinum 
wire as furnished by Leeds and Northrup for platinum — platinum, 
rhodium thermocouples. The hot junction of the couple was heated 
together with a calibrated chromel-alumel couple in a vacuum fur- 
nace. The hot junctions of both thermocouples were located inside 
a stainless steel block. From room temperature up to 500 °C argon 
gas was introduced to obtain a good heat transfer ; at higher temper- 
ature where the heat transfer by radiation becomes greater, a high 
vacuum was applied for the purpose of keeping the thermocouple 
free of any contamination. A Hf-Pt thermocouple and a chromel- 
alumel standard thermocouple were made in the following manner: 
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Due to 


The cold junctions of the ther- 
The results are presented in Figs. 


mocouples were held in ice at 0°C, and the Emf was determined 
using a Leeds and Northrup portable potentiometer, type 8662, correct 


applied ; therefore the tests had to be confined to temperatures up to 
within plus or minus 0.02 mV. 


the short length of this thermocouple a vacuum furnace could not be 
approximately 1020°F (550°C). 


copper block which was heated inside an alumina crucible. 
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l and 2. The Emf values observed and the shape of the Emf versus 
temperature curves are very similar to those reported by Greiner 
and Ellis (13) for the platinum and titanium couple. From the 
plots in Figs. 1 and 2 the Peltier effect and the thermoelectric power 
can be derived. The results of such calculations are not presented 
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Fig. 1—Thermoelectric Force of a Zirconium-Platinum Couple. (Zr+; Pt —) 


since a comparison with the theory is not possible at present 
[H. H, Potter (14) ]. 


ELECTRICAL RESISTIVITY 


In the past the electrical resistivity of zirconium was determined 
several times in the temperature range between 14 and 2000 °K. 
Due to the fact that electrical resistivity varies greatly with the 
metal purity, and due to the hexagonal structure of the metal, it is 
naturally difficult to compare the different results. However, it can 
easily be recognized that the early determinations are obsolete (in 
these publications the specific resistance at 0°C (p.) was found to 
be higher than 100 micro-ohms-cm.). Later papers agree that p, 
is approximately 41 micro-ohms - cm., and that the temperature co- 
efficient of p at room temperature is approximately 0.0044 [literature 
(15, 16)]. H. H. Potter (14) and Squire and Kaufmann (11) 
agree in their findings. that at temperatures above room level the 
resistance does not increase according to Grueneisen’s law (17), but 
that the increase is less than linear instead, and levels off at high 
temperatures. At the transformation point the resistance was found 
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to drop, and to increase again at higher temperatures (11, 18). Some 
attempts were made to explain the “less than linear” increase of the 
resistance on the basis of Mott’s theory by supposing that the density 
of electrons at the top of the filled energy states changes in a certain 
manner, depending upon temperature (11, 14). 











0 100 200 300 400 500 


Temperature °C 
es ee 
0 300 600 900 _ 1100 


Temperature °F 


Fig. 2—Thermoelectric Force of a Hafnium- 
Platinum Couple. (Hf +; Pt —) 


The electrical resistance of hafnium has also been determined 
several times at room temperature and below (10, 20, 21), while 
Zwicker (18) found that at very high temperatures (around 1350 °C) 
it exhibits a maximum which he considers an indication of a change 
in the crystal structure. According to these publications the specific 
resistance of hafnium is lower than that of zirconium (p, approx. 30.0 
micro-ohms + cm.), while the temperature coefficient is about the 
same as for zirconium (a = 0.0044). | 

Fig. 3 depicts a resistivity specimen as used for this investiga- 
tion. It is mounted beneath a four-hole ceramic insulator through 
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which the current and potential wires are held in place. The wires 
were ground at the ends to a conical shape and pulled through small 
holes which were drilled through the specimen. This method proved 
satisfactory with normal sample sizes (approximately 2 to 4 inches 
gage length). For very small samples, however (as used for haf- 
nium), this arrangement was not too accurate; therefore in such 
cases the potential wires were flash welded to the specimens, using 
a condenser discharge as an electrical welding setup. The current 
wires were tungsten in all cases, the potential connections were 
zirconium for the zirconium samples and molybdenum for the haf- 
nium samples. The specimens were put in series with a 0.0l-ohm 
precision norm resistor, and the potentials of the known and the 
unknown resistor were compared using a 5-decade Emf-free Diesel- 
horst compensator especially designed for low potential measure- 
ments. The direct currents in both circuits were commutated to 
eliminate undesired Emf. 

The specimens were heated in a vacuum furnace; a helium 
atmosphere was normally used up to 1000°F (540°C) and high 
vacuum for temperatures above. The helium was passed over heated 
lithium metal and through a cold trap for cleaning purposes, and 
the system was extensively outgassed before the beginning of the 
test. In this way contamination during the test was not noticeable 
(the hardness remained unchanged and r —}83-© was found to be the 
same before and after the test for the hafnium samples). Table V 
compiles in the conventional way the results obtained, and Fig. 4 


t 


shows the increase of r =e versus temperature for two zirconium 
and one hafnium samples. As expected, the electrical resistivity and 
the temperature coefficient indicate clearly the difference in purity 
of the ‘specimens. The high purity zirconium samples No. 757 and 
No. 681 had a lower specific resistance than any previously inves- 
tigated sample; 39.7 micro-ohms + cm should be considered as the 
specific resistance of high purity hafnium-free zirconium. The as- 
deposited bar No. 681 showed at higher temperature very good 
agreement with Potter’s values which he corrected for 100% zir- 
conium. This also indicates the high purity of our samples. The 
transformation range for zirconium 681 is indicated on the heating 
curve between 1550 and 1600°F (845 and 870°C). At cooling, 
hysteresis of approximately 30°F occurs. The lower purity bar 
zirconium 660 behaves as would be expected. 

Unfortunately the hafnium samples proved to be of much lower 
purity. Only hafnium No. 778, which was investigated as iodide 
crystal bar, compares approximately with the literature values. To 
make sure that no preferred orientation of this sample was respon- 
sible for the high conductivity, small specimens were cut out in both 
directions, parallel and perpendicular, to the axis of the iodide 
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Legend: 
A: Specimen 
B: Current Leads 
C: Potential Leads 


D: Thermocouple 
(outside gage 
length to avoid 
contamination). 








ig. 3—Setup for Resistivity Measurements. 
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crystal bar. Very similar values were obtained for both directions. 
(See Table V.) 

This iodide bar No. 778 shows also very good agreement in 
the temperature coefficient. Up to 930°F (500°C) high purity 
hafnium and zirconium gave the same r-values (see Fig. 4), then 
naturally zirconium levels off earlier due to the lower transformation 
point. 

Consistently lower values for conductivity and temperature 
coefficient were obtained for the hafnium samples No. 784, 773, and 
783. These lower values are probably due to contamination of the 
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Fig. 4—Resistivity r= Rt°/Roec Versus t. 


samples during their processing. The high value of p, for the 
annealed sheet No. 784 substantiates this assumption. 


THERMAL EXPANSION 


Two apparatus were available for this study: For the range 
above room temperature a recording, optical lever-type Leitz dila- 
tometer which was equipped with a specially developed high vacuum 
chamber and a program-controlled furnace for temperatures up to 
2100 °F (1150°C). For temperatures from liquid air up to ap- 
proximately 400°F (205°C) an indicating dial gage-type setup 
was used. Both apparatus measured the dilatation relative to fused 
quartz for which corrections were made using the expansion figures 
reported in the Handbook of Kohlrausch (22). Both apparatus were 
frequently calibrated and found to be in an excellent working con- 
dition. A vibration technique was used to avoid friction in the dial 
setup; the same technique was also applied to the dial gage during 
the calibration on a Pratt and Whitney length-measuring machine. 

Figs. 5 and 6 present two complete dilatation graphs of zirco- 
nium (heating and cooling) and a heating curve of hafnium. Table 
VI compiles all the dilatation values obtained and contains also 
some literature values for zirconium. Figs. 7 and 8 show for both 
metals the average coefficient of expansion between room temperature 


and temperatures between —297 and +1800°F (—183 and +980 
"<). 
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From Figs. 5 to 8 and Table VI the following facts are evident: 
The zirconium $-phase has apparently a higher density than the 
a-phase, since at the transformation normally occurs a contraction 
on heating and an expansion on cooling. The cooling curve in Fig. 
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5 is a very rare case where practically no expansion takes place on 
cooling. Such differences between the single runs and different 
specimens are explained by the hexagonal nature of the a-phase 
(different expansion parallel and perpendicular to the hexagonal 
axis) and -by the fact that the dilatometer determines the length in 
one direction only and not the volume of the sample. The cold- 
worked a-zirconium (and also hafnium) rod has a lower expansion 
than the annealed (recrystallized) material. This can easily be 
explained by a preferred orientation of the cold-worked samples 
and the hexagonal type of lattice. The texture of cold-swaged bars 
is not known for zirconium, and the main thermal expansion values 
parallel and perpendicular to the hexagonal axis which Shinoda (24) 
found by an X-ray method are apparently incorrect (average value 
is not in agreement with the expansion of a polycrystal). Therefore 
a complete analysis of this observation cannot be made. Both metals 
expand at higher temperature at a rate less than normal, which is to 
a certain extent analogous to the behavior of the electrical resistance 
at high temperatures. The coefficient of expansion for hafnium, un- 
known so far, was found to be very similar to that of zirconium. 

Values for the expansion of zirconium at low temperatures are 
reported by Erfling (23). They are in agreement with our findings 
(Table VI), since Erfling used an as-deposited iodide sample for 
which higher expansion is to be expected than observed for our 
cold-worked sample Zr No. 755. The high temperature values re- 
ported by Squire and Kaufmann (11), however, seem to be some- 
what higher than expected for a random polycrystal. It may be 
worthwhile to mention that the coefficient of expansion apparently 
is not sensitive to changes in the composition, since the author ob- 
served practically the same values, as reported here, for a zirconium 
alloy with 1.5% cobalt and 3.5% chromium. 

This investigation has been conducted in the Materials Labo- 
ratory, Research Division, Wright-Patterson AFB, Dayton, Ohio, 
during the end of 1950 and the beginning of 1951. The determina- 
tion of the melting point was accomplished at the Armour Research 
Foundation in Chicago by Dr. D. J. McPherson. 
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DISCUSSION 


Written Discussion: By John M. Blocher, Jr., assistant supervisor, 
Division of Nonferrous Metallurgy, Battelle Memorial Institute, Columbus, 
Ohio. 

This paper gives much welcome data on properties of hafnium and 
hafnium-free zirconium. 

Was there any particular reason why the usual displacement method 
was not used in determining density? This is a simple, accurate method, 
which would seem to be far preferable to the intricate and expensive 
machining and dimension-measuring technique described in this paper. 

The individual density measurements for zirconium are reported as 
+0.002, +0.004, and +0.003, but the average is reported as +0.001. This 
seems inconsistent. 

One would expect the remelted zirconium sample to give the most 
reliable density value, 6.59, since the lower values of around 6.49 for 
crystal bar as-deposited may be caused by voids. This rather large differ- 
ence in density values is not discussed. 

Written Discussion: By Peter Hidnert, in charge, Thermal Expan- 
sion Laboratory, Length Section, National Bureau of Standards, Washing- 
ton, D. C. 

I have read Dr. Adenstedt’s paper with a great deal of interest and 
submit the following comments for his consideration: 

Density—It appears that the density for sample Zr 764 should be 6.491 
instead of 6.591 and that the diameter of sample Hf “D” in Table II should 
be 0.6340 cm instead of 0.06340 cm (see 0.250 inch in Table I). 

Do the values +0.002, +0.004, etc., in Table II refer to average de- 
viations, probable errors, or estimates of maximum errors? 

A correction for the aluminum content of sample Hf“D” would in- 
crease the density of Hf (100%) by about half of the correction computed 
for the zirconium content. 

Another value for the density of hafnium (11.4 g/cm* at 20°C) is 
given in ASM Merats Hanpsoox, 1948, p. 20, but no reference to the 
observer is indicated. . 

We believe that it would have been better to use the hydrostatic 


weighing method for determinations of the densities of zirconium and 
hafnium. 
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Modulus of Elasticity—It is not customary to designate Young’s mod- 
ulus or modulus of elasticity as “E-modulus”. 

Were the diameters given in Table III instead of those in Table II 
used in computing the moduli of elasticity? 

As the maximum strain was 30 x 10° inch per inch and we presume 
that the observations were not accurate to better than 0.2 x 10° inch per 
inch, it is believed that the single values for modulus of elasticity should 
be reported to only 3 significant figures. 

ASM Metats Hanpsook, 1948, p. 1144, gives the following moduli of 
elasticity for zirconium from Raynor (1947): 


Slatd Grete is 3. Sh. EG AS 14.5 million psi 
Tempered at 850°F .......... 14.0 
Annealed at 1450°F .......... 11.35 


H. W. Gillett? reported about 10.7 x 10° pounds per square inch for 
the modulus of elasticity of zirconium wire 0.01 inch in diameter. 

Melting Point—It would be desirable if Dr. McPherson would elaborate 
on his estimate that the accuracy of his determinations of the melting 
points is well within +25 °C. 

Specific Heat—In Table IV, the heading of the last column under 
“Temperature” should be changed from “ts” to “ts”. 

The average heat content of the calorimeter is listed as 85.02, which 
is less than any one of the 4 values from which the average was taken. 
The average value should apparently be 85.16 or rounded off to 85.2. 

The footnote in Table IV indicates that the mean specific heat of high 
purity aluminum (99.9+%) for the range from 25 to 100°C was taken 
from ASM Metats HaAnpsoox. This HANpDBooK indicates the specific heat 
(0.2226 cal per g) of high purity aluminum (99.9+-%) at only 100°C and 
the specific heats of commercially pure aluminum (99.0+-%) for various 
temperatures and temperature ranges (at 100°C, 0.2297; 0 to 100°C, 
0.2259). It appears that data from both kinds of aluminum were used in 
obtaining the “extrapolated” value 0.219 for the mean specific heat of high 
purity aluminum (99.9+%). 

The comparisons of the author’s values with those from previous 
observers, in the last column of Table [V, appear to indicate good agree- 
ment. However, these comparisons are misleading. The value 6.27 given 
by him from Squire and Kaufmann’s curve is not justified to 3 significant 
figures, as their uncertainty is +0.2 cal/mol. The value 6.24 given by the 
author from Cristescu and Simon is even less justified. They reported 
no data above 210°K (—63°C). The extrapolated value is probably un- 
certain to several tenths of a cal/mol. (The “extrapolated to 25°C” in 
the next to the last column is obviously incorrect, for it should be for the 
range from 25 to 100 °C.) 

Thermoelectric Properties—The individual observations of thermo- 
electric force of zirconium-platinum and halfnium-platinum couples are 
not indicated in Figs. 1 and 2, and hence one: does not know how well 
the curves fit the observations. 

Electrical Resistivity—In the first paragraph of the section on electrical 
resistivity, “x 10°” should be deleted from “100 x 10° micro-ohms-cm” 
and “41 x 10° micro-ohms-cm”,. 


ayy 


2H. W. Gillett, Foote-Prints, Vol. 13, No. 1, 1940, p. 1. 
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It is not clear how the value 39.7 x 10° on page 958 was obtained 
from the values (39.6 and 40.5) for the specific resistance of samples 
Zr 757 and Zr 681. 

It is suggested that the designations for A, B, C, and D in Fig. 3 
be indicated in the legend. 

Thermal Expansion—Do Figs. 5 and 6 include corrections for the linear 
expansion of fused quartz? If so, this fact should be stated. 

Data by Kroll*® indicate that the average coefficients of expansion of 
zirconium for ranges from 20°C to various temperatures between 200 and 
750 °C increase linearly with temperature. 

A description of the vibration technique used with the dial set-up 
would be desirable. 

It appears that the average coefficient of expansion of Zr 755 at 
—297 °F in Fig. 7 should be 2.6, x 10° per degree F instead of 2.52 x 10° 
per degree F. Similarly in Fig. 8, the plotted value for Hf 783 at —94 °F 
should be 3.2; K 10° per degree F instead of 3.36 X 10° per degree F. 

Dr. Adenstedt has made an important contribution to the literature 
on the physical properties of zirconium and hafnium. 

The following members of the staff of the National Bureau of Stand- 
ards assisted in the preparation of this discussion: Drs. R. J. Corruccini, 
D. C. Ginnings and L. V. Judson, and Messrs. R. K. Kirby, A. E. McPher- 
son and C. Peterson. 

Written Discussion: By R. K. McGeary, Materials and Metallurgy 
Atomic Power Division, Westinghouse Electric Corp., Pittsburgh. 

The study of zirconium is being pursued in our laboratory and it is 
believed that certain of our data will add to or clarify that of the author. 

In Figs. 9a and 9b are presented two types of automatically recorded 
thermal dilatation curves for Westinghouse, as-deposited, crystal-bar zir- 
conium. Fig. 9c is a similar curve for arc-melted crystal bar containing 
microscopically discernible amounts of a second phase tentatively iden- 
tified as an Fe-Zr compound. A zirconium-iron alloy was found to have 
a eutectoid reaction between 1455 and 1480°F (790 and 805°C). This 
reaction is indicated by the small bumps at about 1470°F (800°C) on the 
heating and cooling curves of Fig. 9c. The latter curve and the author’s 
second-run curveg(Fig. 5) are similar in that the transformation range of 
temperatures is broad and the bumps occur at about 1470°F (800°C). 
Although the cooling curves for all the different zirconium specimens that 
were run fell below the heating curves (except for first runs on some very 
pure samples, cf. Fig. 9b), no behavior similar to that depicted by the 
author for the cooling curve of the first run (Fig. 5) was ever encountered. 

The author is correct in assuming that the difference in thermal 
expansivity between cold-swaged and annealed zirconium as shown in 
Fig. 7 is due to preferred orientation. The textures of zirconium treated 
in various ways, and a correlation of thermal expansion with these types 
of textures, has been reported.* Although results for cold-swaged rod 
were not presented, the texture consists of the slip or basal plane parallel 
to the direction of elongation. The thermal expansivity of a swaged rod 
" 8Kroll, Metalhwirtschaft, Vol. 18, 1939, p. 77. 


*R. K. McGeary and B. Lustman, “Preferred Orientation in Zirconium’, Journal of 
Metals, TP 3160E, November 1951, p. 994-1002. 








970 TRANSACTIONS OF THE A.S.M. Vol. 44 


measured in the length direction of the rod would therefore be an approxi- 
mate measure of the basal axial expansivity. The reported values‘ for 
this direction of zirconium with a similar texture are 5.0 to 5.5 x 10°/°C 
between 390 and 570°F (200 and 300°C). These results correspond very 
closely to the author’s values for cold-worked zirconium. 

The expansivity along the hexagonal axis is more than twice as great 
as along the basal axial directions. Upon recrystallization of a cold- 


Dilation 
| 0.001" 
| ° oe 


2 


0 








200 300 400 500 600 700 800 900 1000 
Temperature °C 
Fig. 9— Thermal Dilatation Curves for Westinghouse 
Crystal-Bar Zirconium. Helium atmosphere. Heating and 
cooling rate 500°C per hour. 1.375-inch specimen length. 


(a), (b)—Two different specimens from same high-purity 
crystal bar. (c)—Arc-melted crystal bar, lower purity. 


swaged rod the basal plane remains parallel to the elongation direction 
so that no appreciable change in expansivity would be expected. How- 
ever, if the author’s “recrystallization anneal” was above the phase trans- 
formation temperature (which was evidently the case, since the dilatom- 
eter samples were heated to about 950°C), the corresponding texture 
change would produce a material with a fairly isotropic expansivity. The 
measured expansivity should then approach the reported values* for trans- 
formed zirconium—about 5.9 to 6.2 x 10°/°C between 390 and 570 °F 
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(200 and 300°C)—which appears to be the case for the author’s data. 

It has been found that the textures of hafnium are similar to those 
of zirconium. The above argument also explains the very small expan- 
sivity change between cold-worked and annealed hafnium, since the 1830 
°F (1000 °C) anneal would recrystallize but not transform the hafnium. 

Although the author considers the expansion of zirconium and haf- 
nium to be similar, the data indicate appreciable differences; namely, cold- 
worked hafnium has about 18% greater expansivity than cold-worked 
zirconium between 20 and 400°C. It was also observed that the expan- 
sivity of as-deposited hafnium crystal bar exceeded that of a similar type 
of zirconium crystal bar by about 11% over this temperature range. 

Written Discussion: By F. B. Litton, head, Metallurgical Division, 
Research and Development Department, Foote Mineral Co., Berwyn, Pa. 

This paper is one of the first to define some of the physical properties 
of zirconium and hafnium in terms of chemical composition. Dr. Aden- 
stedt is to be congratulated on the thoroughness of the paper, and the 
measurements made on the two metals. 

The Materials Laboratory decided to obtain information on hafnium 
and zirconium early in 1948. Prior to this decision, hafnium-free zirconium 
and hafnium metal had been produced only for research purposes in very 
limited quantities. Even though it now becomes evident that zirconium 
may never attain the widespread engineering usage predicted for titanium, 
its growing use in specialized applications, particularly where superior 
corrosion resistance is required, attests to the accuracy of the decision 
and the desirability of the data contained in this paper. 


Author’s Reply 


The author wishes to extend his thanks for the submitted discussions 
on this paper. These discussions have pointed out various printing and 
proofreading mistakes in the preprint, for which the author has to apolo- 
gize. For certain reasons the preprint had to be proofread within a few 
hours and corrections made via telephone. This procedure resulted in 
certain mistakes in the preprint. 

Other than these mistakes, which have been corrected in the mean- 
time, the author presents the following answers to the questions raised 
in the discussions. 

Density—The limits +0.002, +0.004 and +0.003 are estimated maxi- 
mum errors of the single density determinations. They are due to the 
specimens not being perfectly cylindrical in shape and therefore vary with 
the specimen. The deviation +0.001 referring to the average density 
value is the probable error of this value. 

Since the relatively large specimens were premachined before receipt 
and with little grinding effort could be converted to an almost perfect 
cylindrical’ shape, the author preferred the method used over the usual 
displacement method. The single determinations carried out several 
months apart gave results that differed only a few digits in the third 
decimal place. These deviations are smaller than, or of equal magnitude 
to, those produced by the impurity elements. On the other hand the 
author did not intend to make density corrections for these impurity 
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elements (present in amounts less than 0.1%) because of uncertainties in 
some of the analysis procedures. 

Modulus of Elasticity—The diameters of the specimens used for the 
determination of the modulus of elasticity are given in Table III. They 
are the same as the original diameters of the specimens (Table II), except 
in the case of Zr “E”, where a 0.358-inch diameter specimen was machined 
from the 0.5-inch diameter original bar. Due to the low proportional limit 
of this material, a low value for the E-modulus of annealed, polycrystalline 
zirconium might be considered with some suspicion. 

Specific Heat—It is true that the reference value for the 99.9+% 
aluminum is extrapolated from the 100°C value of 99.94+% aluminum 
using the variation of cp with the temperature as reported for the 99.0+-% 
aluminum. This procedure is considered allowable within the limits 
concerned. 

Thermoelectric Properties—The individual observations agree with the 
curves very closely. Maximum deviation for hafnium at 900°F is about 
0.05 mV or 6 °F. 

Thermal Expansion—In Figs. 5 and 6, which are photographic repro- 
ductions of the original dilatometer curves without any corrections, the 
linear expansion of the fused quartz has not been considered. In Table VI 
and Figs. 7 and 8, however, corrections have been made for the expansion 
of the fused quartz. 

The vibration technique in the dial setup consisted of tapping the 
head of the dial (in a length direction of the whole apparatus) with a 
piece of soft rubber and with impulses of approximately 2 cm~ g each. 

In the meantime, the author, with R. E. Brocklehurst of the Materials 
Laboratory, Wright Field, conducted some investigations to determine the 
main coefficients of expansion of titanium, hafnium and zirconium by 
X-ray diffraction. Cold-rolled and subcritically annealed specimens, with 
preferred orientation, were investigated at room temperature and approxi- 
mately 200°C on a Philips Norelco X-ray spectrometer in the high angie 
reflection region. Although the work is not yet complete, tentatively the 
following main coefficients of expansion may be reported for zirconium: 


B, = 7.9 x 10° 

B, = 4.7 x 10° 
These values are in fair agreement with the results reported by Mr. 
McGeary in his discussion and show that the earlier X-ray determination 
of Shinoda (24) was completely erroneous. From Fig. 7 of the paper we 
recognize that the cold-worked zirconium approaches the value 8., where- 
as the annealed (transformed) zirconium shows a value which is equal to 


per °C, between 25 and 200 °C 


14 (B, + 28.) =5.8 x 10*. 


The question as to how the coefficient of expansion changes with 
temperature is an interesting one and probably should be checked again. 
As P. Hidnert pointed out, Kroll found in an earlier paper on zirconium 
a linear increase of 8 with the temperature in the ranges from 20° to 
various temperatures between 200 and 750°C. As far as I can see, the 
dilatometer curves of Mr. McGeary given in the discussion also have the 


same tendency. On the other hand, the results of Squire and Kaufmann 
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(11) indicate a decrease of 8B with temperature, and some of my results 
of Fig. 7 (especially for cold-worked zirconium) exhibit a maximum in 
the 8 versus t curve with decreasing 8 values at higher temperatures. 
Hafnium shows this anomaly even more pronounced. 

It would be of interest to mention that this anomaly was never found 
by the author for titanium or titanium alloys in numerous dilatometer 
tests conducted in the same apparatus and under similar conditions. 


Note—The following discussion has been incorporated at the sugges- 
tion of the author, Dr. Adenstedt: 

Written Discussion: By D. J. McPherson, supervisor, Physical Met- 
allurgy Research, Armour Research Foundation, Chicago. 

Melting Point Determinations for Zirconium and Hafnium—A description 
of the furnace and techniques employed for these determinations is avail- 
able in the literature.° Specimens were suspended on tungsten wires with- 
in a tantalum chamber, heated inductively. A calibration curve for the 
furnace and pyrometer was prepared by observing the melting points of 
high purity metals. The data for this curve follow: 


Metal Accepted M.P.,°C Observed M.P., °C 
Gold 1063.0 + 0.0 1066 
Copper 1083.0 + 0.1 1091 
Nickel 1455 + 1 1446 
Platinum 1773.5 + 1 1725 
Rhodium 1966 + 3 1893 
Iridium 2454 + 3 2365 


The observed figures are averaged from at least twelve trials for each 
metal. “Brightness” temperatures were reproducible within about +5 °C 
in these trials. The curve based on these data includes corrections for 
the optical pyrometer and furnace sight glass under the constant condi- 
tions of testing. 

Separate tests proved that the furnace conditions very nearly ap- 
proach those of a black body. Alloys of unknown emissivity and different 
melting ranges (titanium- and silicon-base alloys) were wired adjacent to 
platinum and nickel, respectively. No apparent temperature differences 
between the specimens were detected up to the melting points of platinum 
or nickel. Several metals were wired within a molybdenum cone for the 
melting trials, and yielded the same observed melting temperatures as 
those suspended without the cone background. Accordingly, no emissivity 
corrections have been applied. 

The observed melting points for zirconium and hafnium were averaged 
from about twelve separate runs. The maximum variation in observed 
figures was +10°C for each metal. The final figures, presented in the 
paper, were corrected according to the calibration data tabulated above. 
Accuracy would be dependent upon: (a) the human error in reading 
temperatures; (b) reliance upon literature values for melting points of 
the calibrating metals; (c) the approach of the furnace to black-body 
conditions. 

The reproducibility of results and satisfactory checks with thermal 
analysis in previous work lead us to believe that the estimated over-all 
accuracy of +25 °C is justified. 


5M. Hansen, H. D. Kessler and D. J. McPherson, “The Titanium-Silicon System’’, 
see this volume, page 518. 








THE SYSTEMS TITANIUM-CHROMIUM 
AND TITANIUM-IRON 


By R. J. Van Tuyne, H. D. KessLer anp M. HANSEN 


Abstract 


Phase diagrams of the titanium-rich portion of the 
titanium-chromium and titanium-tron systems have been 
determined. Micrographic analysis, supplemented by X-ray 
diffraction, detection of incipient melting, and thermal 
analysis, was employed. 

It was found that the transformation temperature of 
titanium was lowered with increasing chromium content, 
resulting in a eutectoid decomposition of beta at 15% 
chromium. Beta titanium and chromium are completely 
mutually soluble at high temperatures. 

The transformation temperature of titanium drops 
with increasing iron content, resulting in a eutectoid 
decomposition of beta at 15 to 16% iron. 


['TANIUM-chromium-iron alloys are among the first important 

titanium-base alloys to find commercial application. To promote 
a more thorough understanding of the phase relationships involved, 
the investigation of the high titanium portion of the ternary phase 
diagram was undertaken. When this project was first initiated, no 
determination of the two binary systems titanium-chromium and 
titanium-iron had been made using high purity titanium. Therefore, 
the authors’ first objective was to accurately locate the phase bound- 
aries using high purity alloys. The earlier and contemporary studies 
of the binaries are reviewed in detail in the sections of this paper 
relating to the respective systems. 

Micrographic analysis was the basic method used to determine 
the phase boundaries, and was supplemented by X-ray diffraction, 
thermal analysis, and incipient melting studies. 


[E-XPERIMENTAL PROCEDURE 


Materials—Special high purity sponge titanium, manufactured 
by the Bureau of Mines, was used in the preparation of many of 
the alloys. The analysis of this material appears in Table I. With 


Sponsored by the Materials Laboratory, Wright Air Development Center, Wright- 
Patterson Air Force Base, Dayton, Ohio, through Contract AF 33(038)-8708. 
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Table I 
Analyses of Materials Used 





Bureau of Mines Titanium 


Iron 0.02% 

Magnesium 0.045 

Silicon 0.005 

Nitrogen 0.003 

Chlorine 0.06 

Iron Chromium, Heat 591 

Silicon 0.0093% Carbon 0.102% 
Nickel 0.012 Oxygen 0.019 
Phosphorus 0.0023 Nitrogen 0.0017 
Sulphur 0.013 
Carbon 0.011 


an as-cast hardness of 105 DPN, it compares favorably with iodide 

titanium (70 to 90 DPN). As a further check on the high purity 

of the Bureau of Mines titanium, samples of cold-worked sheet were 

annealed at 10°C intetvals for % hour. The results place the 

transformation temperature between 880 and 890 °C (1615 and 1635 
F), in good agreement with that of iodide titanium (885 °C). 
licrostructures obtained are identical to those of iodide titanium, 
1s verifying the excellent purity of the metal. 

Iodide crystal bar used for the balance of the melts was made 

the New Jersey Zinc Company, and analyzed 99.9+-% titanium. 
he iron and chromium were obtained from the National Research 
‘orporation. Table I gives the analyses of these materials. 

Melting Practice—Alloy ingots weighing 15 to 20 grams were 
melted in a nonconsumable tungsten electrode arc melting furnace. 
Detailed descriptions of the melting techniques have been presented 
in papers on the titanium-molybdenum and titanium-columbium (1)? 
and titanium-silicon (2) phase diagrams. Copper melting block 
inserts and a slight positive pressure of helium were used for all 
melts. That the melting conditions were very favorable was proved 
by the fact that no measurable hardness increase was obtained on 
remelting control ingots of iodide titanium. 

The charges were weighed to a thousandth of a gram and the 
ingots were weighed equaily accurately after melting. With the 
exception of a few ingots in the high chromium region, only small 
weight losses were obtained. This indicates that the actual compo- 
sitions must follow the nominal compositions very closely. The 
average weight loss for iodide titanium melts was about 0.02 gram, 
and that for the Bureau of Mines melts of the order of 0.2 gram. 
The higher weight losses of the Bureau of Mines titanium-base alloys 
were due to the fact that it was charged as sponge. The results of 
typical check analyses ‘are shown-irr Table IT. 

Pretreatment—Most alloys capable of being deformed were cold- 


'The figures appearing in parentheses pertain to the references appended to this paper. 
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Table Il 
Typical Correlation Between Nominal Composition and Chemical Analysis 
Nominal Chemical Analysis 
Alloy Designation* Composition, % Iron, % Chromium, % 
BF14-918 14 14.26 
BF32-930 32 32.17 
BF36-934 36 35.61 cain 
BC14-957 14 wehes 14.35 
BCS50-971 50 Ghia 49.87 





*B—Bureau of Mines titanium; F—iron; C—chromium; for exampie, BF14-918 indi- 
cates a 14% iron alloy made with Bureau of Mines titanium, heat number 918. 


pressed in order to increase the rates of attaining equilibrium on heat 
treatment. Titanium-iron alloys under 3% iron were cold-pressed 
25 to 50%, but the 4% alloy cracked with slight deformation. The 
2% chromium alloy cracked with cold pressing. Coring was observed 
above 14% iron and 6% chromium; therefore these alloys were 
homogenized at 1050 °C (1920 °F) for 24 to 48 hours. 

Annealing Treatments—Samples treated below 1100°C (2010 
°F) were sealed in Vycor bulbs; quartz was used for higher tem- 
perature annealings. At lower temperatures, the bulbs were sealed 
under vacuum, but above 1000°C (1830°F) a partial pressure of 
argon was necessary to prevent their collapse. The annealing times 
varied from one or two days at 1050°C (1920°F) to a month at 
and below 550°C (1020°F). At more elevated temperatures, the 
times were shorter, in order to keep surface contamination at a 
minimum. At 1260°C (2300°F), samples were annealed for 2 
hours, and at 1385 °C (2525 °F), 20 minutes was used. The fur- 
nace temperature control was within +3 °C of the reported temper- 
atures below 1100C (2010°F). At higher temperatures, the con- 
trol was about +10 °C. . 

Melting-Range Determinations—Thermal analysis, metallographic 
analysis after isothermal annealing, and incipient melting techniques 
were used to determine the melting range of the alloys. The thermal 
analysis method is described elsewhere (2), and is not detailed here, 
other than the fact that graphite crucibles and platinum/platinum— 
rhodium thermocouples were used. The samples for metallographic 
analysis were separated with molybdenum sheet during annealing 
treatments, to prevent contact in case of melting. Solidus data were 
determined by incipient melting techniques (1, 2) for which the first 
visual sign of melting on heating was used. The accuracy of the 
incipient melting data is estimated to be +25 °C, and that of the 
other melting-range determinations is +10 °C. 


RESULTS AND DISCUSSION 
The System Titanium-Chromium 


Literature Review—In th€ first reported work on this system, 
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Vogel and Wenderott (3) roughly outlined the phase diagram within 
the range of composition of 42 to 100% chromium. They reported 
the existence of the compound TisCr2 (42.0% chromium), which 
was said to form a eutectic at 48% chromium and 1400°C (2550 
°F) with a chromium-rich solid solution containing 26% titanium. 
A tentative phase diagram of the titanium-rich alloys, based on 
magnesium-reduced titanium, was given by Craighead, Simmons and 
Eastwood (4). According to their data, the transformation tem- 
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Fig. 1—The Constitutional Diagram of the Titanium-Chromium System as Determined 
by McQuillan (6). 


perature of titanium is lowered by the addition of chromium, giving 
rise to an extended beta field and a restricted alpha field. McPherson 
and Fontana (5) have published photomicrographs of alloys with up 
to 18% chromium, prepared with magnesium-reduced titanium, after 
various heat treatments. They concluded that about 10% or more 
chromium apparently stabilizes the beta solid solution down to low 
temperatures, as no phase changes occurred in these alloys on air 
cooling from the beta field. 

Micrographic analysis of the whole system by McQuillan (6), 
using magnesium-reduced titanium, resulted in the diagram presented 
in Fig. 1; the data points are indicated. Metallographic evidence 
was given of the decomposition of the continuous series of solid 
solutions between beta titanium and chromium by precipitation of 
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the intermediate phase, TieCrs (62.0% chromium), within a wide 
range of composition. The titanium-rich beta phase is shown to 
decompose eutectoidally at a temperature somewhat above 650 °C 
(1200 °F), the composition of the eutectoid being about 16% chro- 
mium. McQuillan established the fact that the only intermediate 
phase in this system is not TigCre, but one having a composition 
close to 62 weight per cent chromium; she therefore assigned the 
formula TigCrs. 

The partial diagram given by Duwez and Taylor (7), deter- 
mined with iodide titanium-base alloys, shows that the beta solid 
solution with about 14.5% chromium decomposes at approximately 
660 °C (1220 °F) into a eutectoid of alpha and the compound TiCr» 
(68.5% chromium). The existence of the latter was established by 
study of the crystal structure, which is face-centered cubic with 24 
atoms per unit cell (HgCuz type). The solubility of chromium in 
alpha titanium at the eutectoid temperature was estimated to be 1% 
or less chromium. The solubility of chromium in beta titanium at 
1100 °C (2010 °F) was found to be 26.5%. 

Metallographic Studies—The partial phase diagram shown in 
Fig. 2 has been determined mainly by micrographic analysis of alloys 
with 0.5 to 75% chromium, annealed at and quenched from temper- 
atures between 650 and 1420°C (1200 and 2590 °F). Results are, 
in general, in accordance with the phase diagram given by McQuillan 
(6) (see Fig. 1). 

High purity Bureau of Mines sponge titanium was used in the 
preparation of alloys. Eight iodide titanium-base alloys of 0.5 to 
13% chromium were made to check any differences between the 
structures of the two types of titanium-base alloys. Comparing 
Fig. 2 with the insert of that figure, it can be seen that for the data 
points obtained, there is no apparent difference between the two for 
the B/a + £8 boundary. 

The maximum solubility of chromium in alpha titanium is less 
than 0.5%. Beta titanium is retained upon water quenching alloys 
in which the beta phase contains at least 7% chromium. 

The eutectoid point is located at 15% chromium, between 675 
and 700°C (1245 and 1290°F). Fig. 3 illustrates the eutectoid 
decomposition of the beta phase, and shows that it was confined 
mostly to the grain boundaries, even after 15 days annealing at 
675 °C (1245 °F). 

After annealing at 650°C (1200 °F) for 13 days, typical lamel- 
lar eutectoid decomposition was observed only in alloys containing 
more than 12% chromium. The microstructures of alloys of lower 
chromium content consisted of a fine Widmanstatten distribution of 
alpha in metastable beta phase with only a slight indication of un- 
resolvable eutectoid decomposition in the grain boundaries. The 
amount of decomposition increased with chromium content up to 
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22% chromium (the alloy of highest chromium content annealed 
at this temperature level). Microstructures of alloys annealed at 
600 °C (1110 °F) were extremely fine and unresolvable. 

Oxygen contamination greatly increases the rate of eutectoid 
decomposition. This was proved by simultaneously annealing an 
18% Bureau of Mines titanium-base alloy and a 17% Process A 
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Fig. 2—Partial Phase Diagram of the Titanium-Chromium 
System. Inset shows section of diagram duplicated with iodide 
titanium-base alloys. 


titanium-base alloy (containing approximately 0.15% oxygen) for 
one day at 635°C (1175 °F). In the high purity 18% chromium 
alloy, the beta solid solution was eutectoidally decomposed about 
15%, as compared to the lower purity 17% chromium alloy, in which 
beta was decomposed approximately 95%. 

The absence of a eutectic was established by means of both 
thermal and micrographic analysis. Above approximately 1350 °C 
(2460 °F), beta titanium and chromium are completely mutually 
soluble. Upon cooling alloys between 15 and 75% chromium from 
the beta region, TiCre is rejected. 

Two thermal arrests were obtained in cooling curves for alloys 
* containing 48, 55, 63, and 68% chromium, as shown in Fig. 2. The 

first indicates the start of solidification, and the second break gives 
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Fig. 3—An 18% Chromium Alloy, Homogenized, Annealed at 675 °C for 360 Hours. 
Eutectoid decomposition occurs mostly along the grain boundary. Matrix is retained 6 
with a few compound crystals. Etchant: 60 glycerin, 20 HF, 20 HNOs. x 500. 


Fig. 4+—A 50% Chromium Alloy, Arc-Melted and Chill-Cast. 8 with precipitate of 
compound rejected from the cored solid solution during fast cooling. Etchant: 60 
glycerin, 20 HF, 20 HNOs. x 250. 


Fig. 5—A 48% Chromium Alloy, Slowly Cooled in a Graphite Crucible. No eutectic 
is indicated. Structure is of Widmanstatten type typical of an alloy cooled from a one- 
phase field into a two-phase field. Etchant: 60 glycerin, 20 HF, 20 HNOs. xX 250. 


the first thermal evidence of the breakdown of the beta solid solution. 
It will be noted that the second arrest shows increasing deviation 
from the indicated 8/8 + TiCre boundary as the chromium content 
decreases. This can be explained by the fact that appreciable heat 
evolution for this precipitation is detected only when relatively large 
quantities of compound are rejected. 

Micrographic evidence ofthe precipitation of TiCrg from the - 
beta phase is given by the microstructure of a chill-cast 50% chro- 
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mium alloy (Fig. 4) and that of an alloy with 48% chromium slowly 
cooled from the molten state (Fig. 5). These structures definitely 
show a Widmanstatten-type precipitate formed by cooling from a 
single-phase field into a two-phase field, and are not of a eutectic 
origin. 
Figs. 6 and 7 illustrate the microstructures of a 66% chromium 
alloy quenched from the beta and the 8 + TiCre fields, respectively. 
Upon quenching from 1385 °C (2525 °F) in the beta field, the solid 





Fig. 6—A 66% Chromium Alloy, Annealed at 1385 °C for 20 Minutes and Water- 
Quenched. Serrated compound showing that the alloy was in the § field prior to quench- 
ing. Etchant: 60 glycerin, 20 HF, 20 HNOs. xX 250. 

Fig. 7—Same Alloy as Fig, 6, but Annealed at 1260°C for 2 Hours and Water- 
Quenched. Almost entirely equiaxed grains of TiCre with a trace of 8. Etchant: 60 
glycerin, 20 HF, 20 HNOs. xX 250. 


solution broke down into the serrated structure shown (Fig. 6). An 
X-ray diffraction pattern of this alloy showed it to be almost entirely 
TiCra, Annealing at 1260°C (2300°F) resulted in the micro- 
structure shown in Fig. 7. The equiaxed grains illustrate that the 
compound was formed isothermally, and that the alloy contains only 
traces of beta. From the microstructure of the series of alloys 
annealed at 1260°C (2300°F), the compound has been shown to 
exist over a small composition range (67 to 68% chromium). 

It may be noted that TiCreg showed twinning in the micro- 
structures of samples that had been deformed and subsequently an- 
nealed at 675°C (1245°F). This phenomenon was not further 
investigated. 

Melting-Range Determinations—Incipient melting data were 
used to outline the melting range of alloys with up to 68% chromium. 
As these determinations were of a comparatively low order of accu- 
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Table Ill 
Melting-Range Determinations 


A. Thermal Analysis 
Inflection Temperatures, °C 


Nominal % Cr Liquidus Compound Rejection 

68 1544 1344 

64 1494 1342 

55 1407 1271 

48 (Alloy 1) 1384 1201 

48 (Alloy 2) 1382 1202 

40 1383 Pip 

B. Annealing Treatments 
Nominal % Cr Temperature, °C Outward Appearance Microstructure 

45 1380 No melting No melting 
45 1390 Complete melting —- 
69 1420 o melting Partial melting 
70 1420 No melting Partial melting 
72 1420 No melting Partial melting 








75 1420 . No melting No melting 





racy, they are used only to locate the dotted melting range up to 
40% chromium. 

Detection of melting in isothermally annealed samples checked 
incipient melting data at 24% chromium, and was used to locate the 
minimum melting temperature at 45% chromium. Partial melting 
in annealed samples was also ‘detected at higher chromium contents, 
thus establishing the flat solidus curve between 45-72% chromium. 

Thermal analysis located the liquidus curve at higher chromium 
contents and verified the minimum melting point at 45% chromium. 
That carbon contamination did not lead to large errors in the thermal 
analysis data was proved in the following manner: Cooling curves 
were determined for two 48% chromium-titanium alloys, and the 
liquidus points agreed within less than 5°C. However, the micro- 
structure of one showed no visible carbides (Fig. 5), while the other 
showed appreciable amounts of carbide in the microstructure. Thus, 
even though the carbon contamination was apparently quite different, 
the thermal analysis data agreed closely. The results of high tem- 
perature annealing treatments are shown in Table III,.and substan- 
tiate the thermal analysis data. | 


The System Titanium-Iron 


Literature Review—In the following discussion, only the con- 
stitution of titanium-rich alloys with compositions up to and includ- 
ing the phase TiFe (53.8% Fe) will be considered. Laves and Wall- 
baum (8) briefly reported that the two compounds TieFe (36.8% 
iron; face-centered cubic with 96 atoms per unit cell) and TiFe 
(Be type) exist. Wallbaum (9) also published a phase diagram 
showing these intermediate phases; however, apparently no detailed 
work was done on the titanium-rich alloys, as no phase relationships 
based on experimental evidence were given. Craighead, Simmons 
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and Eastwood (4) found that additions of iron lower the temperature 
of the polymorphic transformation of titanium, giving rise to a very 
restricted range of alpha solid solution and stabilization of the beta 
solid solution toward lower temperatures. Their work was confined 
to magnesium-reduced titanium-base alloys containing up to 2.2% 
iron. By measuring the hydrogen pressures in equilibrium with very 
dilute solutions of hydrogen in iodide titanium-base alloys, McQuillan 
(10) determined the B/a-+-f8 boundary above 800°C (1470 °F) 
and between 0 and 5.8% iron. 

By means of micrographic and X-ray diffraction methods, using 
magnesium-reduced titanium of low purity (with a transformation 
range of 860 to 970°C), a general outline of the phase diagram for 
the titanium-rich portion of the system was established by Worner 
(11). He found that the beta phase decomposed eutectoidally at 
17.5% iron and approximately 600°C (1110°F) into alpha (with 
0.9% iron) and the compound TiFe (with a body-centered cubic 
lattice and a melting point of approximately 1250°C). A eutectic 
of beta, containing 25% iron, and TiFe was established at 32% iron 
and 1060°C (1940°F). Although Duwez and Taylor (12), in 
agreement with Laves and Wallbaum (8), reported the existence 
of the compound TigFe, Worner found no evidence of this phase, 
either metallographically or by X-ray diffraction studies. 

In the course of his work on the copper-titanium system, Karls- 
son (13) found some evidence to support Worner’s conclusion that 
TigFe does not exist. Karlsson was able to show that the previously 
reported TigCu was really an oxide phase having an ideal composition 
CusgTigO, with a titanium-rich solubility limit close to CugTis,O. The 
high oxygen content probably resulted from contamination during 
heat treatment. He proposed that a similar phase might exist in 
the titanium-iron-oxygen system. 

Metallographic Studies—Micrographic analysis of heat treated 
specimens and a limited amount of thermal analysis and X-ray work 
have been used in the determination of the partial phase diagram up 
to the composition of the first compound, TiFe (53.8% iron). 
Results are in general accordance with the phase diagram given by 
Worner (11). Specimens were annealed at and quenched from 
temperatures between 500 and 1200°C (930 and 2190°F). Iodide 
titanium was used for the preparation of alloys containing up to 30% 
iron. High purity Bureau of Mines sponge titanium was used for 
alloys of higher iron content. 

The partial phase diagram is presented in Fig. 8. The eutectoid 
point lies between 575 and 600 °C (1065 and 1110 °F), between 15 
and 16% iron. No eutectoid was observed in samples annealed at 
600 °C (1110 °F) for as long as 745 hours. Evidence of the eutec- 
toid is shown in the microstructure of an 18% alloy annealed at 
550 °C (1020 °F) for 740 hours (Fig. 9). This photomicrograph 
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illustrates the fact that the decomposition has started at the grain 
boundaries, and is extremely sluggish. As for thé titanium-chromium 
system, eutectoid decomposition was found only in hypereutectoid 
alloys and hypoeutectoid alloys near the eutectoid point. Fig. 10 
illustrates the microstructure of a 13% iron alloy annealed at 550 °C 
(1020 °F) for 740 hours and shows no eutectoid decomposition of 
the beta phase. Decomposition was observed in alloys as low as 11% 
iron for samples annealed at 500 °C (930°F). Similar to the results 


Atomic % Iron 
0 10 20 30 40 50 


One Phase 

Two Phase 
Partial Melting 
Complete Melting 
Thermal Arrest 


Temperature °C 





0 10 20 30 40 50 60 
Weight % Iron 


Fig. 8—-Partial Phase Diagram of the Titanium- 
Iron System. 


of the titanium-chromium system, it was found that oxygen acceler- 
ates the eutectoid decomposition. 

The solubility of iron in alpha titanium is less than 0.5%. Beta 
titanium is retained upon water quenching alloys in which the beta 
phase contains at least 4% iron. 

The maximum solubility of iron in beta titanium at the eutectic 
temperature, 1080°C (1975 °F), is 25% iron. The eutectic point 
lies at 32% iron. The intermediate phase coexisting with the beta 
solid solution corresponds to the stoichiometric composition of TiFe 
(53.8% iron), and is shown in the single-phase microstructure of a 
54% iron alloy annealed at 900 °C (1650 °F) for 72 hours (Fig. 11). 

No evidence was found of the compound Ti,Fe (36.8% iron), 
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Fig. 9—An 18% Iron Alloy, Homogenized and Water-Quenched After Annealing at 
550°C for 740 Hours. Eutectoid and primary compound in a matrix of retain i 
Etchant: 60 glycerin, 20 HF, 20 HNOs. xX 750. 


Fig. 10—A 13% Iron Alloy Treated the Same as the 18% Alloy (Fig?) aina 


ae of retained 8. No eutectoid is evident. Etchant: 60 glycerin, 20 20 HNOs. 


Fig. 11—A 54% Iron Alloy, Homogenized, Annealed at 900°C for 72 Hours and 
Wates-Lamenane- The intermediate phase TiFe. Etchant: 60 glycerin, 20 HF, 20 HNOs. 
x ‘ 


Fig. 12—A 36% Iron Alloy, Held at 1105 °C 20 Minutes and Slowly Cooled in a 
Graphite Crucible. Primary TiFe plus coarse eutectic of 8 and TiFe. Etchant: 60 
glycerin, 20 HF, 20 HNOs. x 150. 


reported by other investigators (8, 12). The microstructures of the 
alloys in the 8 + TiFe field show a consistent increase in the amount 
of TiFe as the iron content increases, and no other phase was indi- 
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Fig. 13—A 14% Iron Alloy, a enized, ater. -Quenched og Annealing at 
1200 ° as 15 Minutes. Retained 8. ant: 60 glycerin, 20 HF, 20 HNOs. xX 250. 

Fig. 14—A 16% Iron Alloy See ee Same as the 14% a, is 13). Partial 
mihian ’ in retained 8. Etchant: 60 glycerin, 20 HF, 20 HNOs. x 2 


cated. It was thought that Ti,.Fe might be formed by a sluggish 
peritectic reaction (TiFe + melt — TigFe), and thus would not be 
seen in the fast-cooled arc-melted alloys. Therefore, a 36% iron 
alloy was held in a graphite crucible at 1105°C (2020°F), just 
above the eutectic temperature, for 20 minutes and slowly cooled. 
If TiFe exists, and is formed peritectically, it would appear in the 
microstructure of this sample as a peritectic wall around the primary 
TiFe phase. However, Fig. 12, a photomicrograph of the above 
alloy, does not show any indication of TigFe. The structure con- 
sists of about 20% primary compound (TiFe) and a coarse eutectic 
of beta and TiFe. 

X-Ray Studies—X-ray diffraction was used in a final attempt 
to isolate the TigFe phase. Diffraction patterns of a 48% iron alloy 
annealed in the 8 + TiFe field gave lines which could be accounted 
for only by the phase mixture of beta titanium and TiFe: » The latter 
phase was identified as having a body-centered cubic structure with 
a lattice parameter of 2.982 A, in good agreement with the results 
of Duwez and Taylor (12). There was no indication of TipFe. 

Melting-Range Determinations—The results of the melting- 
range determinations are given in Table IV and are plotted in Fig. 8. 
The 22, 32, and 36% alloys were studied by thermal analysis, which 
definitely established the eutectic point at 32% iron and 1080 °C 
(1975 °F). The low carbon pickup of about 0.1% for the 32 and 
36% iron alloys indicates that the breaks in the cooling curves could 
not be greatly displaced by contafhination. 
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To further substantiate the results of thermal analysis, and to 
determine the slope of the solidus curve at low iron contents, a series 
of alloys was annealed at 1200 °C (2190 °F) for 15 minutes, followed 
by water quenching. Figs. 13 and 14, 14 and 16% iron alloys, 








Table IV 
Melting-Range Determinations 





A. Thermal Analysis 


Nominal % Fe Liquidus * Eutectic 

22 1224 acme 

32 oa 1082 

36 1146 1080 

B. 1200 °C Annealing Treatments 
Nominal % Fe Outward Appearance Microstructure 

14 No melting No meltin 
16 No melting Partial melting — 
18 No melting Greater partial melting 
20 No melting Greater partial melting 
22 Complete melting Complete melting’ 
24 Complete melting — 
26.3 Complete melting — 


respectively, illustrate the microstructural appearance of the first 
traces of melting. Fig. 13 shows the unmelted beta phase, and Fig. 
14 indicates incipient melting. 


Hardness of Titanium-Chromium and Titanium-Iron Alloys 


Vickers diamond pyramid hardness tests (10-Kg load) were 
made on several groups of annealed and water-quenched alloys. The 
results of some of these measurements are shown in Fig. 15: The 
curves for the alloys quenched from 1000°C (1830°F) are typical 
of hardness trends in both systems for samples quenched from 800 °C 
(1470 °F) and above. The hardness peaks in each case correspond 
to the compositions at which beta is retained on quenching; i.e., 4% 
iron and 7 to 8% chromium. Beyond the peak, the hardness of 
chromium alloys drops to a minimum at about 13% chromium and 
increases to about 800 DPN in the region of TiCr2 (67 to 68% 
chromium). The titanium-iron curve reaches a minimum at approxi- 
mately 11% iron, increases to 30% iron, then shows a gradual drop 
to the compound TiFe (54% iron). 

Hypoeutectoid alloys of either system, annealed at 700°C 
(1290 °F) for 360 hours, have a+ £ structures and the beta is of 
sufficiently high alloy content to be retained on water quenching. 
These mixed structures are much softer than the acicular products 
obtained by quenching from above the transformation temperature 
(see Fig. 15). By annealing at 700°C (1290 °F), the hardness of 
the 4% iron alloy:was reduced to 225 and that of the 7% chromium 
alloy was lowered to 275 DPN. 








988 TRANSACTIONS OF THE A.S.M. Vol. 44 


Vickers Diamond Pyramid Hardness (10 Kg.) 





0 18) 20 30 40 50 60 TO 80 
% Chromium or Iron 


Fig. 15—-Vickers Hardness Versus Composition for, Chromium— 
and Iron—Titanium-Base Alloys. 


SUMMARY OF RESULTS 
The Titanium-Chromium System 


The transformation temperature of titanium (885°C) is low- 
ered with increasing chromium content, resulting in a eutectoid de- 
composition of beta at 15% chromium and 685°C (1265 °F) into 
alpha, containing less than 0.5% chromium, and the intermediate 
phase, TiCra. The beta phase is retained on quenching alloys in 
which beta contains 7% or more chromium. Beta titanium and 
chromium are completely mutually soluble at high temperatures, beta 
decomposing at 1350 °C (2460°F) into TiCre, which exists within 
a narrow range of composition from about 67 to 68% chromium. The 
melting temperatures decrease from that of titanium (1720°C) with 
increasing chromium content, reaching a minimum at 45% chromium 


and 1380 °C (2515 °F). 
The Titanium-Iron System 


The transformation temperature of titanium drops with increas- 
ing iron content, resulting in a eutectoid decomposition of beta at 15 
to 16% iron and 585 °C (1085 °F) into alpha, with less than 0.5% 
iron, and TiFe. Beta is retained in alloys in which the beta phase 
contains 4% or more iron. A eutectic exists at 32% iron and 1080 
°C (1975 °F) between beta, having a composition of 25% iron, and 
TiFe. The intermediate phase, TiFe, occurs at wen iron and is 
apparently formed peritectically. 
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Hardness curves are presented for several groups of annealed 
and water-quenched alloys of both systems, showing the typical 
results obtained over the range of compositions investigated. 
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THE TITANIUM-VANADIUM SYSTEM 
By H. K. Apvensteprt, J. R. PeguicNot anp J. M. RayMER 


Abstract 


The phase diagram of the titanium-vanadium system 
has been determined using both Process A and iodide 
titanium-base alloys. Metallography, X-ray diffraction, 
resistivity, dilatometry, hardness and incipient melting 
determinations were the main methods of attack. Some 
age hardening studies and tensile tests have been con- 
ducted for a special composition. 


HIS investigation represents one phase of the extensive program 
being sponsored by the Materials Laboratory, Research Division, 
Wright Air Development Center, USAF, in connection with the 
development of fourteen binary phase diagrams for titanium and its 
most promising alloying elements. 

Some knowledge of the titanium-rich end of the titanium- 
vanadium system was made available through an investigation con- 
ducted at Battelle Memorial Institute during the course of developing 
titanium-base alloys (1).1 This investigation indicated that vanadium 
is a beta-stabilizing element with a limited solubility in alpha 
titanium. 

EXPERIMENTAL PROCEDURE 


Materials—All the titantum-vanadium ingots used in this inves- 
tigation were prepared by Armour Research Foundation, using both 
DuPont Process A sponge and New Jersey Zinc Company iodide 
(99,.94-%) titanium metal with Union Carbide and Carbon Corpora- 
tion high purity vanadium (reported purity 99.8+%) (2). 

The melting procedures used are described in a paper by Han- 
sen, Kessler and McPherson (3). 

Table I is a compilation of the alloy compositions used in this 
determination. It was the intention of the authors to obtain compo- 
sition values by wet chemical analysis for all the ingots. However, 
due to lack of reliable analytical methods for these alloys, some de- 
terminations conducted by Armour Research Foundation yielded 
results which were far out of the limits set by the charge weights 
and weight losses during melting. Therefore, nominal compositions 





1The figures appearing in parentheses pertain to the references appended to this paper. 





A paper presented before the Midwinter Meeting of the Society, held in 
Pittsburgh, January 31 and February 1, 1952. The authors, H. K. Adenstedt, 
J. R. Pequignot and J. M. Raymer, are associated with the Materials Labora- 
tory, WADC, Wright-Patterson Air Force Base, Dayton, Ohio. Manuscript 
received October 15, 1951. ee 
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were used throughout the investigation. The maximum possible 
deviations from the nominal compositions can be calculated from the 
data presented in Table I. 











Table I 
Titanium-Vanadium Ingots 
— Process “‘A’”’ Base Alloys————_, —lodide Titanium-Base Alloys——, 
Total Melting Total Melting 
Nominai Weight Weight Nominal Weight Weight 
Weight % of Charge Loss Weight % of Charge Loss 
Vanadium (g.) (g.) Vanadium (g.) (g.) 
1 50.000 0.859 1.5 20.009 0.023 
2 50.004 0.653 2.0 20.005 0.0115 
3 50.005 1.119 2.5 20.007 0.030 
5 50.002 0.882 3.0 20.001 0.011 
10 50.007 0.651 3.5 20.004 0.009 
15 50.006 0.391 6 20.009 0.012 
20 50.002 0.543 8 20.003 0.096 
30 50.008 0.466 10 20.006 0.090 
40 50.009 0.473 12 20.003 0.014 
50 50.002 0.439 14 20.003 0.017 
60 50.005 0.279 16 20.003 0.015 
70 50.006 0.373 18 20.006 0.014 
80 50.002 0.114 20 20.006 0.025 
90 50.003 0.141 22 20.008 0.014 
100 50.005 0.003 24 20.002 0.029 
a 20.002 0.024 


20.012 0.037 


Metallography—Small rectangular samples were cut from the as- 
cast ingots, severely cold-worked (60 to 75% reduction) by com- 
pressing between hardened steel blocks in a tensile testing machine, 
and homogenized in a vacuum furnace at 1700 to 1800 °F (925 to 
980 °C) for 15 to 20 hours. After homogenization the specimens 
were again cold-worked in the same manner and then sealed into 
quartz tubes at a vacuum of 10° millimeters of mercury. Times 
varying from approximately 300 to 600 hours and temperatures 
varying from 1200 to 1600 °F (650 to 870°C) were used to obtain 
equilibrium conditions, whereupon the quartz tubes were simulta- 
neously broken and quenched in water. By comparison of the relative 
amounts of the alpha and beta phases present after annealing for 
approximately 300 and 600 hours, respectively, the authors believe 
that for temperatures of 1345°F (730°C) or higher, equilibrium 
was actually obtained. For 1200°F (650°C) equilibrium was at 
least very nearly approached. Absence of contamination during heat 
treatments was insured by hardness measurements made on included 
iodide titanium samples. Surface preparations were made by wet 
grinding through 600-grit silicon carbide papers followed by electro- 
lytic polishing. Electrolytic polishing proved to be a very successful 
means for obtaining microstructures and was conducted in a non- 
elaborate glass appatatus which is shown in Fig. 1. The electrolyte 
used was an alcoholic solution of perchloric acid and 2-butoxy- 
ethanol (4). A current density of 12 to 14 amperes per square inch 
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and an operating voltage of 35 to 45 volts were used. If a proper 
flow of the electrolyte through the keyhole (Fig. 1) was maintained 
(by adjusting the stopcock under the gravity tank), thereby avoiding 
gas accumulation under the specimens, very satisfactory polishings 
were obtained in 25 to 35 seconds. The specimens were then etched 
by usual techniques and solutions. (See legends accompanying 
photomicrographs. ) 





_ Fig. 1—Electropolishing Apparatus. 1— 
Stainless steel cathode; 2—Specimen (anode); 
3—Stainless steel contact spring; 4—Keyhole 
opening; 5—-Tungsten wire connection to cath- 
ode; 6—Stainless steel collecting pan; 7— 
Electrolyte gravity tank. 


Electrical Resistivity—Samples for resistivity measurements, 
approximately 1% inch square by 1% inches in length, were prepared 
from the Process A as-cast ingots by cold rolling with intermittent 
vacuum anneals. Their specific electrical resistances at 32 and 212 °F 
were determined by relative comparisons to a 0.01 norm resistor 
using a 5-decade, Emf-free, Dieselhorst compensator which is espe- 
cially designed for low potential measurements. Potential connections 
were made by tapered steel pins which were pressed against the 
specimens. 

Dilatometry—Sample preparations for dilatometry measurements 
were made from the Process A as-cast ingots in the same manner as 
for resistivity measurements. A “Leitz vacuum dilatometer (10% 
millimeters of mercury or lower) was used for the investigation. The 
average coefficient of linear expansion’ was determined between room 
temperature (RT) and 400, 800 and 1200 °F (205, 425 and 650 °C), 
respectively, for selected samples. Complete dilatometer curves, 
indicating dilatation versus temperature, were obtained for the 15 and 
30% vanadium alloys. 

Hardness—A Vickers hardness tester (136-degree diamond pyr- 
amid indentor with 10-kilogram load) was used. Hardness values 
were obtained for as-cast, annealed, and solution-treated plus aged 
specimens. e 
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X-Ray Analysis—A Norelco X-ray machine equipped with a 
Geiger counter and utilizing CuK, radiation was used. Metallo- 
graphic specimens, vacuum-annealed approximately 600 hours at 
1200 °F (650°C) and then water-quenched, were used for this 
X-ray work. 

Solidus Determination—The heating element of the vacuum fur- 
nace (5) consisted of a molybdenum tube directly heated by AC 
current. A small slot was located in the molybdenum tube in such 
a way that it was possible to sight the specimen from a sideport. An 
optical pyrometer, calibrated on pure iron and platinum, was used 
for temperature measurements. With a specimen hanging on a 
tungsten wire, three temperatures could be observed: (a) the inside 
wall temperature of the molybdenum heater; (b) the apparent tem- 
perature of the specimen surface (too high due to reflection) ; and 
(c) the temperature within a 35-inch diameter hole which was drilled 
deep into the sample in order to approach black-body conditions. 
The latter temperature was assumed to be the temperature of the 
specimen. Five compositions (0, 24, 50, 75 and 100% vanadium) 
were selected for determining the solidus line. 


RESULTS AND DISCUSSION 


The phase diagram, as determined by the previously described 
methods, is presented in Fig. 2. It is of the extended beta solid 
solution type, exhibiting at 1650°F (900°C) body-centered cubic 
solid solution (beta) for the entire range of vanadium content. At 
1200 °F (650°C) the alpha field (close-packed hexagonal) extends 
to approximately 3.5% vanadium, while the alpha plus beta field 
extends to approximately 20% vanadium. On an atomic per cent 
basis, vanadium has a stronger beta-stabilizing influence on titanium 
than columbium and tantalum, but not as strong an influence as 
molybdenum, all of which form similar types of diagrams with 
titanium (6, 7). Fig. 3 shows on a larger scale the extent of the 
alpha plus beta field for both Process A and iodide titanium alloys. 
The less pure Process A titanium alloys give practically the same 
beta transus ; however, the solubility of vanadium in Process A alpha 
titanium is less (see dotted line in Fig. 3) than in iodide alpha 
titanium. 

The alpha and beta transus lines were determined by metallo- 
graphic procedures. The symbols in Fig. 3 indicate the metallo- 
graphic findings on the iodide titanium-base alloys at four different 
temperatures. Figs. 4, 5, 6, and 7 show typical microstructures of 
isothermally annealed samples. As can be seen in Fig. 7, the 24% 
vanadium alloy consists, of a complete beta solid solution. A 30% 
vanadium alloy had a similar appearance; however, with increasing 
amounts of vanadium, a second phase became noticeable starting 
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Fig. 2—Titanium-Vanadium Phase 
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Fig. 4#—A 1.5% Vanadium Alloy, Cold-Worked, Annealed at 1200°F (650°C) for 
537 Hours and Water-Quenched. Structure shows entirely equiaxed grains of a solid 


— of vanadium in alpha titanium. Etch: 25% HF, 25% HNOs, 50% glycerin. 
< 250. 


Fig. 5—A 6% Vanadium Alloy, Cold-Worked, Annealed at 1460°F (795°C) for 
247 Hours and Water-Quenched. Islands of alpha in a matrix of transformed beta 
which is typical for alloys quenched from the alpha plus beta field. Etch: 25% HF, 
25% HNOs, 50% glycerin. xX 100. 


at 40% vanadium as small random globules and increasing in amount 
until at 90% vanadium it had the appearance of a very heavy pre- 
cipitate. Figs. 8 and 9 illustrate the appearance of this second phase. 
As this phase was also present in the 100% vanadium sample, it 
was considered from the beginning to be an impurity phase introduced 
into the system with the vanadium. This conclusion is strongly sup- 
ported by the following observations: 

(a) The amount of second phase increased slightly with in- 
creasing vanadium content (less than would be expected for an inter- 
metallic compound ). 

(b) The second phase did not follow preferred orientation of 
the beta phase (Widmanstatten pattern) and did not respond to heat 
treatment of the samples (quenching and slow cooling from temper- 
atures between 1200 and 1800 °F (650 and 980 °C). 

(c) Iodide titanium-base samples which were cold-worked and 
then annealed at 1200 °F (650°C) for 537 hours did not show any 
other X-ray lines than those characteristic for the heta solid solution. 
The lattice parameter decreased linearly between 22 and 100% vana- 
dium without any indication of an anomaly. (See Fig. 10.) 
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Fig. 6—A 3.5% Vanadium Alloy, Cold-Worked, Annealed at 1600 °F (870°C) for 
300 Hours and Water-Quenched.. Structure shows martensitic alpha obtained through 
rapid cooling from the beta field. Etch: 25% HF, 25% HNOs, 50% glycerin. x 500. 

Fig. 7—A 24% Vanadium Alloy, Cold-Worked, Annealed at 1345 °F (730°C) for 
408 Hours and Water-Quenched. Structure shows large equiaxed beta grains which 


were retained after quenching from the beta field. Etch: 25% HF, 25% HNOs, 50% 
glycerin. XX 250. 


(d) The specific resistances and temperature coefficients of 
resistance (Fig. 11) showed typical solid solution behavior between 
30 and 90% vanadium, and the hardness measurements did not 
indicate any peculiarities within this composition range (Fig. 12). 

The authors consider these results as conclusive evidence that 
the observed phase does not belong in the titanium-vanadium system 
and believe that only a complete solid solution exists at temperatures 
above 1200 °F (650°C) in the whole composition range where the 
phase appeared. An attempt to determine the nature of the phase 
has failed thus far. No extra X-ray lines could be found in the 
impurity-phase-rich samples nor was it possible by spectroscopic 
investigation to correlate metallic contaminations to the amount of 
second phase in the sample. 

The as-cast hardness versus composition curve has definite peaks 
at 2 and 15% vanadium (Fig. 12). Annealing at 1200°F (650 °C) 
for 281 hours nearly eliminates the hardness peak at 2% vanadium, 
but has little influence on the peak occurring at 15% vanadium. It 
is assumed that the hardness peak at 2% vanadium is caused by a 
diffusionless transformation .occurring during the cooling of the 
ingot, whereas the peak at 15%*vanadium must be due to precipita- 


———— 


———————_s = 
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Fig. 8—A 40% Vanadium Alloy, Cold-Worked, Annealed at 1200°F (650°C) for 
281 Hours and Water-Quenched. Impurity poaee, appearing as small globules, located 


in the grain boundaries and at random in t 
25% HNOs, 50% glycerin. X 500. 


Fig. 9—A 90% Vanadium Alloy, Cold-Worked, Annealed at 1200 °F (650°C) for 
281 Hours and Water-Quenched. Larger amount of impurity phase, resembling a heavy 


precipitate, located in the grain boundaries of the retained beta phase. Etch: 25% HF, 
25% HNOs, 50% glycerin. X 500. 


e retained beta phase. Etch: 25% HF, 


tion of alpha from the metastable retained beta solid solution. This 
was substantiated by the following hardness and resistivity results: 
Quenching 15% vanadium specimens from 1600 °F in brine resulted 
in a lower hardness ( Vickers 304) than quenching in water ( Vickers 
381). Aging of quenched specimens gave typical age hardening 
curves as shown in Fig. 13. It was found that relatively rapid aging 
occurred at exceptionally low temperatures ; even at room temperature 
an increase of approximately 40 Vickers was noted after 1500 hours. 
The specific resistance (p,) of the brine-quenched 15% vanadium 
specimen dropped after aging at 600 °F (315°C) for 1 hour, indi- 
cating heterogenization. (See Fig. 11.) Furnace cooling the speci- 
men apparently caused a higher degree of heterogenization and there- 
fore gave the lowest specific resistance (p,). The 40% vanadium 
(stable beta) composition was not affected by these heat treatments. 
It was not possible'to see a precipitate metallographically in the speci- 
mens aged at temperatures up to 600°F (315°C) (submicroscopic 
dispersion). Fig. 14 shows, as an example, that the microstructure 
of a 15% vanadium alloy which had been quenched and aged for 
1 hour at 600°F (315°C) still indicates complete solid solution 
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Fig. 10—Variation ef Lattice Parameter With 
Vanadium Content (Iodide Titanium-Base Alloys). 
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Fig. 11—Specific Electrical Resistance and Temperature Coefficient of Electrical 
Resistance in Relation to Vanadium Content. 


(beta). Note that the hardness of the sample has increased by the 
aging treatment from 330 to 515 Vickers (Fig. 13). However, when 
the aging temperature was increased to approximately 900 °F (480 
°C) for 1 hour, a visible precipitate was present in the sample. (See 
Fig. 15.) Also the early-stage alpha “precipitate” could not be de- 
tected by X-ray diffraction. 

A dilatometer curve of a beta-treated 15% vanadium specimen is 
shown in Fig. 16 and indicatéS very clearly the precipitation upon 
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Fig. 12—Vickers Hardness Versus Composition. 
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Fig. 13—Variation of Vickers Hardness With Aging Temperature for a 15% 
Vanadium Alloy. 


aging, starting nearly at RT and ending sharply at approximately 
900 °F (480°C). The precipitation in the first stage, which does 
not change the microstructure of the specimen, tends to slow down 
thermal expansion in a somewhat erratic manner; but on continued 
heating an accelerated expansion follows in the later stage (between 
800 and 900 °F). of precipitation. At approximately 900 °F, where 
according to the X-ray findings and microscopic examination the 
alpha and beta phases are separately detectable (Fig. 15), the speci- 
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Fig. 14—A 15% Vanadium Alloy, Solution-Treated 5 Hours at 1375 °F (745 °C) 
and Quenched in Iced Brine, Then Aged 1 Hour at 600°F (315°C). Structure shows 
retained beta with no visible precipitate. (X-ray diffraction indicates only beta lines.) 
Etch: 25% HF, 25% HNOs, 50% glycerin. x 500. 


Fig. 15—A 15% Vanadium Alloy Solution-Treated 5 Hours at 1375°F (745 °C) 
and Quenched in Iced Brine, Then Aged 1 Hour at 900°F (480°C). Retained beta 
grains with heavy alpha precipitate. (X-ray diffraction indicates alpha plus beta lines.) 
Etch: 25% HF, 25% HNOs, 50% glycerin. x 500. 


men assumes a normal rate of expansion. On the cooling curve this 
whole anomaly, naturally, is not present, since the alpha precipitation 
(which begins when the temperature of the specimen has been low- 
ered a certain amount under the beta transus) will progress in a 
completely different manner. In the same way which is also true 
for hardness, the mode of precipitation is more important for the 
thermal expansion than the amount of precipitate present. Therefore, 
on heating and cooling, the beta transus is indicated only slightly by 
a moderate break at approximately 1225 and 990°F (660 and 530 
°C), respectively. By quenching from 850°F (455°C) a dilatom- 
eter specimen on the cooling run, it was confirmed that the micro- 
structure at this temperature consisted of beta and alpha in a Wid- 
manstatten pattern. It may be of interest to mention that the dila- 
tometer curve shown in Fig. 16 is typical for many binary titanium 
alloys whose compositions are such as to give metastable retained 
beta solid solution upon quenching. A dilatometer curve for a 30% 
vanadium alloy (stable beta solid solution) does not indicate any of 
the discussed irregularities. Fig. 17 illustrates the dependence of 
the coefficient of linear expansfon upon composition between RT 
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Fig. 16—Process “A”? Titanium + 15% Vanadium. 
Heating and cooling rate —1°F per minute. Condition 
prior to run: Cold-rolled; 21 hours at 1450 °F; water- 
quench, Length of specimen at room temperature: 
33.2 millimeters. Atmosphere: vacuum. 


5.8 x1o7é 





-o- R.T. to [12OO°F 
-4- R.T. to 800°F 
5.0 -x- R.T. to 400°F 


Coefficient of Linear Expansion per °F 


0 10 20 30 40 50 60 70 80 90 100 
Weight Percentage Vanadium 


Fig. 17—Coefficient of Linear Expansion Versus Composition. 


and 400, 800 and 1200 °F (205, 425 and 650°C). A very slight 
increase in the coefficient of linear expansion with vanadium content 
was found. 

Mechanical properties were determined for the 15% vanadium 
alloy after different low temperature agings, as it was thought that 
low temperature aging might not adversely affect the ductility. How- 
ever, as can be seen from the results (Table II), the elongation values 
were found to be very low for all aged specimens. 

The solidus for the titanium-vanadium phase diagram exhibits 
a minimum at approximately 30% vanadium. Since only a few 
compositions were investigated, the exact position of the minimum 
cannot be determined. The melting point for pure iodide titanium 
was observed at 1700+ 15°C (3090+ 27°F) which is in good 
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Tensile Properties of 15% Vanadium Forged Bars 
(%-Inch Bars Forged From 44-Pound Ingots) 





Solution Vickers 1.8. % Elongation 

Treatment Aging Hardness Cin psi) (1-Inch Gage Length) 
—_— 330 104,800 11.5 
110,800 16.0 
109,500 15.5 
26 hours 425 132,100 1.0 
5 hours at 250 °F 135,200 1.5 
at 1375 °F 135,900 2.0 
and quenched 1 hour 435 150,700 1.5 
in iced brine at 400 °F 147,600 1.0 
166,900 1.5 
1 hour 515 118,500 2.0 
at 600 °F 91,600 0.5 
125,900 1.5 


agreement with the literature. Exceptionally high melting points 
were noted for high purity vanadium. Whereas the literature values 
(2, 8, 9) are 1725 + 25°C (3135 + 35 °F), the melting point for 
the as-cast 100% vanadium ingot was observed at a temperature of 
1920 °C (3490 °F). To determine whether this high melting point 
was due to contamination during the ingot preparation, additional 
melting point determinations were conducted on samples of vanadium 
which were not remelted at Armour Research Foundation. This 
material was taken from different deliveries made by Union Carbide 
and Carbon Corporation and was partially in the crushed form and 
partially in the massive form. The melting point of the new material 
appeared to be 1880 °C (3415 °F). 

To affirm that the melting point of the vanadium used in this 
investigation was much higher than the literature values, the follow- 
ing decisive tests were conducted: Two samples, one of crushed 
vanadium and one of pure platinum, were suspended side by side 
(not in contact) on a tungsten wire, and the temperature of the 
furnace was slowly increased until the platinum melted, 1770 °C 
(3220 °F). The run was then repeated in the same manner using 
iodide zirconium with vanadium until the zirconium melted, 1845 °C 
(3355 °F). In neither case did the vanadium show any signs of 
melting. 

In summary of this investigation; the melting point of vanadium 
is recorded at 1900 + 25 °C (3450+ 45°F). More detailed studies 
will be made to determine the effect of impurities on the melting point 
of vanadium. : 

Nothing definite can be said about the liquidus line which is 
indicated by a dotted line. The behavior of the specimens during 
incipient melting and the amount of coring observed in the ingots 
indicates that a very narrow melting range exists on the titanium- 
rich end and a wider melting rafige on the vanadium-rich end. 
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SUMMARY 


The titanium-vanadium phase diagram was determined through- 
out the entire vanadium range, using both Process A and iodide 
titanium-base alloys. 

The diagram is of the extended beta solid solution type. At 
1200 °F (650°C) the alpha field terminates at 3.5% vanadium and 
the alpha plus beta field terminates at 20% vanadium. 

The solidus shows a minimum at approximately 30% vanadium 
and at approximately 2950°F (1620°C). The melting point of 
vanadium was found to be much higher, 1900 + 25°C (3450 + 45 
°F), than previously reported in the literature. 

Age hardening occurred, due to precipitation of alpha from a 
metastable retained beta solid solution, at very low agimg tempera- 
tures for the 15% vanadium alloy. At aging temperatures up to 
600 °F (315 °C), the precipitate is not visible in the microscope and 
the alpha lines are not found by X-ray diffraction. However, hard- 
ness, electrical resistance and thermal expansion indicate the precipi- 
tation which very adversely affects the ductility of tensile specimens. 
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THE SCALING OF TITANIUM IN AIR 
By Peter H. Morton anv W. M. BALpwIn, Jr. 


Abstract 


The scaling in air of commercial titanium strip ob- 
tained from three different sources was studied in the tem- 
perature range of 500 to 1300 °C (930 to 2370°F) and 
in the time range of 6 minutes to 600 hours. The scales 
formed were complex and varied with time, temperature 
and source of material. Material from the Bureau of 
Mines was studied in detail. Below 700°C (1290 °F), 
scaling was parabolic but with initial modification. Be- 
tween 750 and 850 °C (1380 and 1560 °F) deviations also 
took place at long times. Between 850 and 1000 °C (1560 
and 1830 °F) an isothermal transition was observed from 
the low parabolic scaling rate previously noted to a very 
much higher scaling rate characteristic of a new form of 
scale. Oxygen partial pressure had a marked effect on 
this transition. Above 1000°C (1830°F), the behavior 
was more complex. Material from two other sources 
showed no transition. A correlation between the appear- 
ance of the scales and the complex weight — time relations 
was suggested. 


HIS paper reports on the scaling behavior of titanium in air. 
Since titanium is reactive with both oxygen and nitrogen, the 
equilibrium diagrams for each of these gases and titanium, so far as 
they are known, are shown in Figs. la and 1b. A summary of exist- 
ing information regarding the scaling of titanium in oxygen or nitro- 
gen is given in Table I. 


MATERIAL AND PROCEDURE 


Three grades of commercial titanium were used. Table II char- 
acterizes the material insofar as possible. To remove initial scale and 
surface layers which may have been high in iron dissolved during 
sheath rolling, the as-received strips were sanded with No. 1 emery 


: From a thesis submitted by Mr. Morton to the Department of Metallurgical Engineer- 
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of Master of Science. The work was made possible by a grant from the Research Corpora- 
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Oxygen, Atomic % 
O 10 20 30 40 50 60 70 


Temperature °C 








Ti TiO TiO TiO TiO 
0.5 1.0 1.5 2.0 
Light Metallic Luster ceiaon Dark 
Powder Grey Blue 
co 
Color Chart 
Light Bronze— Dork a 
Metallic Violet — 
Fig. la—Titanium-Oxygen Binary System. Triangles = Melting 


oints; Solid Lines = Phase limits, Jaffee, Ogden and Maykuth (6)*; 
otted Lines = Phase limits, Ehrlich (7, 8) by sintering at 1500 °C 
and cooling slowly. Oxygen dissolves in alpha titanium in the octahedral 
positions (8). 
For Ti a=2.949A c= 4.727A c/a = 1.604 
For TiOo.« a=2.959 A c= 4.810 A c/a = 1.626 
Beta titanium has lattice parameter, a = 3.31 A (9). 
At composition TiO1.00, only 85% of the lattice sites are filled (7). 
At TiO1.s3, nearly ail the oxygen sites filled, a = 4.152 A. 
At TiOo.ee, nearly all the titanium sites filled, a = 4.182 A. 
_ Compare (10) but Brakken (11) obtains a = 4.235 A. 
TizOs has lattice constants a = 5.14 A, c = 13.61 A (7). 
TiO. has three structures, Anatase (tetrag.), Rutile (tetrag.) or Brook- 
__. ite (orthorhombic) but the ranges of stability are uncertain. 
TiO. Rutile has lattice constants a = 2.954 A, c = 4.583 A (7). ; 
As the oxygen content decreases to TiO1.00, the structure is essentially 
the same, but with some oxygen sites empty (7). Further reduction 
in oxygen gives the very much more deformed beta structure. Its 
exact nature is not known (7). 


*Figures in parentheses pertain to references at the end of the paper. 


paper, pickled in a 10% aqueous solution of HF and again abraded 
with No. 1 emery paper. 

Specimens, usually one inch square, were suspended from one 
arm of a magnetically damped chainomatic chemical balance by fine 
nichrome wire into a vertical tube furnace. The weight increase was 
then measured as a function of time at a constant temperature. 

The weighing errors were estimated to be within +0.2 mg (or 
about 0.02 mg/cm? of sample). The percentage error involved in the 
weight increase was therefore small where a thick scale was formed, 
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Nitrogen, Atomic % 
O 10 20 30 40 50 


41732°C 


Temperature °C 





Fig. 1b—Titanium-Nitrogen Binary System. Tri- 
angles = ete points; Solid Lines = Phase limits 
(6, 12); Dotted Lines = Phase limits, Ehrlich (13) by 
sintering and cooling slowly. Nitrogen dissolves in al- 
pha titanium in octahedral positions (13). TiN is ex- 
tremely hard, bronze-colored (14). 

At about 900 °C (13): 

At TiN, 96% lattice sites filled, a= 4.234A 

At TiNo.«2, all Ti sites filled, a= 4.213 A 
Van Arkel (15) gives a = 4.32 A; Becker and Ebert 

(16) a = 4.40 A; Hofmann and Schrader (17) 

a = 4.225A 
A. Brager (18) gives at 400 °C, TiN 1.6, a — 4.21 A, 

color black-blue and at 1400 to 1600°C, TiN, 

a = 4.235 A, color brown to golden. 

Lower nitrides may exist, but no evidence found (14). 


but when the over-all weight increase was slight, i.e., at low tempera- 
tures and short times, it might have been considerable. In particular, 
a small error in the initial weighing might affect the shape of the 
oxidation curve at short times. 

The temperature of the specimen in the furnace was set to within 
+5 °C, and the variation of temperature with time was less than 
+2 °C (+4 °C at temperatures above 1000 °C). 

The times were measured from the moment of inserting the spec- 
imen in the furnace. However, the specimen did not immediately 
reach the temperature of the furnace. To this extent the runs were 
not truly isothermal. - 
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X-ray analyses were made on scales cooled to room temperature. 
The X-ray data ‘were ordinarily obtained on a General Electric 
XRD-3 instrument using the spectrogoniometer head. With this 
equipment and the flat strip specimens used here, only crystallo- 
graphic planes parallel to the specimen surface could cause reflections: 
Preferred orientations or fibering were thus revealed by abnormally 
intense diffraction lines or lines that were absent. Where further 
information was required, Debye-Scherrer photograms of the scale 
were made. 


Table Il 
Source and Preparation of Titanium Used in Present Investigation 
Source U. S. Bureau of Mines Private source National Lead Company 
Producer U. S. Bureau of Mines National Lead Company 
Method of Reduction of the chloride with Reduction of the chloride 
reduction magnesium. with magnesium. 
Melting Arc-melted in water- 


cooled copper crucible 
under argon. 


Forming Powdered metal pressed, sin- Hot-rolled from 1500 °F 


tered, hot-rolled in iron (815°C) to_0.090-inch 
sheath at 800°C to 0.126- thick strip. Cold-reduced 
inch gage, warm-rolled at to about 0.045 inch, an- 
600 °C to 0.064-inch gage. nealed at 1350°F (732 
°C) and pickled. 
Analysis Tego analyses as sintered: Spectrographic Vacuum fusion analysis 
, 0.15%; Mg, 0.08%; Si, analysis of of ingot: Hoe, 0.013%; 
0.03%; Mn, 0.16%; Ni, specimen: Oz, 0.080%; Na, 0.022%. 
0.12%; Cl, 0.03%. About 0.01% Major metallic impuri- 
Si; 0.001 to ties, W and Fe. 
0.01% Al, Fe, 
Cr, Mg, Mn, 
Cu, Ca, Ba, 
W, Ni, Na, 
Zr. 


The difference in scaling behavior of titanium obtained from 
different sources was particularly marked. Of the three batches of 
material used, that from the Bureau of Mines (see Table II) was 
obtained first, and the majority of the work was done on that mate- 
rial. This work will be described first. 


SCALING OF TITANIUM From BuREAU oF MINES 


The way in which this materia] differed from the others was 
most marked in the temperature range 850 to 1000°C (1560 to 
1830 °F). The scaling behavior of a specimen held at a constant 
temperature in this range showed striking changes with time. Fig. 2, 
for example, is a photograph of a series of samples scaled at 900 °C 
(1650°F). This will be considered in more detail later, but it is 
clear that after a certain time (which varies from specimen to speci- 
men), a transition takes place and the primary light scale is replaced 
by a fast-growing black scale... 

This type of transition has not been reported previously for tita- 
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nium, but it has been observed in the oxidation of the chemically 
similar metal, zirconium (19).4 In both cases the advent of the 
second scale leads to a greatly accelerated rate of oxidation. In the 
case of titanium, however, the black scale nucleates at relatively few 





Fig. 2—The Transition From Tight to Dark Scale. Bureau of 
Mines material at 900°C. Photographs of the two sides of each spec- 
imen are shown. Some of the light scale flaked off during cooling re- 
vealing patches of the underlying metal. These patches are prominent 
in samples 1, 3 and 4, and appear dark in the photograph. They are 
not to.be confused with dark scale which has more blurred boundaries. 


ee re 1 2 3 4 5 
Per Cent Dark Blue Scale 

CR eo i rks Bin 17 16 53 77 99 
Per Cent Transition 

eS nn as ui ko ws 15 15 35 75 95 
Total Time, Minutes =... 41 22 19 37 33 


points and wells up from the interior of the primary scale ultimately 
replacing it entirely; this is in distinct contrast with zirconium where 
the second scale is nucleated profusely at the exterior of the primary 
scale and merely covers the primary scale. 

The times and temperatures at which the various scales (black, 
light blue, etc.) were observed on the exterior are indicated in Fig. 3.” 
It will be noted that below 850°C (1560°F) in air the exterior 
never became black. This again is in contrast with zirconium where 
no lower temperature limit for the second scale’s appearance on the 
exterior was found. The nature of the scale formed and the rate of 
oxidation as measured by weight and time readings will be consid- 
ered in more detail. 


Nature of the Scale 


Because some of the interior scale states were powders, it was 
impossible to prepare cross sections suitable for photomicrographs. 
Sketches of the scale sections based on visual inspection and inspec- 
tion with a binocular microscope are given in Fig. 4. 


1The figures appearing in parentheses pertain to the references appended to this paper. 


*The correlation of col i i ich i i i i : 
Stained inter Tate gupie, or and scaling behavior, which is made in Fig. 3, will be ex 
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Fig. 3—Effect of Time and Temperature on the Color of Scale and 
Scaling Behavior in Air of Bureau of Mines Titanium. The color of 
scale is shown, and the scaling law indicated in brackets. The shaded 
area shows the transition region. The transition did not occur below 
850 °C. 


Below 850 °C (1560 °F) the light-colored scale was light blue 
when thin, i.e., at short times or low temperatures, shown in Fig. 4a. 

At longer times, or higher temperatures, the scale gradually be- 
came mottled, took on a yellow coloration and finally turned brown. 
It is seen that the outer scale A (Fig. 4b) was primarily light blue, 
but with dark blue patches predominating at the interior and with a 
fine covering of dark yellow crystals. Apparently the appearance and 
growth of the yellow layer caused the change in color from light blue 
to mottled brown. The whole outer scale was shown by X-rays to 
have the structure of rutile (TiO2) with slight, if any, differences in 
diffraction line intensities from inside to outside. Beneath this outer 
scale was a bronze-colored metallic layer, B, separated by powder 
from the metal itself. X-rays showed the bronze layer to be TiO 
with traces of titanium metal, and the powder to be mostly titanium. 
At temperatures between’875 and 1050 °C (1605 and 1920 °F), 
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a transition took place. At short times the scale was similar to that 
formed at 700 to 800°C (1290 to 1470°F). After the transition 
had taken place, i.e., the exterior had converted completely to black, 
the scales were composed of five layers (see Fig. 4c). Proceeding 
from the exterior inward these were: 


ee , 
71777/ +—Rutile-Light Blue 


Ti Bronze Coloration 


(a) 700°-800°C 


A-Outer Scale 

Rutile - Yellow Brown 

Rutile - Light Blue 

Rutile-Dork Blue 

B-TiO + Some Ti- Metallic 
Appearance 

C-Ti + TiO - Powder 


(b) 825°-850°C Long Times 





ee atten aptemet rae 





An 
ZAN 
Ny 

e 


TF A ed 







=——A-Rutile Structure, TiOe 
Dark Blue 
B - TigO3 - Fine Purple Powder 
C- TiO } Metallic 
Ti D- TiO + Some Ti } Appearance 
E-Ti + TiO - Powder 


(c) 875°-1050°C Long Times 


Fig. 4—The Appearance of the Scale at Varieus Tempera- 
tures. Titanium from U. S. Bureau of Mines. 


(a) The thick black layer—Debye-Scherrer photograms showed 
this to possess a rutile structure. No difference could be detected, 
even in the faintest lines, between the X-ray pattern of this black scale 
and that of the light blue scale formed initially at 900 °C (1650 °F). 

Crushed black scale (formed at 925 and 1000 °C) was heated for 
24 hours at 800°C (1470°F) in a porcelain crucible. The scale 
became a light yellow color, but the total increase in weight did not 
exceed four parts in ten thousand. There was no change in the X-ray 
pattern. Measurements made at room temperature on the dark scale 
showed an electrical conductivity greater than 2 x 10? ohms*cm™ 
and the light yellow-brown scale (either formed by heating the black 
scale alone or as taken from specimens scaled at low temperatures) 
gave a conductivity less than 10° ohms“cm"?. 

The dark layer when formed below 1000°C (1830°F) was 
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composed of columnar crystals. This showed on the X-ray spec- 
trogoniometer trace as very strong reflections from one or, at the 
most, two families of planes. At 1025 and 1050 °C (1875 and 1920 
°F) the columnar grains were less noticeable. 

(b) A very thin purple veneer—This layer was so thin that 
X-ray analysis was difficult. However, the two strongest lines of the 
TigO3 pattern were observed. 

(c) A thin bronze metallic layer—X-rays gave reflections cor- 
responding to a NaCl structure of lattice parameter about a = 4.18 A, 
indicating it to be TiO. However, the kattice parameter of TiN is 
known to vary with temperature and composition (see Fig. 1b) so 
that the scale may have been TiN or may have contained nitrogen 
in solution. The layer was smooth and straight on both its external 
and internal boundaries. The specimens shown in Fig. 2 which were 
in the midst of transition had this layer adhering closely under the 
black blotches, but not under the light scale. 

(d) A thin silver mctallic layer—This was very similar to (c), 
but, in general, layer (c) appeared bronzed while layer (d) was 
silvery. X-rays showed TiO (or TiN) reflections, lattice parameter 
about a = 4.19 A, and some weak lines corresponding to metallic 
titanium. On samples scaled from 875 to 1000 °C (1605 to 1830 °F), 
it was distinct and separate from the layer described under (c), al- 
though on samples scaled at 850°C (1560 °F) the two layers were 
so thin as to prevent real distinction. The inner surface was irregu- 
lar and rough. 3 

(e) A considerable layer of gray metallic powder—X-ray analy- 
sis yielded reflection lines of both titanium and TiO (or TiN). 

The underlying metal always showed the alpha, hexagonal struc- 
ture, although on specimens scaled at 1000 and 1300 °C (1830 and 
2370 °F ) the structure was considerably distorted, perhaps indicating 
a transformed beta structure. 

Above 1000 °C (1830 °F) the scales were not examined in de- 
tail. Up to 1050 °C (1920 °F) the scale was initially a patchy white 
and blue color, but it changed rapidly to the same blue-black scale 
as observed between 850 and 1000°C (1560 and 1830°F). Two 
specimens at 1100 °C (2010°F) behaved similarly, but a third one 
at 1100°C (2010°F) and one at 1200°C (2190°F) remained a 
mottled color, with dark mounds of scale in a light blue or yellow 
background. The inner layers were complex. At 1300 °C (2370 °F) 
the scale was blue-black as at 900 to 1000 °C (1650 to 1830 °F). 

Of six samples scaled at 850°C (1560 °F), five showed a black 
scale at the exterior within 10 to 20 hours, and one developed a dark 
scale only as an irregular substrata as shown in Fig. 4b. This will 
be further discussed later. 

It should be mentioned that some of the scales changed color 
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Fig. 5—Weight Increase per Unit Original Area as a Function of Time 
and Temperature (°C). 


during cooling, after removal from the furnace. Scales which finally 
appeared light blue were green at higher temperatures and those 
which were pale yellow or brown when cool were a brilliant yellow 
when hot.® 


The Rate of Scaling 


Weight increase measurements for Bureau of Mines titanium as 
a function of time are plotted on a log-log scale in Fig. 5. Simple 
parabolic behavior would appear there as a straight line of slope one- 
half. Attention is called to the following points of interest: 
(a) A simple Pilling and Bedworth parabolic relationship be- 


®The yellow color was quite distinct from the incandescent effect of high temperatures. 
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Fig. 6—-Data of Gulbransen and Andrew (3) for the 
Scaling of Titanium in Oxygen at 250°C. The other 
runs of Gulbransen and Andrew reported in the same pa- 
per (from 250 to 600°C) all lead to the same type of 
plots. Gulbransen and Andrew’s data are used here be- 
cause of the greater sensitivity of their balance in this 
range of scale thicknesses, but data from the present pa- 
per do not disagree with Gulbransen and Andrew’s data, 
especially at 700°C where the sensitivity of the data in 
the present paper is adequate. 


tween weight increase, w, and time, t, ie., w? = Kt (where K is a 
constant) is not an accurate description of the curves below 700 °C 
(1290 °F), all of which are distinguished by low slopes. 

The data do, however, obey (after a short initial deviation) a 
parabolic relationship involving an added constant (see Fig. 6). 
They appear to follow the equation 


(w — We) = (Kt) for which 2% =. B._. 
dt W-— Wo 


where w. is constartt for a particular run 
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Fig. 7a—-Square of Weight Increase at 1000 °C as a Function of Time. 
Titanium from U. S. Bureau of Mines. 


better than 
w’ = K (t —t.) for which dw _ poem 
dt 2w 
where t. is constant 


This indicates that the scaling rate is controlled by the amount of 
scale over and above an initial weight (w — w,) rather than by the 
total weight of scale acquired (w). This suggests that an initial 
weight increase occurs because of the solution of oxygen in the metal 
and that further weight increase is due to scale formation which alone 
sets the rate of reaction. 

As the temperature increases, w, also increases, but its increase 
is less than the increase in scaling rate, so that the effect becomes less 
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noticeable. At 800°C (1470°F) the effect is insufficient to show 
on a log-log plot. 

(b) Between 850 and 1000 °C (1560 and 1830 °F) the curves 
are sigmoidal, following a straight line with a slope of 0.5 at short 
times, suddenly swinging up sharply, and finally tapering off to a 
second straight line with a slope of 0.5. 





0.01 0.1 | 10 
Time - Hours 


Fig. 7b—Weight Increase at 1000°C on Log-Log Scale (Same 
Data as Fig. 7a). 


The square of the weight increase is plotted against time for one 
run at 1000 °C (1830 °F) in Fig. 7a. The two branches of the curve 
represent two successive parabolas, the first with a low constant, K,, 
the latter with a high one, Ky. These are replotted in Fig. 7b show- 
ing how the sigmoidal shape of the log-log plots arises. 

The time at which the scaling rate first rose above that of the 
parabolic law with rate-constant Ky was designated by t,, and the 
time at which the scaling behavior finally became parabolic with con- 
stant Ky by tr. These two times could not be determined precisely, 
but the time t,, representing extrapolation of the second parabola to 
zero weight, could be determined more exactly. The experimental 
values of t, are shown in Fig. 3, where the shaded area represents 
approximately the duration of time between t, and ty. 

The variation of the parabolic scaling rates with temperature is 
shown in Fig. 8. The two paraholas, of course, are manifestations of 
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Fig. 8—Arrhenius-Type Plot of Scaling Rates. 


the two successive scales formed in this temperature range. One 
series of experiments that links together very nicely the two phe- 
nomena (change in scaling law and change in color of scale) is shown 
in Fig. 2. The percentage of dark scale found welling up through 
the light was estimated visually. This is compared in the table below 
Fig. 2 with the percentage transition from the low scaling rate to the 
rapid scaling rate as determined from Fig. 9.4 It is seen that the 
percentage transition in each phenomenon is the same, irrespective 
of the time required to obtain that state. Specimens 1 and 2 show 
the same percentage transition but at widely differing times. This 
is a manifestation of the wide scatter in the times t, which is shown 
in the data for 900°C (1650 °F) in Fig. 3. 


‘The instantaneous scaling rate is measured from a difference in rapidly changing weight 
Fig. 1 





and is therefore less accurate than the weight readings themselves. The curves in 
were drawn smoothly through the data points. 
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Fig. 9—Histories of Scaling Rates of Specimens Shown in Fig. 2. Dif- 
ferentiation of either the equation w? = Kit in the first parabola or w? = Ke 
(t—te) for the second parabola gives dw/dt = Ki,o/2w. That is, when 
dw/dt is plotted against weight increase (per unit area) on log-] paper a 
straight line with a slope of —1 should result. The two lines labeled “0 pct.’ 
and “100 pct.” represent the case of the first parabola and second parabola 
respectively. The intermediate lines —. given percentages cf transition 
from the scaling rate of the first parabola to that of the second [calculated 
as per cent transition .— 


Ya K= y =a 3 100 where K = 2w (S*) | 
VK.— VKi at 


This poor reproducibility in times inyolved in the transition is 
undoubtedly a reflection of the low nucleation rate. In zirconium 
(19), nuclei of the second scale were profuse and the transition time 
was highly reproducible.® These facts are evidence of an uncertainty 
principle and underscore the statistical nature of the problem. 

(c) Between 700 and 850°C (1290 and 1560°F) small jogs 
recurrently interrupt the continuity of the curves which otherwise 
have a slope of 0.5 and could therewith be described by a parabolic 
relationship. 

These sudden changes in scaling rate appeared at irregular inter- 
vals and were of no consistent shape. The times at which they first 


‘Work soon to be reported from this laboratory (23) indicates that lead behaves - like 
titanium in this respect rather than like zire6nium. 
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occurred are shown approximately in Fig. 3. The times could fit an 
extrapolation of the times t, for the transition observed at tempera- 
tures of 850 to 1000 °C (1560 to 1830°F). They also appeared at 
about the same times as the scale began to become yellow (although 
the latter can only be determined within a factor of ten or so). No 
definite explanation can be given, but resistance measurements on the 
dark-colored inside of the scale shown in Fig. 4b showed a conduc- 
tivity about the same as the dark scale formed at 850 to 1000 °C 

(1560 to 1830 °F), whereas on the outside it was very much lower. 
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Fig. 10—-Scaling Behavior in Oxygen (Prefix OQ) and Nitrogen (Prefix N). Tita 


nium obtained from U. S. Bureau of Mines. Lines of slope 1/2 indicate ideal parabolic 
behavior in air. 


It is therefore possible that in this temperature range the yellow crys- 
tals form on the outside of the scale before the dark scale forms. When 
the dark scale does form, it may thus be prevented from spreading 
to the outside and give rise to only a limited increase in scaling rate ; 
if it had not been prevented by the yellow scale it would have given 
rise to the same transition as at 850 to 1000 °C (1560 to 1830 °F). 

(d) The behavior of titanium in air exactly at 850°C (1560 
°F) is indiscriminate; one isothermal curve determined at this tem- 
perature behaved according to the description in (b), and five accord- 
ing to the description in (c). However, experiments in different 
partial pressures of oxygen show a very different behavior. 

A few experiments were run using atmospheres other than air. 
These are plotted on a log-log scale in Fig. 10. The runs using oxy- 
gen at atmospheric pressure gave the same type of behavior as in air, 
but with a slight increase in the initial parabolic scaling rate K,;. The 
run using nitrogen also followed a parabolic law initially, with a 
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scaling rate constant slightly less than that for scaling in air at the 
same temperature. The gas used was commercial nitrogen passed 
through a drying tower into the furnace. However, some oxygen 
undoubtedly penetrated through the joint at the bottom of the fur- 
nace. The appearance of the scale further confirmed that the scaling 
resulted from oxygen at reduced pressure, rather than from the nitro- 
gen itself. 
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Fig. 11—Transition Times for Bureau of Mines Titanium in At- 
mospheres Other Than Air. The nitrogen used probably contained some 
oxygen. 


The transition times t, and t, for these runs are plotted in Fig. 
11. The shaded area is reproduced from Fig. 3, and represents the 
transition region during scaling in air. An increase in partial pres- 
sure of oxygen clearly reduces the transition time, and also lowers 
the temperature (850 °C in air) below which the transition does not 
occur. On the other hand, decrease in oxygen partial pressure greatly 
increases the time at which the transition takes place. The time t, 
at 900 °C (1650 °F) was increased from an average of 0.55 hour in 
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air to a value greater than 26 hours using the nitrogen atmosphere. 
(e) The curves above 1000°C (1830°F) no longer show a 
simple sigmoidal shape nor in fact do they represent simple parabolic 
relationships. 
The behavior in this region is shown in Fig. 12. An approxi- 
mately sigmoidal shaped log-log curve is observed for runs at 1000 
to 1050 °C (1830 to 1920°F). However, the portion corresponding 
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Fig. 12—-Scaling Behavior for Temperatures 1000 to 1300 °C. Lines 


of slope 1/2 indicate ideal parabolic avior. Titanium obtained from 
U. S. Bureau of Mines. 


to the K,; parabolic rate is quite irregular. Two runs at 1100 °C 
(2010 °F) behaved similarly. In a third run at 1100 °C (2010 °F) 
and in one at 1200 °C (2190 °F) such irregularities occurring in suc- 
cession gave rise to an approximately linear behavior and a mottled 
appearance of the sca'e. These irregularities may all be a continua- 
tion of those observed at long times at temperatures below 850 °C 
(1560 °F). 

In Fig. 3 where the times t, are plotted, there appears to be an 
increased spread in the values obtained above 1000 °C (1830 °F). 
However, since it takes a few minutes-for a newly inserted specimen 
to reach furnace temperature, it may be that the transitions actually 
follow a C-curve with “nose” just below 1000°C (1830°F), and 
that all low values. of t, obtained above that temperature are due to 


inoculation of the transition by heating through the nose of the 
C-curve. 
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At 1300 °C (2370 °F), scaling followed a parabolic law from 
almost zero time. The parabolic constants K,; and Kz are expected 
to be approximately equal at this temperature, but since the final 


scale appeared black, the K2 mechanism was probably operative here 
also. 


SCALING OF TITANIUM FROM OTHER SOURCES 


T itanium produced by National Lead Company scaled in air to a 
white single-layered product that appeared homogeneous under the 
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Fig. 13 —aprenrence of Scale on Titanium Sheet Ob- 
tained as Described. Color of outer surface shown by shape 
* sone proportion of black on inner surface shown by 
shading. 


microscope and that gave rutile diffraction lines on X-ray analysis. 
However, after long times at high temperatures a black coloration 
began to appear on the inside of this scale, as shown in Fig. 13. The 
black layer was very similar to that observed in the scaling of Bureau 
of Mines titanium in the temperature range 800 to 850 °C (1470 to 
1560 °F) and shown in Fig. 4b. 

Titanium obtained from a private source scaled at first to a buff 
single-layered product that likewise appeared homogeneous under the 
microscope, and that gave rutile-diffraction lines on X-ray analysis. 


——_ 
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The black coloration on the inside appeared as for the National Lead 
material, but at shorter times (see Fig. 13). In addition, the exterior 
of the scale took on, in time, the appearance of fused garnet sand- 
paper ; this was due to the appearance on the outer. surface of a layer 
of translucent garnet-hued crystals. In contrast to the black color 
on the inside, this layer seemed to form as a gradual darkening of 
color of the surface of the scale, and when it was thick enough to be 
observed under a low-power microscope it was always of uniform 
thickness over the whole surface. The three layers in the outer scale 
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Fig. 14 (Left)—Titanium From a Private Source. Scaling in air. 
Fig. 15 (Right)—Titanium From National Lead. Scaling in air. 


—black, buff and garnet—could not be distinguished from one another 
under a high-power microscope and compose a single closely adherent 
scale. Each of the three showed a rutile diffraction pattern on X-ray 
analysis. At 900°C (1650 °F), the black color appeared (see Fig. 
13) before the garnet layer could be definitely identified, whereas at 
1100 °C (2010 °F) the garnet crystals appeared before the black. 

The weight increase as a function of time is shown on a log-log 
scale for titanium from beth sources in Figs. 14 and 15. At 800°C 
(1470 °F) a parabola was obeyed initially, but with. deviations at 
later times. At higher temperatures the deviations occurred earlier 
and seemed to be quite irregular. No definite correlation was made 
between the weight changes and the appearance of the scale, but it 
seems likely that the two are interconnected. The electrical conduc- 
tivity of the black portion of the scale was very much greater at room 
temperature than that of either white, buff or garnet-hued scale. 

The appearance of the scales on these materials was of the same 
general description as on the Bureau of Mines material in the range 
800 to 850°C (1470 to 1560 °F), and indeed the over-all behavior 
was similar to that of the Bureau of Mines titanium except that in 
these two cases no transition was observed. 
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DISCUSSION 


Since the great majority of the data obtained was for Bureau of 
Mines material, the discussion which follows will be largely concerned 
with that material. 


The Parabolic Scaling Rate Constant K 


Fig. 8 shows the scaling rate constants as a function of temper- 
ature on an Arrhenius-type plot. It is seen that Ky obeys the equa- 
tion : 

Ke = Ae??? 


where A is a constant, R the gas constant, T the absolute temperature, and 
Q the activation energy of the rate-controlling process. 


The values of Ki, however, appear to fall on a gentle curve, which 
ties in well with the data of Gulbransen and Andrew. It would seem, 
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i, 16—X-Ray Trace for Outside of Layer B, ft °C (Cf. Fig. 4b), Peaks 
of (222) Line Correspond to a = 4.208 and a = 4.2 


therefore, that the activation energy calculated on the basis of a 
straight line through the latters’ data lacks significance. A possible 
explanation of the curve can be derived if it is assumed that the solu- 
bility of oxygen in titanium grows increasingly rapidly in the range 
up to about 1000 °C (1830 °F). No theory deducing the Arrhenius- 
type equation takes account of solubility changes, so that such an 
effect would be superposed on the straight line giving a higher value 
of K, as temperature is raised. Such a change in solubility can also 
explain the appearance of a layer of powder in the scale. At tem- 
peratures of about 700°C (1290°F) large amounts of oxygen are 
dissolved in the metal. When the specimen cools, the outer oxygen- 
rich layer of metal becomes supersaturated and decomposes into TiO 
and Ti. The resulting layer will be largely TiO at the outside and 
largely Ti inside. The TiO formed will-not be an equilibrium struc- 
ture but, having formed from Ti metal, will have all the Ti lattice 
sites filled. This will give a distorted structure at room temperature 
with an effective lattice constant greater than that found by Ehrlich. 
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Fig. 16 shows just such a distorted structure, with definite double 
peaks on the (222) and (311) lines. Furthermore, the TiO would 
precipitate in the grain boundaries and cooling stresses could then 
cause a portion of the two-phase field to disintegrate into fine grains 
of oxygen-saturated titanium and small amounts of TiO. Hence the 
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Fig. 17—Arrhenius-Type Plot of Conductivity of TiO, Rutile. 


powders observed, which are increasingly pronounced above 700 °C 
(1290 °F). 

According to Wagner (20) the scaling rate constant K is pro- 
portional to the conductivity o of a scale. The values of o* as given 
by Foex (21) and Earle (22) for TiO2 (rutile) are plotted in Fig. 
17 for easy comparison with Fig. 8. Any disagreement can be 
explained by the presence of other scales or by a change in transport 
numbers with temperature. It will be interesting, if data become 
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available giving the resistance of the black scale observed here, to 
compare such data with the curve of Ke obtained in this study. 


The Transition Behavior 


In the absence of more information concerning the titanium- 
oxygen equilibrium diagram, the effect of small amounts of impurity 
in the titanium stock, and the effect of oxygen partial pressure, it is 
unprofitable to consider the mechanism of the “transition” in detail 
here. : 

However, it is known that a black scale is formed after a certain 
time during an isothermal run. This raises three possibilities: (a) 
[t may be that the light-colored scale is stable originally but that a 
build-up of impurities takes place slowly, making the black phase 
become stable. The build-up would take place by diffusion and this 
would introduce a complication into the theory of scaling, where it 
has always been assumed that an equilibrium state is reached instan- 
taneously at all interfaces. (b) Alternatively, the black scale is stable 
in bulk, but the light scale forms first, owing to a more favorable lat- 
tice morphology. The black scale could then occur as a spontaneous 
recrystallization of the light scale to the bulk form when it reaches a 
certain critical thickness. (c) The third possibility involves the ap- 
pearance of a new phase. An intermediate phase normally stable 
might require an incubation period before appearing, as a result of 
morphological conditions. This phase could possibly be beta titanium. 
In this case, the impurities and oxygen present must lower the alpha- 
beta transformation temperature from about 880°C (1615 °F) for 
pure titanium down to below 700°C (1290°F). Another possible 
phase might be TigOs3, but this has not been observed except at higher 
temperatures. TiO, on the other hand, was observed to adhere 
closely to the underside of the nucleating patches of black scale, so 
that it is possible that after a certain time TiO was formed during 
scaling and gave rise to a change in the TiOg scale. (The other, 
inner, TiO layer which appeared without the black scale has already 
been explained as a decomposition product of cooling.) 

Two experiments were performed to observe the effect of inocu- 
lation of either scale. A specimen scaled at the rapid rate (black 
scale) in air at 875 °C (1605 °F) was cooled slowly to 800 °C (1470 
°F). <A strict parabola was not observed after the cooling but the 
scaling rate did not go below that corresponding to Kz at 800°C 
(1470°F). The final scale appeared to be the same as on the speci- 
men scaled at 800 °C (1470 °F) in oxygen. In other words, the black 
scale, once inoculated, appears to remain stable below the temperature 
at which it is normally observed. A second specimen was heated for 
26 hours at 825°C (1515 °F) and slowly heated to 875 °C (1605 
°F). After a few minutes thé scaling rate rose rapidly to that cor- 
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responding to the K» or black-scale mechanism at 875 °C (1605 °F). 
This shows that quite lengthy scaling without formation of black scale 
does not effectively prevent its appearance at higher temperature. 
The marked effect of oxygen partial pressure on the transition 
time is as yet unexplained. However, since the actual scaling rate is 
comparatively little changed, nitrogen can only act by going into solu- 
tion in the oxide scale. In the TiOze scale, the presence or absence 
of nitrogen could cause a considerable change in conductivity with 
very little change in weight, and possibly explain the transition be- 
havior. Alternatively, nitrogen may penetrate to the TiO layer. 
The large lattice parameter found in Fig. 16 could then be inter- 
preted as a TiN layer, or as a TiO layer containing considerable 
quantities of nitrogen. Further work will have to be done in order 


to determine precisely the effect of oxygen and/or nitrogen partial 
pressure. 


SUMMARY 


The source of titanium sheet showed a marked effect on its scal- 
ing properties, and in all cases changes in the scaling law took place 
with time during isothermal scaling. 

These changes were most marked in material from the Bureau 
of Mines, scaled in air between 850 and 1000 °C (1560 and 1830 °F). 
In this range scaling at first followed a parabolic law with rate- 
constant K,, as at lower temperatures, but after a certain time a 
transition to a second parabola with very much greater rate-constant, 
Ke, took place. This was caused by the nucleation and growth of a 
new dark blue scale which, although retaining the rutile structure, 
had a much higher electrical conductivity. This type of transition 
has been found also in zirconium (19) and in lead (23). In the 
case of titanium it did not take place below 850 °C (1560 °F) in air. 
However, if the oxygen pressure was increased, the transition oc- 
curred at shorter times and was found at a temperature as low as 
700 °C (1290°F). Conversely, decreasing oxygen and increasing 
nitrogen pressure lengthened the transition times. 

A plot of log Ky» versus reciprocal absolute temperature showed 
as approximately a straight line; log K, showed a continuous curve 
with an upward trend. Although the rate of scaling was primarily 
controlled by diffusion through the outer rutile scale, it was probably 
also affected by the layers of lower oxide present. Suggested expla- 
nations for the deviation from ideal parabolic behavior in the lower 
temperature range were given. 

The titanium obtained from the other two sources did not exhibit 
the transition phenomenon shown by the Bureau of Mines material. 
However, the scaling at higher temperatures of these materials ap- 
peared to follow, at least qualitatively, the behavior of the Bureau of 
Mines material in the range 700 to 850 °C (1290 to 1560 °F). 
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The following discussion pertains to the paper entitled “The Titanium- 
Vanadium System” by H. K. Adenstedt, J. R. Pequignot and J. M. Raymer 
appearing on pages 990 to 1003 of this volume. 


DISCUSSION : 


Written Discussion: By D. J. McPherson, research metallurgist, 
Armour Research Foundation, Chicago. 

Melting point determinations have been made at Armour Research 
Foundation on the same lot of granular vanadium used by the authors. 
These tests were performed with specimens suspended on tungsten wires 
in a vacuum induction furnace. The furnace was designed for determining 
melting points and solidus curves in titanium and zirconium binary sys- 
tems. The average value for several runs on vanadium was about 3490 °F 
(1920 °C), in very close agreement with the authors. We feel that the 


older values for the melting point of vanadium are not representative of 
the new, purer material. 








GAMMA LOOP STUDIES IN THE IRON-TITANIUM, 
IRON-CHROMIUM, AND IRON-TITANIUM- 
CHROMIUM SYSTEMS 


By WILLIAM P. Rog ano W. P. FISHEL 


Abstract 


Dilatation studies have been carried out on a series 
of tron-titanium, iron-chromium, and iron-titanium-chro- 
mium alloys in order to determine Acs transformation 
temperatures. These data were then used to determine 
the shape and outer limit of the gamma loop curve for 
each of these systems. 


HE literature concerning the iron-titanium gamma loop is rather 
limited. Svechnikov and Gridnev reported that the gamma field 
closed at 0.6% titanium, basing this claim on the results obtained 
from a study of three alloys (1).1 Tofaute and Brittinghaus estab- 
lished the outer boundary of the gamma iron region at 0.8% titanium 
(2). This value resulted from an investigation of only one alloy 
which contained 0.8% titanium and was found to undergo no alpha- 
to-gamma transformation on heating. 

Publications concerning the gamma iron region in iron-chromium 
alloys are considerably more extensive, and are reviewed satisfactorily 
by Kinzel and Crafts (3). However, agreement among the various 
workers is not too exact, and only one investigation furnishes results 
supporting the existence of an inner gamma loop curve (4). It is 
obvious that an inner curve must be present if the phase rule is not 
to be violated. 

The only workers to investigate the iron-titanium-chromium 
system as such were Vogel and Wenderott (5). As a part of this 
study, one series of alloys was prepared in order to furnish evidence 
of the nature of the gamma loop region. Each alloy contained 5% 
chromium with the titanium content varying from 0.2 to 3.0%; from 
these samples it was determined that the gamma loop boundary 
extended to 1.5% titanium in the three-component system. 





1The figures appearing in parentheses pertain to the references appended to this paper. 





This paper is a condensation of a Ph.D. thesis by William P. Roe. 
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EXPERIMENTAL 


The alloys used in this study were prepared by melting the mate- 
rials in an alundum crucible placed in a small induction furnace which 
was in turn attached to a 15 KW Tocco high frequency generator. 
The materials employed were Armco iron, Du Pont sponge titanium, 
and electrolytic chromium. The melting procedure consisted. of 
charging the iron first to the furnace, then deoxidizing the molten 
iron with a small piece of aluminum wire, and finally adding calcu- 
lated amounts of titanium or chromium. In preparing three-compo- 
nent alloys, titanium was always added last. Melts were poured into 
baked, core-sand molds, after which the ingots were cut into 3.5-inch 
lengths and annealed for 2 hours at 950°C (1740°F). Following 
this, the ingots were machined on a lathe so that turnings could be 
collected from sound metal for later analyses. | 

The annealed samples were further prepared for dilatation study 
by drilling holes into both ends of the ingots approximately 4 inch 
from the top and bottom. In carrying out an actual dilatation experi- 
ment, the sample was placed in the bottom of.a McDanel combustion 
tube, which in turn was placed in an upright resistance furnace. An 
alumel-chromel thermocouple was inserted in each end of the sample, 
and attached to a two-point ““Micromax’”’ which indicated first the 
temperature of one end of the sample and then that of the other, at 
35-second intervals. The McDanel combustion tube was approxi- 
mately 12 inches longer than the resistance furnace, and at its top 
was fastened a dial gage support. Extending from the top of the 
sample to the top of the combustion tube was a silicon carbide “push- 
rod”, on which rested a dial gage calibrated in one-thousandths of 
an inch. During an actual operation the worker merely had to record 
dial gage readings and temperatures at 35-second intervals. A 
Lindberg control was attached to the ‘‘Micromax”’ in order to furnish 
the desired heating rate. The usual heating rate employed through- 
out these studies was 3 °C per minute; in some cases the rate was 
decreased to 2 or 1 °C per minute, but the critical temperatures ob- 
tained did not differ from those obtained by the slightly faster rate 
of heating. 

In this study it was found that the dilatation samples were not 
at the same temperature throughout their entire length, the bottom 
of the sample always being at a temperature some 15 to 25 °C higher 
than the top. It is evident that in a transformation of this type the 
portion of the alloy at the higher temperature will begin to undergo 
the transformation first; this would then be followed on heating by 
a successive series of transformations throughout the sample as each 
portion reached the critical temperature for that composition. There- 
fore, the beginning of Acs was always denoted by the temperature 
at the bottom of the alloy, and the end by the temperature at the top 
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when contraction was complete and the sample had just started to 
expand again. 

In order to obtain an indication as to the precision afforded by 
this method of study, several dilatation runs were made on an Armco 
iron sample which had been prepared .for investigation in the same 
manner as the other alloys. As a result of these experiments it was 
found that the A; transformation on heating occurred over a range 
of 3° C, that is, from 910 to 913 °C (1670 to 1675 °F). These results 
compare favorably with the more detailed investigations of this trans- 
formation in pure iron that have appeared in the literature. One 
group of workers made a very exhaustive study based on some fifty- 
seven determinations of hydrogen-purified, carbonyl iron using a dif- 
ferential dilatometer (6). Their results showed a spread in the 
transformation temperature on heating of 0 to 4°C, Ag; being estab- 
lished at 909.5 + 1 °C (1670 °F). 


IRON-TITANIUM SYSTEM 


Titanium analyses were made by following generally the pro- 
cedure of Simpson and Chandlee whereby p-hydroxy-phenylarsonic 
acid was used as the precipitating reagent (7). However, after the 
period of initial digestion with dilute sulphuric acid, insoluble oxides 
were filtered off so that only that amount of titanium actually alloyed 
with iron was reported in the final analyses. 

On making temperature versus linear expansion plots of the 
experimental data gathered, the familiar dilatation curves are ob- 
tained. Fig. 1 shows dilatation curves of alloy 12B; it is typical 
of the curves obtained from most of the alloys studied in each of 
the three systems. The temperature at which expansion ceases on 
heating is given by thermocouple 1 as 905°C (1660°F), and the 
temperature at which expansion starts again, after contraction is 
complete, is denoted by thermocouple 2 as 912°C (1675°F). In 
some cases it was observed that the expansion rate underwent a 
change in slope a few degrees before expansion of the sample actually 
ceased. The temperature at which the change in slope occurred was 
then taken as the beginning of Acs, since this change indicated that a 
part of the sample had already begun to contract. However, it was 
usually found that both changes occurred at the same temperature. 
Thermal changes are also apparent from Fig. 1, since a temperature 
arrest occurs in the curve represented by thermocouple 2 at 908 °C 
(1655 °F). 

Fig. 2 represents the other type of curve found in these studies. 
These dilatation curves result from a study of alloy 9, which contains 
0.72% titanium and represents a composition located close to the 
outer boundary of the gamma iron region. It is evident that con- 
traction is quite limited, indicating that this alloy did not undergo 
completely the alpha-to-gamma transformation. Therefore, this sam- 
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Fig. 1—Dilatation Curves, Alloy 12B, 0.21% Titanium. 
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Fig. 2—Dilatation Curves, Alloy 9, 0.72% Titanium. 








1034 TRANSACTIONS OF THE A.S.M. Vol. 44 


ple actually represents a composition lying between the inner and 
outer gamma loop curves. On heating beyond the A; range, A, 
temperatures can also be located; the temperature at which rapid 
expansion starts is given by thermocouple 1 as the beginning of Aczg, 
and that at which the dilatation curves again undergo a change of 
slope to a more rapid expansion rate is given by thermocouple 2 
as the end of Acg. 

The results of the studies carried out on iron-titanium alloys 
are presented in Table I, the data having been gathered from several 
experiments on each alloy. These results show clearly that thermal 
changes in every noticeable case lag behind dilatation changes. 
Furthermore, it is apparent that the first few additions of titanium 


Table | 
Chemical Analyses and Dilatation Results of Iron-Titanium Alloys 





Temp. of 


Acs, Temp: Contraction Thermal 
Begin- °C Diff. Through Acs, Change 

Alloy % Ti ning End i < 103 Inches ™— 
Armco 0.00 910 913 3 6.1 911-913 
0.09 909 924 15 4.6 918-919 
12B 0.21 903 912 9 6.3 908-912 
0.25 899 906 7 9.1 908-909 
13B 0.41 939 950 11 4.4 946-948 
12 0.45 949 962 13 6.4 959-960 
16B 0.50 958 976 18 7.2 970-971 
9* 0.72 1053 1096 43 a. ees 
3B 0.93 eae ea io ee es oe ee 
13 BeBe ree: Rag Shy Sk wggege to ener a fos Pee FA eas 


*Dilatation curves indicate that Acs ends at 1160°C (2120°F). 


to iron actually lower the beginning of Acg until a minimum is 
reachéd at 0.25% titanium and 899°C (1650°F). Although an 
average temperature spread of 7 °C existed at this composition, it is 
important to note that the temperature differences between the begin- 
ning and end of Acs increased as the titanium content varied on 
either side of this minimum composition. No transformation occurred 
on heating to 1220 °C (2230 °F) with alloys 3B and 13, containing 
0.93 and 1.14% titanium respectively. On plotting these data as a 
temperature versus composition curve, the gamma loop curve for this 
system is obtained. Fig. 3 is presented to show this plot; the lower 
curve represents the temperatures at which the transformations begin 
on heating, and the inner curve those at which the transformations 
end. The shape of the lower curve indicates that 0.75% titanium is 
necessary to enclose the gamma iron region. 


IRON-CHROMIUM SYSTEM 


Chromium was analyzed following the usual volumetric titration 
with standard ferrous sulphate solution as described by Willard and 
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Diehl (8). In these analyses insoluble residues were filtered off 
initially so that only the amount of chromium actually in solid solu- 
tion with iron was reported in the final results. 

In order to investigate segregation, turnings were taken from 
the extreme ends of alloy 38 before it had been annealed. Analyses 
showed that the bottom of the ingot contained 8.10% chromium, and 
the top 8.09% chromium. This alloy was prepared in the same 
manner as all others, and was considered to be a representative sam- 
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Fig. 3—Acs Transformations in the 
Iron-Titanium System. 


Table Il 
Chemical Analyses and Dilatation Results of Iron-Chromium Alloys 


Temp. of 
Acs, Temp. Contraction Thermal 
Begin- °C Diff. Through Acs, Change 
Alloy % Cr ning End “LL 10% Inches °C 
18 2.38 843 877 34 ht net. a eee 2 
16 2.76 842 870 28 7.6 850-852 
20 3.11 825 850 25 8.6 832-834 
21 3.89 802 835 33 8.5 819-820 
22 5.14 796 818 22 9.0 800-802 
23 5.80 798 824 26 9.1 806-808 
36 6.71 807 838° 31 8.0 818-819 
28 7.90 813 840 27 8.5 818-820 
38 8.10 813 844 31 1.4 820-822 
40 9.96 816 860 44 re 822-823 
39 10.04 817 862 45 7.3 822-824 
411 10.25 817 884 67 5.6 822-825 
422 12.03 835 883 48 Beet ee cr tee ete 
26 t.37 ces eats oi oes 


“see 


nee curves indicate that Acs begins at 1050°C (1920°F) and ends at 1158 °C 


osm curves indicate that Acs begins at 935°C (1715°F) and ends at 982°C 
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ple ; therefore, it is reasonable to assume from these analytical results 
that no segregation exists among the alloys studied. 

The data gathered for the iron-chromium system have been sum- 
marized in Table II. Dilatation curves are entirely similar to those 
of the iron-titanium system, and noticeable thermal changes again lag 
behind dilatation changes. An appreciable lowering of the Acs trans- 
formation temperatures occurs in this system, reaching a minimum 
at 5.14% chromium. Further additions of chromium increase these 


Temperature °C 





3 6 9 l2 
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Fig. 4—Acs Transformations in the Iron-Chro- 
mium System. 


critical temperatures. Alloy 26, containing 12.37% chromium, under- 
went no contraction on heating, although its expansion rate was ar- 
rested slightly through the temperature interval 860 to 870 °C (1580 
to 1600 °F). Therefore, this composition represents the outer limit of 
the gamma iron region, and it is of interest to note that this was 
the same value as reported by Kinzel in his study of this system (9). 

The gamma loop curve for the iron-chromium system is shown 
in Fig. 4, the lower curve being obtained from those temperatures 
representing the beginning of Acs, and the inner curve from those 
temperatures representing the end of Acs. The ideal inner curve 
has been drawn as a dashed line to indicate that theoretically these 
curves should meet at the minimum point. Although the transforma- 
tion did not occur isothermally at this minimum composition, it is 
evident that the temperature difference between the beginning and 
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end of Acs was greater on either side of this chromium content. The 
only other workers to furnish data supporting the existence of this 
inner curve also failed to obtain an isothermal transformation (4). 
Furthermore, the alloys used by those investigators contained appre- 
ciable amounts of silicon, which would in turn tend to raise trans- 
formation temperatures since this element is a recognized ferrite- 
stabilizer. 
IRoN-TITANIUM-CHROMIUM SYSTEM 


Titanium and chromium analyses were carried out on separate 
samples from each of these three-component alloys following the pro- 
cedures previously described. Neither element interfered with the 
other in these separate determinations. 

Dilatation curves in this study do not serve the same purpose 
as they did with the two-component systems. The purpose of the 
present investigation is to obtain an indication as to the extent of the 
gamma iron region with both titanium and chromium present in 
varying amounts; therefore, dilatation data have been gathered to 
show the effects of both elements when alloyed together in iron. 
Table III gives a summary of the results obtained from studies of 
these three-component alloys. Alloys 19, 17 and 35 undergo com- 


Table Ill 
Chemical Analyses and Dilatation Results of Iron-Titanium-Chromium Alloys 


Temp. of 
Acs, Temp. Contraction Thermal 
Begin- ~ Diff., Through Acs, Change, 

Alloy % Cr % Ti ning End °C XX 108 Inches °C 
19 2.46 0.06 - 850 886 36 7.1 872-874 
17 3.00 0.41 924 931 7 5.4 928-930 
35 3.92 0.31 912 920 8 4.0 915-918 
34 4.33 2.03 ue i aie es Lear Yaa 
33 4.93 1.58 ne ae es yee ggg chee ge eee 
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pletely the alpha-to-gamma transformation; furthermore, it is appar- 
ent from these samples that the presence of titanium very definitely 
raises the transformation temperatures above those values that would 
result from titanium-free alloys of these chromium contents. On the 
other hand, it is also evident from the iron-titanium diagram that the 
presence of chromium lowers these transformation temperatures to a 
slight extent. Alloys 32, 30 and 29 represent compositions located 
approximately at the outer boundary of the gamma iron region in 
the three-component system. Although no contraction occurred on 
heating alloys 32 and 30 through the transformation range, these 
samples underwent an arrest in their expansion rate at the tempera- 
tures indicated in Table III. From the compositions of these two 
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alloys it is again clear that titanium has restricted the iron-chromium 
gamma loop, whereas chromium, up to at least 7.01%, has actually 
increased the extent of the iron-titanium gamma loop. Alloy 29, 
containing 8.20% chromium and 0.63% titanium, underwent a lim- 
ited contraction on heating, indicating that it did not undergo com- 
pletely the alpha-to-gamma transformation. With this composition the 
trend changes somewhat. Although the presence of titanium con- 
tinues to restrict the gamma iron region of the iron-chromium system, 
this concentration of chromium is now sufficient to restrict the gamma 
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Fig. 5—Iron-Rich Corner of the Iron-Titanium-Chro- 
mium System. 


iron region of the iron-titanium system. The rest of the alloys in 
Table III remained ferritic on heating to 1200 °C (2190 °F) ; there- 
fore, these compositions are located outside the bounds of the gamma 
iron region. 

These results are plotted in Fig. 5, which shows only the iron- 
rich corner of this three-component system. Those alloys which 
undergo the alpha-to-gamma transformation either partially or com- 
pletely are designated as austenitic, whereas those which do not 
undergo the transformation are termed ferritic, and are located 
beyond the outermost boundary. From Fig. 5 it is obvious that the 
effects of titanium and chromium are not strictly additive, for if 
this were the case the three-component boundary line connecting the 
points representing the outer gamma loop boundary of each two- 
component system alone would take the form of a straight line. 
Instead, the three-component, boundary, enclosing the region of 
gamma iron, curves slightly outward, giving graphical evidence for 
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the conclusions stated previously ; namely, the effect of titanium is to 
decrease the amount of chromium necessary to close the gamma loop, 
and the effect of chromium up-te- approximately 7% is to increase 
the amount of titanium required to close the gamma loop. Beyond 
this percentage, chromium decreases the amount of titanium neces- 
sary to enclose the gamma iron region. These effects probably result 
from the very great lowering that chromium produces on the Acg 
transformation temperatures. 

It might be expected that silicon, which produces a gamma loop 
curve similar to that of titanium, would act in much the same manner 
when alloyed with chromium and iron. At the iron-rich corner of 
the iron-silicon-chromium diagram it is found that the boundary 
enclosing the region of gamma iron is entirely similar to that found 
in the iron-titanium-chromium system (10). 


SUM MARY 


Dilatation studies have been carried out on the iron-titanium, 
iron-chromium, and iron-titanium-chromium systems in order to 
determine Acg transformation temperatures. In the iron-titanium 
system it was found that 0.75% titanium was required to bring about 
a closed gamma loop; at a titanium content of 0.25% a minimum 
occurred in this curve at 899 °C (1650 °F). 

A study of the iron-chromium system revealed that a minimum 
occurred in this gamma loop curve at a temperature of 796°C 
(1465°F) and a chromium content of 5.14%. The amount of 
chromium necessary to enclose the region of gamma iron was 12.37%. 

The effects of titanium and chromium in the iron-titanium- 
chromium system are not strictly additive. Although titanium in all 
concentrations decreases the amount of chromium necessary to en- 
close the gamma iron region, it was determined that the presence of 
chromium up to approximately 7% actually increases the amount of 
titanium required to enclose the gamma iron field; beyond the per- 
centage a decrease in the required titanium content is effected. 
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DISCUSSION 


Written Discussion: By W. A. Pennington, chief chemist and metal- 
lurgist, Carrier Corp., Syracuse, N. Y. 

Messrs. Roe and Fishel have certainly made a worthwhile contribu- 
tion in their study of gamma loops as they are produced by titanium and 
chromium in iron. The experimental procedure seems to be adequate to 
get good dilatation curves which lead to the construction of rather reliable 
equilibrium diagrams. 

In general, the authors have made a good interpretation of the dila- 
tation curves in constructing the equilibrium diagrams, but in setting their 
ideas to language they have used words and symbols that are not com- 
patible with consistent definitions. They are by no means alone in this 
regard—almost all the metallurgical profession is too careless in discussing 
the same concepts. This particular criticism, then, is by no means directed 
to the authors alone, but also to many others who have made written, as 
well as oral, contributions. 

Among other things being referred to, the designations Acs and Ac, 
are prominently conspicuous. The A designations were first suggested by 
Tschernoff and were adopted by Osmond. Later in his famous book, 
Sauveur discusses at great length the critical points as such, seldom refer- 
ring to the lines formed by a succession of such points. He does, how- 
ever, show some of these critical points as lines in an iron-carbon equi- 
librium diagram. 

While it was quite in order to discuss the phenomena involving these 
points as points in the early part of the twentieth century, with the com- 
plexity of the technical literature today it would be better to refer to 
definite, oriented lines within a two-component equilibrium diagram. It 
might be well to restrict the use of the A designations, as commonly used, 
to iron-carbon diagrams. As indicated in Fig. 6, any one of these lines 
would lie in a plane parallel to the plane BDE. The xyz axes represent 
per cent carbon, temperature, and per cent titanium. The top line MM’ 
could be called “As,” to indicate that it is in an alloy rather than a carbon 
plane. Such usage would give direction to the lines much as there is in 
latitude and longitude lines on the earth’s surface. In the figure, the A; 
point for pure iron is given at M—it can move to N in the plane BDE to 
form an As line; it can move to M’ in plane BDF to form an Az line. 
Right away, however, there is some confusion—what should the lower 
MM’ line be called? It certainly is not analogous to A: which is the 
eutectoid point on an iron-carbon diagram; it is analogous to MO which 
has no A designation. - 
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It seems that there would definitely be less confusion in future tech- 
nical literature if the A designations, where given as lines, were restricted 
to an iron-carbon diagram. According to the presently accepted definition, 
the A; points in Fig. 6 are in a rather complex curved surface that few 
metallurgists can picture clearly. With an intent toward simplification, 
it is respectfully suggested that the ASM Merats Hanpsoox Committee 





Fig. 6—Portions of Iron-Carbon-Titanium Composi- 
tion-Temperature Diagram. 


consider revising their definitions of the A designations which appear on 
page 15 of the 1948 issue. According to these definitions, pure iron can 
exhibit the point Ai; this condition is not true. Ax is not, according to 
the definition, a line at all but, rather, a two-phase area. Sauveur is like- 
wise confusing in his discussion of Ax. To be consistent, A, should be a 
line in the iron-carbon diagram. Which one is it? Is it the line repre- 
senting the beginning of the formation of delta iron on heating or is it 
the one representing ‘the ending? 

To be further consistent with respect to increasing temperature, NJ, 
in the diagram on page 1182 of the ASM Merats Hanpsoox, should be A, 
and NH then could be called As. _ 
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Let us now turn to Fig. 7, which is a redrawing of Fig. 3 with some 
convenient notations, for a revelation of some of the confusion introduced 
by the authors which gave rise to the preceding discussion. According to 
the Hanpsoox, BDCKF is the A; line; it must stop abruptly at F, even 
though in reality the line CFG is smoothly continuous through F. The 
authors take a point from Fig. 2 called “Acs begins” to establish point N 
to fix the line CNG. Certainly point N is not the beginning of any As 
transformation. By definition, whether it be an iron-carbon diagram or 
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Fig. 7—-Gamma_ Loop Portion of 
Iron-Titanium Equilibrium Diagram. 


any other, A; is not the beginning of gamma formation as at point N, 
but the temperature at which all alpha iron has changed to gamma on 
heating. The concept of “Ac.” as employed is even more vague. 

There is not enough resemblance of the iron-titanium and the iron- 
carbon diagrams to justify trying to use the same symbolic language for 
the two. For example, there is no eutectoid point in the iron-titanium 
diagram and therefore no A;. The difference in the two diagrams is dis- 
tinct enough that new designations should be employed which apply spe- 
cifically to all gamma loops. 

A simple system of designations is offered here in connection with 
Fig. 7. The line BDCFG is called the I line; BECHG the O line, the let- 
ters suggesting inner and outer loops. In harmony with these designa- 
tions, the points J, K, L, and M (Fig. 7) would be Ox, Ix, Iv, and Ov for 
an alloy containing about 056% titanium, the subscripts referring to 
“lower” or “upper” points. For 0.72% titanium, the points N and Q 
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would be Ox and Ov, there being no I points for this composition. 

With the adoption of this simple language, “Acs begins” and “Ac, 
ends” in Fig. 2 would become Or and Oy. The designations “Acs ends” 
and “Ac, begins” in this figure have no useful meaning and should not be 
referred to at all. In Fig. 1, “Acs begins” would become Ox and “Acs ends” 
would become Ir. Certainly this Or point is not the beginning of Acs. 


Temperature °C 





Beginning Ending 


Fig. 8—Temperatures, Along Armco 
Iron Specimen at Beginning and Ending 
of a to y Transformation. 


As far as translating the meaning of the dilatation curves to a new 
meaning for the construction of the diagrams, the authors have done a 
commendable job. They have taken the pertinent points off Fig. 2, for 
example, to fix N and Q in Fig. 7, but, in the opinion of the discusser, 
they could have used much more precise and simple language uniquely 
suitable to gamma loops. 

The authors call attention to the fact that the transformation starts 
at the bottom of the specimen and ends at the top and then immediately 
ignore the % inch below the lower and above the upper couple. Fig. 8 
is presented to show some temperatures which exist along the test -speci- 
men of Armco iron at the beginning and ending of the transformation. 
Ox is 911.3 °C; In is 911.7. The temperatures given are based upon a linear 
gradient using a 15°C difference between the couples. Sometimes, ac- 
cording to the authors, the difference was as much as 25°C. Obviously 
Ox and I: occur at the same temperature and should be shown as a single 
point in Figs. 3 and 4. 


For the reason given above, all O: points should be corrected upward; 
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all In points downward. In the fifth column of Table I the difference 
between Ox and I: is given as 7 °C where the titanium content is 0.25%. 
If the difference in temperature of the couples at any instant was 25 °C, 
then the real difference of Ox and In would be 3 °C instead of 7°C. Theo- 
retically there should be no difference in Ox and Ix at the minimum point 
for the loops. Is it not worthwhile to make a 60% correction in a value 
known from the phase rule to be in error? The phase rule does require 
a coincidental minimum in the inner and outer loops. 

The authors have made a real contribution to data needed on gamma 
loop systems. By making the corrections suggested, their results, which 
already look good, would be even more attractive. 

Written Discussion: By Edward A. Loria, senior engineer, Metallurgy, 
The Carborundum Co., Niagara Falls, N. Y. 

The gamma loop curves for the iron-titanium and iron-chromium 
systems provide essential data for the metallurgy involved in equilibrium 
studies. It should be remembered that these curves indicate the con- 
stituent present when the alloys are held for an appreciable period of time 
at temperature; they do not apply to conditions of rapid heating or cool- 
ing. The determination of even part of an equilibrium diagram intended 
as a standard of reference requires great precaution as to purity and 
homogeneity of the alloys used and the best refinements in technique, as 
well as an unlimited amount of time. Even then, in using such a diagram, 
one would still have to bear in mind that the composition of the alloy, 
as determined by chemical analysis, sets only the general pattern of the 
curve, the actual behavior of a given alloy being influenced significantly 
by the grain size and degree of homogeneity of the austenite and by its 
actual composition, which may differ from its nominal composition be- 
cause of the presence of an undissolved phase. 

This paper is the first to show a minimum in the gamma loop curve 
of the iron-titanium system. It also presents a redetermination of the 
gamma loop of the iron-chromium system, giving much lower values for 
the minimum. In this regard, the most recent summary by Bain and 
Aborn?’ of the work of several investigators located the minimum at 850 °C 
(1560 °F) and 8% chromium compared to the 795°C (1465°F) and 5.14% 
chromium determined in this study. What explanation can be given for 
the wide difference? Realizing that Fig. 3 is intended to show the Acs 
transformations in the iron-titanium system, the writer nevertheless ques- 
tions the omission of determinations from 1000 to 1200°C (1830 to 2190 
°F) which cover the knee of the gamma loop. When the whole gamma 
loop extending over the temperature range of 910 to 1400°C (1670 to 
2550 °F) is covered by determining only seven points, it would seem fea- 
sible to obtain at least two more points in the range which corresponds 
to the most important area of the loop, its knee. There is no assurance 
that the titanium content at which the knee of the gamma loop is drawn 
in the 1050 to 1150°C (1920 to 2100°F) range does not vary by several 
hundred per cent. 

Both the iron-titanium and iron-chromium gamma loop curves show 
minima which indicate that each alloy at the composition of the minimum 


2E. C. Bain and R. H. Aborn, “Chromium-Iron System”, ASM Metats Hanpsoox, 
American Society for Metals, 1948, p. 1194. 
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transforms like a pure metal at a constant temperature and without 
segregation (coring); the two phases (gamma-alpha) having the same 
composition produce a congruent (or allotropic) transformation. Hence, 
to verify further the location of each minimum, the authors should show 
micrographs of the 0.25% titanium alloy and the 5.14% chromium alloy 
and compare them with the micrographs of any of the other alloys studied 
which transform gradually on cooling through the two-phase (gamma + 
alpha) region. This could be done by heating these alloys at the critical 
temperatures for a selected period, after which they would be quenched 
in iced brine and the mode and degree of transformation noted by metal- 
lographic examination. 

Apparently the authors have carefully investigated the effect of seg- 
regation in their alloys. Such factors as chemical analysis of the speci- 
mens after dilatation heat treatment and composition of the atmosphere 
during heat treatment would be very important in determining the accu- 
racy of the results obtained, particularly when the shape of the specimens 
for the investigation accentuates the influence of such a phenomenon as 
surface oxidation. Of course, the question of change in composition of 
the alloys during heat treatment is one on which it is difficult to present 
quantitative data. Consequently, it is more advantageous to use heavy 
specimens which would postpone the transformation of their core under 
the influence of the atmosphere until after the thermal transformation has 
taken place. Did the specimens of any of the runs show any metallo- 
graphic evidence of change in surface composition? In any determination 
of the top portion of the gamma loop curves, changes in the equilibrium 
conditions caused by trace of gases can be expected. Hence, in a study 
of true equilibrium conditions their influence is important. Nitrogen, 
hydrogen, oxygen, and carbon monoxide could be dissolved in different 
amounts. During a dilatation study these gases could be eliminated 
through the choice of a particular atmosphere or through the use of the 
vacuum. 

One realizes that every effort was made to deoxidize the molten 
alloys, but during the short-time sequence in the pouring and casting of 
the tiny ingots, the authors may not have succeeded in eliminating some 
lower oxide (TiO) of titanium from the melt and which has been shown 
by Wentrup and Hieber* to have an actual solubility in the melt at high 
titanium concentrations. A similar effect has been observed by Chen and 
Chipman‘ in the iron-chromium-oxygen system. 


Authors’ Reply 


We wish to thank both Dr. W. A. Pennington and Dr. Edward A. 
Loria for their interest in our paper and for the constructive criticisms 
which they have made. 

Concerning Dr. Pennington’s discussion, we have no objection to the 
nomenclature he has proposed. We hesitated to coin any additional terms 
or symbols and add them to an already overburdened science. We simply 
used “Acs begins” to.indicate that temperature at which alpha iron begins 


8H. Wentrup and G. Hieber, “The Oxygen-Titani Equilibri in Liquid Iron” 
Archiv fiir das Eisenhiittenwesen, Vol. 13, 1939, p. 69-72, ee Lee gan 


*H. M. Chen and J. Chipman, “The Chromium-Oxygen om in Liquid Iron”, 
Transactions, American Society for Metals, Vol. 38, 1947, p. 70-116. 
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to transform to gamma at the rate of heating used, and “Acs ends” as the 
temperature at which this transformation is completed at the heating rate 
used. From additional work .on another system we realize that the inner 
loop is not the equilibrium condition. By heating at 3°C per minute until 
the transformation starts, and then holding at this temperature for con- 
siderable time and gradually increasing the temperature, we have found 
that the inner loop approaches more nearly the outer one, and that the 
difference at the minimum point is small. Dr. Pennington is correct in 
stating that Fig. 2, the points marked “Acs ends” and “Ac, begins”, is 
incorrect. In this alloy there is a gradual change in the relative amounts 
of body-centered cubic and face-centered cubic iron, and Acs may be said 
to.begin at the end of Acs. However, in the iron-chromium system, four 
points were found in alloy 41. This composition cut both loops, and the 
transformation to gamma is completed. Concerning Dr. Pennington’s dia- 
gram, Fig. 6, in which he tries to correlate the iron-carbon diagram with 
the iron-titanium diagram, our work, to be published later, indicates that 
the two diagrams are incompatible. In an alloy containing iron-titanium- 
carbon, in which there is an excess of titanium required to unite with the 
carbon in the ratio found in TiC, there is no FesC and hence no A;:. The 
carbon simply consumes part of the titanium forming TiC which is in- 
soluble below about 1100°C (2010°F). In case of an excess of carbon, 
pearlite is formed, and there is no gamma loop. Dr. Pennington’s sug- 
gestion as to points F, T, and H on his Fig. 7 has been verified by us in 
the iron-titanium-vanadium and the iron-vanadium systems. Also we have 
observed that -by adjusting the tube in the furnace, a position may be found 
at which the temperature difference between the top and bottom of the 
sample remains very small during an entire run. 

Replying to Dr. Loria’s discussion, we have reported our method and 
the results. The minimum which we found in the iron-chromium system 
is lower than that reported in the ASM Merats Hanppoox, which seems 
to have been taken from the old HANpBook, which came from Kinzel and 
Crafts’ book. It seems to be a composite diagram using data from several 
workers, and is not recent data. Your criticism. that our work should 
contain alloys between 0.50 and 0.72% and between 0.72 and 0.938% 
titanium is justified. It is rather difficult to make an iron-titanium alloy 
to exactly the desired composition. We do not know the exact extent 
of the knee of the loop in the iron-titanium system. We simply say that 
it is between 0.72 and 0.93% titanium. We made several melts aimed at 
0.8% titanium, without results. We can answer the point raised concern- 
ing the effect of absorbed gases and surface alteration upon the results, 
by stating that all samples were run twice and many of them several times 
without any appreciable change in the transformation temperatures. 








OVERCOMING RHEOTROPIC BRITTLENESS: 
PRECOMPRESSION VERSUS PRETENSION 


By E. J. Rrptinc anp W. M. Batpwin, Jr. 


Abstract 


The brittle behavior at low temperatures, high strain 
rates and under severe notched conditions of metals not 
crystallizing in the face-centered cubic system have pre- 
viously been shown to be largely strain curable; that ts, 
rheotropic. In all the work on rheotropy to date, how- 
ever, prestraining and testing were always both tensile 
strains in the same direction. In the present study it ts 
shown that subtransition temperature tensile ductility is 
also improved by supertransition compressive prestrains 
in the same direction as the subsequent tensile strain. 
This eliminates the possibility that rheotropic recovery 1s 
simply a matter of re-aligning microflaws. 

A difference in the temperature dependence of pre- 
compressed steel and aluminum is also pointed out. 


ETALS not crystallizing in the face-centered cubic crystal 

systems are brittle when strained at low temperatures, high 
strain rates, or under stress states in which the mean stress is tension 
(superimposed hydrostatic tension), Fig. 1. Some of the ductility, 
normally lost under these service conditions, is restored to these 
metals if the metals are prestrained under conditions where they are 
ductile ; viz., high temperatures, low strain rates, or compressive mean 
stress states, Fig. 2. Because such brittleness is sensitive to and in 
part curable by prestrain, it is termed rheotropic brittleness. 

In previous researches on the subject the prestrain has always 
been a tensile strain in the same direction as the subsequent tensile 
test used to determine ductility (1, 2).1 Because of this, the mech- 
anisms responsible for the brittleness and/or its elimination cannot 
be guessed unambiguously. Of the several possible reasons why pre- 
strain under ductile conditions restores ductility to a metal under 
otherwise brittle conditions is the possibility—in view of the existing 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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experimental data—that the tensile prestrain realigns the micro- 
cracks into positions in which they are less conducive to fracture 
when straining is continued in the same direction as the prestrain. 

The critical experiment to prove or disprove this hypothesis is 
obvious: Prestraining under ductile conditions should be carried out 
in a direction that orients microcracks in positions “cross-grained” 
to the subsequent direction of straining to see if ductility is or is not 
restored to the metal under otherwise brittle conditions. A simple 





Fig. 1—Schematic Dependence of Ductility on»Testing Tem- 
perature, Strain Rate and Notch Severity. 


prestrain that fills this requirement, and, incidentally, bears many 
interesting relationships to the prestrain used in previous experiments 
is pure compression, operating in the same direction as the tensile 
strain of the subsequent tensile test. 


MATERIAL AND PROCEDURE 


A low alloy steel, SAE 1340, in the quenched and tempered 
condition, was used in this investigation. The material was received 
in the form of 34-inch diameter hot-rolled rods. Specimens were 
prepared from the rods according to the following schedule: 

1—Normalize at 1675 °F (913°C) for % hour and air cool. 

2—Stress relieve at 1200 °F (650 °C) for 4 hours followed by a 

furnace cool. 

3—Rough machine to the dimensions shown in Fig. 3a if the bar 

is to be strained in tension and to the dimensions shown in 
Fig. 3b if the bar is to be strained in compression. 
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Fig. 2—(a)—Schematic Ductility, Testing Temperature, Strain Rate, Notch Sever- 
ity Relationship. (b)—Rheotropic recovery at subtransition temperatures. (c)—Rheo- 
tropic recovery at high strain rates and under severe notched conditions. 


. 4—Austenitize at 1525°F (830°C) for 45 minutes and oil 
quench. (A microscopic examination ‘showed the larger of 
these bars to be hardened throughout. ) 

5—Temper for 1 hour at 600 °F (315°C) and water quench. 

6—Finish machine to the tension or compression specimen 

shapes shown in Figs. 3a and 3b. 

The first group of these finished tensile specimens was used to 
determine the effect of testing temperature on ductility. The tech- 
nique used for both the room and low temperature tests on the un- 
worked and prestrained material has been described in detail pre- 
viously (3). 

The dimensions of the specimens used for prestraining in com- 
pression are shown in Fig. 3b. After compressing these specimens’ 
various amounts at room temperature, the deforméd specimens were 
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Fig. 4—Effect of Testing Temperature on the Duc- 
tility of SAE 1340 Quenched and Tempered at 600 °F. 
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remachined to the shape shown in Fig. 3c before the subsequent 
room or low temperature tensile tests. 

Specimens shaped as shown in Fig. 3a were used for prestrain- 
ing in tension. These specimens were not remachined after the pre- 
stretching operation. 
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Fig. 5—Rheotropic Recovery After Prestraining in Tension 
and in Compression at Room Temperature. Testing was in ten- 
sion at indicated temperatures. 


The time interval between prestraining and testing was 3 hours 
for the test series in which prestraining was in tension. For the 
specimens prestrained in compression, the time interval was neces- 


sarily longer (24 hours) in order to allow for the machining opera- 
tion. | 
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RESULTS AND DISCUSSION 


The dependence of ductility? on testing temperature for the heat 
treated SAE 1340 used in this study is shown in Fig. 4. The low 
temperature properties of the steel are quite different from those of 
the heat of SAE 1340 whose properties were discussed in an earlier 
report (4) even though both steels were given the same heat 
treatment. 

In Fig. 5, the retained ductility at a number of different testing 
temperatures is shown as a function of the prestrain (both compres- 
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sion and tension) at room temperature. It is apparent from the data 
collected at —150 and —220 °F that prestraining in compression at 
a supertransition temperature is capable of partially regenerating the 
ductility normally denied to the metal at subtransition temperatures 
and, it might be added, it does so at much lower prestrains than pre- 
straining in tension. Since compressive strains are capable of over- 
coming the rheotropic impediment, the possibility that rheotropic re- 
covery is simply a matter of realigning the microflaws is eliminated. 





*The ductility value used Se this paper is the maximum natural strain (2) 
where this quantity is defined a 


e: = In Seieinal area 
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In addition to this critical result, these curves show a number 
of other interesting features. | 

The curves at subtransition temperatures are continuous and 
asymmetric in the vicinity of zero prestrain. This might be con- 
sidered to be an expected and normal result, but it should be remem- 
bered that while the prestrains undergo a continuous change (through 
zero), the stress states under which these prestrains were effected 
were discontinuously changed in the neighborhood of zero prestrain. 

In Figs. 5c and 5d, light-weight lines have been added to the re- 
tained ductility-prestrain curves to show the hypothetical shapes of 
these curves in the absence of rheotropic embrittlement. 

The compression side of the retained ductility-prestrain curves 
is affected by the testing temperature, not only at small prestrains, 
but after large compressive strains as well. After the ductility first 
increased with small compressive prestrains (rheotropic recovery), 
further straining depressed the retained ductility. The strain at 
which this fast drop in properties takes place moves to smaller pre- 
strains as the testing temperature is dropped. This effect is shown 
better in Fig. 6a in which the ratio of the retained ductility to the 
ductility at zero prestrain is plotted for each testing temperature 
against the ratio of the room temperature prestrain to the room tem- 
perature fracture ductility. Some data previously presented on the 
aluminum alloy 24S-T4 are similarly plotted in Fig. 6b. While body- 
centered cubic steel shows a fast ductility drop after a critical pre- 
strain that depends upon the testing temperature, the face-centered 
cubic aluminum alloy does not show a fast drop in retained ductility 


at any strain, nor does the shape of the curves in Fig. 6b depend upon 
the testing temperature. 
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DISCUSSION 


Written Discussion: By E. Orowan, Department of Mechanical Engi- 
neering, Massachusetts Institute of Technology, Cambridge, Mass. 

Rheotropy is not confined to metals; it is a general property of all 
crystalline materials that are capable both of plastic deformation and of 
brittle (cleavage) fracture. In his theory of the mechanical properties of 
solids, P. Ludwik assumed that the mechanical behavior of metals is 
determined by two quantities: the yield stress, and the fracture stress 
(= strength), both of which he assumed’ to depend in general on the 
strain. In other words, he assumed that rheotropy (the dependence of 
the fracture stress upon the preceding plastic strain) is a general property. 

The first experimental observations of rheotropy were reported by 
M. Polanyi in 1922;* they were made on tungsten and on crystals of NaCl. 
While some of the experiments on tungsten may have to be interpreted 
differently, the few measurements on NaCl are very interesting. In one 
of these, the crystal was first compressed and then broken in bending; 
the bending strength was 1.376 kg/mm’, against 1.079 for a specimen 
taken from the same parent crystal and broken in bending without pre- 
ceding compression. The second experiment was ¢ven more interesting: 
the bending strength of specimens cut from three parent crystals of NaCl 
increased roughly by 20% if they were previously subjected to bending 
in the same direction under 80% of the breaking load for 30 hours. 

The rheotropic behavior of zinc was studied in detail by E. Schmid 
and W. Fahrenhorst.* They found that the cleavage strength of the prism 
plane (1010) rose by more than 400% if the fracture at liquid air temper- 
ature was preceded by 500% extension at room temperature. They also 
found that the rheotropic effect could be positive or negative, according 
to circumstances; that the influence of preceding cold work upon the work 
of fracture in the notch impact test can be either positive or negative is 
well known. 

As regards the possible cause of the increase of cleavage strength 
with strain, the explanation rejected by the authors on the ground of 
their experiments was very unlikely to play a role; if Griffith cracks are 
responsible for the fracture, the decisive cracks ought to lie in the cleav- 
age planes and remain in them during the deformation. The simplest way 
to explain the effect would be to assume that the Griffith cracks are cut 


8M. Polanyi, Zeitschrift fiir Elektrochemie, Vol. 28, 1922, p. 16. 


- *References in the section on Rheotropy in “Kristallplastizitat” by E. Schmid and W. 

Boas, Berlin, 1935, Fe 182-186; in the English translation, “Plasticity of Crystals’, London, 

he German term for rheotropy is “Reissverfestigung”; in his lectures, 

the present writer uses the term “strain strengthening” which has been adopted in the 
English translation of Schmid-Boas. " 


1950, p. 175-179. 
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up and their fragments transported into different planes by slip in inter- 
secting planes. If this were the explanation, the cleavage strength in the 
basal (slip) plane (0001) of Zn could not rise by prestraining as much 
as that of the intersecting prism plane (1010), and low-temperature 
fracture after room temperature deformation would occur preferentially 
along the basal plane. This is not confirmed by observations. A second, 
much more important, difficulty is that the strain strengthening of the 
prism plane recovers at room temperature almost as rapidly as the ‘strain 
hardening; Schmid found that the cleavage strength decreased by 26 to 
44% during 2 minutes of annealing at 80°C. This would be quite im- 
possible if the strengthening were due to the subdivision of cracks. The 
rapid recovery, however, suggests strongly a very different explanation. 
It is well known that the cleavage fracture of Zn crystals cannot be ex- 
plained by the Griffith mechanism; the strength of these crystals is so 
low that cracks of 5 or 10 millimeters depth would have to be assumed 
to explain the observed strength of a crystal of, say, 1 millimeter thick- 
ness on the basis of the Griffith formula. The present writer has pointed 
out® that there are several possible mechanisms of cleavage crack propa- 
gation by plastic deformation, as an alternative to the purely. elastic 
process considered in the Griffith theory. If, as is indicated by the failure 
of the Griffith formula, such a plastic fracture mechanism has to be 
assumed in the case of Zn, the presence of rheotropy is a necessary 
consequence of strain hardening. If prestraining increases the yield stress 
and if plastic yielding is an essential part of the cleavage process, pre- 
straining must increase the cleavage strength, and this increase should 
gradually disappear in the course of annealing owing to strain hardening 
recovery (thermal softening). Naturally, deformation also produces 
cavities and internal stresses on a coarser scale which, on their part, tend 
to reduce the strength. Whether the rheotropy effect is positive or nega- 
tive depends, therefore, on the balance between strain hardening on one 
hand, and the weakening effect of the internal stresses on the other. 

Written Discussion: By J. H. Westbrook, Research Laboratory, The 
Knolls, General Electric Co., Schenectady, N. Y. 

This paper is another valuable addition to our expanding knowledge 
of the phenomenon of rheotropic embrittlement, almost all of which has 
emanated from the authors’ laboratory over the past several years. The 
results described here disprove beyond any reasonable doubt the micro- 
crack alignment hypothesis for the mechanism of elimination of rheotropic 
embrittlement. 

Several points are raised by these experiments, however, which bear 
further study. The low temperature ductility of the SAE 1340 steel tested 
here is significantly different (an increase of 150°F in transition temper- 
ature) from that of another heat of the same steel with the same heat 
treatment, previously tested and described by one of the authors. Are 
analyses of these two heats available? Significant differences in oxygen, 
carbon, or nitrogen, if present, might then be used in an interpretation of 
the data in terms of a. precipitation or aging hypothesis. 

In the authors’ Fig. 6 it is shown that the compression side of the 


5E. Orowan, International Congress on Physics, London, 1934, Vol. II, p. 87; Reports 


on Progress in Physics, Vol. 12, 1949, p. 185, Physical Society, London. 
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retained ductility-prestrain curves for the steel tested not only differs in 
shape from that of similar curves for aluminum but is also strongly 
temperature-dependent, again in contrast to the behavior of aluminum. 
While interesting, it should be emphasized that this behavior is extraneous 
to the phenomenon of rheotropic embrittlement, since the curves of Fig. 
6a are derived from the hypothesized curves for the absence of rheotropic 
embrittlement shown in Fig. 5. 

Referring to the curves of Fig. 5, it appears that the lower the test 
temperature, the greater the amount of prestrain (either tension or com- 
pression) required to remove the rheotropic impediment. This is also 
borne out by the authors’ previous work on zinc.® 

One also wonders whether the asymmetric arrangement of the re- 
tained ductility-prestrain curves may be due to the longer time lapse 
between prestrain and testing in the case of compression prestrain. Has 
this been checked experimentally? 


Authors’ Reply 


The authors are grateful to the discussers for the interest they have 
shown in this work. Mr. Westbrook suggests that a comparison of the 
chemical analysis of the present heat of SAE 1340 and the heat previously 
discussed might make possible an interpretation of the transition temper- 
ature difference shown by these two steels. The authors, however, were 
primarily interested in describing a mechanical behavior irrespective of 
any effect of chemical composition so long as all the behaviors are defined 
on the basis of the transition temperature. Consequently, the tedious 
chemical analyses of oxygen, carbon and nitrogen that would be necessary 
before any conclusions could be reached were not made. 

Mr. Westbrook also wonders whether or not the behavior difference 
between the precompressed and prestretched materials might be a result 
of the longer time between prestraining and testing for compressive pre- 
strains: The basis for his inquiry is obvious, since the specimen may be 
aging between prestraining and testing. However, in an earlier paper by 
the authors (Ref. 1) steel specimens were prestrained by both drawing and 
stretching at room temperature, after which these were cooled down and 
tested at a lower temperature. Although the time interval between pre- 
straining and testing was about 3 hours for the prestretched specimens 
and about 1 week for the predrawn specimens, the test results on these 
two series were almost identical. 

Professor Orowan states that, according to Ludwig’s Fracture Stress 
Hypothesis, “rheotropy (the dependence of the fracture stress upon the 
preceding plastic strain) is a general property”. Actually, the rheotropic 
effects discussed by the authors in this and in a number of earlier papers 
consider rheotropy as a characteristic influencing ductility (and presum- 
ably toughness) but not strength properties. Fracture stress’ values are 
influenced by rheotropic embrittlement only in so far as the stress-strain 
curve is terminated at an abnormally small strain. The experiments of 
Polanyi on rock salt and tungsten and of Schmid and Fahrenhorst on zinc 


*E. J. Ripling and W. M. Baldwin, Jr., ““Rheotropic Brittleness: General Behaviors”, 
1951 ASTM Preprint 39. - 


TAs defined by the ratio of the breaking load to the cross sectional area at fracture. 
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were again studies in which the influence of prior deformation on fracture 
stress was made. The fracture stress and ductility frequently respond 
to prestrain in an entirely different fashion; for example, on some earlier 
work on a silicon steel® it was shown that room temperature prestraining 
continuously increased the fracture stress at —321°F, while the low tem- 
perature ductility was first decreased and then increased to about double 
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Fig. 7—Comparison of the Room Temperature Compres- 
sive Prestrain Necessary to Cause the Rapid Ductility Losses 


(at the Testing Temperature Shown in Fig. 5) With the 
Tension Ductility —- Testing Temperature Curve. 


its initial value, after which the ductility again decreased as a function of 
the room temperature prestraining. 

The shape of the compression side of the retained ductility — prestrain 
curve at high prestrains is noted to be temperature-dependent in the text 
as presented above. It might be well to add here a few words in order 
to define more precisely the manner in which high compressive prestrains 
decrease the low temperature retained ductility. A convenient point for 
comparison in these curves is the magnitude of the compressive prestrain 
necessary to drop the retained ductility to one-half of its maximum value. 
When these points, as taken from Fig. 5,° were plotted as a function of 
the testing temperature (the triangles) in Fig. 7, the compression strain 
values were found to define a transition temperature in the ductility —- 
testing temperature curve which was at about the same temperature as 
that found by a simple tensile test. 


SE. J. Ripling and G. Saclis, “The Effect of Strain-Temperature History on the Flow 


— ~ oar Characteristics of an Annealed Steel”, Journal of Metals, Vol. 1, No. 2, 
» P- . 


Some test results obtained by compressing at room temperature followed by tensile 
testing at 0 °F which have not been reported are also available for one point in Fig. 7 





TEMPER EMBRITTLEMENT IN PLAIN CARBON STEELS 


By Josepu F. Lisscu, ArtHuR E. Powers AND 
GOPALKRISHNA BHAT 


Abstract 


Data are presented to show the development of em- 
brittlement in a commercial AISI 1050 steel tempered 
above 850 °F (455 °C) after hardening. The influence of 
time and temperature upon the progress of embrittlement 
is given by iso-embrittlement curves. 

It is concluded that plain carbon steels are highly sus- 
ceptible to temper embrittlement above 850 °F (455 °C). 
The degree of embrittlement increases with time and tem- 

. perature up to the lower critical temperature. The embrit- 
tling reaction is not reversible, and the embrittled structure 
can be avoided only by very short tempering cycles typical 
of induction heating. Conventional tempering cycles above 
850 °F (455°C) invariably embrittle plain carbon steel. 

The new data provide a fundamental basis for re- 
evaluation of the influence of alloying elements on temper 
embrittlement, and for the reconsideration of the mecha- 
nism by which embrittlement occurs. 


ARTICULARLY unfortunate from the standpoint of a better 
understanding of the mechanism of temper embrittlement is a 
lack of understanding concerning the behavior of plain carbon steels. 
Most investigators of temper brittleness have interpreted their obser- 
vations and drawn conclusions on the basis that plain carbon steels 
do not exhibit embrittlement. Recently, it has been suggested that 
the transformation which causes embrittlement during tempering at 
elevated temperatures occurs very rapidly in plain carbon steels caus- 
ing embrittlement at a very high rate (1, 2).1 Clarification of this 
fundamental disagreement is obviously required if a satisfactory 
explanation of the mechanism of temper brittleness in steel is to be 
forthcoming. 
Greaves and Jones (3) and Nagasawa (4) found no evidence 
of temper embrittlement in plain carbon steels during room tempera- 
1The figures appearing in parentheses pertain to the references appended to this paper. 


A paper presented before the Midwinter Meeting of the Society, held in 
Pittsburgh, January 31 and February 1, 1952. Of the authors, J. F. Libsch is 
associate professor of metallurgy, Lehigh University, and consulting metallur- 
gist, Lepel High Frequency Laboratories, Inc.,. New York. A. E. Powers is a 
former graduate student at Lehigh University and is now associated with the 
General Electric Co., Schenectady, N. Y. G. Bhat is a graduate student at 
Lehigh University, Bethlehem, Pa. Manuscript received July 18, 1951. 
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ture tests conducted after slow cooling from the tempering tempera- 
ture. Hollomon (5) found that specimens of SAE 1035 steel which 
had been furnace-cooled from 1200 °F (650°C) had the same tran- 
sition temperature as did specimens which were water-quenched from 
the same temperature. After a comprehensive review of temper 
brittleness, he concludes that plain carbon steels, with less than ap- 
proximately 0.60 to 0.70% manganese, are not susceptible or at least 
only slightly susceptible to temper brittleness. 

Jaffe and Buffum (1) on the other hand have presented limited 
data and theorized that embrittlement is not evident in plain carbon 
steels because it occurs so rapidly that it will develop even during 
quenching from just below the Ae; temperature. They have further 
speculated that the effect of alloying elements is to retard the devel- 
opment of the embrittlement. Spretnak and Speiser (2), considering 
the role of surface adsorption in the mechanism of temper embrittle- 
ment, also propose that plain carbon steels embrittle at a very high 
rate. 

It appears, therefore, that any comprehensive explanation of the 
mechanism of temper embrittlement in hardened steels is handi- 
capped at the start by a lack of fundamental data. The present inves- 
tigation was initiated to test the supposition that commercial plain 
carbon steels as normally hardened and tempered in the range from 
850 °F (455°C) to the lower critical temperature are inevitably 
embrittled. 


ESTABLISHMENT OF AN UNEMBRITTLED CONDITION 


The most suitable indication of the embrittlement which accom- 
panies tempering hardened steels at elevated temperatures appears 
to be a loss in ductility and notch-toughness under testing conditions 
which restrict plastic deformation (5). Attempts to establish the 
susceptibility of steels to temper embrittlement have therefore been 
concerned with the difference in the ability of embrittled and unem- 
brittled specimens to absorb impact energy in breaking. The use of 
impact tests at room temperature has been shown to be ineffective 
in measuring temper embrittlement (5). The most suitable means so_ 
far devised is to measure the temperature of transition from ductile 
to brittle fracture by employing a range of fracturing temperatures. 

Since all of the test methods used to determine the susceptibility 
of steel to temper embrittlement depend upon a comparison of the 
steel in the unembrittled and the embrittled state, it is of paramount 
importance that an unembrittled state be established. In the past, 
this has been accomplished by heating all test specimens to a temper- 
ature just below the lower critical, i.e., about 1250 °F (680°C), and 
quenching to room temperature. Specimens to be embrittled have. 
been either slowly cooled from the tempering temperature or have 
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been isothermally embrittled by reheating the specimens considered 
unembrittled to various temperatures for varying periods of time 
(6, 7). With these procedures all specimens achieve uniform hard- 
ness. 

If the embrittling transformation is not completely reversible, it 
is evident that the preliminary treatment indicated may produce spec- 
imens which upon quenching are already to some degree embrittled. 
While Greaves and Jones (8), Hollomon (5), Pellini and Queneau 
(7), and Jaffe and Buffum (6) have concluded that the embrittle- 
ment reaction is reversible in low alloy steels, i.e., toughness may be 
restored to an embrittled specimen by reheating to above the embrit- 
tling range and quenching, there appears little reason to conclude that 
the reaction is reversible in plain carbon steels. This is particularly 
true if plain carbon steels embrittle at a very high rate. 


Rapid Heating to Secure Unembrittled Specimens 


Another possible method of providing unembrittled specimens of 
hardened steels, tempered in the range from 850 °F (455 °C) to the 
lower critical temperature, is to heat to the tempering temperature 
very rapidly, i.e., by induction heating and quenching. Such a treat- 
ment may avoid the transformation which produces embrittlement by 
allowing insufficient time for the reaction. 

In a study to determine the temper embrittling characteristics 
of plain carbon steels using very short heating, Powers (9) compared 
the transition curves for notched-bar specimens of AISI 1050 steel 
heated to 1000 and 1200°F (540 and 650°C) for 5 seconds by 
induction with the transition curves obtained on the same steel after 


Table I 


Transition Temperatures and Hardness for Various Tempering Treatments Given 
AISI 1050 Steel. Powers (9) 


-Transition Temperature—, 


50% Fibrous Y% Max. 
Treatment* Rockwell C Fracture Energy 
°F Time Hardness °F °F 

1000 5 sec. 40 —100 —106 
1000 60 sec. 39 —96 —100 
860 1 hr. 38 —100 —110 
1200 5 sec. 32 —97 —103 
1025 1 hr. 31 —57 —58 
1200 4 hr. 22 —47 —42 
1275 1 hr. 17 —26 —25 


*All specimens previously quenched in brine from 1500 °F (815 °C). 





heating to 860, 1025 and 1275 °F (460, 550 and 690 °C) for 1 hour. 
His data are tabulated in Table I. 

These data appear particularly significant since they indicate that 
(a) plain carbon steels heated to just below the lower critical tem- 
perature for normal tempering times and quenched to represent an 
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unembrittled condition are in reality severely embrittled; (b) plain 
carbon steels are susceptible to temper embrittlement; and (c) a 
truly unembrittled condition may be obtained only by restricting tem- 
pering times to a few seconds and quenching. These results develop 
serious doubt concerning past observations made on plain carbon 
steels given a preliminary tempering treatment just below the lower 
critical temperature for conventional tempering times followed by 
quenching to establish unembrittled specimens of uniform hardness. 


IsOTHERMAL EMBRITTLEMENT CHARACTERISTICS OF A 
PLAIN CARBON STEEL 


Since restricting the tempering time to avoid the embrittling 
transformation provides a method of establishing an essentially un- 
embrittled condition in hardened steels, it appeared desirable to study 
the isothermal embrittling characteristics of a commercial plain car- 
bon steel. 

Expervmental Details 


Material—For this purpose commercial AISI 1050 steel bar 
stock was received in the form of 3-inch hot-rolled squares. The 
steel was prepared as a basic open-hearth, aluminum-killed heat. 
The chemical analysis is given in Table II. The lower critical tem- 


Table Il 
Chemical Composition of AISI 1050 Steel Used for Isothermal Embrittlement Studies 


Carbon Manganese Sulphur Phosphorus Nickel Chromium Molybdenum 
0.46 0.75 0.034 0.02 0.03 0.12 nil 


perature determined by metallographic analysis of samples heated by 
induction in 20°F (11°C) increments was found to be between 
1260 and 1280 °F (680 and 695 °C). 

Charpy V-notch specimens were prepared by grinding the as- 
received stock to 0.420-inch squares, heat treating and then finally 
grinding and notching to standard V-notch Charpy bars. 

Preliminary Treatment—All specimens were hardened by heat- 
ing to 1525°F (830°C) for % hour and brine quenching. As 
hardened, the specimens had a hardness of Rockwell C-60, showed 
a fracture grain size of ASTM No. 7, and a microstructure consid- 
ered to be essentially 100% martensite. 

Prior to the isothermal embrittling treatment, all specimens were 
tempered by induction heating to 1200°F (650°C) for 5 seconds. 
This was accomplished with a high-frequency converter operating at 
a frequency of approximately 300,000 cycles per second. Specimens 
were placed in a suitable load coil to provide uniform heating and ° 
were quenched immediately upon completion of the heating cycle by 
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means of a quench ring arranged to cool the specimen directly. Spec- 
imens were heated at a rate of approximately 200 °F (110°C) per 
second. Temperature control was achieved by percussion welding 
the individual wires of a chromel-alumel thermocouple to the speci- 
men at its midpoint, and by means of a high speed recorder-con- 
troller modified to provide for holding a prescribed temperature for a 
given period of time. This treatment provided a hardness of Rock- 
well C-34 and a uniformly sorbitic structure. 

Isothermal Embrittling Treatment—Subsequent to the prelimi- 
nary tempering treatment, specimens were divided into 27 series and 
tempered in the range of 850 to 1250 °F (455 to 680 °C) for periods 
of time varying from 5 seconds to 100 hours, by induction, in a lead 
pot or in a furnace as shown in Table III. All specimens were 
quenched in water from the embrittling temperature. 


Table Ill 


Heat Treatment, Transition Temperatures. and Hardness for Specimens 
Isothermally Temper-Embrittled* 


Transition Temperature 


50% Fibrous Y% Max 


Series -——Treatment——\, Rockwell C Fracture Energy 
No. Temp. °F Time Method Hardness - °F 
1 1250 5 sec. Induction 33.5 —116 —96 
2 1250 5 min. Lead Pot 24.5 —86 —40 
3 1250 20 min. Furnace 23.5 —84 —70 
4 1250 10 hrs. Furnace 12 —35 —20 
5 1250 100 hrs. Furnace 7.5 +36 rt 
6 1200 5 sec. Induction 34 —132 —-104 
7 1200 20 sec. Induction 30 —118 —100 
8 1200 1 min. Induction 31 —105 —87 
9 1200 10 min. Furnace 26 —89 —65 
10 1200 30 min. Furnace 24.5 —85 —57 
11 1200 1 hr. Furnace 21 —76 —75 
12 1200 60 hrs. Furnace 12.5 —18 +8 
13 1100 1 min. Induction 32.5 —110 —98 
4 1100 5 min. Lead Pot 30.5 —100 —100 
5 1100 10 min. Furnace 30.5 —96 —73 
16 1100 30 min. Furnace 28.5 —90 —75 
17 1100 1 hr. Furnace 27.5 —82 —75 
18 1100 3 hrs. Furnace 24.5 —80 —62 
19 1100 92 hrs. Furnace 16 —38 —10 
20 1000 20 sec. Induction 33 —132 —170 
21 1000 10 min. Furnace 33 —100 —93 
22 1000 1 hr. Furnace 30.5 —98 —75 
23 950 100 hrs. Furnace 25.5 —69 —60 
24 900 5 min. Lead Pot 34 —130 —116 
25 900 10 min. Furnace 33.5 —115 —113 
26 900 1 hr. Furnace 33 —125 —135 
27 850 1 hr. Furnace 33 —132 —120 


*All specimens previously quenched in brine from 1525 °F (830°C) and tempered at 
1200 °F (650 °C) for 5 seconds. 


Testing Procedure—After the embrittling treatment all speci- 
mens were ground to size and notched to form standard V-notched 
Charpy impact specimens. All notches were lightly polished with 
fine emery paper to remove scratches and minimize scatter in impact 
test results. 

Impact tests were conducted over a series of temperatures de- 
signed to develop the transition from ductile to brittle-type failure. 
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To secure low temperatures, specimens were immersed in dry ice — 
alcohol and petroleum ether —liquid nitrogen mixtures until equi- 
librium was established (usually 5 minutes). They were then placed 
on the anvil of a 217 foot-pound machine (16.8 foot per second strik- 
ing velocity) and immediately broken. 

The impact test results for each series were plotted in the con- 
ventional way, plotting both the energy absorbed in breaking and 
the per cent of fibrous fracture as determined by measuring the pro- 
portion of the fracture which appeared fibrous. 


Results and Discussion 


Fig. 1 shows the energy and fracture curves for specimens iso- 
thermally embrittled at 1200 °F (680°C) for 5 seconds, 1 hour and 


1200 °F 5 sec. 
i200 °F Ihr. 
1200 °F. 6Ohrs. 














Fibrous Fracture, % 





Impact Energy, Ft-Lb 





-240 -200 -I60 -I20 -80 -40 0 +40 +80 ° 
Testing Temperature °F 


Fig. 1—Influence of Embrittling Time and Testing Temperature Upon Impact 
Energy ‘and Fracture Appearance. (Tempering temperature, 1200 °F.) 


60 hours; while Fig. 2 shows similar data for the specimens em- 
brittled at 1100 °F (595 °C). 

Various criteria were considered to represent the transition tem- 
perature for tabulation and plotting as iso-embrittlement curves. 
These criteria included the temperature for (a) the initial appear- 
ance of brittle failure and (b) 50% fibrous fracture, as determined 
from the curves of fracture appearance versus testing temperature. 
Also, the criteria included the temperature (c) at which the energy 
absorbed in testing dropped to 25 foot-pounds, and (d) at which the 
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Fibrous Frocture, % 
Impact Energy, Ft-Lb 





-240 -200 -I60 -!20 ~-80 -40 0 +40 +80 
Testing Temperature °F 


Fig. 2—Influence of Embrittling Time and Testing Temperature Upon Impact 
Energy and Fracture Appearance. (Tempering temperature, 1100 °F.) 


energy absorbed was one-half of the maximum energy value obtained 
over the testing range. The selection of each of these criteria has 
been_ discussed critically in the literature relating to transition tem- 
perature. 

Table IV tabulates the transition temperature values obtained 
for each of the above criteria as determined from the curves in Figs. 
1 and 2. While the absolute values of the transition temperature 
vary with the criteria used in determination, the trend appears gen- 
erally consistent with all criteria. As a result, the iso-embrittlement 
curves were constructed from the transition temperature determined 
as that temperature at which the fracture appeared to be 50% fibrous. 


Table 1V 
Influence of Embrittling Time Upon Transition Temperature 


Temperature = 1200 °F 


Embrittling ewe Cc -——Transition Temperature Criteria——_, 
Time Hardness (a) (b) (c) (d) 
5 sec. 35 Te —133 —127 —104 
1 hr. 23 —20 —76 —113 —75 
60 hrs. 12.5 +40 18 —32 +8 
Temperature = 1100 °F 
5 min. 30 . —100 —112 —100 
1 hr. 29 —50 —82 —110 —75 
92 hrs. 16 +25 —38 44 —10 





(a) Initial appearance of brittle failure. 
eb} 50% fibrous fracture. 

(c) 25 foot-pounds energy absorbed. 

(d) % max. energy absorbed. us 
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In addition, the transition temperatures determined at one-half the 
maximum energy obtained are given in Table III. 

It will be noted in Figs. 1 and 2 and Table III that the temper- | 
ing treatments produced varying degrees of hardness and different 
maximum energy levels. This condition results inevitably for speci- 
mens isothermally embrittled for a long time at high temperature 
because the initial tempering at 1200 °F (650 °C) for 5 seconds is so 
short. Naturally, the question develops as to whether such varying 
structures have inherently altered the transition temperatures. 

In this connection, Hollomon and Jaffe (10) give data showing 
that, as the tempered hardness increases, the level of the notched-bar 
impact energy decreases, but the transition temperature rises only 
slightly. In the same manner an analysis of the data in Table I 
shows only a minor variation in the transition temperature for un- 
embrittled specimens tempered at 1000°F (540°C) for 5 seconds 
and at 1200 °F (650°C) for 5 seconds, although there is a consid- 
erable variation in hardness between these two groups of specimens. 
Very recently Buffum and Jaffe (11) have concluded that while 
increasing hardness causes some increase in the transition tempera- 
ture for SAE 3140 steel, the difference between transition tempera- 
tures for the embrittled and unembrittled conditions at any given 
hardness within the range of Rockwell C-241%4 to C-32¥%4 is reason- 
ably constant. It appears, therefore, that any increase in the transi- 
tion temperature caused by treatments which produce lower hardness 
than that produced by the preliminary tempering treatment are truly 
indicative of temper embrittlement. For the purposes of this investi- 
gation the influence of hardness upon transition temperature was not 
considered significant. Actually the degrees of embrittlement re- 
ported for treatments of lower and lower hardness may be slightly 
conservative because of the generally opposite effects on transition 


temperature of decreasing hardness and increasing temper embrittle- 
ment. 


Iso-Embrittlement Curves 


The isothermal temper embrittlement characteristics of a com- . 
mercial AISI 1050 steel are given in the diagram of Fig. 3. The 
curves given represent iso-embrittlement lines, i.e., equal degrees of 
embrittlement developed by various combinations of tempering tem- 
perature and time. The reference point is the transition temperature 
for specimens tempered at 1200°F (650°C) for 5 seconds. The 
actual transition temperatures based on (a) 50% fibrous fracture 
and (b) one-half the maximum energy absorbed in breaking are 
given for all specimens in Table III. 

Fig. 3 indicates for the first time the nature of the temper embrit- 
tling reaction in commercial plain carbon steel. It is apparent that. 
embrittlement increases with both time and temperature ig the tem- 
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perature range from 850 °F to the lower critical temperature. 
The most striking feature of the temper embrittling behavior for 
_ plain carbon. steel is its irreversible nature. Contrary to the pub- 
lished data for alloy steels, the rate of embrittlement does not decrease 
as the tempering temperature approaches Ae, temperature. This 
irreversible behavior explains clearly why attempts to show temper 
embrittlement in plain carbon steels by quenching and slow cooling 


1300 


1000 


Temperature °F 


900 





| min. | he iO hrs. 100 hrs. 
Time, Seconds 


Fig. 3—-Iso-Embrittlement Curves for AISI 1050 Steel. Based on transition tem- 
peratures determined by 50% fibrous fracture. Figures beside points represent the in- 
crease in transition temperatures in degrees Fahrenheit from the unembrittled condition. 


specimens from just below Ae, have been unsuccessful. Obviously, 
treatments designed to develop an unembrittled structure have invar- 
iably been embrittling. Furthermore, since embrittlement does not 
develop isothermally at 1000 °F (540°C) for 30 seconds or less, it 
is unlikely that any embrittlement will develop during quenching 
from elevated tempering temperatures. 

It is interesting to compare the shape of the iso-embrittlement 
curve for plain carbon and low alloy steels. It appears that up to 
1000 °F (540°C) the iso-embrittlement characteristics of the plain 
carbon steel appear similar to those of SAE 3140 steel as presented 
by Jaffe and Buffum (6). Above 1000 °F (540°C), however, the 
rate of embrittlement in the plain carbon steel continues to increase 
with increasing temperature, in marked contrast to the behavior ob- 
served in the alloy steel. The influence of alloying elements upon the 
temper embrittling reaction thus appears to be one of decreasing the 
rate of embrittlement above 1000°F (540°C). It is believed that 
these new data may provide a fundamental basis for interpreting the 
influence of alloying elements upon temper embrittlement in steel. 

The continuous increase in™embrittlement with temperature to 
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the lower critical provides further evidence that the mechanism of the 
reaction is associated with carbon diffusion or carbide formation 
rather than with nitride formation as initially proposed by Hollomon. 

Several attempts to reveal the presence of a grain boundary pre- 
cipitate metallographically in severely embrittled specimens of AISI 
1050 steel with Cohen, Hurlich and Jacobson’s etching reagent (12) 
proved unsuccessful. No evidence of selective grain boundary attack 
could be developed in the carbon steel, although it was developed 
readily in an embrittled low alloy steel, i.e, AISI 3140. Thus, while 
plain carbon steels have been shown to be susceptible to temper em- 
brittlement, it appears that the nature of the embrittling agent is such 
that the action of Cohen, Hurlich and Jacobson’s etching reagent is 
ineffective in revealing a selective grain boundary attack. 

Whereas temper brittleness may be prevented in low alloy steels, 
either by quenching from above the embrittling range or avoiding 
long tempering treatments within the embrittling range, it can be 
avoided in plain carbon steels only by restricting tempering times 
above 900 °F (480 °C) to very short periods, i.e., less than 1 minute. 
Such short tempering treatment periods are readily accomplished by 
induction heating because it provides optimum conditions for heat 
transfer to the workpiece. Since heat treated plain carbon steels 
are usually utilized in small cross sections, because of their limited 
hardenability, these short tempering cycles should present no diffi- 
culty (13), 

It is possible that short tempering cycles, i.e., “quick temper- 
ing”, will promote greater utility for commercial use of plain carbon 
steels than previously realized. 


SUM MARY 


Hardened commercial plain carbon steels have been found sus- 
ceptible to embrittlement when tempered in the temperature range 
from 850 °F (455 °C) to the lower critical temperature. The degree 
of embrittlement increases progressively with temperature and time 
in the embrittling range. 

Temper embrittlement in plain carbon steels is not reversible. ' 
Embrittlement can be avoided only by restricting tempering times to 
very short periods, i.e., a few seconds, when the tempering tempera- 
tures are above 900 °F (480°C). This is conveniently accomplished 
by induction heating. 

[t is believed that temper brittleness in plain carbon steels has 
not been detected before because all attempts to produce an unem- 
brittled structure have invariably been embrittling. 

The iso-embrittlement curves presented for AISI 1050 steel pro- 
vide a fundamental basis for the re-evaluation of the influence of 
alloying elements upon temper embrittlement. It appears that the, 
alloying elements decrease the rate of embrittlement above 1000 °F. 
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The iso-embrittlement curves presented for plain carbon steels 
likewise provide fundamental data for a reconsideration of the mech- 
anism of temper embrittlement in steel. The role played by carbon 
appears particularly significant, and the concept of selective precipita- 
tion at grain boundaries requires further study. 
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DISCUSSION 


Written Discussion: By D. E. Driscoll, chief, Mechanical Testing 
Section, Watertown Arsenal, Watertown, Mass. 

The statement is made that specimens were held at temperature 
(usually 5 minutes) until equilibrium is established. While it is acknowl- 
edged that equilibrium is often reached within 5 to 8 minutes, it is an 
established custom to hold specimens at temperature for a minimum of 
15 minutes to insure accurate specimen temperatures. As shown in Fig. 1, 
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the change in impact energy for each degree F change is in excess of 
1 foot-pound at times. 

For this same reason it is important to know the length of time 
necessary to remove the specimen from the coolant, and place in the 
Charpy machine and fracture it. Using the dry ice-alcohol coolant, the 
specimen holds temperature within 1°F for 5 seconds but then rapidly 
warms up so that at the end of 10 seconds the temperature has changed 
between 7 and 9 °F. 

The method used to handle and position the specimen should also be 
explained, as this may also have a great effect on the energy values 
obtained. 

Written Discussion: By S. R. Maloof, research metallurgist, Spring- 
field Armory, Springfield, Mass. 

While the authors have demonstrated for the first time that consider- 
able loss in notch toughness may occur by tempering a plain carbon steel 
above 850°F (455°C) for tempering times greater than 1 minute, the 
writer wonders whether the increases in transition temperatures for the 
various tempering temperatures used are solely due to temper embrittle- 
ment. While it is true that the displacement of the fracture energy versus 
testing temperature curve has been used to follow teniper brittleness, 
recently A. R. Entwisle*® has suggested that an intergranular fracture pro- 
duced in the notched-bar test at low temperatures might be used as a 
sensitive test for detecting temper brittleness. When applied to a plain 
carbon steel, the fractures were found to be predominantly of the cleavage 
type. It must be pointed out, however, that the same investigator estab- 
lished an unembrittled condition by prior tempering for 1 hour at 640 °C 
(1185 °F). The data of the authors shown in Table III indicate that some 
loss in toughness occurs after tempering for 1 hour in this temperature 
range, but that a considerably greater loss in toughness occurs for longer 
tempering times simultaneously with a marked decrease in hardness. Could 
not, therefore, the large decreases in notch toughness be attributed to 
extreme softening caused by the agglomeration and growth of the carbide 
particles? 

It is well known that the phenomenon of reversibility is an important 
characteristic of the temper embrittling reaction in low alloy steels. The 
writer feels that the authors have failed to detect this phenomenon in 
their plan carbon steel, due to the pronounced softening at elevated tem- 
peratures. Some alloying elements, like chromium, which promote temper 
brittleness, at the same time increase the resistance of the steel to soften- 
ing at elevated temperatures. While a critical amount and size of pre- 
cipitated carbide may be required to embrittle the steel, the improvement 
in notch toughness of a low alloy steel tempered at elevated temperatures 
without a large sacrifice in hardness could be explained on the basis of 
growth and agglomeration of the carbide.* The strain to fracture in the 
notched-bar impact test would be determined by the relative positions of 
the flow stress and fracture stress curves, which in turn would depend 
upon the size, shape and distribution of the carbide particles within the 


2A. R. Entwisle, “Low-Temperature Fractures in T: red Alloyed Steels”. J ! 
Iron and Steel Institute, Vol. 169, September 1951. nae ee , Laer 


8S. R. Maloof, “Some X-Ray Diffraction and Electron Microscope Observations on ‘ 
Temper-Brittle Steels”, see page 264, this volume. 
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grains, irrespective of any embrittling effect at the grain boundary. 
Assuming that the authors have developed temper brittleness in their 
carbon stéel without being able to produce a selective grain boundary 
attack with Zephiran chloride, therefore, it appears that the properties 
of the grain interior play a more important role in temper embrittlement 
than previously assumed. 

Written Discussion: By Jack K. Y. Hum, Bechtel Corp., San Fran- 
cisco, Calif. 

The authors are to he complimented on their work. It provides 
additional information to the study of temper brittleness of plain carbon 
steels. However, it brings forth some further questions that the authors 
may not have included in this paper: (a) If the reaction is not reversible, 
would not prior history of the steel have some bearing upon the embrit- 
tling treatment? (b) Would not the embrittling treatment of a lower 
carbon steel give better results, since it appears the higher carbon steels 
have such low impact values that the sensitivity of the tests is materially 
decreased ? 

Research work performed earlier at the University of California on 
temper brittleness of steels shows that the embrittling reaction can be 
picked up on plain carbon steels. This was accomplished by slow cooling 
AISI 1018 steels on one-quarter size Charpy bars. The bars were tested 
on a 4-16 foot-pound impact testing machine. Same results on AISI 1050 
steel gave only inconclusive results. 

I would appreciate any comments the authors may have on the above 
questions. 

Written Discussion: By M. R. Norton and W. C. Clancy, Watertown 
Arsenal Laboratory, Watertown, Mass. 

Our etching data do not substantiate the authors’ failure to develop 
grain boundary attack in their severely embrittled specimens. Investiga- 
tions of an SAE 1020, an SAE 1045 and a number of alloy steels have 
demonstrated the possibility of revealing boundary-like networks in un- 
embrittled as well as in embrittled specimens given sufficient etching time. 
Boundaries have been outlined during immersion in either a picric acid — 
ether — Zephiran chloride solution or in an aqueous picric acid solution. 
(The latter is simpler to prepare and more clean-cut in its attack.) Etch- 
ing time varies with the, steel, but the end results suggest a difference in 
degree of attack on embrittled and unembrittled samples of the same steel 
etched for the same time interval. In other words, after etching, bound- 
aries are visible in both embrittled and unembrittled specimens of a given 
steel but they are usually more pronounced in the former. It is possible 
that there is no relation between response to etching attack and temper 
brittleness. The significance of the above data, however, will be discussed 
in a future publication. 

Experiments were conducted on a series of SAE 1020 and SAE 1045 
specimens water-quenched and furnace-cooled from the temper. Temper- 
ing times for the 1020 and the 1045 specimens were 1 hour and 0.5 hour 
respectively. The furnace-cooled series of both steels displayed greater 
etching attack than did the water-quenched series. 

The authors’ curves in Fig. 3 suggest that our 1045 specimens, water- 
quenched after a 0.5-hour temper at 675°C (1250°F), should have been 
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fairly well embrittled. If, for the purpose of the present discussion, one 
may also suppose that these curves represent the embrittlement of our 
1020 steel water-quenched after a 1-hour temper at 680°C (1255 °F), this 
latter steel should likewise have been severely embrittled. Assuming that 
etching effects do indicate differences between embrittled and unembrit- 
tled specimens of the same material, one might expect, from the curves 
of Fig. 3, that our water-quenched 1045 specimens and more particularly 
the water-quenched 1020 specimens, should show a marked similarity in 
etching attack to that of the respective furnace-cooled specimens. Since 
our etching data do not bear out this expectation, one is led to question 
the validity of the representations of embrittlement in Fig. 3. 


Written Discussion: By D. C. Buffum and L. D. Jaffe, Watertown 
Arsenal Laboratory, Watertown, Mass. 

The results of the authors on temper brittleness in plain carbon steels 
are indeed convincing. It is pleasant to have definite confirmation of our 
suggestion that plain carbon steels embrittle very rapidly. Examination 
of the nature of fracture in plain carbon steels* gives additional support 
to the theory. 

The only conclusion of the authors which we should like to question 
is that “temper embrittlement in plain carbon steels is not reversible”. 
In alloy steels, temper brittleness develops at temperatures up to the 
lower critical (6, 7). Nevertheless, alloy steel embrittled at one tempera- 
ture and then held at a higher temperature first becomes tougher and 
later embrittles again,® in some circumstances at least. There appears to 
be no evidence in the authors’ paper to indicate that reversibility of this 
type (retrogression) does not occur in plain carbon steels, nor is there 
any good evidence available to indicate that temper brittleness in alloy 
steels is “reversible” in any other sense. It is suggested that the authors 
try embrittling their AISI 1050 steel at, say, 1000°F (540°C) and then 
holding it various short times at 1200°F (650°C). 

Written Discussion: By B. C. Woodfine, Department of Metallurgy, 
University of Sheffield, Sheffield, England. 

As the authors themselves have pointed out, the results obtained 
from this investigation on the temper embrittlement of a plain carbon 
steel are contrary to the previously reported data for low alloy steels 
normally considered to be susceptible to temper brittleness. In their 
AISI 1050 steel the embrittlement occurred very slowly at 890 to 930 °F 
(475 to 500°C) and both the rate of embrittlement and the amount of 
embrittlement increased with increasing temperature up to the Ae point. 
Furthermore the embrittlement could not be revealed micrographically by 
the Zephiran chloride reagent. 

In spite of these differences the authors consider that the causes of 
the embrittlement are the same as in the low alloy steels. However if, 
as they suggest, the embrittlement is related to the diffusion of carbon 
or to the formation of carbide, then in order to produce the observed 
differences between the kinetics of the embrittlement in the plain carbon 


‘L. D. Jaffe and-D..C,..Buffum; Authors’ reply to discussion, ‘“‘Temper Brittleness of 
Plain Carbon Steels’, Transactions, ‘American Institute of Mining and Metallurgical Engi- 
neers, Vol. 185, 1949, p. 880-881. 


5L. D. Jaffe and D. C. Buffum, “‘Réversion de la fragilité au revenu”, Revue de Métal- 
lurgie, Vol. 48, No. 8, August 1951, p. 609-612. 





1072 TRANSACTIONS OF THE A.S. M. Vol. 44 


steel and in the low alloy steels, an alloying element such as chromium 
would be required to decrease either of these processes at temperatures 
just below the Ae point and to increase them at about 930°F (500°C). 
This appears to be very improbable. Whichever theory of temper brittle- 
ness is correct, it is difficult to see how, by the addition of alloying ele- 
ments, the kinetics of the embrittlement can be modified in the way neces- 
sitated by the authors’ theory. 

An alternative suggestion is that the increase in the transition tem- 
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perature of the plain carbon steel with tempering time is not due to temper 
brittleness, but to an increase in the ferrite grain size, and to the co- 
agulation of the carbide particles. An increase in the ferrite grain size is 
known to raise the transition temperature.** If, from the results given 
in Table III of the paper, the hardness (Rockwell C) is plotted against 
the corresponding transition temperature (at 50% fibrous fracture), then 
the curve, Fig. 4, is obtained, and shows that there is a definite relation- 
ship between these two values, irrespective of the tempering temperature. 
This is completely contrary to the aSsumption which was made by the 
authors, that the influence of the hardness upon the transition temperature 
could be neglected. It is interesting to note that Jaffe and Buffum* 
found a similar increase in the transition temperature, together with a 
considerable decrease in the hardness, in an SAE 3140 steel after pro- 


*] .M. Hodge, R. D. Manning and H. M. Reichold, “The Effect of Ferrite Grain Size 
on Notch Toughness’’, a of Metals, Vol. 1, Sec. 3, Marck 1949, p. 233. 
™., ponperte. W. F. Craig and E. S. Bumps, “Effect of Ferrite Grain Structure Upon 
in ee eT eat of 0. on Carbon Spheroi ite” , Transactions, American Institute of 
etallurgical Engineers, Vol. 188, 1950, p. 1465. 
aL. D. Jaffe and D. C. Buffum, Revue de Métallurgie, Vol. 48, 1951, p. 609. 
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longed heating at 1250°F (675°C). This increase in transition tempera- 
ture could not be due to temper brittleness occurring at 1250°F (675°C), 
as that would be completely contrary to all the previous results obtained 
by Jaffe and Buffum on this steel.° Here again it seems probable that 
increasing ferrite grain size is responsible for the embrittlement. 

In view of the above considerations it is suggested that the causes 
of the embrittlement in the plain carbon steel are not the same as in the 
low alloy steels. Thus the embrittlement is not temper brittleness in the 
sense in which this term is normally used. The question could be settled 
by examining the nature of the brittle fracture which occurred in the 
severely embrittled specimens of the plain carbon steel. If the fracture 
is not intergranular, then the embrittlement cannot be due to temper 
brittleness. 

Written Discussion: By John F. Eckel, General Electric Co., Knolls 
Atomic Power Laboratory, Schenectady. 

This interesting paper is one of several that have appeared in recent 
years on the subject of temper brittleness. All of these seem to have 
overlooked a paper that appeared in 1945,” probably because of the lack 
of any reference to the subject of temper brittleness in the title. The 
objective of that investigation and the results obtained were not con- 
cerned with temper brittleness; however, an interesting phenomenon was 
discussed that may not be unrelated. 

Furthermore, some data were obtained to indicate that the transition 
temperature may be affected by ferritic grain size in an unquenched low 
carbon steel after annealing in wet hydrogen for removal of carbon and 
nitrogen. Pronounced ferritic grain growth accompanied this treatment. 

It was also shown that the minimum impact values occurring in low 
carbon steels in the vicinity of 1000°F (540°C) could be eliminated by 
removing carbon and nitrogen with the hydrogen anneal. This high tem- 
perature minimum in impact values could largely be restored by the addi- 
tion of small amounts of carbon (about 0.04%), but only partially restored 
by nitriding. As a result of these observations, it was suggested that the 
embrittlement near 1000°F (540°C) was caused by precipitates, princi- 
pally carbides, in the grain boundaries of ferrite. 


Authors’ Reply 


History records that many differences of opinion in scientific and 
engineering matters were mainly due to lack of established definition 
and terminology. The subject of temper embrittlement has progressed 
to a point where definitions and terminology in this subject should be 
universally standardized. Of first importance is a universal definition of 
temper embrittlement. Some physical metallurgists have considered tem- 
per embrittlement largely as a grain boundary embrittlement,” perhaps 
because of the failure to consider that the embrittlement may be due to 
other mechanisms besides a grain boundary embrittlement. The authors 
propose that temper brittleness be defined as any embrittlement which 


*L. D. Jaffe and D.C. Buffum, “Isothermal Temper Embrittlement”, Transactions, 
American Society for Metals, Vol. 42, 1950, p. 604. 


John F. Eckel and R. J. Raudebaugh, “The Impact Strength of Some Metallic Arc 
Weld Metal Deposits at Elevated Temperature”, Welding Journal, Vol. 24, 1945, p. 372-S. 


“A. R. Entwisle, “Low-Temperature Fractures in Tempered Alloy Steels”, Journal, 
Iron and Steel Institute, Vol. 169, September 1951, p. 36-38 
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develops progressively with time during the tempering of steel, as evi- 
denced by arise in impact transition temperature, regardless of the 
source or cause of the embrittlement. It is suggested that temper em- 
brittlement be subdivided into reversible and irreversible temper embrit- 
tlement. Reversible temper embrittlement would then comprise the grain 
boundary embrittlement developing most rapidly at 975°F (525°C) and 
also the “885 embrittlement” of high chromium steels, while irreversible 
embrittlement would comprise the embrittlement developing at higher 
temperatures due to changes of the microstructure with long-time tem- 
pering. 

With regard to irreversible temper embrittlement, there is ample 
evidence, as Mr. Woodfine has concluded, that this may be predominantly 
due to increasing ferrite grain size and agglomeration of carbides in the 
ferrite grain boundaries. Hodge, Manning and Reichhold” have shown 
that impact transition temperatures are a straight-line function of ferrite 
grain size in a 0.02% carbon steel, and Fisher and Boyce” have found, 
since the preprinting of this paper, that ferrite grain size does indeed 
increase with tempering time in AISI 1060 steel at 1250°F (675°C). In 
the study of the microstructural stability of steels for high temperature 
applications, it has been found that thousands of hours at high creep 
testing temperatures will bring about growth of ferrite grain size, agglom- 
eration of massive carbide in the ferrite grain boundaries, and an accom- 
panying loss of toughness in alloy steels.“ ” Ferritic elements to confer 
high temperature strength must also confer microstructural stability. 
Thus, a plain carbon steel may be expected to exhibit microstructural 
instability and irreversible temper embrittlement to a greater extent than 
an alloy steel, although reversible embrittlement may be much more prom- 
inent in the alloy steel. 

We intend to check the ferrite grain sizes of AISI 1050 steel in the 
future. We feel beforehand, as Fisher and Boyce have already found, 
that* this will require the use of an electron microscope. For the time 
being, we may theorize on the magnitude of irreversible embrittlement in 
AISI 1050 steel. Fisher and Boyce™ found the ferrite grain size in AISI 
1060 steel to increase from ASTM No. 15 to No. 13.5 by increasing the 
tempering time from 1 hour to 18 hours at 1250°F (675°C). From the 
data of Hodge, Manning and Reichhold,” this in¢rease in ferritic grain 
growth causes a 45°F increase in transition temperature in a 0.02% carbon 
steel. This is approximately equal to the rise in transition temperature 
shown in Fig. 3 when the increase is interpolated on a plot of rise in 
transition temperature versus log time at 1250°F (675 °C). 


We believe the above discussion will answer most of the questions 
presented by the discussers. We agree with Mr. Woodfine that the form 


2J. M. Hodge, R. D. Manning and H. M. Reichhold, “The Effect of Ferrite Grain 
Size on Notch Toughness’, Transactions, American Institute of Mining and Metallurgical 
Engineers, Vol. 185, 1949, ’p. 233-240. 


18R. M. Fisher and J. F. Boyce, discussion to paper by M. smanrette, W. F. Craig, Jr., 
and E. S. Bumps, “Effect of Ferrite Grain Structure Upon Impact Properties of 0.80% 
Carbon Spheroidite’’, Journal of Metals, November 1951, p. 1064-1065. 

“4S. H. Weaver, “The Effect of Carbide Spheroidization U the Creep Strength of 
veroer -Molybdenum Steel’, en American Society for Testing Materials, Vol. 41, 


%S. V. Smith, W. B. Seens, i S. Link and P. R. Malenock, ‘Microstructural 
Instability of Steele for Elevated Temperature Service’, ASTM preprint, "Nov. 28, 1951. 
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of the curves in Fig. 3 is probably due principally to growth of ferrite 
grain boundaries. Buffum and Jaffe* have found that in AISI 3140 steel, 
transition temperatures decrease with decreasing hardness down to a 
hardness level of Rockwell C-24 and then increase with further decreasing 
hardness. It appears that with decreasing tempered hardness, transition 
temperatures may not necessarily increase, particularly in alloy steels. 

Mr. Driscoll’s remarks concerning the necessity for care in the low 
temperature testing procedure are appreciated. In this connection we 
wish. to point out that the testing procedure was uniform for all samples, 
and that we believe 5 minutes in the low temperature bath is sufficient 
to establish temperature equilibrium, while 5 seconds is ample time to 
break the specimen after taking it out of the bath. 

We agree with Dr. Hum’s remark that the prior history of the steel 
may have some bearing on the rate of embrittlement, particularly irrever- 
sible embrittlement, since prior history will affect microstructural stability. 

Miss Norton and Mr. Clancy appear to associate temper embrittle- 
ment with the variation in etching effect at the grain boundaries, because 
of the uncertainty concerning the causes of temper embrittlement. It 
appears questionable that this criterion is as valid as the variation in 
impact transition temperature. It is emphasized that the results pre- 
sented in Fig. 3 give a summary of all types of temper embrittlement. 

In answer to Mr. Buffum and Dr. Jaffe, we do not believe that rever- 
sibility of grain boundary embrittlement can be attributed to retrogression. 
We must be concerned in all steels with several embrittling mechanisms. 
If the effects found by Jaffe and Buffum”™ are true retrogression effects 
of one process, then the embrittlement should develop more rapidly at 
1245 °F (675°C) than at 930°F (500°C). If true retrogression can be 
detected for reversible embrittlement, it may turn out to be very small 
in magnitude and detectable only after heating for a few seconds or 
minutes at a temperature of 950°F (510°C) after embrittling at lower 
temperatures. Our general theory of temper embrittlement does not pre- 
clude the possibility of grain boundary segregation as a cause of reversible 
temper embrittlement. Our theory of temper embrittlement in plain 
carbon steels differs markedly from that of Jaffe and Buffum”™ in that the 
embrittlement may be avoided by proper heat treatment. 

The paper referred to by Dr. Eckel deals principally with the phe- 
nomenon of blue brittleness. The relation between blue brittleness and 
temper brittleness appears to be obscure at present, although the same 
physical forces may be acting in both phenomena, giving rise to the char- 
acteristic effects observed in the corresponding temperature ranges. 

The work to be done in temper embrittlement is greater now than 
ever before. The specific effects of alloying elements on various types 
of embrittlement must be found. This work is being continued by the 
writers and the results are proving to be exceedingly interesting. 





_ 6D. C. Buffum and L. D. Jaffe, “Effect of Hardness on Temper Brittleness’’, Tech- 
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THE RATE OF PICKLING TEST FOR TIN-PLATE STEELS 
AND ITS METALLURGICAL SIGNIFICANCE 


By E. L. KoEH LER 


Abstract 


“Pickle lag’, determined by the rate of pickling test, 
is a phenomenon in tin-plate steels which is associated with 
poor internal corrosion resistance of tin cans. It ts traced 
to the occurrence of grain boundary oxides im the surface 
layers of the steel. These are developed during box an- 
nealing in an atmosphere which is not oxidizing to ferrite 
grains but is oxidizing to the grain boundaries. 

The conventional method of checking for pickle lag 
involves determining the rate of weight loss or hydrogen 
evolution of the untinned or detinned steel in ON hydro- 
chloric acid at 90°C. It has been found that the corrod- 
ing potential of the steel specimen in the hydrochloric acid, 
measured against a reference electrode, may also be used 
as a rapid, unambiguous test for pickle lag. In untinned 
black plate the presence of grain boundary oxides may be 
directly checked with the aid of a metallographic micro- 
scope. 

This work was done on a project sponsored by the 
Inland Steel Company at the Armour Research Founda- 
tion and incorporates some findings of the Research De- 
partment of the American Can Company. 


INTRODUCTION 


HE “rate of pickling” test has been developed by the Research 
Department of the American Can Company to assist in the 
evaluation of the corrosion resistance of electrolytic tin plate. In 
this test, the rate of corrosion or “pickling” of the untinned or de- 
tinned base plate in 6N hydrochloric acid (one part concentrated HCl 
to one part water, by volume) at 90 °C is determined either by weight 
loss or by measurement of the hydrogen evolved. A good steel sample 
will be attacked at a constant rate throughout the test. Such a steel 
is said to have no “pickle lag”. This has been found to correlate 
with good performance in pack tests. A pack test determines the 
actual performance of cans when packed with a food product, such 
as prunes, cherries, or peaches. Steels with a pickle lag also exhibit 
a linear final rate of pickling, but in the early part of the test there 
A paper presented before the Midwinter Meeting of the Society, held in 
Pittsburgh, January 31 and February 1, 1952. The author, E. L. Koehler, is 


research metallurgist, Armour Research Foundation of Illinois Institute of 
Technology, Chicago. Manuscript received May 2, 1951. 





1076 











1952 PICKLING TEST FOR TIN-PLATE STEELS 1077 


is a period in which the steel is attacked at a considerably lower rate. 
This period of low rate of pickling is called the “pickle lag” period. 
Such a steel has been found to be associated with poor performance 
in pack tests. 

The American Can Company has demonstrated correlation be- 
tween pack life and the rate of pickling test only for plain (not inside- 
enameled) cans made of box-annealed, electrolytic tin plate. The 
test is not represented as providing a total evaluation of the corrosion 
resistance of tin plate, but measures only one specific, contributing 
factor. 

It was found that pickle lag is related to the annealing treatment. 
In box-annealed tin plate it is commonly found that the edges of the 
coil will have a pickle lag while the center will not. In the laboratory, 
a pickle lag can be produced in a steel by annealing in a wet hydro- 
gen atmosphere; annealing in a dry hydrogen atmosphere eliminates 
the lag. 

The above factors were all recognized by the American Can 
Company before the present work was commenced. 


METHOD oF TESTING 


The following procedure has been found to give reproducible re- 
sults in the rate of pickling tests: 

1. A series of adjacent specimens 1.5 by 5 centimeters is cut 
from a strip parallel to the edge of the sheet. A hole is punched in 
each, and they are weighed to a tenth of a milligram. 

2. The acid is mixed, using one part reagent-grade hydrochloric 
acid to one part redistilled water, by volume. Since the acid bath is 
easily contaminated, contact with questionable materials (notably 
rubber) is to be avoided. 

3. The acid bath is heated to 90 + 1 °C (American Can Com- 
pany recommends + 0.5 °C). 

4. The specimens are simultaneously suspended in the acid by 
means of glass hooks. They are removed after varying intervals of 
time, generally 20 seconds apart, dipped in cold water, dried with a 
towel, and reweighed. . 

While this practice is recommended as an investigational tool 
for accurate, reproducible results, it is too time-consuming to be 
satisfactory as a routine test method. A rapid method, based on the 
autographic measurement of the hydrogen evolved, has been devel- 
oped by the American Can Company. 


EVALUATION OF RESULTS 


In Fig. 1 are shown some typical test results. The steel of 
curves Al, A2, A3, and A4 was all taken from the same full-hard 
material and laboratory-annealed as follows: 
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Al, dry-hydrogen-annealed 1 hour at 1200°F (650 °C) 
A2, wet (13% H:O)-hydrogen-annealed 1 hour at 1200°F (650°C) 
A3, wet-hydrogen-annealed 13 hours at 1200°F (650 °C) 
A4, activated and wet-hydrogen-annealed 13 hours at 1200°F (650°C) 
Steel A4 was activated by alternately oxidizing in air at 1200 °F 
(650 °C) and reducing in hydrogen at 1200 °F (650°C) to give a 
surface capable of adsorbing greatly increased amounts of gas. 
By ordinary standards, Al is regarded as having no pickle lag; 


0.30 


0.25 
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Fig. 1—Examples of Varying Degrees of Pickle Lag. 


A2 has a slight pickle lag; A3 and A4 have pronounced pickle lags. 
Curve B is an illustration of an abnormally long pickle lag. This 
represents special mill-box-annealed samples. The steel was in the 
form of small test pieces. The high degree of pickle lag developed 
was caused by the free access of the surfaces to the annealing 
atmosphere. Coiled material has limited access to the atmosphere. 
It is because of relative access to the atmosphere that the edges of a 
coil customarily have a greater degree of pickle lag than the center ; 
however, centers are not immune to excessive pickle lag. 

It was found that the final pickling rate is independent of 
mechanical or thermal treatment. It is characteristic of the ingot 
or heat of steel from which the steel sheet was rolled. Thus, the final 
slopes of curves Al, A2, A3, and A4 are the same. In different steels 
there will be considerable variation. When a steel has a very low final 
rate of pickling, it may be difficult to detect pickle lag. An example 
is given in curve C, a mill-annealed steel. While this steel has a 
pronounced pickle lag, the lag is masked by the slow rate of pickling 
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and might be missed entirely with a less careful testing technique. 
The final pickling rate has not been found to be related to pack 
behavior. 

It is necessary to have an understanding of the significance of 
pickle lag to avoid being confused by ambiguous indications. There 
is no question in the case of such results as obtained from steels Al, 
A2, or A3. In the great majority of cases, results will be similar to 
these. There may be some confusion, however, in applying this 
method of testing (or the equivalent method based on hydrogen 
evolution) to answer the following questions: 

1. Do steels B and C have a pickle lag? 

2. Does steel A4 have more pickle lag than A3? 

3. Does steel C have more pickle lag than steel A2 or A3? 

It has already been pointed out that a lag gives a very incon- 
spicuous indication in the case of a steel with a low final rate of 
pickling, such as steel C. That this steel has a lag was verified by 
two other independent methods of detecting lag, as will be demon- 
strated later. 

There is also the possibility of being misled by not running the 
test for a sufficiently long period of time. If only six specimens of 
this steel or steel B (a steel with a very long lag and a high final 
pickling rate) were tested, it would appear that neither had a lag. 
Steels without an apparent lag, but pickling at a low rate, should 
always be viewed with suspicion. 

The “degree” of pickle lag is dependent on the feature selected 
to evaluate degree. One steel may “look” as though it has a rela- 
tively large or small pickle lag. Steel C, for example, looks like it 
has practically none. The time up to the end of the lag may be 
selected as a measure of pickle lag. On this basis steel C, which 
“looks” like it has a smaller lag than A2, based on the shape of the 
curve, has a much greater lag than A3. The projection of the final 
pickling rate to the abscissa is used by the American Can Company 
and is probably better. However, by this method steel C would have 
almost half as much lag as B. Actually, it has nowhere near as much. - 

It would appear, on the basis of the present work, that the best 
criterion for judging pickle lag is the amount of metal dissolved up 
to the end of the lag. It will be demonstrated that lag is caused by 
a layer of metal at the surface containing grain boundary oxides. 
This method indicates the depth of penetration of these oxides, irre- 
spective of the final rate of pickling of the steel. It can be seen, then, 
that steel C has a pickle lag which is greater than A2, but consider- 
ably less than A3. 

If it is desired to locate the depth of the pickle lag layer pre- 
cisely, it is recomtnended that the slope of the weight loss pickle lag 
curve be plotted against time. Typical results so obtained are illus- 
trated in Fig. 2. Most frequently they may be represented by three 
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straight-line sections, as curve A, but sometimes there are only two 
straight-line sections, as curve B. The end of the pickle lag is the 
point where the horizontal section of the curve starts. 

It has yet to be determined whether or not this criterion of 
pickle lag shows better correlation with pack test results than that 
presently used. 


PoTENTIAL METHOD OF MEASURING PICKLE LAG 


A potential method was found to be a second means of measuring 
pickle lag. In this method the corroding potential of a sample of 
the steel is continuously measured while pickling in 6N hydrochloric 
acid at 194 °F (90°C). The apparatus used for this work is indi- 
cated in Fig. 3. A bridge connects the 90°C acid to a beaker of 
room temperature acid, into which is immersed the arm of a saturated 
calomel half cell. Potentials between the corroding steel specimen 
and the half cell are recorded by means of a General Radio amplifier 
and an Esterline-Angus recorder. 

In Fig. 4 are shown the pickle-potential results for the steels of 
Fig. 1. The correlation of the two methods may be seen by com- 
paring these figures. All steels, regardless of pickling rate, approach 
approximately the same final potential. This final potential appears to 
be in the vicinity of —0.435 volt negative to the saturated calomel half 
cell. For practical purposes, however, the curves level out in the 
neighborhood of —0.445 to —0.455 volt. The length of time required 
to attain this approximately levél portion of the curve has been found 
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Fig. 4—Pickle Potential Results for the Steels Shown in Fig. 1. 


to be a measure of pickle lag. The negative potential for a steel with 
no pickle lag falls off rapidly, as in curve Al. Curve A3 is repre- 
sentative of a marked pickle lag. 

A great many tests have been made on many different steels 
with all different degrees of pickle lag, and in no case has any reason 
been found to question the correlation between pickle lag and pickle 
potential. 

This method of testing for pickle lag is very rapid. It requires 
no weighing; size and shape of the specimen are immaterial; an: 
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interval of only a few seconds is required between tests. It requires 
far less care than the weight loss method. There are no ambiguous 
indications. For a steel such as C of Fig. 1, there is a sharp, rather 
than an indistinct, indication of a lag. For a steel such as B, there 
is no doubt as to when the lag is over. The curve always levels out 
at approximately —0.448 volt. As a criterion for pickle lag in this 
test, it is best to select the time required to attain a potential some- 
what more negative than the flat portion of the curve, as —0.455 volt. 

The only way in which this method is inferior to the weight loss 
method is that the results tell nothing of the final pickling rate of the 
steel and are, therefore, not convertible to terms of depth of the pickle 
lag layer. 


Microscopic INVESTIGATION 


It has been found in the present work that pickle lag is related 
to the appearance of grain boundary oxides at the surface of the steel. 
Microscopic examination may be used as a test for pickle lag on black 
plate, but since grain boundary oxides are more fundamental, it 
would probably be more correct to say that pickle lag is a test for 
the occurrence of grain boundary oxides. 

To see these grain boundary oxides it is necessary to look at the 
surface of the black plate under a metallographic microscope without 
polishing or etching. A magnification of 250 diameters has generally 
been found to be satisfactory. 

If a series of samples of a steel possessing a pickle lag is re- 
moved from the acid after pickling for various periods of time, then 
dried, weighed, and examined under the microscope, it is apparent 
that the hydrochloric acid attack is related to the grain boundary 
oxides. Such a series is presented for a steel with an exceptionally 
large pickle lag in Figs. 5 to 11, inclusive. The large, irregular dark 
areas are to be disregarded. They represent surface abrasions and 
irregularities inherent in rolled sheet. The samples were given no 
metallographic preparation whatever. The pickle lag and pickle 
potential curves for this material are presented in Fig. 12. The solid 
circles represent the actual weight losses for the set of specimens 
represented by Figs. 5 to 11. They are numbered to correspond to 
these figures. The pickle potential curve was determined first, and 
the pickling time for each of the samples was based on the perform- 
ance of this material in the pickle potential test. 

It has been found that there are six possible types of acid attack 


occurring in the rate of pickling test. These may be designated as 
follows: 


1. Oxide grain boundary 
2. Polishing 

3. Pitting 

4, 


Crystallographic etthing 
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5. Unequal grain solution 
6. Anodic grain boundary 

The series of photomicrographs presented in Figs. 5 to 11 illus- 
trates the first four types of attack. Fig. 5 shows the pronounced 
grain boundaries in, the untouched surface of the steel as annealed. 
In Figs. 6, 7, and 8 are shown successive stages of oxide grain 
boundary attack. The grain boundaries are made deeper and wider. 
From the widening of the grain boundaries it is evident that not only 
are the grain boundaries attacked, but also the adjacent ferrite. Con- 
currently, there is a polishing type of attack which may be likened 
to electropolishing in its effects. As evidence of this, it is seen that 
the surface markings or irregularities of Fig. 5 are being eliminated 
in the subsequent figures. From this, as well as other evidence, it 
is certain that this type of attack occurs concurrently with oxide 
grain boundary attack in the pickle lag period. 

In Fig. 8, at the “break” in the pickle lag curve, the grain 
boundaries are becoming indistinct and pitting is starting in the grain 
boundaries. The oxide boundary attack is reaching its maximum 
depth, and polishing attack is overtaking it, causing fuzziness and 
elimination of grain boundaries. In Fig. 9, approximately where the 
steady rate of pickling starts, the grain boundaries are almost indistin- 
guishable, and pitting is proceeding. Thereafter, the attack proceeds 
with progressive roughening of the surface. The transition from 
“smooth” to “rough” attack in a steel with a pickle lag can generally 
be detected with the unaided eye. 

The final period, or period of constant pickling rate, is character- 
ized by crystallographic etching. Fig. 9 contains some indication of 
crystallographic etching. Fig. 10 is a good example. Here acid 
attack clearly develops crystallographic planes. Fig. 11 represents a 
further stage. Here the surface is so roughened that a good focus 
is impossible, but the attack is still crystallographic. 

A great number of similar test series have been examined. The 
above case was for an abnormally long pickle lag. The material was 
mill-annealed especially for test purposes. In steels with less pickle - 
lag the grain boundaries were not so pronounced and the pickle lags 
were of shorter duration, but the same relationships were found to 
hold. Grain boundary oxides in a mill-annealed steel with a more 
common degree of pickle lag are shown in Fig. 13. 

It was found at the Inland Steel Company, by a special spectro- 
graphic technique, that the material dissolved in the first immersion 
is rich in copper, manganese, aluminum, silicon, and nickel. A 
relatively large piece of steel having a moderate pickle lag was pickle 
lag tested by immersing in a beaker of acid for 20 seconds, rinsed, 
dried, reweighed,.and then immersed in another similar beaker for 
20 seconds. This was repeated for six immersions. Pure carbon 
was added to each, and the solutions were evaporated. Spectro- 
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Fig. 5—Surface of Steel VIII as Annealed. 
Fig. 6—Surface of Steel VIII After Pickling for 45 Seconds. 
Fig. 7—Surface of Steel VIII After Pickling for 90 Seconds. 
Fig. 8—Surface of Steel VIII After Pickling for 150 Seconds. All x 250. 


graphic analyses were made of the residues. Results are given in 
Table I. Results for the same steel in the full-hard (not annealed) 
condition are also given for one wmmersion. 








Fig. 9—Surface of Steel VIII After Pickling for 255 Seconds. 
Fig. 10—Surface of Steel VIII After Pickling for 360 Seconds. 
Fig. 11—Surface of Steel VIII After Pickling for 465 Seconds. All x 250. 


On the basis of these data, it is not demonstrated whether or 
not it is the oxide phase, rather than the ferrite phase, at the surface 
which is enriched. It would seem likely that the oxide phase contains 
at least iron, manganese, aluminum, and silicon. 
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Fig. 12—Pickle Potential and Rate of Pickling Results 
for Steel VIII. 


A steel having what is considered no pickle lag is shown in Fig. 
14. Grain boundaries are very faint. The appearance after pickling 
for 20 seconds is shown in Fig. 15. The attack is by unequal grain 
solution, in which the grains are attacked at varying rates, depending 
upon how they are oriented. Upon further pickling this merges into 
the crystallographic etching type of attack. 


Table 
Spectrographic Analysis of Residues 


Annealed Steel 
Weight a. Manganese Aluminum Nickel Silicon 
% % 





Immersion Loss, Grams lo Jo 
1 0.0359 0.34 1.00 higher 0.042 higher 
2 0.0645 0.020 0.038 0.02 0.035 0.20 
3 0.1068 0.023 0.092 0.006 0.014 0.15 
4 0.1336 ai ie idiiaee eileen ee 
5 0.1341 0.005 0.11 0.002 0.004 0.024 
6 0.1412 0.004 0.009 0.001 0.002 0.037 

Full Hard 


1 0.1490 0.012 0.14 0.002 0.003 0.026 
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Fig. 13—Unetched Surface of a Mill-Annealed Black Plate With a Pickle Lag. 


Fig. 14—Unetched Surface of a Dry-Hydrogen-Annealed Steel. 
Fig. 15—Surface of Same Dry-Hydrogen-Annealed Steel After Pickling for 20 Seconds. 


Fig. 16—Surface of Sample Wet-Hydrogen-Annealed for 13 Hours After Pickling 
for 100 Seconds. 


Attack on a laboratory wet-hydrogen-annealed steel is similar 
to the mill-annealed steel, except that there is no pitting during the 
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transition from the pickle lag to the steady-rate period. This material 
appears to have a considerably greater tendency to be attacked at the 
grain boundaries below the pickle lag layer than the mill-annealed. 
Instead of pitting and disappearance of the grain boundaries there 
is deep grain boundary attack surrounding the grains, making them 
appear as islands. An example is shown in Fig. 16. This is termed 
“anodic grain boundary attack’. On further pickling this condition 
will again merge into the crystallographic etching attack. 

To check for the presence of grain boundary oxides in a piece 
of annealed black plate, it is important not to polish the sample, as 
the layer containing grain boundary oxides is extremely thin. What 
is ordinarily considered a marked pickle lag will extend about 1% 
of the thickness of the sample, or 0.00012 inch, in from each surface. 
Not all this material contains oxides which would be visible under 
the microscope, since the gradient is steep. It has not been possible 
to detect oxides microscopically in such material after polishing. 

By employing extreme annealing conditions, specimens were 
prepared with very high grain boundary oxide penetration. After 
plating this material with nickel, mounting it in lucite, and polishing 
at an angle of about 3 degrees to the surface of the steel, it was 
possible by the technique of alternately polishing and etching in nital, 
ending with polishing, to see fine grain boundary oxides extending 
a maximum of 0.00054 inch, or 4.7%, in from the surface. The depth 
of the pickle lag layer as measured by the rate of pickling test was 
over twice as great. 


ANopIc SOLUTION OF THE PICKLE LAG LAYER 


As another illustration that pickle lag is actually the property 
of a surface layer containing the grain boundary oxides, a series of 
tests was run after the surface layer was anodically removed to vary- 
ing degrees. The 1.5 by 5-cm specimens were made anodic in a weak 
solution of sulphuric acid at a current of about 3 amperes. By this 
method the surface material was dissolved without evolution of 
hydrogen at the surface. The pieces were weighed before and after 
anodic treatment to determine the weight loss. Lengths of time 
treated and weight losses are shown in Table IT. 


Table Il 
Weight Loss in Anodic Treatment 


Time, Seconds Weight Loss, Grams 
5 0.0073 
10 0.0111 
20 0.0257 
32 cand 0.0448 





Negative Potential - Volts 





O 30 60 90 120 
Time - Seconds 


Fig. 17—Pickle Potential Measurements on Samples After Anodic Solution for 
Time Indicated. 


After anodic treatment, pickle potential tests were run on these 
samples. These are shown in Fig. 17. Pickle lag is shown to be 
progressively decreased by removal of the surface material containing 
grain boundary oxides. It was also found possible to scale off the 
pickle lag layer by heating in air. 


CONCLUSIONS 


It is concluded that a layer containing grain boundary oxides 
near the surface of the steel is responsible for the occurrence of pickle 
lag. Microscopic examination of the unpolished and unetched surface 
of the black plate may be used as a rough check to determine the 
presence of pickle lag. The potential of the corroding steel specimen 
in the hydrochloric acid is displaced in the negative direction during 
the pickle lag period. It has been found that measurements of such 
potentials against a reference electrode constitute a reliable, rapid, 
and unambiguous method for determining the presence of a pickle lag. 

Pickle lag is developed during box annealing by an atmosphere 
which is oxidizing to the grain boundaries but not oxidizing to the 
grains. Such a condition is produced by moisture in-an atmosphere 
which would otherwise be reducing. The relative access to the 
atmosphere, as well as annealing time and temperature, are factors 
contributing to the degree of pickle lag produced. 

It is recognized that the 6N hydrochloric acid has no similarity 
to food products. Corrosion mechanisms in these media are entirely 
different, as are the manifestations of the pickle lag layer. All that is 
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claimed for the pickle lag test is that it does indicate a basic condition 
present in the steel which influences pack life. In a tin can, the 
effects of this condition are entirely different. 
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DISCUSSION 

Written Discussion: By R. R. Hartwell, assistant to manager, Tech- 
nical Service Division, American Can Co., Maywood, IIl. 

We were very much interested in Mr. Koehler’s paper because, to all 
concerned with the phenomenon he describes, it has long seemed that 
there should be some physical signs of its cause. Considerable attention 
has been given to this possibility in several quarters, but, to the best of 
our knowledge, this report is the first positive result and consequently we 
think that both Mr. Koehler and his associates are to be complimented on 
their resourcefulness. 

We believe it would add to the value of the paper if Mr. Koehle: 
were to give his concept of the mechanism which causes the surface layers 
of steel having a “pickle lag” to dissolve more slowly in acid. As we 
understand it, he considers this to be related to grain boundary oxides 
but it is not obvious why their presence should reduce the acid attack or 
the exposed surfaces of the grains nor why the type of attack should be 
altered. We would particularly like to know if he does not consider it 
possible that formation of the “pickle lag” on steel during box annealing 
may be substantially the same effect as that reviewed by Rhines.’ This 
suggests the possibility of a uniformly affected surface layer as well as 
grain boundary oxides which would equally well explain the observations 
on rate and type of attack. We have thought it possible that such a sur- 
face layer could be the actual cause of the pickle lag effect and that one 
of the reasons it had escaped observation was that as encountered com- 
mercially it is not usual to have more than 30 or 40 millionths of an inch 
of steel involved. 

Written Discussion: By V. W. Vaurio, research associate, United 
States Steel Co., Pittsburgh. 

The author is to be complimented for publicizing what the tin-plate 
industry considers a very important tool in the investigation of tin-plate 
corrosion. As Mr. Koehler has stated, the “rate of pickling test”, or the 


1F, N. Rhines, “Internal Oxidation’, Corrosion and Material Protection, Vol. 4, March- 
April 1947, p. 15. 
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lag-time test as it is more commonly called, was developed by the Ameri- 
can Can Company and has been used by all the major tin-plate producers 
for the last several years. We, at the U. S. Steel Company, have made 
extensive use of this test employing the autographic hydrogen-evolution 
method developed by the American Can Company. In this method, lag 
times are defined by the extension of the final constant-rate pickling curve 
to the abscissa. 

The significance of the lag-time test to tin-can corrosion needs a little 
more elaboration than that given in the paper. We are all agreed, I am 
sure, that the quality of the steel base is very important in determining 
the corrosion resistance of the tin plate. But how to evaluate that quality, 
other than by test packs with various foodstuffs, is the big problem. The 
U. S. Steel Company makes test packs involving some 30,000 cans per 
year. In most of the corrosion investigations, the steel is of very re- 
stricted composition, the so-called Type L steel, so that chemical analyses 
do not offer a means of differentiating between poor quality and good 
quality. Similarly, neither the various mechanical properties that can be 
measured nor the metallographic characteristics of the steels enable a 
differentiation with respect to their corrosion-resistance quality. 

We believe, however, that there may be some “special properties” of 
the steel that might afford a basis for differentiation. If one could measure 
enough special properties, one might be able to draw up a processing for- 
mula that would always assure a slow-corroding tin-plate steel. In this 
light, the lag-time test is one of these special properties. By itself, the 
lag time cannot define the corrosion resistance, but the evidence indicates 
that a steel having a high lag time, over 20 seconds, will probably exhibit 
inferior corrosion resistance toward prunes, and perhaps peaches, in plain 
cans. On the other hand, a low lag time, less than 10 seconds, will not 
necessarily assure satisfactory corrosion resistance toward prunes. How- 
ever, it still remains to be demonstrated that the corrosion of tin plate by 
foodstuffs other than prunes bears any relation to the lag-time character- 
istics of the steel base. 

In the U. S. Steel Company laboratories it has been demonstrated that 
the prune-pack corrosion resistance of tin-plate steels can be radically 
altered by varying the conditions of annealing. Varying the conditions of 
annealing also has an effect on the lag times. of the steel, so that this 
special property can be used to study some of the changes that take place 
in the steel upon annealing. 

Mr. Koehler has shown that the lag-time test can be made by using 
any one of three methods: (a) the loss-in-weight method; (b) the 
hydrogen-evolution method; and (c) the electrode-potential method. The 
first two methods should agree very well. The electrode-potential method, 
on the other hand, seems to result in lag times that differ from the weight- 
loss values by a factor greater than 2. Some data obtained in the U. S. 
Steel Company laboratories are shown in Fig. 18. The Koehler values, 
derived by taking lag times from Fig. 1 (weight-loss method) and from 
Fig. 4 (electrode-potential method), have been added. As the potential 
curves in Fig. 4 do not all reach the suggested —0.445 volt,* the time to 
—0.450 volt is considered the criterion for lag time. 


*Editor’s Note: Correction made in final publication to read —0.455 volt. 
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We prefer to use the hydrogen-evolution method for determining lag 
times on a routine basis, and to use a somewhat similar electrode-potential 
method for studying the mechanism of the corrosion during the pickle test. 

The author's explanation of why some steels exhibit a lag value, 
whereas others of the same composition do not, is very ingenious, but the 
data supporting the contention are not completely convincing. The author 
has used either laboratory-annealed samples or special-condition, miil- 
annealed samples in his investigation of lag times; this probably accounts 
for the abnormally high lag times reported. With commercially annealed 
steel, values above 50 seconds are very rare, and the average is very much 
lower. The author states that “a layer containing grain boundary oxides 
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Fig. 18—Comparison of Lag Times by Weight-Loss or Hydrogen- 
Evolution Method and Electrode-Potential Method. 


near the surface of the steel is responsible for the pickle lag.” But he 
implies that grain boundary oxidation is so superficial that even a slight 
polish or a slight etch eliminates the grain boundary oxides, or at least 
makes it impossible to see them under a microscope. Although not stated 
by the author, it is recognized in the tin-plate industry that even after 
coating with tin and then stripping the tin off in an antimony chloride - 
hydrochloric acid mixture, the steel exhibits a lag similar to that observed 
on the black plate before tinning. Surely the pickling before tinning and 
the acid detinning are sufficient to dissolve the grain boundary oxides of 
the surface layers. We accept the statement that certain annealing con- 
ditions can result in the formation of grain boundary oxides, but do not 
agree with the hypothesis that the oxides, per se, cause the lag in pickle 
tests. Furthermore, analysis of the electrode-potential measurements 
indicates that the author’s results are not consistent with the grain 
boundary oxide hypothesis. The grain boundary oxides, when present in 
black plate, could be considered as a signpost of deleterious annealing 
conditions that result in long lag times, even though the oxides are re- 
moved before lag-time testing. 

Several years ago, we conducted an interesting experiment that may 
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or may not have any bearing on the present problem. Two detinned tin- 
plate steels having widely different lag times, one very short and one very 
long, were heated in air at about 500°F (260°C) for different times until 
surface oxides that ranged in color from straw to purple were produced. 
These oxidized samples had exactly the same lag times as the nonoxidized 
samples. The air-formed oxides were instantaneously dissolved in the 
hot hydrochloric acid; the oxides formed under annealing conditions may 
be quite different. 

The pickle lag is obviously due to a difference in the corrosion rates 
of the surface layers and of the core material. In Table I, the author 
presents data on the composition of the products of corrosion after suc- 
cessive pickles in 6N HCl. These data suggest another possible explanation 
for the slower corrosion of the surface layers. The lag time for the steel, 
obtained by extension of the constant-corrosion part of the time - weight- 
loss curve of the data cited, was found to be about 20 seconds. The 
residues for 20-second pickling were very high in copper and manganese, 
as compared with the other residues. As the author pointed out, it is 
difficult to determine whether the analytical results reflect the composition 
of the steel or of the oxides. However, a steel containing 0.34% copper 
and 1.00% manganese might be expected to corrode more slowly than a 
Type L steel in 6N HCl. It would be very interesting to see the results 
of analyses of successive very thin layers of steel removed from the sur- 
face of both short-lag and long-lag steels by mechanical means as well as 
by chemical or anodic solution. 

We are in agreement with the author that pickle lag is controlled to 
a large extent by the box annealing process, and that the magnitude of 
the lag time depends on the composition of the annealing atmosphere in 
contact with the steel, but it also depends on the time-temperature con- 
ditions. The composition of the gas in contact with the steel is not nec- 
essarily the same as that of the gas supplied to the annealing covers. 
Oxidizing atmospheres cause long lag times and hence are to be avoided. 
By the same token, moisture in an otherwise reducing gas is detrimental. 
It has also been our experience that the lag time can be reduced by 
eliminating carbon monoxide from the annealing atmosphere. 

It is hoped that Mr. Koehler’s paper will create further interest among 
other investigators studying the mechanism of corrosion of tin plate. The 
rate-of-pickling test is a very interesting tool in these studies, but it is 
apparent that more data are required before the significance of lag-time 
measurements is fully established. 


Author’s Reply 


It is gratifying to have received comments from such prominent 
investigators in the field of tin-plate corrosion as Messrs. Hartwell and 
Vaurio. 

Mr. Vaurio comments on quite a number of points. To those which 
seem to call for replies, the following response is directed: 

1. For some time we called this test the “pickle lag” test; however, 
to avoid too many names for the same thing, it is believed we should 


adopt the name used by the originators; namely, the “rate of pickling 
test”. 
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2. In view of the discussion in the paper on the selection of the best 
criterion for evaluating the degree of lag, the statement: “The electrode 
potential method . . . . seems to result in lag times that differ from the 
weight-loss values by a factor greater than 2” does not appear logical. 
It could not be expected to be the same. All that can be expected is a 
rough, not an exact, proportionality—which there is. 

There appears to be little logic to selection of the extension of the 
final pickling rate to the abscissa as the criterion of pickle lag, other than 
that it is undoubtedly the most convenient method. On this basis, the 
author would consider it a good selection, but it cannot be accepted as a 
numerically precise evaluation. It is doubtful that any selection could. 
It might be remarked that there is much more scatter in the correlation 
of lag time with results of prune-pack tests than in a comparison of these 
two criteria. 

An apology is due Mr. Vaurio for an error in the preprint. It is be- 
lieved that the use of the correct recommendation of —0.455 volt would 
put most of the X’s in Fig. 18 closer to the curve; however, as mentioned, 
exact proportionality is not to be expected. 

3. Mr. Vaurio raises the somewhat natural point that some steel 
samples described in this paper have abnormally long lags and are not 
typical. The data presented represent but a very small fraction of the 
total accumulated in this investigation. They were selected for this paper 
to indicate typical features, rather than typical degrees of lag. Also, it 
was desired to indicate the wide range considered. 

4. The author is, of course, aware that the method is applicable to 
detinned tin plate, and has so stated in the second sentence of the paper. 
He does not at all agree that the pickling before tinning and acid detin- 
ning are sufficient to dissolve the grain boundary oxides of the surface 
layers. The series of photomicrographs illustrates that it takes even hot 
1:1 hydrochioric acid quite a while to do the job, removing at the same 
time considerable steel. 

5. The author is not aware that he anywhere advanced “the hypoth- 
esis that the oxides, per se, cause the lag in pickle tests”. He did show a 
series of photomicrographs, illustrating that acid attack in the pickle-lag 
period is related to the grain boundary oxides. 

6. He is also aware that an analysis of the electrode potential meas- 
urements is not consistent with the said hypothesis he did not make. 

7. We, too, have observed that thin air-formed oxide films do not 
affect pickle lag. However, heavier oxidation, as stated in the paper, will 
scale off the pickle-lag layer. 

8. The consideration of composition differences at the surface as a 
possible explanation for pickle lag is quite logical. It was considered, but 
the author does not personally believe this explanation, because he believes 
there is too much evidence pointing to another one. Much of this evidence 
is in the field of electrochemistry, and was not presented here because it 
was felt that it did not belong in a metallurgical journal. 

9. Recognition of time-temperature conditions as a factor in produc- 
ing pickle lag was stated in the second paragraph of “Conclusions”. It is 
also to be agreed that the composition of the gas in contact with the steel 
is not necessarily that of the gas supplied to the annealing cover. 
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Mr. Hartwell directly requests the author's concept of the mechanism 
of the pickle lag effect. While all the evidence or details cannot be pre- 
sented, this will be given briefly. 

It has been shown that the period of constant pickling rate is char- 
acterized by crystallographic etching. Evidence indicates that in this 
period distinct local anodes and cathodes do not exist, and the solution 
rate is determined by the hydrogen overvoltage of the particular steel 
with the said crystallographic surface. It naturally follows that the sur- 
face developed in this process will be the surface of lowest hydrogen over- 
voltage, which will be the surface of most rapid corrosion rate. Any other 
surface, such as the initial flat surface of the sheet, will have a higher 
hydrogen overvoltage, which will be reflected in a lower corrosion rate, 
as well as a more negative potential. (Details for the potential will not 
be given here.) 

It follows that any sample of black plate will have at least a slight 
pickle lag. In the thousands of samples tested in this program this has 
always been true. 

Further, it is indicated that the initial flat surface of black plate does 
have local anodes and cathodes, and hydrogen overvoltage is no longer the 
sole factor in determining corrosion rate. It is believed that by placing 
a strong local cathode (grain boundary oxide) in the grain boundaries 
at this time, the relative importance of the overvoltages of the grain 
centers in the over-all corrosion picture is diminished to a point where 
there is no tendency to develop the planes of lowest hydrogen overvoltage. 
Accordingly, crystallographic etching does not occur. Rather, there is an 
intense localized attack in the grain boundaries which prevents the devel- 
opment of a more rapid method of general attack. 

In this concept it is to be noted that the flat surface of the black 
plate causes lag. Grain boundary oxides, per se, do not cause lag; they 
prolong it. 

It is believed, as suggested by Mr. Hartwell, that the pickle-lag layer 
may be considered as a type of subscale layer, with oxidation occurring 
in the grain boundaries. While this could be expected to affect the com- 
position of the layer, as already noted, the author does not believe this 
to be the explanation which is most consistent with all of the observations 
made. 

While it is to be admitted that the hypothesis advanced may not be 
complete and accurate in all respects, there are definite indications of a 
correlation between pickle lag and a smooth surface. From supplementary 
data, it is certain that the behavior of a smooth surface is entirely differ- 
ent from that of a crystallographically etched surface in the 90°C, 6N 
hydrochloric acid, regardless of the possible existence of grain boundary 
oxides. It is noted in the photomicrographs that throughout the pickle- 
lag layer, the smooth surface persists, along with grain boundary attack. 

The discussers of the paper may be interested in the data presented 
in Fig. 19. The steel was annealed for 24 hours in wet hydrogen at 1400 
°F (760°C), and a tremendous pickle lag was produced. The samples 
were found to have a layer of very fine grains at the surface, with the 
normal, coarser grains beneath. Fifteen separate 1% by 5-centimeter 
specimens were used, as indicated, and each was carefully examined 
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under a metallographic microscope after testing. Point 7 was found to 
coincide with the depth of the surface layer of fine grains. The sharp 
change .is entirely in accord with the author’s hypothesis. It would be 
difficult to explain on the basis of a different composition in the pickle 
lag layer. 
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Fig. 19—Rate of Pickling Test Results for a Steel Annealed 24 Hours in Wet 
Hydrogen at 1400 °F (760 °C). 


THE EMBRITTLEMENT OF PURE IRON IN WET 
AND DRY HYDROGEN 


By James K. STANLEY 


Abstract 


The observation of anomalous impact data on pure 
iron led to an investigation of the ductility and brittleness 
occurring in this material when hydrogen-annealed. 

A simple bend test was devised to determine the ex- 
tent of brittleness developed in a strip about 0.1 inch thick. 
The conditions for brittleness in wet and dry hydrogen 
were established. 

Pure iron was found to be embrittled in dry hydrogen, 
even at a —65°C dew point, in about 10 hours in the 
temperature range of 700 to 1150°C (1290 to 2100 °F). 
It was embrittled in a much shorter time, in about an hour, 
when the gas was moist (3% moisture by volume). 


INTRODUCTION 


N studies on the magnetic and mechanical properties of soft 

magnetic alloys, it was noticed in the work with pure iron’ that 
hydrogen annealing, which is considered to be the ideal atmosphere, 
caused the iron to become embrittled without any particular effect on 
the magnetic quality (D.C. properties). 

The first evidence that iron would become brittle after hydrogen 
annealing was found in some work on Charpy impact specimens. 
Later work showed that strips about 0.1 inch thick were also em- 
brittled in hydrogen. The impact data are of interest here; see 
Table I. Annealing pure iron for 50 hours at 900°C (1650 °F) 
resulted in very low impact values of 5.8 and 3.7 ft-lbs. for the dry 
and wet hydrogen anneals, respectively. Another unusual value for 
impact was 104 ft-lbs. after annealing the iron for 10 hours at 1200 
°C (2190 °F) in dry hydrogen ; the wet anneal gave an impact value 
of only 10.7. 

The grain structure of the iron, after the various anneals, was 
examined but no clue was obtained as to why the hydrogen caused 
the embrittlement. Grain size determinations are given in Table I. 

1Puron (Westinghouse Trademark) was used for the experiments. This iron contains 


about 0.001% metallic impurities. Of the nonmetallic impurities, there exist about 0.08% 
oxygen, 0.01% carbon, and virtually no sulphur, phosphorus or nitrogen. 


A paper presented before the Midwinter Meeting of the Society, held in 
Pittsburgh, January 31_and February 1, 1952. The author, J. K. Stanley, is 
currently associated with the Standard Oil Co. (Ind.), Chicago. This work is 
a report of experiments performed at the Westinghouse Research Laboratories, 
East Pittsburgh, Pa. anuscript received April 20, 1951. 
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Table I 
Charpy V-Notched Impact Values for Pure Iron Tested at Room Temperature - 





-——Heat Treatment—, Dew A.S.T.M. 


Experiment Time Temperature Point Grain Carbon Oxygen 
No. Hours ~~ ~~ Ft-lbs.* Size % % 

1 10 900 —35 23.5 < 1.0 0.008 0.081 
2 10 900 +30 31 1.1 0.005 0.068 
3 10 1200 —35 104.0 1.1 0.005 0.079 
4 10 1200 +30 10.7 <1.0 0.001 0.055 
5 50 900 —35 5.8 <1.0 0.001 0.048 
6 50 900 +30 3.7 <1.0 0.001 0.079 
7 10 900 —65 42.9 as rs 

8 50 900 —65 6.2 





*Impact values are averages of two tests. 





The work on the impact specimens was not pursued further. 
Since the same brittleness was apparently developed in thin sections, 
in which the writer was more interested, the embrittlement study 
was continued on iron strip. The examination of some hydrogen- 
annealed strip indicated that some strips were brittle, as evidenced 
by a simple bend test. Fortunately, the bend test was found to be 
quite sensitive in distinguishing between ductile and brittle samples. 


THE HAMMER-BEND TEST 


The bend test, herein called the hammer-bend test, is described 
as follows: <A test specimen of about 1 by 2 to 3 by 0.1 inches was 
used; the dimensions were not critical. After heat treatment, the 
specimen was placed in a vise so that half of the long dimension 
extended above the jaws of the vise. A 5-pound hammer was then 
used to strike the exposed section. In many cases the brittle strip 
broke without bending. In less severe cases the strip cracked but 
could, be bent. The ductile material could be bent upon itself by 
withdrawing the partially bent specimen from the vise and hammer- 
ing upon it. 

Before making extensive use of the test, the writer made an 
investigation of the following aspects of the test: 

a. Duplication of results 

b. Separation (when numerous specimens were annealed to- 

gether ) 

c. Effect of elapsed time between annealing and testing of the 

specimens 

d. Effect of directionality 

e. Effect of cooling rate 

No difficulties were experienced in duplicating results. Two or 
more specimens given the same heat treatment always gave the same 
test result. No difference could be detected in samples abraded flat 
and annealed tightly bound with tie wire, compared to samples widely 
separated with spacers. The elapsed time between annealing and 
testing of specimens did not affect the test; results were the same 
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whether 1 hour or 1 month had passed after annealing. The strips 
were ductile or brittle, depending on the heat treatment, regardless 
of whether they were broken in the rolling direction or perpendicular 
to it. Results were identical, whether or not the specimens were 
slowly cooled in a furnace or water-quenched from the annealing 
temperature ; this experiment indicated that the damage to the iron, 
if any, occurred at the annealing temperature and not on cooling. 

In view of the preliminary testing, the iron strips were treated 
always as follows: Two strips were used and these were placed 
together with comparison samples of rimmed, semi-killed and killed 
low carbon steel as well as Armco iron. All the pieces were tied 
into a bundle with wire. No surface preparation was carried out 
on the irons and steels. For hydrogen anneals above 900 °C (1650 
°F), or for times longer than 10 hours at 900°C (1650 °F), mag- 
nesia was used on the samples to prevent sticking. 

The anneals were made in wet and dry hydrogen for times of 
0.5 to 50 hours and for temperatures of 700 to 1200°C (1290 to 
2190 °F). The dry hydrogen generally had a dew point of about 
—35 to —45°C. The wet hydrogen was the gas saturated with 
water at room temperature ;the dew point varied from +27 to +32°C. 
All the moist hydrogen anneals were carried out with moisture at 
this concentration, since it was easy to obtain (just bubbling the gas 
through water) and to maintain. For the anneals the samples were 
introduced into a furnace at the desired temperature. At the finish 
of the anneal the strips were pulled into the cool part of the furnace 
or else were allowed to cool with the furnace. In a few special 
anneals where dew points of —65 °C were attained, the furnace was 
operated at the desired temperature for 24 hours in the very dry gas 
before the iron was introduced into it. 

After heat treatment the specimens were studied by the hammer- 
bend test. All tests were made at room temperature. The appear- 
ance of some of the materials on heat treatment after testing is shown 
in Fig. 1. 


RESULTS OF THE HAMMER-BEND TEST 


On the basis of the hammer-bend test, existence diagrams show- 
ing at what times and temperatures and in what atmospheres the 
brittleness occurred were prepared. In the construction of the exist- 
ence diagrams, three conditions of the tested samples were evaluated. 
The points in the diagrams were plotted for the following strip 
conditions : 

1. Ductile, bent double in the bend test. 
2. Brittle, breaks without bending. 
3. Partially embrittled, bent double but slightly cracked. 

Fig. 2 shows how pure iron behaves in dry hydrogen with a 
dew point of —35 to —45°C. It is interesting to note that brittle- 













Fig. 1—Appearance of Materials After 
Hammer-Bend Test. 
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Fig. 2—Existence Diagram for Pure Iron Annealed in Dry Hydrogen. 
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ness sets in between 700 and 1150°C (1290 and 2100°F) after 
about 10 hours; above 1150 °C (2100 °F) the iron remains ductile.” 
Fig. 3 shows how the brittleness is aggravated by the presence of 
moisture in the gas; the iron becomes embrittled in the order of an 
hour or less. . The dotted lines in the diagrams are drawn to indicate 
the transition between ductile and brittle behavior. The commercial 
low carbon steels annealed with the pure iron were not embrittled 
in either wet or dry hydrogen. The Armco iron, however, was found 
to be embrittled in a narrow temperature range in dry hydrogen but 
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/ Material 0.110 inch Thick_} 
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i Dewpoint + 30°C 
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Fig. 3—Existence Diagram for Pure Iron Annealed in Moist 
Hydrogen. 


over a wide temperature range in moist gas. The extensive study on 
Armco iron will be reported on at a later date. 

In an effort to see if hydrogen brittleness could be developed in 
pure iron containing less oxygen than the conventional material 
(0.08%), some pure iron was melted in vacuum with carbon. This 
procedure, if properly carried out, reduces the oxygen and carbon 
to low values; if just sufficient carbon is added to combine with the 
oxygen of the metal, both can be eliminated simultaneously. The 
idea behind such treatment was to see if the inclusions in the metal 
have any connection with the embrittlement, i.e., if the oxide were 
reduced, would the susceptibility toward embrittlement be alleviated 
or reduced. A small ingot (2 pounds) was prepared; it analyzed 
0.007% oxygen and 0.002% carbon. The ingot was sectioned lon- 
gitudinally to expose the pipe, and the hemicylindrical sections were 
then hot-rolled between 700 and 900 °C (1290 and 1650 °F) to about 
0.1 inch. The heat treatment and the results of the hammer-bend 
test are given in Table II. An examination of the table shows that 
although the iron was considerably reduced in oxygen, it was still 
subject to hydrogen embrittlement, regardless of whether the hydro- 
gen was wet or dry. 





*This ductility may be due to a sintering effect which would tend to close internal voids 
—assuming some are created by the hydrogen. 
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Table Il 
Hammer-Bend Tests on Low-Oxygen Iron (0.007% Oxygen) 


- 





c—Heat Treatment—, 


Experiment Time Temperature Hydrogen 
Number Hours “E, Condition Ductility 
1 1 700 Dry D* 
2 5 700 Dry D* 
3 1 800 Dry D* 
4 5 800 Dry D* 
5 10 800 Dry Bt 
6 10 850 Dry Bt 
7 5 900 Dry D 
8 50 900 Dry B 
9 10 925 Dry B 
10 10 950 Dry D 
11 50 950 Dry B 
12 10 950 Wet B 
13 50 950 Wet B 
14 10 1000 Wet B 
15 1 1100 Wet B 
16 10 1100 Wet B 
17 25 1100 Wet se 
18 50 1100 Wet B 


"Ductile; can be bent double without crackiag. 
*Brittle; breaks without bending. 
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THE CAUSE OF BRITTLENESS IN PURE [IRON 


Since metals such as copper (1)* and silver (2), containing 
oxygen, develop brittleness when annealed in hydrogen, one might 
be prone to generalize and say that pure iron is embrittled by the 
same mechanism, i.e., the hydrogen reacts with the oxygen to form 
steam whose pressure then disrupts the cohesion between the crystals. 
[t is also necessarily true that when copper and silver are free from 
oxygen, they do not develop brittleness when annealed in hydrogen. 

If the mechanism for the development of brittleness in pure iron 
is the same as for copper and silver, the necessary consequences are 
that : 

1. The dryness of the hydrogen is unimportant in developing 
brittleness. Therefore, moist or dry hydrogen should be equally 
damaging. 

2. Oxygen-free pure iron should not develop brittleness in 
hydrogen. 

In regard to point 1, the dryness of the gas appears to affect the 
brittleness. Reference to Figs. 2 and 3 shows that brittleness is 
brought about in about 10 hours for dry hydrogen and in about 0.5 
hour for wet gas. This means that moisture plays a significant role. 

As far as point 2 is concerned, two experiments were carried 
out to see if oxygen-free iron would become embrittled in both wet 
and dry hydrogen. For these experiments, some pure iron, contain- 
ing about 0.002% oxygen, was prepared by vacuum melting and some 
strips about 0.1 inch thick were processed from it by the procedure 
already mentioned. In the first experiment strips I and II were 
8The figures appearing in cosciiiienn pertain to the references appended to this paper. 
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annealed 25 and 75 hours at 800°C (1470°F) respectively. The 
strips were found to be very brittle in the hammer-bend test. The 
oxygen content of the samples, before and after annealing, was deter- 
mined by the vacuum fusion method (3); see Table III. From the 
table one sees that there was no oxygen pickup due to annealing in 
moist hydrogen. 

In the second experiment, two specimens of the same iron were 
annealed for 25 hours at 850°C (1560 °F) in some very carefully 





Table Ill 








Oxygen Content of the Annealed Iron 
(a) Original Oxygen; Sample I 0.0019 + 0.001 (10 Determinations) 
Material annealed 25 hours at eek 
800 °C in moist (3%) hydrogen 0.0028 + 0.001 (9 Determinations) 
(b) Original Oxygen; Sample II 0.0029 + 0.001 (2 Determinations) 
Material annealed 75 hours at 








800 °C in moist (3%) hydrogen 0.0031 + 0.001 (4 Determinations) 











dried hydrogen with a dew point of —65°C. After the anneal the 
samples were given the hammer-bend test and, here again, both broke 
without bending. 

From this work with wet and dry hydrogen on pure iron very 
low in oxygen, it appears that brittleness develops irrespective of 
whether the gas is wet or dry. 

Therefore, it appears safe to conclude that the occurrence of 
hydrogen brittleness in pure iron is not due to the same mechanism 
of hydrogen embrittlement in oxygen-bearing copper or silver. 
Oxygen in pure iron is not necessary for the development of the 
brittle state by either wet or dry gas. The presence of moisture was 
found to aggravate the brittleness. These conditions are not common 
to the copper type of hydrogen brittleness. 

It should be mentioned in passing that the brittle samples break 
through the grain boundaries. This is shown in Fig. 4 for the 
specimens of high purity iron annealed in hydrogen at 850°C 
(1560 °F). 

Other mechanisms of hydrogen embrittlement were considered ; 
they are: 

1. Formation of a brittle constituent in the grain boundaries by 
the action of hydrogen or moisture. Microscopically, no precipitates 
were observed» No hydrides of iron are known and no oxygen pick- 
up was detected; see Table ITI. 

2. The creation of a “hydrogen potential’ as postulated by 
Zapffe (4). He postulates that the dissociation of steam may cause 
severe pressures within the metal and that they may be of such 
magnitude as..to catise brittleness by incipient cracking. With 
moisture contents of 3%, the pressure was calculated, by Zapffe’s 
equations, to be less than 0.1 atmosphere and this value appears to 
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Fig. 4—Fractures in Low-Oxygen Pure Iron Material Annealed 25 Hours at 850 °C 
(1560 °F) in Dry (—65 °C D.P.) Hydrogen. x 100. 


be hardly enough to cause damage. Also, since embrittlement occurs 
in dry hydrogen, this hydrogen potential theory cannot be given 
much weight. < 
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Other causes of hydrogen embrittlement, such as those due to 
acid pickling, electrolysis, and the entrapment of hydrogen in large 
sections, as in forgings, do not appear to have a bearing on this type 
of brittleness. 

Since none of the known mechanisms of hydrogen embrittlement 
have been successful in explaining the facts, a new suggestion is 
presented here. The facts may possibly be explained in the following 
manner: Molecular hydrogen in the atmosphere is dissociated on 
the metal surface into atomic hydrogen (more properly protons or 
ions) and these atoms move rapidly into the iron. At elevated tem- 
peratures these atoms collect at some internal interface such as a 
grain boundary, a slip plane, or.an inclusion and unite to form 
molecular hydrogen, maintaining the equilibrium: 2H <5 Hz. The 
closing up of a “rift” system by annealing, as discussed by Smith 
(5), may be responsible for the trapping of the molecular gas in the 
metal. 

In cases where the metal is weak—as in the case of pure iron— 
the pressure developed at the grain boundary apparently is sufficient 
to affect the cohesion between the grains. Thé pressure developed 
probably does not exceed the external pressure (1 atmosphere). Pro- 
longed annealing in hydrogen causes more of the boundaries to be- 
come affected. 

The role of moisture is very possibly catalytic. Since no oxygen 
is introduced, the only possibility is that moisture must hasten the 
dissociation of hydrogen at the metal surface. It appears to do this 
by catalyzing the decomposition of molecular hydrogen into atoms, 
and this results in a greater amount of hydrogen being available to 
diffuse into the metal, thereby causing earlier embrittlement. 

It is interesting to speculate on how moisture might catalyze the 
dissociation reaction. Perhaps moisture reacts with the hot iron 
surface according to the reaction: 


H.O + Fe— 2H + FeO 


The hydrogen diffuses into the metal. However, since the atmosphere 


is essentially hydrogen, the FeO is very quickly reduced according 
to the reaction: 


FeO + H.— Fe + H:.0 
The cycle described is then repeated. 


SUMMARY 


The observation of anomalous impact values for pure iron an- 
nealed in hydrogen led to an investigation of the cause of ductility 
and brittleness when”this material is hydrogen annealed. 


*A critical: experiment to test this theory would be to use hydrogen containing heavy 
water, DeO, as an atmosphere. An evacuated iron tube could be exposed to this atmosphere 
at an elevated temperature. After a time, deuterium should be detected on the inside of the . 
tube by means of a mass spectrometer. 
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A simple bend test was devised to follow the development of the 
hydrogen brittleness in the iron strip. Using this test, “existence” 
diagrams were prepared for iron annealed in wet and dry hydrogen. 
These diagrams give the temperature and time at which brittleness 
sets in, 

Pure iron can be embrittled by dry hydrogen in about 10 hours 
at 700 to 1150 °C (1290 to 2100 °F). The embrittlement occurs in 
a much shorter time, in about an hour, when the gas is wet. 

None of the existing hydrogen embrittlement theories can be 
used to explain this brittleness due to hydrogen annealing. Conse- 
quently, some new ideas are set forth. It is postulated that atomic 
hydrogen unites to form molecular hydrogen at some internal inter- 
faces, particularly the grain boundaries. The pressure, probably not 
any higher than the external pressure, weakens or tends to destroy 
the ‘cohesivity between the grains. Moisture catalyzes the decom- 
position of the atmosphere hydrogen to form greater amounts of 
atomic: hydrogen so thatthe brittleness is developed in a much 
shorter time. : 

4 
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DISCUSSION 


Written Discussion: By Donald P. Smith, Frick Chemical Laboratory, 
Princeton University, Princeton, N. J. 

This excellent investigation, quite apart from its highly important 
new observations as to the role of moisture, represents the most system- 
atic demonstration yet given that iron is embrittled by hydrogen, when 
the latter is absorbed directly from the gas phase, a fact which has more 
often been deduced from the embrittlement produced under other condi- 
tions, and of which the evidence, like that of Heyn, 1900, has sometimes 
been thought susceptible of another interpretation.® 

The finding that embrittlement, and by implication absorption, is 
facilitated or intensified by moisture is also of much interest in connection 
with the effect of this addition in processes of purification of iron by 


5T. W. Richards and Behr, 1907. 
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hydrogen treatment. The advantages of wet hydrogen in decarburization 
seem to have been known since the work of Cély, 1883, but have not 
always remained unquestioned. ‘ 

The explanation which the author proposes for the moisture effect 
appears to be entirely in keeping with the many facts already known re- 
garding absorption and diffusion of hydrogen in iron and other metals. 
Thus we know that dissociation of molecular hydrogen into atoms or ions 
facilitates its absorption by deposited films of various metals, and by 
iron in the form of sheet or foil;* and while opinions have differed as to 
whether the H-atom or the proton is the penetrating form, the ready 
reversibility of the reaction, H = electron + proton, makes it likely that 
both forms are present wherever a high degree of dissociation exists. It 
is hence easily conceivable that the entry of one of these forms, or per- 
haps of both, is facilitated or even wholly conditioned by the well-known 
chemical reaction which the author suggests as the “catalytic” process, 
the penetrating form(s) being momentarily free during the chemical 
change. It may be added, however, that various instances are known in 
which the otherwise impenetrable surface layer of a metal seems to be 
made permeable to hydrogen by its disturbance, either chemically or 
mechanically ; provided, of course, that an impervious film of compound 
or debris is not simultaneously produced. The reaction of water vapor 
with the iron surface might well have both of the effects just mentioned 
—setting free the penetrative form(s), H-atom or proton, or both; and 
opening up the structure of the surface layer of metal. 

The further observation, in the present study, that the embrittled 
metal fractures along grain boundaries, is also of much interest. The 
conception,’ that embrittling pressure develops only where a spatial inter- 
ruption of metallic lattice gives opportunity for formation of molecular 
gas, has been widely adopted; but it seems possible that the same forces 
which, under favorable circumstances, cause the union of atoms to mole- 
cules are responsible for a distention, even where lattice structure is not 
grossly interrupted, but where the absorbed hydrogen, as atoms or ions, 
finds itself in slightly widened interplanar spacings, which is probably its 
usual state in iron. Is embrittlement confined to grain boundaries and 
pores, and the vicinities of inclusions? Or is it present in regions of 
relatively perfect, and only somewhat plastically deformed, lattice, where 
dissociated hydrogen finds harborage? The question is basic for an 
understanding of embrittlement. 

Finally we have the author’s finding that certain equations of ther- 
modynamic derivation do not fit the present case. We may emphasize 
again® that our present thermodynamical or statistical-mechanical treat- 
ments of such cases, if closely examined, will usually be found to rest 
upon the postulate that iron-hydrogen and similar solids are true solid 
solutions, according to the conventional view; that is to say, homogeneous 
phases wholly analogous to liquid solutions, in which the solute has free- 
dom of motion in all directions; whereas, from several converging lines 
of evidence, it is probable that solid Fe-H is a di-phasal system, with the 


*Giintherschulze et al, 1939. 
*Bodenstein, 1922; Edwards, 1924, etc. 
8Philosophical Magazine, Vol. 39, No. 7, 1948, p. 477. 
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H-phase distributed in thin sheets which really belong to the gas phase, 
and the hydrogen restricted to motion within these sheets and unable to 
diffuse between them. If this latter view is right, the equations in ques- 
tion give the system one more degree of freedom than it actually pos- 
sesses, and cannot be generally valid until they have been corrected to 
take account of the constraint indicated. Such a view appears to be sup- 
ported by the present results. 

Written Discussion: By R. L. Rickett, assistant supervisor, Research 
Laboratory, United States Steel Co., Kearny, N. J. 

Some time ago we examined specimens of low carbon, low manganese 
sheet steel that had been annealed for 4 hours at 1320°F (715°C) in wet 
hydrogen. Composition of this material, before and after the wet hydro- 
gen treatment, was as follows: 


Composition—% 
Cc Mn P Ss Ne He* O2* 
Before 0.021 0.10 0.004 0.036 0.0032 0.00012 0.0344 
After 0.006 0.10 0.004 0.034 0.0008 0.00021 0.0492 


*Determined by vacuum fusion. 


In agreement with the findings reported by Dr. Stanley for pure iron, 
we found the hydrogen-annealed product to be extremely brittle, breaking 
with an intergranular fracture when struck a sudden blow. If bent slowly 
and carefully, however, considerable deformation was possible. Fig. 5 
illustrates the intergranular fracture, with little deformation, produced by 
a sudden blow, whereas Fig. 6 represents a piece of the same sheet bent 
slowly through nearly 180 degrees without fracture. 

Susceptibility of this material to intergranular fracture was so great 
that it was difficult to prepare specimens for metallographic examination 
without producing cracks in some of the grain boundaries. Aside from 
such intergranular cracks, however, and the absence of carbide particles 
as a result of decarburization, no changes in microstructure due to treat- 
ment in the wet-hydrogen atmosphere were observed. 

Heating specimens in a salt bath at 700°F (370°C) for as long as 
24 hours in an attempt to remove any hydrogen that might have been 
picked up during prior treatment in wet hydrogen did not restore their 
ductility. However, heating for 1 hour at 1700°F (925°C), followed by 
cooling in air, did make the hydrogen-treated steel more ductile, possibly 
because a new set of grain boundaries was established by the 1700 °F 
treatment. 

Grain coarsening as a result of heating at 1700°F (925°C) was much 
greater in hydrogen-treated material than in corresponding samples that 
were not so treated, the latter being in the cold-rolled condition before 
they were heated to 1700°F. This difference in grain size is illustrated 
in Figs. 7 and 8. Because one of these samples was initially in the cold- 
rolled condition, not all of the difference in grain size can be ascribed to 
the wet-hydrogen treatment, although it is believed to be the principal 
factor. Whether the marked grain coarsening of the hydrogen-treated 
material is due to its very low carbon content or to some other character- 
istic is not known. 


aw 








Fig. 5—Brittle Fracture (Nickel-Plated Surface) Produced 
Sheet by Sudden Blow. x 100. 





Fig. 6—Ductile Bend Through Nearly 180 Degrees Produced by Slow Deformation 


of Another Sample From Same Sheet as Fig. 5.  X 100. t 
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Fig. 7—-Grain Size of Hydrogen-Annealed Specimen Subsequently Heated for 
1 Hour at 1700°F. (In cold-rolled condition before wet-hydrogen anneal.) X 100. 


Fig. 8—Grain Size of Same Original Material Heated for 1 Hour at 1700 °F With- 
out Prior Anneal in Wet Hydrogen. (In cold-rolled condition before 1700 °F anneal.) 
xX 100. . 


Written Discussion: By J. G. Thompson and G. A. Moore, Division 
of Metallurgy, National Bureau of Standards, Washington, D. C. 

There can be no objection to the use of the trade name “Puron” to 
describe the material investigated by Dr. Stanley, but there must be 
strong and repeated objections to the insertion of three additional letters 
to call it “pure iron”, which it most certainly is not. We have been unable 
to locate publication of a detailed analysis of Puron subsequent to the 
1939 statement (Jron Age, July 13-1939, p. 88) which shows the sum of the 
limits of detection of 27 elements, which may be present, to be 454 parts 
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per million. The metallic impurities may be low in Dr. Stanley’s iron, but 
the material used at the start of the tests contains 80 parts per million 
of carbon and over 800 parts per million of oxygen, and the later experi- 
ments were conducted with 20 and 70 parts per million of carbon and 
oxygen respectively. 

National Bureau of Standards experiments on iron containing only 97 
parts per million total impurities, of which 14 parts per million are carbon 
and 17 parts per million are oxygen, clearly show the presence of at least 
two insoluble impurities, one or both of which, when concentrated at grain 
boundaries, cause intergranular embrittlement in the Charpy test without 
requiring additional embrittlement by hydrogen. Impurities present in 
Dr. Stanley’s iron presumably play a significant role in its mode of failure. 

When Dr. Stanley changed from the Charpy impact test to a bend 
test on thinner stock, the stress pattern was altered so that more “embrit- 
tlement” of the metal was necessary to cause a brittle failure. It is highly 
probable that the main embrittling action was simply the reduction, by 
hydrogen, of the oxide or other impurities in the grain boundaries to pro- 
duce a somewhat open layer of iron which subsequently fractures easily. 
This effect has been discussed many times and has been demonstrated 
repeatedly. Where an external bending stress is imposed, it is not mate- 
rial whether a significant pressure of water vapor is or is not developed 
in the grain boundaries. The greater effectiveness of wet hydrogen is 
‘lear from the well-known fact that moisture dissociates on contact with 

‘t iron, as shown in Smith’s book, by numerous reports on catalytic 

ects, and in the experiments, at Carnegie Institute of Technology and 

sewhere, on the removal of carbon by wet and dry hydrogen. The equa- 
ions on page 1105 are umnecessary, since it is so well established that 
atomic hydrogen penetrates iron so much faster than does the molecular 
gas. Puron does have nonmetallic inclusions at the grain boundaries as 
has been demonstrated in attempts to grow large crystals from it, for 
example in the paper by Wiener.’ Such nonmetallic inclusions are reduc- 
ible by hydrogen, as Dr. Stanley and many others have demonstrated. 

This is apparently another example of the old phenomenon of “boiler 
embrittlement”, which is quite similar to the embrittlement of oxygen- 
bearing copper, but it should be pointed out that reduction of grain bound- 
ary impurities or films is not the only mod~ of embrittlement of iron. A 
more common effect is hydrogen precipitation or accumulation in minute 
openings on crystal planes, leading to cleavage through the grains and the 
development of flat crystallographic facets on the broken face. This 
mechanism has no apparent bearing on the intercrystalline failures en- 
countered in the present paper. 

Written Discussion: By B. E. Hopkins, Metallurgy Division, Depart- 
ment of Scientific and Industrial Research, National Physical Laboratory, 
Teddington, Middlesex, England. 

At the National Physical Laboratory, we have also found that heating 
high purity iron in moist hy drogen at 850 and 1000 °C (1560 and 1830 °F) 
results in severe intergranular brittleness. Iron of the following standard 
of purity, which initially behaved in a normal manner and showed no 
tendency to fracture along grain boundaries, appears to have been perma- 
nently damaged by heating in moist hydrogen. 


*George Wiener, “Grain Growth in High Purity Iron”, this volume, page 1169. 
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Capea hs 20. isi aS 0.002-0.005 % 
SOE 5 i cchicin ed 446 oehd OOO 0.001-0.003% 
DEMMOODEOD onc iien ncn 0.004% 

EE ths. 5s aah de eck en 0.003-0.006% 
PRospnorus = ..... oc 6 0.001% 
SMO ccs seh, « ude 0.005-0.007% 
COORD © 4a svcisles obs 0.001% 
NS in ek Be ie ek 0.004-0.007 % 
PE, 3 ko sag so 04 50 0.001% or less 
CE Sh nw oo keen ks es 0.001 -0.002% 
ree 4 iol. 0.001-0.002% 
i ea ee ae 0.000005 % 


Hot forging from % inch diameter to % inch square after the hydrogen 
treatment did not remove the grain boundary brittleness. It is of interest 
that such material, which breaks almost if not entirely along grain bound- 
aries, exhibits a transition from a brittle to a tough fracture and is con- 
sequently perfectly ductile above a temperature that varies with the com- 
bination of stresses applied. Thus, under our conditions, iron that had 
been so treated was ductile in impact above about 200°C (390 °F), and in 
tension at room temperature, and could be hot forged. 

It was our intention to make iron of very low carbon and nitrogen 
contents by treating in the solid state in moist hydrogen and, although 
this was done, the material produced was weak along the grain boundaries. 
It is surprising that this effect does not appear to have been met before, 
because a number of investigators have applied heat treatments in moist 
hydrogen to mild steel to reduce the carbon and nitrogen contents to low 
values. However, they subsequently applied tensile stresses to their 
material at room temperature and, as mentioned above, we have found 
that iron so treated is ductile in tension at room temperature. Moist 
hydrogen treatments have usually been applied to mild steel in sheet form 
so that notch tests have not been carried out. It is interesting to note 
that the author found that low carbon steel remained ductile at room tem- 
peratute after treating in hydrogen, as judged by his hammer-bend test. 
Further.information in this direction is clearly desirable and, in particular, 
I should like to ask whether the hydrogen treatment was sufficiently long 
to decarburize the steel completely? 

It cannot be agreed that Dr. Stanley has proved that oxygen-free iron 
behaves in the same way as oxygen-containing iron. His so-called oxygen- 
free iron contained about 0.002% oxygen, and since the grain size was 
about 1 on the ASTM scale (4 grains per millimeter), a simple calculation 
shows that if all the oxygen diffused to the grain boundaries, there would 
be about six oxygen atoms per square Angstrém unit of grain boundary 
surface area. It does not appear, therefore, that the possibility that the 
hydrogen combines with the oxygen in the iron to form water vapor, 
which might cause some disruption at the grain boundaries, can be re- 
jected on the basis of Dr. Stanley’s evidence. 

One observation that we have made, and which seems to be worth 
following up, is that grain boundaries in high purity iron, etched in the 
normal reagents, when viewed by means of an electron microscope usually 
appear raised in that there is a ridge on one or both sides of the bound- 
ary, as shown in Fig. 9. Iron treated in moist hydrogen had grain bound- 
aries which were depressed, with little sign of a ridge, as shown in Fig. 10. 
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Fig. 9—Electron Micrograph Showing “Raised” Grain Boundary in High Purity 
Iron. XX 5000. 

Fig. 10—Electron Micrograph Showing “Depressed” Grain Boundaries in Iron After 
Heat Treatment in Moist /ly:lrogen. Specimen was sectioned after treatment. XX 5000. 


hese photographs were obtained on Formvar replicas.) This is addi- 
tional evidence that the hydrogen has in some way affected the grain 
boundaries. In this connection, it would be useful to have the views of 
those experienced in damping methods applied to iron, on whether such a 
method of attack would be likely to yield information which might lead 
to a better understanding of the mechanism of the embrittlement. 


Author’s Reply 


The discussions by R. L. Rickett and D. P. Smith are very much 
appreciated. 

The illustration of embrittlement of low carbon, low manganese sheet 
steel by Rickett is pertinent because his study parallels the author’s work 
with Armco iron in almost all the cases cited. It is hoped that the work 
on Armco iron, which covered a period of five years, may be reported 
shortly. 

The difference in grain size shown in Figs. 7 and 8 is probably due to 
the very low carbon content produced by the initial wet hydrogen treat- 
ment. Wiener’s paper’ indicates that the loss of carbon, even in dry 
hydrogen, not only results in a loss of hardness but also induces a tend- 
ency for the growth of larger grains. 

There is little to add to Smith’s comments. He raises some of the 
basic questions which have concerned many of the present-day workers 
in this field. These interrogations on solubility, embrittlement, and ther- 
modynamics will have to go unanswered until there is more critical ex- 
perimentation on this important subject of the hydrogen-iron system. 
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Messrs. J. G. Thompson and G. A. Moore raise many questions, some 
of which are more pertinent than others. 

The composition of the author’s material was not given, as it did not 
seem essential to the discussion. Admittedly, the term pure iron is a 
relative one. The element which was considered most significant was oxy- 
gen, and for this reason analyses of it are given. For a matter of record, 
the iron used here was purported to have the following analysis: 


Aluminum ..... less than 0.00005% Molybdenum ...less than 0.0001% 
AGROEEE 6 66 ins ot less than 0.00005 PUIG E sn cets cer approx. 0.0015 
BS Sai pacacaa approx. 0.00003 Peasoeea.. . sss approx. 0.004 
BS Sec cee een less than 0.00005 CS 6 oa Sen oe 0.08 
Calcium ..... ..less than 0.00005 Phosphorus ....less,than 0,001 
CHIR ok sith én os Se Cee 0.01 ee ee less than 0.001 
Chromium ..... less than 0.00005 ae ae less than 0.00005 
4 65a cbwe approx. 0.001 a oe approx. 0.001 
CE. cn ewan approx. 0.0008 EE wo ataekcava less than 0.0002 
Gallium ....... less than 0.00005 SNE +n eke less than 0.0001 
IGE awcucess less than 0.00005 Tungsten ...... less than 0.00005 
Li. gckte nthe oad approx. 0.00003 Vanadium ..... less than 0.00005 
Magnesium ....approx. 0.0001 PAE Shee ess bea approx. 0.0008 
Manganese ....less than 0.0001 


The National Bureau of Standards experiments on iron containing 14 
parts per million of carbon and 17 parts per million of oxygen are claimed 
to show at least two insoluble impurities which, when concentrated at the 
grain boundaries, cause intergranular embrittlement in the Charpy test 
without requiring additional embrittlement due to hydrogen. This is a 
rather comprehensive statement without any numbers being given. The 
author’s iron, it should be said, is reasonably ductile as measured by the 
Charpy test in the hot-rolled and strain-annealed condition, as well as in 
the annealed condition in certain cases. In the. strain-annealed state 
(heated to 700°C in dry hydrogen and furnace-cooled) the iron could not 
be broken at 25 or 0 °C on an impact machine of 120 foot-pounds capacity. 
In the annealed state the iron is fairly ductile, as shown in Table I of the 
paper; refer to experiments 1, 2, 3, and 7 which give energy values of 23, 
32, 104 and 43 foot-pounds, respectively. Granting that impurities play 
an important part in the failures described, what are these impurities and 
how and when do they participate in the embrittlement? 

On work with Armco iron, the Charpy test was found to be some- 
what insensitive to the embrittlement mentioned here, and the hammer- 
bend test was discovered to reflect the onset of the damage to the Armco 
iron and later to pure iron by the atmosphere long before any embrittle- 
ment was detected by the impact test or by tensile tests on 0.505-inch 
diameter specimens; undoubtedly the larger section takes longer to em- 
brittle than an 0.1-inch strip. There is no dispute that when the bend 
test was substituted for the Charpy test, the stress pattern was altered. 
The bend test was adopted because it effectively measured the embrit- 
tling action of the gas. It would be informative if Messrs. Thompson and 
Moore took some of their high purity iron and annealed it in hydrogen 
and then tested it in a bend test. Such information is badly needed for 
comparisons. ~ 

Messrs. Thompson and Moore believe that the main embrittling action 
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is the reduction of oxide by hydrogen or other impurities (undisclosed). 
The author’s analyses (Table III) do not disclose any loss of oxygen due 
to reduction. Further, what is the role of the moisture? One more fact, 
which was found only for Armco iron, should be mentioned. When speci- 
mens were annealed in —65°C dewpoint hydrogen at 850°C, along with 
the pure iron, they were exceedingly ductile and could be bent double; 
the iron, one will recall, was brittle. This Armco iron had an oxygen con- 
tent of about 0.09%. In this instance the dry hydrogen did not reduce 
(apparently) the oxygen (oxides) to give hydrogen brittleness. The role 
of hydrogen and moisture in the phenomenon under discussion is probably 
much more subtle than any of us think. 

It is true that hydrogen does reduce inclusions, but this always cles 
place at the metal surface, as in decarbyrization. There does not appear 
to be any metallographic evidence for reduction of oxides along grain 
boundaries. 

The dissociation of moisture, while small at the temperatures studied, 
may have some bearing on this problem, but it is difficult to see how. 
Analysis on the pure iron shows no increase in oxygen. Even in the 
case of Armco iron the metal is so saturated with oxygen that it is im- 
possible to introduce more oxygen into the metal with the atmosphere 
used. As a matter of fact, moist (8%) hydrogen was found to reduce the 
oxygen content of Charpy bars prepared from two heats of Armco iron; 
in one case the oxygen was reduced from 0.087 to 0.072% and, in the sec- 
nd, from 0.044 to 0.02% after annealing 18 hours at 1200°C (2190 °F). 

\ry gas was only very slightly better in reducing the oxygen content. 

The author finds it difficult to agree with Messrs. Thompson and 
\loore that the present work is associated with the old phenomenon of 
boiler embrittlement. If the experiments here are due to boiler embrittle- 
ment, why did not the rimmed, semi-killed and killed steels show this 
embrittlement? Certainly boiler embrittlement has never been restricted 
to pure iron or Armco iron. 

The observations of B. E. Hopkins on pure iron are significant and 
important, particularly that embrittled iron exhibits a transition from 
brittle to ductile behavior at about 200 °C. 

Mr. Hopkins asks whether the hydrogen treatment was sufficiently 
low to decarburize the iron completely. Carbon contents of 0.001 to 
0.004% were reached in most cases if the annealing time was at least 25 
hours. 

The author admits that he has not proved that the oxygen remaining 
in the iron is not in some way related to the failure. It appears unlikely, 
however, that all the oxygen will diffuse to the grain boundary, for even 
at 1200°C (2190°F) the diffusion of oxygen is very slow, and with the 
small gradients involved, any significant reaction to form steam does not 
appear likely except for very extended annealing times. Further, the 
moisture affects the inception of the embrittlement. Certainly one would 
not expect the moisture to influence the reaction. 

Mr. Hopkins’ observation on the grain boundaries of pure iron should 
be investigated, as it may offer a clue as to the mechanism of the embrit- 
tlement. Perhaps the depressed grain boundary in Fig. 10 is due to 
the easier penetration of the etchant into the grain boundary in which 
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microvoids exist. In the author’s work, occasions were experienced where 
seepage of the etchant occurred from the affected grain boundary when 
a polished and etched section was being examined under the microscope. 

The author wishes to thank all the discussers for their contribution 
to this controversial subject. 

There are many aspects to this problem. There is much to be ex- 
plained. There is room for critical experimentation to run down the 
mechanism of this hydrogen failure. 

If the author has stimulated some speculation, and perhaps experi- 
mentation, then he feels that he has accomplished his main objective in 
calling to others’ attention this hydrogen problem. 


a 














ACCELERATED OXIDATION OF METALS 
AT HIGH TEMPERATURES 


By ANTON DES. BRASUNAS AND NicHotas J. GRANT 


Abstract 


Certain metals which contain elements that form ox- 
ides of low melting point or high vapor pressure have been 
observed to be susceptible to “accelerated oxidation”. As 
the term implies, such oxidation does not diminish when 
an oxide layer forms, but is actually accelerated. 

It has been established that the oxide formed on the 
16 Cr—25 Ni-—6 Mo-type alloy is a spinel having about 
27% interconnected porosity. Atmospheric oxygen thus 
has easy access to the oxide-metal interface which has been 
demonstrated to be the reaction interface. 

Chemical analyses of the oxides have indicated that, 
at the metal-oxide interface, the concentration of the metal 
having a volatile or low melting oxide is abnormally high. 
The presence of this high concentration 1s apparently es- 
sential to the high oxidation rate, since artificial contam- 
nation with these oxides has been shown to induce attack 
on normally oxidation-resistant steels. 

Furthermore, moving atmospheres which increase the 
rate of vaporization af volatile oxides have definitely re- 
tarded the oxidation rate of metals which form such sub- 
stances during oxidation. 

In studying variations in the composition of the 
16-25-6-type alloy, only those containing more than 30% 
nickel were found to have satisfactory oxidation-resistant 
properties. ‘This has been explained by the relatively high 
stability of the complex nickel-rich oxide which forms. 


HE local or general deterioration of certain metals at rates which 

are catastrophic has been observed at temperatures above 
1500 °F (820°C) (1-5).1 The creep bar holders shown in Fig. 1 
are typical examples of such disastrous behavior. 

Molybdenum and vanadium are two alloying elements which 
are now known to cause this accelerated form of oxidation. The 
The figures appearing in parentheses pertain to the references appended to this paper. 

From thesis submitted in partial fulfillment for requirements for the degree of Doctor 
of Science, Massachusetts Institute of Technology, Cambridge, Mass. 


_ A paper presented before the Midwinter Meeting of the Society, held in 
Pittsburgh, January 3l,and February 1, 1952. Of the authors, Anton deS. 
Brasunas is associated with the Oak Ridge National Laboratory, Oak Ridge, 
Tenn., and Nicholas J. Grant is associate professor of metallurgy, Massachusetts 
Institute of Technology, Cambridge, Mass. Manuscript received January 4, 1951. 
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relative abundance of molybdenum in the United States and _ its 
strengthening effect in high temperature alloys make molybdenum 
an attractive alloying agent. However, its inducement of abnormally 
high corrosion rates at elevated temperatures constitutes a major 
deterrent to its wider use. 

The characteristics of this fundamentally different oxidation phe- 
nomenon are such that it may be appropriately termed “accelerated 
oxidation”. 





Fig. 1—Typical Example of Accelerated Oxidation—Creep Bar Holders Severely 
Oxidized in Air at Local Areas; Lightly Oxidized Elsewhere. Alloy composition: 20% 
Cr, 30% Ni, 6% Mo, bal. Fe. Temperature: 1500 °F. 


The decelerating rate of oxidation shown as curve 1 in Fig. 2, 
which includes such commonly known oxidation rates as parabolic, 
asymptotic, logarithmic, and exponential, is a necessary characteristic 
of corrosion-resistant metals and implies that further reaction is hin- 
dered by the presence of an intervening scale layer. 

The linear rate of metal oxidation, curve 2, infers that the forma- 
tion of corrosion products on the metal surface neither helps nor 
hinders further attack. } 

The accelerating rate of oxidation, shown as curve 3 in Fig. 2, 
however, indicates the surprising fact that the presence of a scale 
layer actually stimulates an even more rapid rate of attack. This 
work has been directed toward a better understanding of fhis unusual 
corrosion phenomenon. 


Previous INVESTIGATIONS 


Few references were found in technical literature concerning the 
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form of corrosive attack referred to by the authors as accelerated 
oxidation. 

In 1935, Scheil (6) determined the oxidation rate of tungsten 
from 930 to 1650°F and reported these rates to be linear. His 
photographs of oxidized tungsten and tungsten carbide specimens 
closely resemble oxidized specimens reported in more recent litera- 
ture (1, 4), and those illustrated in this paper. 

The oxidation of the Timken alloy, 16 Cr—25 Ni-—6 Mo, was 
qualitatively studied by Leslie and Fontana (1). These investiga- 
tions attributed the rapid rate of corrosive attack to the thermal dis- 


Extent of Oxidation —— 





Time —+ 


Fig. 2—Graphical Illustration of Decelerating, Linear, 
and Accelerating Rates of Oxidation. 


sociation of MoOg into MoO, and nascent oxygen, the latter being 
the reactive component. Meijering and Rathenau (7) attribute this 
rapid action to the presence of a liquid oxide phase. : 

Chromium-molybdenum binary alloys containing less than 20% 
chromium were reported by Kessler and Hansen (8) to be suscepti- 
ble to this form of oxidation at temperatures above 1500°F. An 
acceleration of the oxidation rate of numerous commercial grades of 
stainless steels has been observed when the metal surfaces were in 
contact with vanadium-rich fuel oil ash (2, 3) or other low melting 
oxides (4). 

Bucher (5) described the widely different oxidation behavior of 
several stainless steel blade materials in gas turbines powered by 
vanadium-containing and vanadium-free fuel oils. This problem was 
further discussed by Cox (9). 
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PREPARATION OF MATERIALS 


The alloys used in the current investigation, with the exception 
of alloys T-1, T-2, and T-3,? were melted in a small magnesia-lined 
carbon arc furnace of 2-pound capacity. A carefully weighed 250- 
gram charge consisting of calculated amounts of the component ele- 
ments was placed into the furnace. Melting down and casting into 
a graphite mold were completed within 12 minutes. Losses by 
vaporization or oxidation of the charge in the reducing atmosphere 
were considered to be negligible and chemical analyses were not 
made except when considered to be essential. The composition of 
the alloy was assumed to be the same as that of the charge. 

The casting consisted of a rod 3 inches long and 0.5 inch diam- 
eter, surmounted by a hot-top head of approximately 1.5 inch diam- 
eter and 1 inch high. The top was discarded, and specimens meas- 
uring 3% inch diameter by % to ™% inch long were machined from 
the rod-shaped portion of the casting. 

After polishing through 00 paper, the specimens were measured 
with micrometers to determine the apparent surface area, degreased 
in benzene, and carefully weighed. They were then subjected to 
oxidation tests. 

The compositions of the alloys used in the current investigation 
are listed in Table I. 











Table I 
Chemical Composition of Alloys Studied 
Designation Cc Cr Ni Mo Si Mn V 
Molybdenum-bearing alloys 
T-1 0.07 15.20 24.72 6.24 0.58 1.78 0.0 
T-2 0.10 16.18 24.99 5.90 0.71 1.70 0.0 
T-3 0.06 17.29 24.56 6.00 0.60 1.88 0.0 
T-5 0.08 16.14 24.92 6.03 0:65 1.20 0.0 
NM series 0.1 var.* 25.0 6.0 0.2 0.7 0.0 
CM series 0.1 16.0 var.T 6.0 0.2 0.7 0.0 
A series (standard composition with miscellaneous variations) 
Vanadium-bearing alloys 
T-6 0.29 17.48 24.28 0.0 0.52 0.2 4.59. 
NV series 0.1 var.* 25.0 0.0 0.2 0.7 6.0 
CV series 0.1 16.0 var.t 0.0 0.2 0.7 6.0 





*Chromium was varied from 0 to 35%. 
tNickel was varied from 0 to 40%. 





DESCRIPTION OF APPARATUS AND TESTING TECHNIQUE 


The determination of the oxidation rates of the various metals 
and alloys was made in the apparatus shown in Fig. 3. The change 
in oxygen volume of the closed system ABCD (D’) due to metal 
oxidation was measured by maintaining points D (D’) and G at a 





2These were obtained from the Timken Roller Bearing Co., Canton, Ohio. 
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constant level. It was necessary to correct for volumetric variations 
caused by barometric fluctuations and changes in room temperature. 

The liquid used was Orsat water* which had the suitable char- 
acteristics of sufficiently low vapor pressure, low oxygen solubility, 
reasonably low density, and low viscosity for speedy response. Mer- 
cury, butyl phthalate, and mineral oil were found to be less suitable. 





x C Control Thermocouple 
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Fig. 3—Diagram of Apparatus Used to Determine Oxidation Rates by Meas- 
ing the Volume Consumed as a Function of Time. 


The specimen placed on an alumina plate was pushed into the 
center of the furnace through the opening at A and reached furnace 
temperature in approximately 2 minutes. The change in oxygen 
volume was recorded as a function of time, using chamber D’ for 
fast rates and chamber D for slow rates or higher precision. Simul- 
taneous reading of room temperature and barometric pressure was 
made for subsequent correction to 25 °C and 760 mm. Hg. 

Ordinary wire-wound and globar-type muffle furnaces main- 
tained at test temperatures to +10°F by automatic controllers were 
used for making general survey tests. Air, saturated with water 
vapor at room temperature, was passed through the furnace at a rate 
of 1000 cubic centimeters per minute. 

The formation of oxides having relatively high vapor pressures 
presents problems of environmental control not ordinarily encoun- 
tered. It was consideted desirable to separate adjacent specimens 
by placing them within separate refractory crucibles, as shown in 


3A near-saturated aqueous solution of sodium sulphate, acidified with sulphuric acid, 
and tinted with methyl red. 
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Fig. 4—-Method Used to Minimize Neighbor Contamination Due to Vaporization of 
Volatile Oxides From Adjacent Specimens During Oxidation. 


Fig. 4. Ingthis way the contamination of a specimen by vapors ema- 
nating from adjacent specimens was appreciably minimized, though 
not entirely eliminated. 


PRESENTATION AND DISCUSSION OF DATA 


Metals undergoing accelerated oxidation, however, are some- 
times unevenly oxidized. Such erratic behavior, as illustrated in 
Fig. 5, indicates nonhomogeneity either in the metal or in the atmos- 
phere surrounding the metal; hence, quantitative determinations 
based on the oxidation of such metal specimens are of little signifi- 
cance. 

Uniform oxidation, as shown in Fig. 6, is generally encountered 
under carefully controlled oxidizing conditions. It is interesting to 
note that the outermost oxide surfaces tend to retain the shape, mark- 
ings, and dimensions of the original metal specimen. 


The Rate of Oxidation as a Function of Time 


Alloys of 16 Cr—25 Ni-—6 Mo and 16 Cr—25 Ni-—6 V were 
oxidized in pure oxygen at a series of temperatures using the appa- 
ratus shown in Fig. 3. 

The oxidation of the former alloy is shown in Fig. 7 as a func- 
tion of time at 1900°F (1040°C). The several-fold increase in 
oxidation rate after the first few minutes is clearly evident. Meas- 
urements of the initial and subsequent oxidation rates for such mye 
at several temperatures are listed in Table II. 

A greater number of such determinations were made on the 
modified alloy T-6 (a 16Cr—25 Ni-—6V alloy), which was found 
to be much less erratic in behavior and more easily oxidized. A 
semi-log plot of oxygen consumed versus time at several tempera- 
tures is shown in Fig. 8. A typical linear plot of the rate of oxygen 
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Fig. 5—Erratic Nucleation of Unprotected Oxide Results in Asymmetrical Oxidation 


of Metal Specimens. 





Fig. 6—Progression of Symmetrical Accelerated Oxidation From Completely Metallic 
to Completely Oxidized Condition. 


Table I! 


Oxidation Rates Determined Volumetrically, for 16 Cr-25 Ni-6 Mo Alloys 


Alloy 
T-1 


ej 
whee 





in Stagnant Oxygen 


Temp., °F 
1710 
1900 
2005 
2005 
2005 


Oxidation Rate 
-—cc./sq.in./hr.—, 


Initial 


19:4 
260 
995 
680 
530 


Final 


145 
940 
1550 
1650 
1610 


Time of Test 


Hours 
1 


1 
1 


st 


consumption is shown in Fig. 9 for a temperature of 1686 °F. 
initial and final slopes of the curve in Fig. 9 give the instantaneous 
rates of oxygen absorption, 
instantaneous area of the diminishing metal specimen, the true cor- 
rosion rates are obtained. These rates have been determined over 
the temperature range of 1440 to 2100°F 6780 to 1150°C) from 


the initial and final stages of numerous tests on alloy T-6. These 
are listed in Table IIT. 


The 


When these rates are divided by the 
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Fig. 7—Oxygen Consumption as a Function 


of Time for Alloy T-1 (16 Cr-—25 Ni—6 Mo) at 
1900 °F. 








Table Ill 
Oxidation Rates of Alloy T-6 in Oxygen as a Function of Temperature 


Furnace Gravimetric—W eight Gain Volumetric—Oxygen Consumed 
Temperature gms./sq.in./hr. -—ce./sq.in. /hr.—~ MO/M* 
°F "ih. Average Initial inal Ratio 

980 527 0.060001 
1280 693 0.0000414 ewes 
1350 732 0.000107 Es lesa ich 
1364 740 ee os ee Ae eee eens taraes 
1440 782 0.00026 0.355 0.109 pete 
1500 816 0.0032 2.41 4.9 1.205 
1526 830 0.0178 7.34 22.3 1.380 
1580 860 0.247 66.0 231.5 1.410 
1610 877 0.685 619 Sc. fi ¢.  - an 
1620 882 0.824 245 426.0 1.410 
1634 890 0.920 489 614 on sie 
1686 919 0.863 400 680 1.409 
1750 954 1.03 700 770 1.411 
1755 957 1,12 990 1058 1.409 
1800 982 1.33 598 1540 1.409 
1906 1041 1,32 327.5 1240 1.406 
2129 1165 1.98 « 623 1550 1.409 


*Gravimetric ratio of weight of metal gxide to weight of contained metal. 
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Fig. 8—Semi-Log Plot of Oxygen Consumed as a Function of 
Time for Alloy T-6 (16 Cr—25 Ni-—6 V) at Several Temperatures. 


Rate of Oxidation as a Function of Temperature 


When the logarithm of the initial and final oxidation rates of 
alloy T-6 listed in Table III is plotted against the reciprocal of the 
absolute temperature, the curves shown in Fig. 10 were obtained. 
The intersection of these curves at approximately 1450 °F (790 °C) 
indicates that above this temperature alloy T-6 is oxidized at an 
accelerating rate; i.e., the final rate exceeds the initial rate of oxida- 
tion. Below this temperature the final rate is less than the initial 
rate, and therefore a decelerating rate of oxidation results. 


Thermal Effect 


During the progress of oxidation, the oxidizing specimens were 
frequently observed to appear appreciably hotter than their surround- 
ings. Thermocouple measurements showed this effect to be real, and 
not due simply to changes in emissivity of the surface. 

Calculations based on the oxidation rates and the heats of forma- 
tion of oxides from their elements were found to be in good agree- 
ment with these observed temperature increments. There seems to 








1126 TRANSACTIONS OF THE A.S.M. Vol. 44 


Ww 
© 


—o Specimen 
Temperature 
--0 Refractory. 
< “>._Temperature 
_—~o 6 


Temperature 
Increase, °F 


900 


400 


300 


200 


Volume of Oxygen Consumed, cc. 


100 





0 20 40 60 80 100 
Time, Minutes 

Fig. 9—Linear Plot of Oxygen Consumption as a Function 

of Time for Alloy T-6 (16 Cr—25 Ni-—6V) at 1685 °F; Upper 


Curves Show Optical Temperature Measurements on Surface of 
Specimen and Adjacent Refractory Support. 


be little doubt that the specimen temperature becomes greater than 
that of the furnace, simply due to the rapid oxidation rate. 

Such temperature increments vary with the alloy composition, 
testing temperature, and the environment. Table IV lists the tem- 
perature increases that have been measured for several alloys under 
varying conditions. 

The variations in temperature increment of alloy T-6 as a func- 
tion of the temperature of oxidation are also shown in Fig. 10 
(lower). It seems quite probable that the intersection of the initial 
and final oxidation rate curves shown in Fig. 10 is related to the 
decrease of the temperature increment which becomes negligible 
in this proximity. 


Oxidation Rates of Alloy T-6 in Air and Oxygen 


. — > : 
Several oxidation tests were made to determine the difference 
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Fig. 10—Upper—Change in Initial and Final Oxi- 

dation Rates of Alloy T-6 as a Function of Testing 

Temperature. Lower—Change in Intensity of Tem- 


perature Increment of Alloy T-6 Specimens as a Func- 
tion of Temperature of Oxidation. 


between oxidation rates in air and in oxygen. Alloy T-6 was oxi- 
dized in a moving air stream, and the resulting oxidation rates which 
were calculated from gravimetric measurements were compared with 
similar data taken from tests made in stagnant oxygen atmospheres. 
This comparison is justified because the oxidation of alloy T-6 gave 
identical results in moving oxygen as it did in stagnant oxygen. 
These tests will be discussed later. 

The oxidation rates of alloy T-6 at several temperatures in 
moving air atmospheres were determined and are listed in Table V. 
When the logarithm of these rates is plotted against the reciprocal 
of the absolute temperature, together with similar data obtained from 
tests made with oxygen, the curves shown in Fig. 11 were obtained. 


‘The use of stagnant air was not considered to be feasible because the rapid oxidation 
would cause local oxygen depletion and quickly result in a nitragen-rich atmosphere around 
the specimen. Therefore, conditions would not be truly representative. A necessary dif- 
ference in testing procedure was therefore introduced. 
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Table IV 


Observed Increases in Specimen Temperature Above Furnace Temperature Caused 
by Heat of Oxidation 


Temperature 

Furnace Spec. Temp., °F Increases 

Temperature Thermo- Gord 

7 Alloy Atmosphere F Optical couple . °F 
-6 

(16 Cr — 25 Ni-6 V) stagnant Oz 1580 1588 Ct 5 8 

stagnant Oz 1620 1634 ei 8 14 

stagnant Os 1686 1714 bee 15 28 

stagnant O2 1755 1785 1791 17 30 

stagnant Oz 1800 1820 oes 11 20 

stagnant Oz 2129 2170 itis 23 41 

r air 1755 1780 1777 14 25 
-1 

(16 Cr—25 Ni—6 Mo) _ stagnant O2 1900 1945 ei 25 45 

as stagnant Oz 2005 2060 apsey 30 55 

(41.5 V — 58.5 Fe) moving Oz 1985 2120 Sau 75 135 

ia moving air 2000 2055 ae 30 55 

(90 V — 10 Fe) stagnant air 1940 2055 oan 65 115 

stagnant Oz 1940 2660 aes 400 720 

moving Os 1940 3580 3200* 910 1640 


*Millivolts were determined up to the melting point of the platinum — platinum/rhodium 
thermocouple. 


Table V 
Oxidation Rates of Alloy T-6 in Circulating Air at Several Temperatures 

Temperature Oxidation Rate—Weight Gain Time of Test 

°F “~~ gms./sq.in./hr. Hours MO/M 
1020 550 0.0000028 264.0 értks 
1380 750 0.00012 110.0 giakia 
1550 845 0.0114 a ee 
1650 900 0.420 3.7 1.403 
1755 955 0.738 Bee Ra ee 
2140 1170 1.24 1.0 1.402 


It is’ quite apparent from this plot that above 1475°F (800°C) 
only a slight decrease in oxidation results when air is used instead 
of oxygen. This ratio is approximately 0.75 to 1. Below 1475 °F 
(800 °C), no difference in oxidation rates was apparent. 


Analysis of Gravimetric Data 


Weight gain measurements of oxidized metal specimens theo- 
retically represent the amount of oxygen which had reacted with 
metal. Weight loss measurements of descaled specimens, on the 
other hand, indicate the amount of metal converted to oxide. The 
ratio of these two values is therefore constant for a given oxide com- 
position if no vaporization or spalling occurs. 

It is useful to determine an MO/M ratio for oxidized specimens 
which is the ratio of the weight of metal oxide to the weight of metal. 
Weight gain and weight loss data have indicated a fairly constant 
MO/M ratio for alloy T-6 over the range 1580 to 2130 °F (860 to 
1165 °C). These ratios are reported in Table III for oxidation tests 
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Fig. 11—Logarithm of Oxidation Rate of Alloy T-6 in 
Circulating Air and in Oxygen Determined Gravimetrically 
as a Function of Temperature. 


made in stagnant oxygen and in Table V for tests made in circulat- 
ing air. At temperatures of 1525°F (830°C) and below, the 
MO/M ratios were found to diminish progressively, indicating either 
the formation of an oxide of lower oxidation state or an oxide formed 
by selective oxidation of certain metal constituents. 

In the range of constant MO/M ratio, it is obviously possible 
to predict quite accurately weight loss data from weight gain data 
and vice versa. Such a method of analysis may conceivably be a 
very convenient device for studying corrosion phenomena, and mer- 
its more attention. 


Rates of Oxidation as Infiuenced by Alloy Composition 


Variations in chemical composition of the 16—25-6-type alloys 
were studied over a broad range. The chromium content was varied 
from 0 to 35% and nickel was varied from 0 to 40%. In addition, 
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6% Mo 
0.7% Mn 
0,2%Si 

BALANCE iRON 





Fig. 12—Modifications of 16 Cr—25 Ni—6 Mo-Type Alloy After 24-Hour Exposure 
to Circulating Air Atmosphere at 1785 °F. 


alloys containing abnormally high carbon, silicon and manganese 
were made, cobalt was substituted for nickel, and additions of alu- 
minum, titanium, and tantalum were made. A number of the speci- 
mens exposed to moving air atmospheres for a 24-hour period at 
several temperatures are shown in Figs. 12, 13, and 14. 

If molybdenum and/or vanadium were eliminated from the 
16—25-6-type alloy, a Fe-Ni-Cr ternary alloy would result whose 
oxidation properties have been investigated (10) and found to be 
good. The addition of molybdenum or vanadium is obviously ex- 
tremely undesirable from the viewpoint of oxidation resistance. The 
most promising modification of the 16-25—6-type alloy appeared to 
be the alloys containing a minimum of 30 to 40% nickel. At tem- 
peratures below 1600°F (870°C), the substitution of cobalt for 
nickel resulted in improved oxidation resistance and the addition © 
of 3% silicon to the standard alloy reduced the intensity of attack. 

One of the probable reasons why nickel additions in excess of 
30% are so effective is the comparatively high stability of the nickel 
molybdate and nickel vanadate which lowers the activity of molyb- 
denum trioxide and vanadium pentoxide. The second, which may be 
associated with the first, is that fhese high nickel alloys form coherent 
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Fig. 13—Modification of 16 Cr—25 Ni—6V-Type Alloy After 24-Hour Exposure 
Circulating Air Atmosphere at 1690 °F. 


nonporous oxides under the testing conditions. These properties are 
discussed later. 


Accelerated Oxidation Caused by Contamination 


Contamination of metal surfaces by vanadium pentoxide and 
vanadium-containing fuel oil ash was reported to have a great 
accelerating effect on the oxidation of standard grades of heat-resist- 
ant steels (2, 4). A study of this phenomenon was made to compare 
its characteristics with those noted in the oxidation of the 16—25-6- 
type alloy. 

Metal specimens of alloy T-5 were placed in refractory crucibles 
as shown previously in Fig. 4. In addition a small tube of Vycor 
containing 1% gram of a contaminating oxide was placed adjacent 
to the specimen. The crucible was then covered with a loosely fitting 
refractory plate which served largely to confine emanating vapors to 
the crucible. The increased amount of oxidation is apparent in Fig. 
15, and the oxidation rates based on gravimetric determinations are 
listed in Table VI. 

It is apparently immaterial whether the constituent is a product 
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Fig. 14—Modifications of 16 Cr—25 Ni—6V-Type Alloy After 24-Hour Ex- 
posure to Circulating Air Atmosphere at the Temperatures Indicated. 





Fig 15—Alloy T-5 Specimens Oxidized at 1585 °F in Air Atmospheres Contaminated 
by the Oxide Vapors Noted. 


of the oxidation of the alloy, a foreign material on the metal surface, 
or a constituent of the ambient atmosphere. The essential feature 
has been shown to be its presence in the proximity of the metal 
surface. 


Oxidation Behavior in Circulating and Stagnant Atmospheres 


Two types of tests were made to establish whether or not stag- 
nant atmospheres favored accelerated oxidation. In one test, iden- 
tical specimens of the molybdenum-bearing alloy T-1 were placed in 
crucibles; one crucible was covered with a loosely fitting refractory 
plate to confine volatile MoOs3_ vapors, and the other was left uncov- 
ered. After a 24-hour exposure at 1900°F (1040°C), the speci- 
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Table VI 
Oxidation Rates of Alloy T-5 in Contaminated Air at Several Temperatures 





Contaminating Average Rate of Weight Gain—Gms./ pi Day 
Vapor 1585 °F 1785 ° 
MRR SL's 2 cL Ae a ke 64. 0 o:b o 0 wel Gok 0.0004 6.008 
ME ss Alig sew die i MES bb ae wb eae 0.850 1.66 
Nt ti aaa Betas baud cows 60 600 0.238 1.70 
RN SSS i ar ie ale ale pele wa 0.792 2.14 
WE takes i aa ining DU Rabie h ceo 0.835 1.84 








Fig. 16—Upper—aAlloys T-6 Oxidized in Circu- 
lating (left) and Stagnant (right) Oxygen Atmos- 
phere at 1800°F. Lower—Alloys T-1 Oxidized in 
Circulating (left) and Stagnant (right) Oxygen At- 
mospheres at 1800 °F. 


men in the uncovered crucible was very lightly oxidized, whereas 
the specimen in the covered crucible was completely converted to 
oxide. When the above test was repeated using alloy T-6 specimen, 
both specimens were completely oxidized. 

In the second type of test, metal specimens were placed on alu- 
mina refractory plates and individually inserted into the tubular fur- 
nace described in Fig. 3. The atmosphere used in this test was oxy- 
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gen. Alloy T-6, as mentioned previously, showed no difference in 
oxidation behavior in a stagnant or moving atmosphere. Alloy T-1, 
however, showed a difference which is illustrated in Fig. 16. The 
specimen in the stagnant atmosphere was severely oxidized uni- 
formly, whereas the specimen in the circulating atmosphere was very 
lightly attacked at the top and sides, but was heavily attacked at the 
bottom. The relatively heavy attack at the base of alloy T-1 is 
undoubtedly caused by the restricted circulation at such locations. 

Circulation of the atmosphere appears to be important only if 
it affects the concentration of the contaminating constituent at the 
metal-oxide interface. In the case of easily vaporized molybdenum 
trioxide, it is of importance especially during the initial stages of 
oxidation because the presence of this vapor in the atmosphere sur- 
rounding a specimen is directly related to the amount present in the 
oxide near the metal surface. 

Atmospheric circulation is obviously less important in the case 
of less volatile contaminants such as vanadium pentoxide, since varia- 
tions in circulation could not have a very noticeable effect on the 
amount remaining in the oxide near the metal surface. 


Oxidation by Metal Oxides 


Attack by Oxide Vapors—A qualitative test was made to deter- 
mine whether attack by metal oxide vapor alone is extensive. Vycor 
tubing was bent into the shape of an inverted V. An unoxidized 
metal specimen of alloy T-5 was placed in one leg and molybdenum 
trioxide or vanadium pentoxide was placed in the other leg, so that 
direct contact was possible only by vaporization. After evacuation, 
the tube was sealed and placed upright in a furnace at 1660 °F 
(905 °C) for 24 hours. 

At the conclusion of the test, the specimen in the MoQOs;-con- 
taining tube was severely oxidized, and the leg which had contained 
the molybdenum trioxide was empty. The metal specimen in the 
tube containing V2O; showed a comparatively light attack, and the 
reservoir of vanadium pentoxide was only slightly consumed. 

Attack by Liquid Oxide—Another qualitative test was made 
to determine the relative rapidity of attack by molten oxide ver- 
sus gaseous oxygen. Two Vycor tubes were heated to 1650 °F 
(900 °C) ; one contained some V2QO;, and a flow of hot oxygen was 
maintained in the other. Metal specimens of alloy T-6 were placed 
in both tubes for a period of 10 minutes. Weight loss measurement 
of the descaled metal samples showed that a more rapid attack had 
occurred by the molten oxide. 

This test was repeated using MoO; and alloy T-1. Similar 
results were obtained ; the attack by the molten oxide was much more 
severe than the attack by oxygen alone. 
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Fig. 17—Upper—Oxidized Specimens of Alloys D, A, and T-6 Tightly Bound With 
Platinum Wire. Specimen at right is a pre-test sample. LLower—Unoxidized and oxi- 
dized metal specimens loosely bound with platinum wire to permit extension. 


Study of Oxide Growth 


To illustrate the manner in which oxidation progressed, three 
types of alloys were selected to represent certain basic differences. 
They were alloy T-6 (16 Cr—25 Ni-6 V), alloy A (Armco iron) 
and alloy D (2 Si, 2 Al, balance iron). 

Platinum wires were tightly wrapped around the specimens 
prior to oxidation. The test was repeated using a loosely bound 
platinum wire which permitted extension. After an appreciable 
amount of oxidation had occurred, the specimens were removed 
from the furnace. These specimens are shown in Fig. 17. 

Alloys A and D showed no tendency to force the wire barrier 
outward during growth as did alloy T-6. This one basic difference 
between accelerated oxidation, represented by ailoy T-6, and normal 
oxidation, represented™by alloys A and D, illustrates an important 
characteristic of the reaction. Note also that the stamped identifica- 
tion is retained at the outer surface of specimen T-6-V. 
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The oxidized specimens were then sectioned as shown in Fig. 18 
to reveal the position of the platinum wires. During the oxidation 
of alloys A and D the wires were simply enveloped in the growing 
oxide, leaving no indication of any force upon it. The oxide within 
the platinum circle of alloy A is crystalline and contains many small 
cavities similar to those observed by Pfeil (11) and predicted by 
Dravnieks and MacDonald (12) on theoretical grounds. Alloy D 
was completely oxidized and a major-sized cavity was revealed when 





Fig. 18—Section of rr ompletely 
Oxidized Alloy D (u gy and Par 
tially Oxidized Alloy A (lower) 
Showing Vechaused Position of 
Platinum Wires. Note large cavity 
formed during oxidation of alloy D; 
such major-sized cavities were not 
observed during the complete oxida- 
tion of any other alloy tested. 


sectioned. The size and shape of this cavity are almost precisely 
identical with that of the original metal specimen. 

The variations noted in the growth of the oxide on different 
alloys shown in Figs. 17 and 18 are informative. An interpretation 
of these phenomena may be made“by reference to Fig. 19 which 
illustrates the mechanism by which an oxide may continue to grow. 

A metal oxide lattice is composed of small metal ions and oxy- 
gen ions which are approximately twice as big (13). Hence, the 
diffusion of the smaller particles is expected to predominate. That 
some oxygen can diffuse inward (Case I) is demonstrated by the 
presence of oxide within the platinum ring of alloy A, shown in 
Fig. 18. Metal diffusion outward (Case II) is uniquely represented 
by alloy D in the same photograph, which demonstrates the outward 
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Fig. 19—Four Different Mechanisms of Oxidation. 
Circled Z with Arrow indicates reaction interface. 


diffusion of metal ions and a negligible inward diffusion of oxygen. 
The more common case of countercurrent diffusion is merely a com- 
bination of Cases I and Il. The diffusion phenomena in which metal 
diffusion outward predominated apparently exerted no force on the 
platinum wires, and their positions, as shown in Figs. 17 and 18, 
remained unchanged. The major interface of reaction is clearly the 
oxide-atmosphere interface, and can be interpreted using Wagner’s 
well-known oxidation.theory (14), i.e., metal atoms dissociating at 
the metal-oxide interface to form metal ions and electrons which 
diffuse outward to the oxide-atmosphere interface. Hence, the new 
oxide layer forms on top of the existing oxide layers. 
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However, the oxidation mechanism of alloy T-6 is quite differ- 
ent. Here the situation as described in Case IV exists. Oxygen 
penetrates the porous oxides and reaches the proximity of the metal- 
oxide interface. New oxide layers are formed at this region, and 
force the already-existing oxide outward. This is verified by the 
retention of the stamped identification and the movement of the 
platinum wires shown in Fig. 17. 


Study of Oxide Mixtures Prepared From 
Reagent Oxide Components 


Attempts were made to determine the melting ranges of mix- 
tures of MoOs and V2O; with Fe2O3, NiO, and Cr2O3 additions 
as indicated by thermal arrests during heating and cooling between 
room temperature and a maximum of approximately 2375 °F (1300 
“Ps Te melting temperatures for mixtures which melt above this 
temperature were not determined. After the thermal arrest points 
had been determined, the fused oxide mixtures were crushed for 
subsequent X-ray diffraction study. 

Most binary oxide systems showed the presence of new lines at 
certain compositions, which indicated the existence of a compound. 
These data supplement the cooling curves in helping to establish the 
melting temperatures of duplex oxide compounds. 

The following oxide complexes were detected and the approxi- 
mate melting or decomposition temperatures are listed below: 


Complex Temp. Complex Temp. 
MoOQ;-Cr2Os; 1830 °F (1000 °C) V203-3 NiO 2325 °F (1275 °C) 
MoOs: NiO 2425 °F (1330 °C) V20s* FesOs 1500°F (815°C) 
MoOs: Fe:O; 1605°F (875°C) None was noted in the V20O;—Cr:Os; 
MoO;,: V:0s 1400 °F (760°C) system 


The relatively high melting temperatures of the nickel-containing 
oxide complexes are believed to be of great importance in inter- 
preting the beneficial effect on oxidation resistance of the nickel 
additions previously mentioned to the 16—25-6-type alloy. 

In view of the many compositions studied, and the wide tem- 
perature range studied, it was not feasible to heat and cool these 
mixtures at rates which may reasonably approach equilibrium heating 
and cooling. Furthermore, phase transformations involving oxides 
are very sluggish, and thermal conductivities are comparatively poor ; 
therefore, the actual location of the thermocouple in the molten oxide 
strongly influences the recorded cooling and heating curves. 

These thermal arrests, nevertheless, indicated the presence of 
compounds which were verified by X-ray diffraction studies. 


Study of Oxide Properties 


X-Ray Diffraction—The--X-ray diffraction patterns of oxides 
formed on standard and modified 16—25-6-type alloys indicated a 
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spinel-type structure. No significant difference was noted between 
thick oxide layers formed at high temperatures and thin oxides 
formed at lower temperatures; nor was any significant difference 
observed among the innermost, outermost and central portions of 
oxides formed on alloys of the 16~-25-6 type. 

Additional X-ray diffraction studies were made on the oxides 
formed on the CM and NM alloys which varied appreciably in com- 
position from the basic 16-25-6 composition, but the same spinel- 
type pattern was retained. Certain diffraction lines varied in inten- 
sity, but whether this was due to variation in planar density caused 
by changes in number or. type of metal atoms, or was caused by 
preferred orientation of oxide particles with regard to the X-ray 
beam, could not be ascertained. Changes in interplanar distances, 
however, as influenced by changes in metal composition did not occur 
to a significant extent. 

The study of entirely new diffraction lines formed by fused 
mixtures of reagent oxides has indicated with certainty the presence 
of such compounds as vanadates and molybdates mentioned in the 
previous section. 

Porosity—The oxides formed on molybdenum and vanadium- 
containing 16-25—6-type alloys appeared to be porous. Micrographic 
studies of fractures and polished oxide specimens of alloys T-1, T-6, 
and others indicated that they were porous. This is illustrated in 
Fig. 20. Porosity was further verified using a simple device which 
also demonstrated the fact that these pores are interconnected. An 
oxide fragment was placed at the end of a glass tube and the edges 
were sealed with Apiezon cement, as shown in Fig. 21. A drop of 
methyl alcohol was absorbed with unusual rapidity when the tube 
was evacuated. When positive pressure was immediately reintro- 
duced into the tube, many tiny bubbles were observed over the entire 
oxide surface. 

Density—The apparent density of the oxide formed on alloy 
T-6 at 1800 °F (980 °C), neglecting pores, was measured and found 
to be 3.91. The calculated density of an oxide based on a spinel 
structure having a lattice parameter of 8.32 A (1) and a metal con- 
stituent ratio comparable with that of the parent metal gave a value 
of 5.33. A value of 5.22 was calculated for pure Fe;O,4 using the 
value of 8.39 A for its lattice parameter; this agrees closely to the 
value 5.18 reported in the literature. These data indicate that the 
above oxide having a density of 3.91 contains approximately 27% 
porosity. 


Chemical Analyses of Metal and Oxide 


Chemical analyses of the metal surfaces of alloys T-5 and T-6 
were made by carefully filing off the outer 0.05 inch of metal from 
previously oxidized and descaled metal specimens. A similar analy- 
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Fig. 20—Photomicrograph of Polished Oxide Specimen Illustrating Porous 
Nature of the Oxides. xX 100. 


sis was made of the oxide itself. Although insufficient material 
made a complete chemical analysis of the innermost and outermost 
oxide layers impossible, a partial analysis was made. These are also 
reported in Tables VII and VIII. A graphical presentation of 
some of these data is shown in Fig. 22. 

The calculations of theoretical percentages of the elements in the 
oxide listed in Tables VII to X and shown in Fig. 22 were based on 


Vacuum or 
Pressure 






a 


~~ 
Pyrex Tube Onde 
Apiezon Cement 


Fig. 21—Vacuum Tube. 


the assumption that (a) there is no selective oxidation of certain 
alloy constituents, and (b) that Ni, Cr, Fe, Mo, and V form NiO, 
Cr2O3, FesO4, MoOs3, and V2Os; respectively. These assumptions 
are believed to be justified for accelerated oxidation phenomena and 
are in close agreement with gravimetric data. The analytical data, 
however, indicated a slight amount of selective chromium oxidation 
in the alloy and a peculiar distribution of molybdenum and vanadium 
in the oxide layer. 

The composition gradient at the metal surface of such a complex 
alloy as reported in Tables VII and VIII is generally expected, and 
may be explained by reference to Richardson and Jeffes (15), or by 
Osborn (16), who have published curves giving the standard free 
energies of formation of the.warious metal oxides from their pure 
components over a broad temperature range. 
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Fig. 22—Graphical Representation of Composition Gradient in 
Metal and Oxide of Alloys T-5 (upper) and T-6 (lower). 
Table VII 
Chemical Analysis of Metal and Oxide of Alloy T-5 
Alloying -——— Metal-—— —. iO xid eR —~ Theo- 
Element Original Surface Inner Bulk Outer retical* 
Mo 6.03 5.98 7.38 1.13 0.87 4.38 
Cr 16.14 14.70 12.22 12.55 phen 11.71 
Ni 24.92 eS he 14.1 a 18.08 
Si aR si steele 5 ediuwle 0.49 dene 0.47 
Fe (by diff.) 52.28 eeens sc | iakeete Sabie io 38.0 
O 0.0 sasha kode eehike Siwe 27.5 
*Based on gravimetric analysis. 
Table VIII 
Chemical Analysis of Metal and Oxide of Alloy T-6 
Alloying -————— Metal——__,, ee Ox Id Theo- 
Element Original Surface Inner Bulk Outer retical* 
Cr 17.48 15.94 aes 11.18 ‘cae 12.42 
Ni 24.28 26.21 sin 17.68 be 17.26 
Vv 4.59 4.37 8.0 3.23 1.3 3.26 
Si 4 0.52 0.49 bahe ENS Sas $e 0.37 
Fe (by diff.) 53.13 52.99 TS ee as 37.76 
oO 0.0 0.0 as eet aR 28.93 


“Based on gravimetric analysis. 
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It is, nevertheless, somewhat surprising that such gradients in 
the metal actually do exist, when one considers that the rate of metal 
consumption far exceeds the substitutional metal diffusion rates based 
on the known values of diffusion coefficients. Metallographic exam- 
ination of the metal surface, although showing no preferential attack 
along grain boundaries or the primary carbides, showed evidence 
of a decarburized zone at the surface of alloy T-6 and a carburized 
zone at the surface of alloy T-1. 

Although the concentration gradients at the metal surface are 
not very great, diffusion may nevertheless be greatly accelerated due 
to activity gradients caused either by carbon depletion and/or oxy- 
gen solution, small as it may be. 

The oxide was found to contain metal elements essentially in 
the same proportion as they exist in the parent metal. An exception 
is the constituent whose oxide is volatile or fluid. The outermost 
layer of alloy T-5, as expected, contained much less than the theo- 
retical amount of molybdenum, which was undoubtedly caused by 
vaporization. The bulk of the oxide also contained less than the 
theoretical amount, but the innermost oxide layer which was adjacent 
to the metal was unexpectedly rich in molybdenum. The value re- 
ported is well above the theoretical amount and represents the aver- 
age composition of the innermost 0.02 inch of oxide. Hence, the 
composition at the actual metal-oxide interface may be appreciably 
greater, as suggested in Fig. 22. 

A similar situation was encountered in an analysis of the oxide 
of the vanadium-containing alloy T-6. Vaporization losses at the 
surface reduced the vanadium content at the oxide surface moder- 
ately ; the bulk of the oxide contained the expected theoretical per- 
centage, and the innermost layer was found to be very rich in 
vanadium. : 

The composition gradients as sketched in Fig. 22 represent a 
steady-state condition; that is, as the metal-oxide interface recedes, 
the high concentration of molybdenum and vanadium at the interface 
follows. 

Leslie and Fontana (1), and Kinsey (17) have reported aver- 
age chemical analyses of oxides formed on similar alloys. These are 
listed in Tables IX and X and are in quite good agreement with the 
values reported here and with the theoretical values which should 
be expected. 


PrRoposep THEORY FOR MECHANISM OF ACCELERATED OXIDATION 


A thorough analysis of the characteristics of the unusually rapid 
oxidation rate described herein has suggested a reaction mechanism 
which appears to be consistent with all the observations and pecu- 
liarities of this oxidation reaction. These are listed in the final sec- 
tion of this paper. a 
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The continued reaction between oxygen and a metal which ordi- 
narily requires diffusion of at least one of the reacting components 
through an intervening solid oxide layer is considerably facilitated 
by the nature of the oxide which forms on metals susceptible to 
accelerated oxidation. This porous oxide permits oxygen to pene- 


trate the oxide layer and also serves to retain some of the heat 


Table 1X 


Chemical Analyses of Metal Oxides by Other Investigators 
Data from Leslie and Fontana (1) 


Alloying Original Oxid 


OP OO en 

Element Metal —_ Act ral ——_——_————_,, Theoretical* 
Cr 15.74 14.0 14.2 12.1 12.4 11.5 11.56 
Ni 25.74 17.88 18.76 17.54 14.73 10.04 18.90 
Mo 6.49 3.42 3.32 1.25 1.34 3.16 4.77 
Fe 49.52 39.4 38.0 46.0 47.0 50.5 36.37 





*Based on gravimetric analysis. 








Table X 


Chemical Analyses of Metal Oxides by Other Investigators 
Data from Kinsey (17) 





Alloying Original 


——_ O'=xide_,, 

Element Metal Actual Theoretical* 
Mn 0.98 0.80 0.72 
Si 0.71 0.75 0.52 
Ni 36.63 26.06 26.91 
Cr 15.37 11.51 11.29 
Mo 1.59 0.44 1.17 
Fe 44.82 31.83 32.93 





*Based on gravimetric analysis. 


evolved during oxidation, thereby increasing the temperature of the 
specimen. Although this alone will tend to result in increased reac- 
tion rate, it is not the complete answer. 

Simple experiments have illustrated that the alloy is attacked 
more severely by liquid and gaseous MoOgs or V2O; than by pure 
oxygen. Furthermore, the sharp gradient by chemical analysis re- 
vealed a very high concentration of these elements at the metal-oxide 
interface, as illustrated in Fig. 22. 

Both V2O; and MoQOs are known to be polar molecules as a 
result of their asymmetry, and such molecules have a strong tendency 
to adsorb on metal surfaces of the transition elements. Therefore, 
it may be possible to explain the concentration gradient on this basis. 
. The volatility and low melting points of both these oxides make the 
necessary mobility possible.- Such adsorption on the metal surface 
would tend to create a gradient in their partial pressures, which 


would result in a migration, of these polar compounds toward the 
metal-oxide interface. 
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Another explanation may be possible. Assuming for the mo- 
ment that no initial composition gradient existed in the porous oxide, 
a gradient may develop in the following manner: The MoO; (or 
V2O;5) in the proximity of the metal surface may react with the 
metal to form metal oxide, and a suboxide of molybdenum (or vana- 
dium), possibly MoOz (or V2O3). Such a reaction depletes this area 
of MoO; (or V2O;) and a migration would occur as a result of the 
decrease in its partial pressure. This would also establish a high 
concentration of these elements at the metal-oxide interface. 

The accelerated oxidation reaction, therefore, does not appear 
to be a direct union of metal with gaseous oxygen, but a reaction 
between metal and an oxide (liquid or gaseous) which is in a high 
oxidation state. Atmospheric oxygen merely regenerates the sub- 
oxide from a low to its highest oxidation state. In other words, 
molybdenum and vanadium oxides seem to act as oxygen carriers. 


CONCLUSIONS 


The essential difference between the 16—25—6-type alloys, under 
investigation with regard to their resistance to oxidation, and alloys 
previously used is that molybdenum and vanadium have been used 
as alloying agents to impart suitable mechanical properties at ele- 
vated temperatures. Unfortunately, these elements have been shown 
to be capable of severely reducing oxidation resistance by altering 
the nature of the oxide layer. 


Characteristics of Accelerated Oxidation 


The following facts have been established concerning the accel- 
erated oxidation of the 16—25-6-type and related alloys: 

1. The rate of oxidation increases as a function of time. 

2. The rate of oxidation rises sharply with temperature up to 
a point beyond which temperature increases have but a slight addi- 
tional effect. 

3. The rate of reaction is frequently so rapid that the liber- 
ated heat of reaction raises the temperature of the specimen, which 
results in a further acceleration of oxidation. 

4. Changes in the composition of the 16-25-6-type alloy have 
but a slight effect on the rapid oxidation rate. An exception is the 
use of larger amounts of nickel, which was effective in suppressing 
the rapid rate of attack. 

5. Accelerated oxidation of commercial heat-resistant steels 
may be caused by direct or indirect contamination of the metal sur- . 
face with certain low melting or volatile metal oxides. 

6. Since the presence of contaminating oxides at the metal 
surface is critical, atmospherie circulation is essential only when 
dealing with readily volatile substances. 
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7. The oxidation reaction occurs at the metal-oxide interface. 

8. Abnormally large amounts of molybdenum and vanadium 
have been detected in the oxide at the metal-oxide interface. 

9. The oxide formed is porous, permitting direct access of 
oxygen to the metal-oxide interface, and has a spinel-type structure. 

10. Metal may be rapidly oxidized by molten MoOgs or V20Os, 
and less rapidly by the vapors. 

11. The thermal stability of certain vanadates and molybdates 
has been determined and a correlation of these data with the effects 
of alloying additions to vanadium and molybdenum-containing alloys 
appears to exist. 

12. The mechanism of accelerated oxidation is suggested to be 
due to a reaction between molybdenum trioxide or vanadium pent- 
oxide and unoxidized metal at the metal-oxide interface. Atmos- 
pheric oxygen penetrates the porous oxide and reoxidizes the molyb- 
denum and vanadium suboxides to their highest oxidation states. 
These mobile oxides then migrate to the metal surface as vapors or 
liquids to attack the metal again. 
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DISCUSSION 


Written Discussion: By John J. B. Rutherford, metallurgist, The 
Babcock & Wilcox Tube Co., Beaver Falls, Pa. 

This paper contributes a wealth of experimental data on abnormal 
oxidation behavior, similar to that encountered occasionally in service. 
By the use of excellent laboratory technique, the authors have been able 
to analyze the component variables and bring about rationalization from 
confusing circumstances. 

Very seldom are these alloys heated in service by conduction or radia- 
tion, in a normal atmosphere of nitrogen and oxygen. They are usually 
heated by convection, in contact with fuel vapors. As a further modifica- 
tion, the propensities to oxidation or reduction, or ‘carburization, generally 
change quite frequently and continuously, since temperatures are regu- 
lated by changing fuel-air mixtures. This paper recognizes the effects of 
atmosphere circulation and, on page 1142, the authors refer to carburiza- 
tion and decarburization of the metal immediately underlying the oxide 
layer. The deposition of soot or coke over this metal and oxide surface, 
as is frequently encountered in service, must modify the oxidation process 
and in some cases change “normal” oxidation to “accelerated” oxidation. 

Our interpretation of this phenomenon has. been slightly different 
from that proposed by the authors, possibly as a result of the differences 
in sources of information. The effect of molybdenum has been determined 
as an alloying addition to the metal, whereas the effect of vanadium has 
been judged from its occurrence in the fuel, and mechanically deposited 
on the metal as fly ash. With metal temperatures about 1400 °F (760 °C), 
vanadium occurs as the pentoxide, established crystallographically, in sin- 
tered droplets. We have assumed that these liquid droplets dissolve the 
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chromium-rich protective layer by an action commonly described as slag- 
ging, and similar to the effect of sodium salts or other low melting fluxes. 
This leads to a condition of localized pitting rather than a continuous 
surface deterioration. The only significance of this minor difference in 
interpretation might be to modify design of equipment, since it is accumu- 
lation of vanadium pentoxide, rather than exposure to its presence in the 
atmosphere, which leads to a greatly reduced service life. 

One minor point in the interpretation of the mechanism of attack; 
vanadium pentoxide (V:Os) melts at 1275°F (690°C), while the lower 
oxide (V:Os) melts at 3580 °F (1970°C). It seems highly improbable that 
the V2Os reacts directly with the metal and is reduced to the higher melt- 
ing point V2Os. It is more probable that the liquid V2Os takes FezQOs, etc., 
into solution. By comparison, MoO; has no definite melting point but the 
lower oxide MoOs melts at 1460 °F (795°C), so molybdenum oxides would 
more likely follow the mechanism outlined by the authors. This difference 
in the behavior of molybdenum and vanadium seems to point to the fact 
that molybdenum detracts from the oxidation resistance of chromium 
alloys as the atmosphere becomes relatively deficient in oxygen, while 
vanadium detracts similarly but more so in an oxygen-enriched atmos- 
phere. 

Written Discussion: By William C. Stewart, U. S. Naval Engineering 
Experiment Station, Annapolis, Md. 

The authors of the subject paper are to be congratulated for a valu- 
able presentation on accelerated oxidation of metals at high temperatures. 
Those who have had experience with alloys of the 16-25-6 type probably 
have encountered instances of deterioration of the type described. Alarm- 
ing as this may seem, a large tonnage of the 16-25-6 material has been 
used successfully in service. This would seem to be a fortuitous circum- 
stance in light of the relative ease of producing accelerated oxidation as 
described in the paper. Comments of the authors on this point will be 
appreciated. 

Written Discussion: By C. M. Gardiner and D. G. Sanders, Gas Tur- 
bine Engineering Department, General Electric Co., Schenectady, N. Y. 

The authors mention that with a number of specimens in the same 
furnace, even though placed in separate crucibles, there is some risk of 
contamination of one specimen by vapors from another. Their awareness 
of this possibility, together with the evident thoroughness of their work, 
leaves little doubt that the extent of such contamination in their tests 
was not serious, but for the benefit of others doing similar work it might 
be well to emphasize that this effect can be important. In several differ- 
ent tests with which we have been associated, contamination of some 
specimens by vapors fronmothers, or from chemicals contained in nearby 
crucibles in the same furnace, has affected the results seriously. 

In their experiment to determine the corrosive effect of vapors, the 
authors find that MoO; completely disappears from one leg of an inverted 
U-tube, and a metal specimen in the other becomes oxidized. With the 
U-tube initially evacuated, this seems to indicate that the MoO; must be 
reduced to some lower form in order to provide the oxygen required to 
attack the metal. It would be interesting, however, to know for sure 
whether the MoO; merely releases oxygen in this way, or whether it 
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combines directly with chromium and nickel to form some complex com- 
pound. While no simple method of doing this is apparent, it might be a 
fruitful field for further study. In the case of an attack by externally 
applied V:O; on nickel-bearing alloys, in certain temperature ranges at 
least, we have obtained some evidence that nickel and vanadium oxides 
form some stable compound and the vanadium is unable to continue its 
destructive attack. 

In the experiment with oxidation by liquid MoO; and V:O; it is not 
stated whether the tubes containing the oxide were sealed and evacuated. 
We assume that they were, but would appreciate confirmation. 

The chemical analyses of the metal surfaces and the oxide layer are 
interesting and suggest a direction for further work. The results given 
for the alloys T-5 and T-6 do not mention at what temperature the 
specimen examined was tested. It would be interesting to determine the 
composition of the metal surface and the oxide after corrosion at several 
temperatures to see if the gradients appeared the same. 

In respect to the gradient found for vanadium and molybdenum in 
the oxide layer, the authors suggest two mechanisms that may take place. 
One is that these oxides tend to be adsorbed on the metal surface or re- 
duced there to a lower oxide state. In either case the concentration of 
the higher oxide in that region would be lowered, resulting in migration 
of additional oxide toward this depleted zone and an increase in the total 
concentration of molybdenum or vanadium. The other is that the oxides 
of these metals vaporize from the surface of the scale, causing a deficiency 
in this portion. These oxides are known to have a high vapor pressure 
and it is logical to expect vaporization when they are not mixed with 
other substances. However, the authors have shown that these oxides 
form fairly high melting point compounds with the other oxides which are 
present in the scale. The compound formed with nickel oxide has an 
especially high melting point, and this metal is present in the scale in 
more than sufficient quantity to satisfy the stoichiometric ratio. It would 
seem that the formation of such a compound, if it actually occurs in the 
scale, would hinder vaporization or migration. It probably would be pos- 
sible to determine the approximate amount that vaporized by comparing 
the weight gain of the specimen with the amount of oxygen consumed. 
These two numbers should be equal except for vaporization that occurs, 
and it seems reasonable to assume that the oxides of vanadium and mo- 
lybdenum will be the only ones that vaporize an appreciable amount. 

In their discussion of the duplex compounds formed between metal 
oxides, the authors report that they found no indication of one in the 
vanadium-chromium system. Amgwerd reports a chromium vanadate that 
is stable up to 1560°F (850°C) but breaks do®n between 1560 and 1650 
°F (850 and 900 °C) into the initial products. This might cause a signifi- 
cant change in the characteristics of the corrosion when passing through 
this temperature range. 

The authors are to be commended for the work reported in this paper. 
It makes a definite contribution to the data available on a type of cor- 
rosion which has already proven important in the gas turbine field, and 
in others involving the application of metals at high temperatures, and 
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which will become more important as further increases in operating tem- 
peratures are made. 


Authors’ Reply 


The authors gratefully acknowledge the discussions of Messrs. Ruther- 
ford and Stewart. 

Regarding Mr. Rutherford’s discussion, soot deposition during firing 
is known to be beneficial in preventing accelerated oxidation, soot depo- 
sition being indicative of a tendency for reducing conditions; however, 
soot deposition brings about its own ills. From our laboratory tests we 
also know that a reducing atmosphere stops accelerated oxidation. Under 
certain conditions pitting corrosion does take place; this depends, of 
course, on the concentration of V:0O; or MoO; and on the uniformity of 
distribution. Under oxidizing conditions, with high V:O; concentration, 
it is more likely that general surface attack is noted. In one application 
in which 25-12 stainless tubes were used in a vertical position with inter- 
mittent firing, the nature of the attacks was by pitting. 

As far as the mechanism is concerned, V:Os; will dissolve unoxidized 
stainless steel and convert the metal to oxide. If the oxygen is removed 
from the atmosphere, the attack slows down and stops, indicating that the 
oxidizing power of V2O; is consumed and cannot be regenerated, formation 
of a suboxide of vanadium being suggested. Correspondingly, V2O; will 
dissolve FesOs or CrsOs or SiOz, etc. Thus, we feel that both mechanisms 
are possible. To explain the continuing nature of the attack, however, 
we prefer to think that V:.O; will oxidize the metal, dissolve it, and then 
be regenerated in an atmosphere where there is a constant ready source 
of oxygen. Of course this hardly constitutes proof. 

We have never found MoO; but have always found MoQs;. On this 
basis, it is felt that vanadium and molybdenum behave exactly alike; and 
our tests support this idea. 

Regarding Mr. Stewart’s discussion, if an alloy such as 16-25-6 is 
in a large open space, or in a rapidly moving or changing atmosphere, 
MoO; cannot readily collect. It is volatilized instead and diluted by the 
atmosphere ; normal oxidation behavior then occurs. In a restricted space 
or in a still atmosphere the concentration of MoOs increases, thereby pro- 
moting accelerated oxidation. For example, creep test specimen holders 
of Fe-Cr-Ni alloys with 6% molybdenum are quickly damaged in the 
sealed furnace. In forging or heat treating, 16-25-6 billets or bars which 
are piled too close together can be so damaged, especially in electrically 
heated muffle furnaces which have poor circulation. In the case of vana- 
dium, the V2.0; is very much less volatile and damage occurs much more 
readily and easily. Accelerated oxidation damage is likewise much more 
reproducible with vanadium than with molybdenum. 

We are pleased to havé the important comments and contributions 
of Messrs. Gardiner and Sanders. Their suggestions of some additional 


tests to determine mechanism more accurately would certainly be worth 
following. 








THE INITIATION OF PLASTIC STRAIN 
IN PLAIN CARBON STEELS 


By C. S. Roperts, R. C. CARRUTHERS AND B. L. AVERBACH 
Abstract 


The initiation of plastic deformation has been studied 
in a series of plain carbon steels with various metallo- 
graphic structures. It has been found that there is a sepa- 
rate elastic limit at an even lower stress than the lower 
yield point, and there is a region of continuous plastic flow 
prior to the discontinuous yielding. The effect of prior 
plastic deformation has been determined and the elastic 
limit of steels has been correlated with the mean ferrite 
path available for plastic deformation. 


HE relationship between the elastic limit and the yield point in 

a steel which undergoes discontinuous yielding has not been 
clearly differentiated. This paper describes a study of the initial 
plastic behavior of steels in which the discontinuous yielding phe- 
nomenon was observed. It is shown that a separate elastic limit 
exists at a stress which is considerably lower than the discontinuous 
yield stress. The initial plastic behavior prior to yielding was also 
observed and the elastic limit and yield point were correlated with 
the microstructure. 


MATERIALS AND METHODS 


A series of irons and steels ranging from 0.005 to 1.06% carbon 
were used in the investigations. Three of the steels containing 1.06, 
0.70, ‘and 0.47% carbon were killed with silicon; the fourth, contain- 
ing 0.17% carbon, was semi-killed. Two irons, Westinghouse Puron 
and National Research high purity iron were also used. 

The specimens consisted of small test bars 4 inches long with a 
gage section 2.5 inches long and 0.252 inch in diameter. The ends 
were ground to a 4-inch diameter spherical contour and the grip 
portions were threaded. The machined specimens, if not otherwise 
heat treated, were given a stress relief treatment at 1200 °F (650 °C) 
for 1 hour followed by furnace cooling. Some specimens were an- 
nealed at 1600°F (870°C) for formation of pearlite; others were 
spheroidized by water quenching from 1500 °F (815 °C) and temper- 
ing at 1300 °F (705 °C). 

A paper presented before the Midwinter Meeting of the Society, held in 
Pittsburgh, January 31 and February 1, 1952. Of the authors, C. S. Roberts 
is research metallurgist, Dow Chemical Company, Midland, Mich., R. C. Car- 
ruthers is associated with the American Brake Shoe Company, Mahwah, N. J., 
and B. L. Averbach is assistant professor, Department of Metallurgy, Massa- 


chusetts Institute of Technology, Cambridge. Manuscript received July 23, 1951. 
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A specimen, whose length had been determined, was loaded in 
a hydraulic testing machine to a given stress, unloaded, and then re- 
measured. If no increase in length was observed, the specimen was 
reloaded to a slightly higher stress. All length measurements were 
made in a constant temperature room held at 68 + 1 °F (20+ 0.50 
°C) to an accuracy of 2 microinches per inch (1).' The first plastic 
strain could thus be detected to 4 microinches per inch. Special pre- 
cautions were taken to insure uniaxial loading; the eccentricity was 


Plastic Strain 


Totcl Strain 
Continuo.s Loading 


10100 Steel 


Stress, |OOO psi 


Plastic Strain 


Total Strain 
Continuous Loading 





1045 Steel 
4000 
{000 3000 5000 
Strain x 10® 


Fig. 1—Plastic and Total Strain 
Curves for Stress-Relieved Pearlitic 
Steels. Loading rate—5000 psi per min. 


determined by the method of Holden and Hollomon (2) and found 
to be less than 4%. The loading rate was maintained at 5000 psi 
per minute for all specimens. 

Fig. 1 indicates the general type of result that was obtained by 
this method. The stress required for a given plastic strain is shown 
for pearlitic 1045 and 10100 steels. There is a sharply defined elastic 
limit for each specimen, and discontinuous yielding is indicated by 
the sudden increase in plastic strain at a stress well above the elastic 
limit. It should be noted that the elastic limit in the 10100 steel is 
_ approximately 20,000 psi lower than the stress at which discontinuous 
yielding is observed. In the pure irons, in the 1020 steel, and in the 
spheroidized structures the upper yield point was observed and im- 
mediately followed by extensive plastic strain at the lower yield point. 
1The figures appearing in parentheses pertain to the references appended to this paper. 
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The plastic strain curves were determined by a succession of 
approximately 20 loading cycles. In an effort to detect possible 
effects of strain aging in this successive loading method a separate 
specimen of pearlitic 10100 was loaded directly to a strain of 10,000 
microinches per inch. This point checked closely with the corre- 
sponding plastic strain curve obtained by the intermittent technique. 
It may thus be concluded that the intermittent and continuous 
methods of loading produce similar results. 

The plastic strain data were also supplemented by means of the 
usual stress-strain curve. Two strain gages in series (Type A-3, 
SR-4) were mounted on opposite sides of each specimen and a 
dummy specimen in good thermal contact with the grips was used 
for temperature compensation. The total strain was measured within 
5 microinches as a function of load at a loading rate of 5000 psi per 
minute. These curves are also plotted in Fig. 1. It was quite diffi- 
cult to measure the elastic limit from the continuous loading curves ; 
if, however, the plastic strain curve obtained previously is added to 
an elastic strain having the slope of Young’s modulus, a total strain 
curve which coincides quite closely with the measured total strain is 
obtained. This gives additional confidence in the plastic strain curves 
obtained by the successive loading technique. 

The plastic strain curves rise smoothly above the elastic limit to 
the upper and then immediately to the lower yield points. However, 
no relaxation effects were observed, even after waiting for as long as 
one week after unloading from stresses in the early portion of the 
plastic strain curves. Observable relaxations rarely occurred until 
a plastic strain of 5000 « 10° had been produced. The magnitudes 


Table I 
Elastic Limits and Lower Yield Points in Stress-Relieved Specimens 
Material Elastic Limit (psi) Lower Yield Point (psi) 
10100—coarse spheroidal 48,000 60,000* 
10100—pearlitic 44,000 64,000T 
1070—pearlitic 41,000 60,000T 
1045—pearlitic 0, ),000 
1020—pearlitic 20,000 34,000* 
High purity ferrite irons 10,000 16,000* 





*True lower yield point. 
TBy extrapolation. 


of the relaxation effects, when they were observed, were in the range 
25 to 50 x 10°*. This indicates that the early portion of the plastic 
strain curves represents true plastic behavior with no anelastic 
component. 

EXPERIMENTAL RESULTS 


Table I summarizes the values of elastic limit and lower yield 
point observed in the stress-relieved specimens. For the high carbon 

















1952 PLASTIC STRAIN IN CARBON STEELS 1153 
























and medium carbon pearlitic materials which do not exhibit the dis- 
continuous upper and lower yield phenomena, the stress level ob- 
tained by extrapolation of the straight-line portion of the plastic 
strain curve to zero strain is used as an effective yield point. It is 
seen that in all cases where there’ is a yield point, there also exists 
an individual elastic limit at a considerably lower stress level. All 
of the values in Table I were reproducible within +5% and repre- 
sent the average of several specimens. 
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Fig. 2—Step-Like Behavior in Pearlitic Specimens. 


In the specimens containing free ferrite, the plastic strain curves 
rose smoothly in the region after the elastic limit and prior to the 
upper yield point. With structures that were entirely pearlitic, for 
example 10100 and 1070, a characteristic step-like initial behavior 
was observed. These curves are illustrated in Fig. 2 and this be- 
havior was found consistently on all specimens which contained no 
free ferrite. On spheroidized 10100, for instance, the initial curve 
was smooth. This'éarly behavior is not seen in Fig. 1 because of 
the compressed scale, and Fig. 2 illustrates the advantages of the 
plastic strain method for observing the fine details in the initial por- 
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tion of the flow process. These curves also indicate the accuracy 
with which the elastic limit can be determined by this method. 


EFFECT OF PRESTRAIN ON THE INITIAL PLASTIC BEHAVIOR 


Specimens of the 1020 steel were subjected to prior plastic 
deformation of 0.8, 1.6, 2.5, 3.7, 4.9 and 9.4% after the original stress 
relief. Plastic strain curves were then obtained within 24 hours to 
avoid gross strain aging effects, and several of these curves are shown 
in Fig. 3. As the amount of prestrain increases, the materials show 
higher yield points and a marked rounding of the initial portion of 
the plastic strain curve. 


60 
9.4% Prestrain 


4.9% Prestrain 


2.5% Prestrain 


Original Lower Yield Level 


Stress, 10OOpsi 





O 500 1000 1500 2000 2500 3000 
Strain x 108 


Fig. 3—Effect of Prestrain on Plastic Strain Curves, 1020 Steel. 


In Fig. 4 the variation of both the lower yield point and the 
elastic limit is shown as a function of the prior plastic strain. The 
yield point remains constant, within experimental error, for a pre- 
strain up to 1.7% and then begins to increase. The 1.7% prestrain 
represents the end of the yield point elongation on the usual stress- 
strain curve. The elastic limit, however, shows a surprising be- 
havior, remaining constant up to nearly 4% prestrain and then de- 
creasing slightly. 


CORRELATION OF LOWER YIELD PoINts WITH THE MICROSTRUCTURE 


Gensamer and his co-workers (4) have suggested a relationship 
between the flow stress (true stress at 0.2 true strain), tensile 
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strength, and hardness of steels with the mean ferrite path between 
carbide particles dispersed in the matrix. In this study the elastic 
limits and the yield points were observed and these were also found 
to be related to the mean ferrite path, if this parameter is defined as 
follows: 


Structure Mean Ferrite Path 


Spheroidite Mean distance between carbide particles along a straight line. 

Ferrite-pearlite Mean distance from one pearlite patch to the next or to a 
errite grain boundary as intercepted along a straight line. 

Ferrite Mean distance between inclusions and grain boundaries along 
a straight line. 
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Fig. 4—vVariation of Lower Yield and 
Elastic Limit With Prestrain, 1020 Steel. 


The mean ferrite path was determined from metallographic samples 
by a lineal analysis method described by Howard and Cohen (3). 
About 250 ferrite paths were averaged for each determination. 

Fig. 5 indicates that the lower yield points correlate quite well 
with the logarithm of the mean free path over a wide range. The 
points on the curve at stresses higher than those shown in Table I 
were obtained from the spheroidal 1070 steel. 

At extremely large path lengths, the straight-line relationship 
for the yield point must fail, because even single crystals have a 
finite yield point. The data obtained on a high purity iron (National 
Research Corporation’) with very few inclusions are shown in Fig. 5 
and it is seen that this material has about the same lower yield point 
as Puron (Westinghouse) which has a much shorter ferrite path 
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(1070 and 10100) 
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Log Mean Ferrite Path, Angstroms 


Fig. 5—Yield Point and Elastic Limit Related to Fine- 
ness of Microstructure. 


because of the many inclusions. For small ferrite paths, however, 
the relationship is linear down to 5000A paths. The elastic limit 
shows a similar relation. 


SUMMARY AND CONCLUSIONS 


1. The elastic limit for the six irons and steels was found to 
range from about 24 to 4% of the value of the lower yield point. 

2. Both properties are linear functions of the logarithm of the 
mean ferrite path. 

3. Prior plastic deformation has little effect on the elastic limit. 

4. A step-like behavior is obtained in the initial plastic strain 
curves of materials which contain no free ferrite. 
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AN ELECTRICAL RESISTANCE APPARATUS FOR 
STUDYING TRANSFORMATIONS IN METALS. 
ITS APPLICATION TO TRANSFORMATIONS 
IN STAINLESS STEEL 


By WILuiAMmM H. CoLtNner AND OTTo ZMESKAL 


Abstract 


An electrical resistance method for following the 
progress of phase transformations in metals tsothermally 
or during heating and cooling is described. The specimen, 
in the form of a wire, was heated and cooled in a furnace 
or heated by an AC current and cooled by helium to the 
temperature of the furnace. The resistance of the specimen 
was continuously recorded. 

Data are reported for a study of transformations 
occurring in a precipitation hardenable stainless steel. It 
was found that the precipitation and ferrite-austenite re- 
actions were attended by a decrease in resistance. The 
effect on the austenite-ferrite transformation of solution 
temperature, rate of cooling, and interrupted cooling were 
studied. The progress of transformation at room temper- 
ature was followed for austenites of varying stability. A 
mechanism is proposed to account for the optimum solution 
temperature. 


INTRODUCTION 


EVERAL methods of following transformations in metals by 

their changes in electrical resistance have been reported in the 
literature (1)1; however, the apparatus was constructed in each case 
for a specific application, some requiring very high cooling rates, 
others very slow cooling, and still others requiring two furnaces (one 
for solution treatment, the other for holding for isothermal trans- 
formation studies). In the present report, an apparatus is described 
which was used both in heating and cooling studies and also in 
isothermal studies. The equipment was not of a very specialized 
nature, and could be altered very simply to adapt it to most of the 
requirements of transformation studies. The principles of the meas- 
urements are not claimed to be new, but rather the combination of 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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recording equipment with a large degree of versatility of the appa- 
ratus has not been found in the literature to date. This apparatus 
was used to study transformations in a precipitation hardenable stain- 
less steel and some of the results are described below. 


APPARATUS 
General 


There are many physical properties of metals which may be 
measured as a function of temperature or time to follow phase trans- 
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Fig. 1—The Circuit Diagram. 


formations (volume, heat capacity, lattice parameters, hardness, etc.), 
but the fact that the electrical. resistance of metals can be measured 
simply, accurately, and continuously, makes its measurement most 
convenient. The method described herein continuously records the 
resistance of a constant length of specimen as it is subjected to 
various heat treatmétits. In some cases the specimen was heated and 
then cooled and abrupt changes in the resistance-temperature curve 
indicated phase changes. In other cases, the specimen was solution- 














1160 TRANSACTIONS OF THE A.S.M. Vol. 44 
treated for a short time at very high temperatures, and then quickly 
quenched to an isothermal temperature and here changes in the 
resistance-time curve indicated transformation. 
The circuit diagram is shown in Fig. 1. The complete circuit 

may be divided into several parts: 

1. The DC circuit 

2. The AC circuit 

3. The measuring circuits 
The DC circuit, powered by a 6-volt lead storage battery, included, 
in addition to the total lerigth of the specimen, a standard resistance 
and a variable resistance. This circuit was connected to the specimen 
when the DPDT switch was closed as shown in the figure. The AC 
circuit, which was used only for solution treating, was controlled by 
a 500-watt Variac on the input of a filament transformer. This cir- 
cuit was connected to the specimen when the DPDT switch was in 
the AC position (as shown). The measuring circuits may be divided 
into temperature measuring and potential measuring circuits. The 
temperature measuring circuits were simply two thermocouples, one 
welded to the specimen and the other within the furnace, from which 
the furnace controller was operated. The potential measuring cir- 
cuits were two in number, and fed into a recording potentiometer ; 
one measured the potential drop across a length of the specimen 
(from two platinum wires welded to the specimen) and the other 
measured the potential drop of a standard resistor. These resist- 
ances were in series in the DC circuit as mentioned above. A DPST 
relay actuated by the AC-DC DPDT switch opened the specimen 
measuring circuit when AC was fed through the specimen. 


Furnace 


The tube furnace was especially built to have a uniform heat 
zone over a 7-inch length at the center. This was accomplished by 
using three separate heating coils in parallel, a heavy-walled nickel 
tube to serve as an equalizer in the portion containing the specimen, 
and firebrick plugs at each end of the furnace tube to reduce con- 
vection losses. The Alundum tube core of the furnace carried a por- 
celain sleeve which contained the nickel tube and firebrick plugs. 
The furnace was 22 inches long and 12 inches in diameter, filled 
with Rockwool insulation. The specimen was contained in a quartz 
tube %4 inch ID by + inch wide by 36 inches long, that was centrally 
located in the hole through the nickel tube and plugs. The tem- 
perature variation at 1550°F (845°C) was 2°F over the 7-inch 
zone at the center. An inert atmosphere was provided in the quartz 
tube by feeding purified helium. The rate of flow of helium could 
be adjusted to cause rapid cooling of the specimen if required. The 
recorder-controller (actuated by”a thermocouple placed in the heating 
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coils) was of the on-off type and the input could be adjusted by an 
autotransformer (see Fig. 1). . 


Specimen Preparation 


The specimen assembly is shown in Fig. 2. The specimen, used 
in the work reported below, was 0.025-inch diameter Type 322-W 
stainless steel wire. A 5-inch length of the wire was butt welded 
at each end to %-inch diameter stainless steel rods which provided 
the current leads for the specimen. The rods (one wrapped in 
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Fig. 2—The Specimen Assembly. 


asbestos for electrical insulation) were in the form shown in Fig. 2. 
The butt weld was made by connecting the output of a Variac 
through a short length of fuse wire (1 ampere) to the specimen wire 
and rod and then touching them together. The fuse, of course, blew 
when the contact was made, preventing any appreciable heating of 
the specimen. It was found important to have good contacts to the 
fuse and the rod and wire, and also to have clean welding surfaces, 
so that good welds could be obtained at reproducible Variac settings. 
A small amount of borax on the tip of the wire also helped. The 
platinum potential leads and the chromel-alumel thermocouple wires 
were welded to the specimen wire, using a condenser-discharge tech- 
nique. A 400-mfd condenser, charged by a variable 250-volt (0.25- 
ampere) DC power supply, was used to weld the 0.005-inch diameter 
platinum and 0.0031-inch diameter thermocouple wires to the speci- 
men. The potential leads were welded about 2 inches apart on the 
center portion of the specimen. The thermocouple wires were welded 
to the specimen on either side between one potential lead and the 
stainless current lead to specimen weld (as shown in the figure). 
Here again, a tiny bit of borax greatly aided the welding. The 
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potential leads and the thermocouple wires were then strung through 
small ceramic tubes and the entire assembly tied together in several 
places with asbestos string. 

It should be mentioned that the condenser-discharge welding 
technique did not always give a good weld on the first attempt. 
Several variables required adjustment before a good weld was ob- 
tained. These were: contact resistance, resistance of the fine wire 
itself (distance from contact to the end of the wire), the charge on 
the condensers and the value of a variable resistance in series with 
the discharge circuit of the condensers. After a time, the technique 
was sufficiently developed to attain a good weld within a very few 
trials. 


Recorders 


Two 2-point L&N recorders were used. One controlled and 
recorded the temperature of the thermocouple within the furnace 
shell and also recorded the temperature of the thermocouple welded 
to the specimen. The other recorder was somewhat altered from its 
original circuit to record two potentials, each on a different millivolt 
range. These were 0-40 mv, on which the potential of the standard 
resistance was recorded, and 0-13 mv, on which the potential of the 
specimen was recorded. The instrument alternated from one point 
to the other every 30 seconds. 


Calculation of Results 


The results were easily calculated by Ohm’s law from the data 
and the temperature. The resistance of the specimen was calculated 
from the measured potential and the current which was obtained from 
the continuously recorded potential drop across the standard resist- 
ance. Resistivity could also be calculated from the known length 
between potential leads, and the wire diameter. The temperature 
of any resistance measurement was determined by the corresponding 
times from the start of the run, since the record charts in the tem- 
perature and potential recorders moved at the same speed. 


Typical Procedure 


To make a heating and cooling curve, the specimen was assem- 
bled and inserted into the cold furnace. The leads were then con- 
nected and the DC current adjusted. The recorders were started 
and the helium atmosphere flow adjusted. Finally the furnace was 
turned on and its heating rate adjusted by periodic changes in the 
autotransformer setting. The specimens wete cooled in the furnace. 
It should be mentioned that the furnace described above had a very 
slow cooling rate of approximately 100 °F per hour. 

To make an isothermal run, the assembled specimen was inserted 
into the furnace controlled at the isothermal temperature, through 
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which the helium was flowing. The leads were connected, the DC 
current adjusted, and the potential recorder turned on. The DPDT 
switch was then thrown to the AC position and the Variac adjusted 
continuously to maintain the specimen at the solution treatment 
temperature. After the required solution time, the DPDT switch 
was quickly thrown to the DC position and the helium flow increased 
somewhat to cool the specimen rapidly. When the temperature of 
the specimen fell to that of the furnace, the gas flow was reduced to 
its previous rate. The potential recorder then showed resistance 
changes caused by isothermal transformations in the specimen. 

Following the run, the charts were removed from the recorders, 
the resistances calculated, and the plots drawn to show either time 
changes or temperature changes in the resistance. 


Accuracy 


The millivolt scales on the potential recorder were calibrated 
with an L&N Precision Portable Potentiometer, and could be read 
on the 0-13-mv scale to the nearest 0.02 mv, and on the 040-mv 
scale to the nearest 0.05 mv. The precision is, then, about 0.5% as 
an approximation. Several runs were made using pure nickel wire. 
The resistivities calculated from these runs reproduced those shown 
in the literature (2) to about 2% on the average. Part of this error 
is undoubtedly due to differences in the composition of the metal 
used in the literature and that used in the present apparatus. In 
any event, it may be safely stated that resistivities may be measured 
with an accuracy of at least 2%. 


TRANSFORMATIONS IN PRECIPITATION HARDENABLE 
STAINLESS STEEL 


The Data 


The above-described apparatus was originally built to make a 
study of the transformations occurring in 17 chromium —7_ nickel 
precipitation hardenable stainless steel (Type AISI 322-W). The 
composition of the specimen wire was (0.025-inch diameter) : 


- Carbon 0.054% 
Manganese 0.70 
Silicon 0.98 
Sulphur 0.024 
Phosphorus 0.014 
Chromium 16.90 
Nickel 6.98 
Titanium 0.80 
Aluminum 0.14 


This stainless steel has the advantage of increased strength over 
ordinary 18-8 types of stainless steels. The increase in strength is 
the result of a precipitation reaction in the ferrite phase and the 
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composition is adjusted to make the steel ferritic at room temperature. 
This steel has been described in a paper by Smith, Wyche and Gorr 
(3). 

Several heating and cooling curves were run on fuily-precipitated 
specimens and one such curve is shown in Fig. 3. The drop in re- 
sistance in the heating curve at 1160 to 1240°F (625 to 670°C) 
was due to the ferrite-to-austenite transformation. The increase in 
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resistance at 120 °F in the cooling curve was due to the austenite-to- 
ferrite transformation. . 

The effect of solution temperature on the temperature of the 
austenite-to-ferrite transformation during cooling is shown in Fig. 4. 
It is seen that the higher temperatures of solution treatment result 
in higher austenite-to-ferrite transformation temperatures. It should 
be pointed out that this only occurred for the very low cooling rates 
encountered in furnace cooling (approximately 100 °F per hour). 

A series of experiments was conducted in an effort to determine 
whether the alloy would transform isothermally at temperatures 
above 75°F. These specimens were solution-treated at 1800 °F 
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(980 °C) for 5 minutes and then quenched to the isothermal tem- 
perature by a blast of helium. No appreciable transformation was 
observed above 150°F within 48 hours. The extent of isothermal 
transformation between 75 and 150 °F was slight. 

A study was made of the effect of solution temperature and rate 
of cooling on isothermal transformation at room temperature (75 °F). 
The helium gas flow was adjusted in the cold furnace to cause the 
specimen to cool at a rate of 1500 °F per minute. Several runs were 
then made at different solution temperatures from 1300 to 2000 °F 
(705 to 1095°C). It was found that this rapid cooling rate sup- 
pressed the austenite-ferrite transformation and that it occurred iso- 
thermally at room temperature only after an incubation period had 
elapsed (except in the 1300 °F treated specimen). These results are 
shown in Fig. 5. It is seen that the greatest rate of isothermal trans- 
formation occurred in the specimens treated from 1600 to 1800 °F 
(870 to 980°C) and also that the transformation began sooner in 
these. The rate of transformation was almost equivalent in the © 
specimen austenitized at 1500 °F (815 °C); however, the beginning 
of transformation was delayed. Specimens austenitized at 1900 and 
1400 °F (1040 and 760°C) showed only a small amount of trans- 
formation after 30 minutes. The specimen austenitized at 1300 °F 
(705 °C) began to transform during cooling. 

Finally, a few runs were made at very high cooling rates, viz. 
approximately 1700 °F per second. This was done by austenitizing 
for 3 minutes at 1800 °F (980°C) followed by quenching in water. 
This cooling rate was too rapid to follow with the existing recorders ; 
however, it was noted that after 5 seconds transformation was 
already in progress. 


Discussion of Data 


The decrease in resistance noted as a result of precipitation in 
this steel was also observed by Smith, Wyche and Gorr (4). Their 
value of 15% was confirmed. During the austenite-to-ferrite trans- 
formation the resistance increased, while for the ferrite-to-austenite 
transformation it decreased. This effect has been noted in pure iron 
(5). The direction of resistance changes in martensite and pearlite 
reactions is just the opposite to these (6). That is, the resistance 
decreases when the austenite transforms to martensite or pearlite. 

The greater change in resistance due to the austenite-to-ferrite 
transformation as compared with the ferrite-to-austenite transforma- 
tion is probably caused by the great difference in temperature of these 
two reactions. This effect has been noted in iron-chromium-carbon 
alloys (7). 

The effect shown in Fig. 4 may be explained on the basis of 
austenite stability. The prior precipitation treatment depleted the 
austenite of the strong ferrite-forming elements. (The investigations 
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of Pilling (8) and others (9) support the conclusion that. the pre-- 
cipitate contained most of the titanium.) As the solution temperature 
was raised, more of the titanium was dissolved in the austenite from 
the precipitate, and hence the greater the instability of the austenite 
and the greater the extent of its transformation to ferrite on cooling. 
This resulted in higher austenite-to-ferrite transformation tempera- 
tures for higher solution temperatures on furnace cooling. The more 
rapid cooling (1500 °F per minute), however, was great enough to 
suppress the transformation on-cooling. 

It is felt that the effect of increased titanium content on the 
instability of the austenite is countered at very high temperatures by 
the formation of delta ferrite in which the titanium is more soluble. 
The high titanium content of the delta ferrite would deplete the 
austenite of titanium, and thus render it more stable, resulting in the 
relatively slower, smaller amount of isothermal transformation for 
the 1900 and 2000°F (1040 and 1095 °C) treated specimens in 
Fig. 5. For this reason, the faster and greater amount of isothermal 
transformation occurred in the specimens treated at 1500 to 1800 °F 
(815 to 980°C). At the low temperatures, little titanium dissolved, 
the austenite was relatively stable, and only a small amount of iso- 
thermal transformation occurred. The erratic behavior of the 1300 °F 
(705 °C) specimen was very likely due to incomplete austenitization. 

Finally, it was found that the faster the rate of cooling, the 
more rapid is the transformation at room temperature. This is 
probably a stress effect and confirms the work of Smith, Wyche and 
Gorr. 
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GRAIN GROWTH IN HIGH PURITY IRON 
By GrEorGE WIENER 


Abstract 


A study of grain growth characteristics of high purity 
iron has been made at temperatures from 600 to 875 °C 
(1110 to 1605 °F) after deformations of 20, 30, 40, 60, 
and 85%. The experiments have shown that by proper 
combination of cold work and heat treatment it is possible 
to obtain any grain size desired up to a limiting value 
obtained at the highest temperature studied. It has been 
found possible to relate the grain growth in iron by a 
simple parabolic time function. The effects of time, tem- 
perature and plastic deformation on the grain size and 
rate of grain growth have been experimentally evaluated. 


INTRODUCTION 


HE literature on grain growth and recrystallization of metals is 

voluminous. In a recent book (1)! a summary of much of the 
experimental data to the present time is presented. While consider- 
able research has been directed toward the study of grain growth in 
pure aluminum and alpha brass, very little work has been done on 
pure iron. It is the purpose of this research to study the factors 
influencing grain growth in pure alpha iron. Of particular interest 
is the effect of deformation and temperature. This information is 
of importance from both a practical and theoretical point of view. 
The former is of particular interest to the electrical industry because 
the aspects of grain size control in soft magnetic materials are 
important to both their processing and optimum magnetic quality. 
From a theoretical point of view this information should lead to a 
more comprehensive theory of grain growth in metals. 

Although much work has been reported on iron, most of the 
existing data are confined to Armco iron, ingot iron, or electrolytic 
iron. These names have been synonymous with high purity, and 
little effort has been expended to give complete analytical data, par- 
ticularly carbon and oxygen analyses. Work over a number of years 
in this laboratory has shown that none of the above-mentioned mate- 
rials can be considered satisfactory when the grain growth character- 
istics of pure iron are desired. 

1The figures appearing in parentheses pertain to the references appended to this paper. 


_ A paper presented before the Midwinter Meeting of the Society, held in 
Pittsburgh, January 31 and February 1, 1952. The author, G. W. Wiener, is 
associated with the magnetics and solid-state physics department, Westinghouse 
Research Laboratories, East Pittsburgh, Pa. Manuscript received May 2, 1951. 
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Recent work by Beck (2, 3) and co-workers as well as by Burke 
(4) has shown that grain growth can be represented by an equation 
of the type: 
D= Kt" 


where D is the diameter in mm, t is the time, and K and n are constants 
empirically determined. 


This equation with slight modifications has generally been found ade- 
quate to describe the grain growth curves in brass and aluminum. 
Burke (5) has presented data on the grain growth in alpha iron. 
His conclusions may be open to question since the final purity of 
the sample is not completely given. Austin, Luini and Lindsay (6) 
recently gave the results of some studies on cold-rolled iron and iron 
binary alloys. However, the iron used was equivalent to ingot or 
Armco iron. Furthermore, they were more interested in determining 
recrystallization and softening characteristics of their samples rather 
than in grain growth. Generally the literature on grain growth is 
intimately connected with the data for recrystallization,; and the work 
of Kaiser and Taylor (7) should be consulted for an excellent 
bibliography. 
EXPERIMENTAL 


A 2-pound ingot of Puron, a Westinghouse high purity iron, 
was melted and deoxidized with carbon in vacuum. The ingot was 


hot-forged tu a bar 1 by % by 8 inches and consequently cold-rolled 
to 0.100 inch. This material was then recrystallized for 1 hour at 
750°C (1380°F). The analysis, grain size, and Vickers hardness 
of this starting material are as follows: 


Carbon % Oxygen % Diameter in Mm VHN 
0.0095 0.0020 0.024 95 


Metallic impurities were determined spectrographically and the 
iron was equivalent to the accepted values for Puron; the total 
metallic impurities are estimated at about 0.01%. Fig. 1 shows a 
typical microstructure. This material was then given successive 
reductions on a 4-high mill of 20, 30, 40, 60, and 85%. Heat 
treatments were made on all samples at 600, 700, 800, and 875 °C 
(1110, 1290, 1470, and 1605 °F), for times of #5, 1, 5, 10, and 24 
hours. Additional experiments wefe run at 750°C (1380°F) for 
the 60 and 85% deformation only. Samples were taken from each 
strip by cutting %4-inch square pieces and heat treating them in a 
hydrogen atmosphere of dew point —35 to —45°C. Temperatures 
were controlled to +3°C. All temperatures were measured by 
means of a chromel-alumel couple calibrated against a platinum- 
rhodium couple. Metallographic and hardness studies were made to 
follow the course of grain growth and softening. Grain size meas- 
urements were made by two’methods: the first consisted of measur- 











Fig. 1—Starting Material Recrystallized 1 Hour at 750°C (1380°F). Etchant: 2% 
Nital. xX 100. 
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Fig. 2—Vickers Hardness Versus Per Cent Reduction. 


ing at least five representative areas of the specimen and counting 
the number of grains intercepting a fixed distance; the second method 
necessitated making bromide prints of each sample and counting the 
number of grains in a given area. In each case grain growth was 
considered as taking place only after recrystallization was completed. 
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Fig. 4—Average Grain Diameter Versus Time for 85% Reduction. 


Originally spatial grain counts were made, hoping for higher accuracy 
in the results. The average grain diameter calculated by this method 
agreed with that determined by the two above-mentioned techniques. 
Since the spatial count was so time consuming, it was abandoned in 
favor of the simpler procedures. 

In Figs. 4 through 7 average grain diameter versus time is 
plotted for various deformations. Plots have not been made for the 
20% reduction, because grain growth was less regular, probably due 
to the large and nonuniform grain size resulting from recrystalliza- 
tion. It will be noted that these curves are parabolic. In Figs. 8 
through 11, log D versus log time curves have been drawn. The 
slopes of the curves are dependent on degree of deformation. It will 
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Fig. 5—Average Grain Diameter Versus Time for 60% Reduction. 


0.200 


0.160 


Diameter in Mm. 





0 400 800 1200 1600 
Time in Minutes 


Fig. 6—Average Grain Diameter Versus Time for 40% Reduction. 


be noted that at 600°C (1110°F) in particular hardly any grain 
growth is observed. Therefore at this temperature the grain size 
observed is the recrystallization grain size dependent only on defor- 
mation. Figs. 12, 13, 14, and 15 are some typical microstructures 
representative of the various temperatures and times. | 

It is of interest to note that the final grain size at the higher 
temperatures where ‘definite evidence of grain growth exists is pri- . 
marily a function of the temperature. This agrees with other inves- 
tigators that a limiting grain size seems to exist at each temperature. 
If one refers to Tables I through V, it will be noted that further 
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Fig. 7—Average Grain Diameter Versus Time for 30% Reduction. 
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Fig. 8—Log D Versus Log T for 30% Reduction. 
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Fig. 9—Log D Versus Log T for 40% Reduction. 
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Fig. 10—Log D Versus Log T for 60% Reduction. 
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Table 1 
Effect of Heat Treatment on 20% Reduced Sample 
Temperature Average Grain 
Time in Min. ~~ 7 Diameter in Mm. VHN 
6 600 1110 Not Recrystallized 127 
60 600 1110 Not Recrystallized 93 
300 600 1110 Not Recrystallized 84 
600 600 1110 0.065 73 
1440 600 1110 0.065 76 
6 700 1290 0.076 72 
60 700 1290 0.065 71 
300 700 . 1290 0.070 58 
600 700 1290 0.100 58 
1440 700 1290 0.100 58 
6 800 1470 0.073 76 
60 800 1470 0.073 66 
300 800 1470 0.110 64 
600 800 1470 0.075 2 ae 
1440 800 1470 0.093 56 
6 875 1605 “0.125 74 
60 875 1605 0.090 64 
300 875 1605 0.108 61 
600 875 1605 0.120 63 
1440 875 1605 0.130 62 
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Table Il 
Effect of Heat Treatment on 30% Reduced Sample 
Temperature Average Grain 
Time in Min. °C Bt Diameter in Mm. VHN 
6 600 1110 Not Recrystallized 138 
60 600 1110 0.040 84 
300 600 1110 0.044 73 
600 600 1110 0.038 70 
1440 600 1110 0.053 74 
6 700 1290 0.049 75 
60 700 1290 0.042 71 
300 700 1290 0.050 61 
600 700 1290 0.051 58 
1440 700 1290 0.053 56 
6 800 1470 0.044 80 
60 800 1470 0.061 66 
300 800 1470 0.053 62 
600 800 1470 0.060 63 
1440 800 1470 0.097 60 
6 875 1605 0.062 74 
60 875 1605 0.074 63 
300 875 1605 0.168 62 
600 875 1605 0.130 61 
1440 875 1605 0.140 60 
Table Ill 
Effect of Heat Treatment on 40% Reduced Sample 
Temperature Average Grain 
Time in Min. °¢ my? Diameter in Mm. VHN 
6 600 1110 Not Completely 136 
Recrystallized 
60 600 1110 0.037 84 
300 600 1110 0.037 77 
600 600 1110 0.032 72 
1440 600 1110 0.041 76 
6 700 1290 0.030 72 
60 700 1290 0.034 76 
300 700 1290 0.047 61 
600 700 1290 0.039 57 
1440 700 1290 0.069 57 
6 800 1470 0.038 79 
60 800 1470 0.050 69 
300 800 1470 0.065 63 
600 800 1470 0.050 62 
1440 800 1470 0.095 60 
6 875 1605 0.105 79 
60 875 1605 0.100 61 
300 875 1605 0.170 66 
600 875 1605 0.134 59 
1440 875 1605 0.150 









softening occurs after recrystallization. In Fig. 3, hardness versus 
time at various temperatures is plotted for 85% deformation. It is 
clear that the rate of softening is a function of temperature. It was 
suspected that this phenomenon might be due to decarburization. 

In order to check this experimentally, a series of specimens was 
prepared and sealed in vacuo in quartz tubes. They were then heat 
treated for #5, 1, 5, 10, and 24 hours at 875°C (1605°F). The 
hardness values are given in Table VI. If these data are compared 
with those of Table I througlr’V it is at once apparent that in general 
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Table IV 
Effect of Heat Treatment on 60% Reduced Sample 
Temperature Average Grain 
Time in Min. ba °F Diameter in Mm. VHN 
6 600 1110 0.014 120 
60 600 1110 0.020 92 
300 600 1110 0.023 84 
600 600 1110 0.020 79 
1440 600 1110 0.020 83 
6 700 1290 0.028 82 
60 700 1290 0.024 83 
300 700 1290 0.033 61 
600 700 1290 0.042 61 
1440 700 1290 0.044 56 
6 750 1380 0.018 91 
60 750 1380 0.028 70 
300 750 1380 0.037 71 
600 750 138060 0.035 67 
1440 750 1380 0.052 63 
6 800 1470 0.034 84 
60 800 1470 0.050 71 
300 800 1470 0.051 63 
600 800 1470 0.058 63 
1440 800 1470 0.110 60 
6 875 1605 0.065 83 
60 875 1605 0.088 57 
300 875 1605 0.121 61 
600 875 1605 0.151 60 
1440 875 1605 0.165 58 
Table V 
Effect of Heat Treatment on 85% Reduced Sample 
Temperature Average Grain 
Time in Min. = °F Diameter in Mm. VHN 
6 600 1110 0.010 102 
60 600 1110 0.012 93 
300 600 1110 0.012 86 
600 600 1110 0.014 79 
1440 600 1110 0.014 78 
6 700 1290 0.017 77 
60 700 1290 0.013 78 
300 700 1290 0.024 60 
600 700 1290 0.031 61 
1440 700 1290 0.037 57 
6 750 1380 0.014 72 
60 750 1380 0.017 59 
300 750 1380 0.025 56 
600 750 1380 0.031 53 
1440 750 1380 0.051 53 
6 800 1470 0.034 79. 
60 800 1470 0.046 61 
300 800 1470 0.081 61 
600 800 1470 0.097 59 
1440 800 1470 ime 62 
6 875 1605 0.038 72 
60 875 1605 0.110 62 
300 875 1605 0.150 59 
600 875 1605 0.150 60 
1440 875 1605 0.152 58 
Table VI 


Hardness of Samples Heated in Vacuo at 875 °C 





% Reduction 0.1 Hr. 1.0 Hr. 5.0 Hrs. 10.0 Hrs. 24.0 Hrs. 


20 72 78 79 74 80 
30 72 75 76 74 83 
40 74 73 79 72 79 
60 80 78 78 73 77 
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Fig. 12a—30% Reduction 0.1 Hour at 600°C (1110°F). Fig. 12b—30% Reduction 
5 Hours at 600°C (1110°F). Fig. 12c—30% Reduction 10 Hours at 600 °C (1110 °F). 
Fig. 12d—30% Reduction 24 Hours at 600°C (1110°F). Etchant: 2% Nital. x 100. 
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Fig. 13a—85% Redliiction 0.1 Hour at 600°C (1110°F). Fig. 13b—85% Reduction 
5 Hours at 600°C (1110°F). Fig. 13c—85% Reduction 10 Hours at 600 °C (1110 °F). 
Fig. 13d—85% Reduction 24 Hours at 600°C (1110°F). Etchant: 2% Nital. X 100. 








TRANSACTIONS OF THE A.S.M. 


Fig. 14a—30% Reduction 0.1 Hour at 875 °C (1605 °F). Fig. 14b—30% Reduction 
5 Hours at 875°C (1605°F). Fig. 14c--30% Reduction 10 Hours at 875 °C (1605 °F). 
Fig. 14d—30% Reduction 24 Hours at 875°C (1605°F). Etchant: 2% Nital. xX 100. 
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Fig. 15a—85% Reduction 0.1 Hour at 875 °C (1605 °F). Fig. 15b—85% Reduction 
5 Hours at 875 °C (1605.°F). Fig. 15c—-85% Reduction 10 Hours at 875 °C (1605 °F). 


Fig. 15d—85% Reduction 24 Hours at 875°C (1605°F). Etchant: 2% Ni < 100. 
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the hardness remains approximately 20 Vickers numbers higher than 
for the hydrogen-annealed samples. Grain size measurements were 
also made on the vacuum treated samples and the results are pre- 
sented in Figs. 8 through 11. Carbon analyses made on samples 
heated in the hydrogen atmosphere showed that the continuous hard- 
ness decrease was due to decarburization; the final carbon content 


was 0.002%. 


DISCUSSION 


A study of the data has shown that grain growth in alpha iron 
can be represented by a parabolic rate law of the type D = Kt". 
However, referring to Figs. 8 through 11 it is evident that the slope 
varies with degree of deformation, and for the lower deformations 
also with temperature. In view of this fact, any calculation of an 
activation energy would not lead to meaningful results. It had been 
hoped that an activation energy could be calculated, since it appeared 
that one might relate grain growth to self-diffusion in iron. 

Grain growth is a temperature-dependent process. The data for 
temperatures up to 750 °C (1380-°F) indicate that little or no grain 
growth occurs and that for this temperature range of recrystallization 
the amount of deformation will be the determining factor on the 
grain sizes produced. However, at 800 and 875 °C (1470 and 1605 
°F) the final grain size is independent of deformation. 

From the studies of softening after recrystallization and measure- 
ments of grain size of the vacuum-treated samples, the effect of carbon 
concentration as low as 0.01% is evident. However, from the hard- 
ness data and analysis it is fair to conclude that grain growth of the 
hydrogen-annealed samples, with the exception of the 600°C (1110 
°F) ‘heat treatment, is that of iron containing 0.002% carbon. 

It can also be shown, from the data presented, that the primary 
factor controlling grain growth at a given temperature is a function 
of the grain size. If the equation 


D= Kt" Equation 1 
is differentiated with respect to t, one obtains 





—  =-nkr- 
dt 


where n is less than one. 
Since t= (D/K)*/" and placing the constant i= = n(K"™*) 
Equation 2 can be written 


dD 
—= — K1p“-v» Equation 3 


Equation 3 has been obtained by Beck and his co-workers (8) to 
show that the instantaneous rate of growth depends on the grain size. 
From Figs. 8 through 11;"it is possible to calculate values of n. 


Equation 2 
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This has been done for 800 and 875 °C (1470 and 1605 °F) for 30, 
40, 60, and 85% reduction. The data are given below in tabular form: 


% Deformation Temperature n 
30 800 °C 0.10 
875 0.17 
40 800 0.19 
875 0.12 
60 800 0.23 
875 0.18 
85 800 0.30 
875 0.30 


The experimental points have some spread which is reflected in the 
values for n at the two different temperatures. Nevertheless it is 
clearly apparent that n increases with increasing reductions. It is 
suggested that since the recrystallized grain size is affected by the 
amount of deformation, the value of n may also be governed by 
the recrystallized grain size. For low temperature there is also an 
effect on n which is shown by the lesser slope in Figs. 8 to 11. 


CoNCLUSIONS 


It has been shown experimentally that: 

(a) Final grain size at elevated temperatures is essentially 
independent of deformation, while at low temperature there is a direct 
relationship between final grain size and amount of deformation. 

(b) A limiting grain size exists for the high purity iron studied. 
At low temperatures this grain size is not reached because the rate 
of approach is extremely slow. 

(c) The effect of as low a concentration as 0.01% carbon has 
been shown to affect the grain sizes produced. 

(d) The amount of deformation affects the rate of growth. 

(e) It is not possible to calculate an activation energy for the 
process due to the result described above in (d). 

(f{) The rate of growth is primarily dependent on the average 
grain size. 
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: DISCUSSION 


Written Discussion: By G. A. Moore, metallurgist, National Bureau 
of Standards, Washington, D. C. 

We are pleased that Mr. Wiener has undertaken grain growth studies 
on high purity iron, a material of extreme rarity, and one whose study is 
complicated by many factors which do not appear in studies of copper and 
aluminum. The methods used are accepted as standard and the results 
obtained are in line with those obtained with other metals. This does not 
appear to be the time to determine whether the empirical parabolic law 
is a true expression of grain growth as a whole, since the law is sufficient 
to express the present results. 

Regarding the implication that studies on Puron may be taken as 
representing the behavior of high purity iron, we must express consider- 
able doubt. While a purity of 99.94+% represents a very good grade of 
metal, it should be realized that grain growth, and any other behavior 
sensitive to traces of impurity concentrated in the grain boundaries, may 
change markedly with further purification of the metal. The published 
microstructures of Puron. do not indicate that the grain boundaries are 
free to move at will. Some preliminary work on iron of 99.99+% purity 
shows an annealed hardness of only 75 VHN, rising to a constant value 
of about 125 VHWN at strains from 1.5 to 3.0, that is, values only about 
two-thirds of those reported for Puron. After a cold reduction of 76% 
in area, this iron recrystallizes completely in 30 minutes at 300 °C (570 °F) 
to a grain size of ASTM 9.5 to 10 (0.011-millimeter diameter) and in 30 
minutes at 875°C (1605 °F) reaches ASTM No. 5 (0.063 millimeter), about 
the value for Puron shown in Table V of the paper. A ferritic grain size 
of ASTM zero (0.35 millimeter) was obtained after 30 minutes at 925 °C 
(1700 °F), in the austenite range. The evidence does not so far indicate 
the probability of any fixed limiting grain size in the “four nines” iron. 

The results obtained by Mr. Wiener should therefore be taken as a 
good experimental study of the material Puron, but as possibly subject to 
considerable numerical correction as related to “high purity iron” which 
probably recrystallizes at a lower temperature and covers a considerably 
wider range of grain sizes. - 
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Author’s Reply 


The author wishes to thank Mr. Moore for his interesting discussion 
to this paper. There is no doubt that impurities play an important role 
in grain growth studies. In fact, in the paper the effect of 0.01% carbon 
is indicated. The starting material which had a VHN of 95 after 1 hour 
at 750°C (1380 °F) contained approximately this amount of carbon. How- 
ever, after subsequent annealings in hydrogen, the hardness of the grain 
growth samples decreased to 60 VHN. It is, therefore, believed that the 
final grain growth values are typical of an iron containing approximately 
0.002% carbon or less. 

With regard to the grain size produced after annealing at tempera- 
tures in the gamma region, we have no data available. It is quite likely 
that larger grain sizes would be produced in the material studied. How- 
ever, this work was restricted to the alpha phase. We did not investigate 
the recrystallization temperatures of this material, so we have no data to 
compare with those of Mr. Moore on this phase of his discussion. 

One further comment is in order. Puron is a trade name for a com- 
mercial product. As normally produced, it is not vacuum-melted and con- 
tains higher oxygen than the material used in this investigation. There- 
fore, it would not be completely correct to refer to this work as a study 
of Puron. 














RECRYSTALLIZATION AND GRAIN GROWTH OF NICKEL 


By GLEN W. WENSCH AND HArotp L. WALKER 


Abstract 


This investigation was a study of the grain size pro- 
duced by recrystallization and grain growth of commercial 
purity nickel which had been subjected to specified 
amounts of cold rolling and had been isothermally an- 
nealed with time as the variant. End points of recrystal- 
lization were determined by optical microscopy. The 
progress of gram growth was measured by determining 
the average grain size after an isothermal anneal for dif- 
ferent periods of time. Heats of activation for both 
recrystallization and grain growth were found. The heat 
of activation for recrystallization decreased with increase 
in deformation. The heat of activation for grain growth 
was found to be 85.5 Kcal/mole and may approximate the 
heat of activation for self-diffusion. 


HIS investigation was undertaken to study recrystallization and 
grain growth of commercial purity nickel which had been sub- 
jected to specified amounts of inelastic deformation through cold 
rolling and had been isothermally annealed with time as the variant. 
Because of the completeness and excellence of the existing re- 
views of Burke (1),’ Fetz (2), and Beck, et al (3, 4, 5), a literature 
survey will not be given here, in order to conserve publication space. 


EXPERIMENTAL PROCEDURE 


Material—The material used in this investigation was commer- 
cially pure nickel obtained from the International Nickel Company 
and had the following composition (in weight per cent) : 


C Mn Fe S Si Cu Al Ti Mg B Ni 
0.06 023 0.14 0005 0.07 0.08 0.009 0.025 0.048 0.03 993 


By means of rolling and annealing, strip was obtained having an 
average grain diameter of 0.0227 millimeter which will be called “A’”’ 
nickel in this report. Equal portions of the strip were cold-rolled to 
20, 40, and 60% reduction in thickness, resulting in final sheet thick- 


1The figures appearing in parentheses pertain to the references appended to this paper. 
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nesses of 0.121, 0.093, and 0.061 inch respectively. The deforma- 
tions obtained by 20, 40, and 60% will be referred to by the numerals 
Al, A2, and A3 respectively. 

The Isothermal Recrystallization Anneal—A sufficient number 
of specimens were annealed at 650, 700, 750, and 800°C (1200, 
1290, 1380, and 1470 °F) in order to study the progress of recrys- 
tallization. 

The specimens were systematically annealed in a fused salt bath 
at each temperature for total times which varied geometrically, such 
as 1, 2, 4, 8, 16. At the end of each given time interval, a specimen 
corresponding to each deformation was promptly removed from the 
fused salt and quenched in water. Through this procedure it was 
possible to trace the progress of recrystallization by hardness tests 
and metallographic examination. A metallographic examination of 
the nickel specimens annealed in either of the fused salt media did 
not reveal any microstructural changes due to chemical reaction 
with the fused salt. 

The specimen time at temperature was obtained by subtracting 
the heating time from the total annealing time. Specimen heating 
times were experimentally determined by inserting thermocouples 
into various specimens and noting the respective times necessary for 
the specimens to reach the annealing temperatures. The heating 
times are given in Table I. 





Table I 
Times Required to Heat Specimens From Room Temperature to Temperature 
of Fused Salt 
Temperature 
Salt a Al A2 A3 
Park’s High Draw 650 23% 21° 182 
Park’s High Draw 700 195 184 178 
Houghton’s No. 168 750 468 405 338 
Houghton’s No. 168 800 408 347 288 


Times are in seconds. 
Superscripts indicate total number of observations. 


The Isothermal eo Growth Anneal—Specimens %4 by % inch 


from each lot of the Al, A2, and A3 nickel were fully recrystallized 
so that grain growth could be studied without considering the recrys- 
tallization process. After recrystallization the letter R was added to 
the specimen code designation. 

Specimens from the three lots, Al-R, A2-R, A3-R, were 
annealed at 800, 900, 1000, and 1095 °C (1470, 1650, 1830, and 
2000 °F) for 2.5, 25, 250, 2500, and 25,000 minutes. Houghton’s 
Liquid Heat No. 168:was used for annealing the specimens at 800 
and 900°C (1470 and 1650°F) for 2.5, 25, and 250 minutes, and 
at 1000 °C (1830 °F) for 2.5 and 25 minutes. All other specimens 
were protected from the atmosphere by sealing them in vitreous silica 
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containers, evacuated to approximately one micron (Hg) before the 
start of the experiment. These specimens subsequently were annealed 
in an electric resistance-type furnace. 

The temperatures were checked frequently with a stindaidioed 
platinum/platinum — 10% rhodium thermocouple. Continuous tem- 
perature measurements were made by chromel-alumel thermocouples 
with Leeds and Northrup recorders. In most cases the temperature 
variation was less than +3 °C. 

Preparation of Specimens and Determination of Grain Size— 
After the isothermal anneal the specimens were sectioned longi- 


7 ee 





Rockwell “B" Hardness Number 
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Annealing Time in Minutes (Log Scale: 
Fig. 1—Hardness Versus Annealing Time at 650°C, “A” Series Nickel. 


tudinally by surface grinding until the original thickness had been 
reduced by one-half. The ground surfaces were further prepared by 
the successive use of grit papers through the 000 grit size. The 
specimens were. finally prepared by electropolishing and _ electro- 
etching (12). 

The microstructures were directly photographed on bromide 
paper and the grain size found by the Jeffries circle method. Suffi- 
cient observations were made on each specimen so that the data could 
be treated statistically. Data exceeding three times the standard 
deviation were rejected. 

The Recrystallization of the Deformed Nickel—The progress of 
recrystallization in the deformed nickel was grossly observed by 
noting the change in hardness after predetermined times at each 
annealing temperature. Figs. 1, 2, 3, and 4 show the relationship 
of the hardness versus time at annealing temperatures of 650, 700, 
750 and 800 °C (1200, 1290, 1380 and 1470 °F) respectively. The 
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Fig. 2—Hardness Versus Annealing Time at 700 °C, 
*“‘A”’ Series Nickel. 
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Fig. 3—Hardness Versus Annealing Time at 750 °C, 
“A” Series Nickel. 


hardness curves indicate that some loss of hardness occurs during 
the incubation period. ! 

Beginning with the start of visible nucleation and nucleus 
growth the hardness‘ rapidly decreases until this period of recrystal- | 


lization is completed ; that is, total impingement of the growing nuclei 
occurs, 
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Table Il 


Values of the Average Grain Diameter in Mm. When Recrystallization Was Just 
Complete With the Corresponding Time at Temperature 


Isothermal Annealing 
Times at Which 
Grains Inside Average Recrystallization 
Temper- Speci- Magnifi- Hardness 79.8 mm. dia. Diameter Was Found Complete, 
ature,°C mens cation “Rp” Circle (mm.) in Minutes 
650 Al 200 40 60 0.0456 384 
650 A2 300 45 138 0.0201 128 
650 A3 400 48 218 0.0120 31.7 


700 Al 200 42 62 0.0449 
700 A2 300 46 157 0.0188 15. 
700 A3 500 48 135 0.0122 


750 Al 200 43 59 0.0461 
750 A2 300 47 134 0.0203 
750 A3 500 49 146 0.0118 
800 Al 200 45 59 0.0461 
800 A2 300 47 150 0.0192 
800 A3 500 53 156 0.0113 
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Fig. #—Hardness Versus Annealing Time at 800° C, 
“A” Series Nickel. 


Several specimens were taken from each region where recrystal- 
lization appeared complete from hardness data and were metallo- 
graphically examined in detail so that the end point of recrystal- 
lization could be more accurately determined. The results of the 
metallographic examination are given in Table II. 

The grain size when recrystallization is just complete is a 
function of the amount of deformation the nickel received. This 
function can be expressed in“ferms of Ludwick’s (13) natural strain 
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or in terms of the square root of engineering. strain (both of these 
functions being related by a single-value function). A plot of the 
recrystallized grain size as a function of Ludwick’s strain (denoted 
D,) is given in Fig. 5. 

The Activation Energy of Recrystallization—By plotting the 
calculated times at temperature for complete recrystallization as a 
function of the reciprocal absolute temperature a kinetic relationship 


M.G.D.= 0.0109 D,~°895 


Loge Mean Grain Diameter in MM. 








-2.0 -1.5 -1.0 -0.5 O 
Log, D, 
Fig. 5—Dependence of the Recrystallized Grain Size for Nickel 


Upon Prior Deformation. The deformation Di is expressed as Lud- 
wick’s Natural Strain. 


was found, see Fig. 6. This relationship is the same one which 
governs sO many temperature-dependent reactions and obeys the 


equation given below: 
shes Bd dhe ook 
te a ean oe 


where t, is the time for the reaction at T,, and te is the time for the 
reaction at Ts. Q is the heat of activation and R is the gas constant. 

The numerical values of Q were calculated by the method of 
least squares and the differences noted were thought to be real and 
not due to experimental errors. Existing data (6) of the recrystal- 
lization of cartridge brass tends to confirm finding that the heat of 
activation for recrystallization decreases with increases in deformation 
prior to annealing, as exhibited in Fig. 7. The slopes were drawn 
by eye in Figs. 6 and 7, and may not agree with the calculated values 
of Q. The heat of activation for recrystallization extrapolated to zero 
deformation is approximately 84 Kcal. 
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The heat of activation for recrystallization as used in this inves- 
tigation is difficult to define because it was calculated for a sequence 
of processes, viz., the incubation period, the formation of nuclei, and 
the growth of these nuclei. Since the heat of activation for recrystal- 
lization will be governed by the rate-controlling process of the se- 
quence, the activation energy may be considered as the thermal 
energy necessary for an average atom in the strained lattice to over- 
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Annealing Time for Complete Recrystallization in Minutes 


0.! 
0.00110 0.001I00 0.000900 
Reciprocal Absolute Temperature 
Fig. 6—Log Annealing Time at Which 
Recrystallization Was Found Complete for 


Nickel Versus Reciprocal Absolute Temper- 
ature of Annealing. 


come an energy barrier so that an unstrained lattice may be formed. 
Such a definition is undoubtedly an oversimplification of the actual 
processes of recrystallization. 

Isothermal Grain Growth in Nickel—The phenomenon on grain 
growth in nickel as illustrated in Figs. 8, 9, and 10 appears similar 
to the processes of grain growth observed in other metals (3, 5, 6, 7). 
However, the nickel specimens Al-R and A2-R showed considerable 
grain growth inhibition during the first part of the 800 °C (1470 °F) 
isothermal anneal. An examination of Figs. 8, 9, and: 10 indicates 
that the coarsening time decreased with increases in the amount of 
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Fig. 7—Log Annealing Time at Which Recrystal- 
lization Was Found Complete for 70-30 Brass Versus 
Reciprocal Absolute Temperature of Annealing. Data 
from Walker (6). 


Mean Grain Diameter, MM. 
(Log Scale) 





2.5 25 250 2500 25000 
Annealing Time in Minutes (Log Scale) 
Fig. 8—Isothermal Curves for Specimen A1-R, 3.05 Mnillimeters Thick. 


cold working. This latter observation is in agreement with Gross- 
mann (8). 


The effect of the specimen size (thickness) upon the equilibrium 
grain size is illustrated by the above graphs. It is seen that grain 
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growth is slightly greater for the thicker specimens than for the 
smaller ones; also an equilibrium grain size is approached at long 
annealing times at temperatures of 1000°C (1650°F) and higher. 
In no instance did the equilibrium grain size attain the size of the 
specimen thickness. 

By plotting the log annealing time necessary for the average 
grain size to increase from a starting grain size D, to a selected final 


Mean Grain Diameter, MM. 
{Log Scale) 





2.5 25 250 2500 25000 
Annealing Time in Minutes (Log Scale) 
Fig. 9—Isothermal Curves for Specimen A2-R, 2.27 Millimeters Thick. 
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2.5 25 250 2500 25000 
Annealing Time in Minutes (Log Scale) 
Fig. 10—Isothermal Curves for Specimen A3-R, 1.52 Millimeters Thick. 


standard grain size D as a function of the reciprocal of the annealing 
temperature in degrees absolute, one can calculate the heat of acti- 
vation for the process. The data, obtained from this experiment as 
plotted in Fig. 11 (where the final standard grain size was selected 
at 0.1 millimeter diameter), give a heat of activation of 85.5 Kceal 
per mole. 

The heat of activation as calculated for grain growth experi- 
ments in other metals was felt to have physical significance, since 
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the heat of activation as calculated from grain growth data assumes 
that the average rate of grain growth corresponds to the absolute 
rate of grain boundary migration, neglecting inhibiting effects due 
to finely dispersed inclusions. If the assumption is valid, or approxi- 
mately true, then the heat of activation as calculated from grain 
growth data may approximate the heat of activation for self-diffusion 
as calculated by radioactive tracer studies. 


Annealing Temperature °C 
800 900 1000 
10,000 


4 -Specimen Al-R 
© - Specimen A2-R 
+ -Specimen A3-R 


1000 


100 


Annealing Time in Minutes (Log Scale) 





0.00100 0.000800 
0.000900 0.000700 
Reciprocal Absolute Temperature 
Fig. 11—Log Annealing Time (Minutes) 
Necessary for Obtaining an Average Grain Size 
of 0.1 Millimeter Versus Reciprocal Absolute 


Temperature of Annealing. Heat of activation 
is 85.5 Keal/Mole. 


It is indeed unfortunate that a direct comparison of the heats 
of activation as found by the two different techniques cannot be 
made now. Johnson (9) theorized that the activation energy for 
diffusion should be related to the energy required to destroy the 
metal lattice, of which the temperature of the melting point in degrees 
absolute is a convenient measure. 

However, the authors feel that the enthalpy or heat content at 
the melting point is even more closely related to the heat of activa- 
tion of diffusion, since the enthalpy is an expression of the amount 
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of energy necessary to disrupt the lattice at that temperature. In 
Fig. 12 the heat of activation for nickel as calculated from this 
investigation appears reasonable in view of an extrapolated value. 
Steigman, Shockley and Nix (10) found that the average value of 
Q/Tm (Q is heat of activation for self-diffusion and T,, is the melt- 
ing point temperature in °K) was 43 cal/°K. The value of Q/Ty 
as calculated from the grain growth data of nickel is 49 cal/°K which 
is of the same order of magnitude as Steigman’s data. If the above 
extrapolation is confirmed by further research, another method will 


Heat of Activation 
Found for the Grain 
Growth of Nickel 


Heat of Activation for Self-Diffusion 
(K cal/mole) 





2 3 4 5 6 7 8 9 10 i 12 
Enthalpy (Hyp ~Hoggex in Kcal/mole) 


Fig. 12—The Heat of Activation for Self-Diffusion as a Function of the 
Enthalpy for Several Metals. 


be available for self-diffusion studies of radioactive metals and metals 
whose radioactive isotopes are inapplicable for tracer studies. 

It is interesting that the heat of activation for grain growth 
appears to be independent of the initial grain size, indicating that 
diffusion along grain boundaries may be of minor importance in the 
processes of grain growth. However, diffusion along grain bound- 
aries can play an important role in results obtained by radioactive 
self-diffusion studies (11). 

The data indicate that Q for grain growth does not depend on 
the initial grain size despite the fact that the specimens had different 
deformational histories before recrystallization. Such behavior would 
be reasonable if an undeformed lattice were growing from an essen- 
tially undistorted lattice. In an earlier section of this paper we have 
analyzed the effect of deformation on Q for recrystallization and 
observed that Q extrapolated to zero deformation gave a value of 
84 Kceal, which agrees with the value of 85.5 Kcal as found in this 
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paper. Since Q for recrystallization (extrapolated to zero deforma- 
tion) and for grain growth appear essentially equal, then it may be 
reasonable to consider both these phenomena intimately associated 
with the mechanism of self-diffusion. 

Furthermore, assuming that grain growth is identical to self- 
diffusion and that the heat of activation for either process (other 
things being equal) may be defined as the energy Q necessary to 
move a given atom from one lattice position to another, then from 
the Langmuir-Dushman expression 


Q 
Noh 





xe 


d? e-@/8T 


where D = diffusion constant 
d = lattice constant 
Q = activation energy 
h = Planck’s constant 
R = gas constant 
N. = Avogadro’s number 
T = temperature, degrees absolute 


the diffusion constant D for nickel may be found. A value of 3.52 A 
for d and 85,500 calories for Q indicates that the diffusion constant 
for nickel in nickel is 


D = 1.10e°"™* 


CONCLUSIONS 


The experimental data obtained in this investigation indicated 
that: 

1. Nickel with a grain size of 0.0227 millimeter which had been 
cold-rolled 20, 40, and 60% (designated Al, A2, and A3 respec- 
tively) and subsequently isothermally recrystallized at 650, 700, 750, 
and 800 °C (1200, 1290, 1380, and 1470°F) produced a recrystal- 
lized grain size which was dependent only upon the degree of prior 
deformation: 

2. A heat of activation for recrystallization was obtained from 
the time and temperature relationship necessary for complete re- 
crystallization. 

3. The heat of activation for recrystallization appears to de- 
crease with increase in inelastic deformation prior to annealing. 

4. An equilibrium grain size has apparently been reached by all 
specimens demonstrating normal grain growth. 

5. The equilibrium grain size increases with increasing anneal- 
ing temperatures, but in no case did it approach the thickness of the 
specimen. However, it may bear an intimate relationship to the size 
of the specimen. 

6. The heat of activation for grain growth was found to be 85.5 
Keal/mole and independent of the prior history. It agrees well 
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with the heat of activation of recrystallization extrapolated to zero 
deformation. 


7. The heat of activation for grain growth indicates a process 
which may be self-diffusion. 

8. The diffusion constant for self-diffusion as calculated from 
this grain growth study is 


D = 1.10 eoawes 
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DISCUSSION 


Written Discussion: By S. L. Channon, Chemical Division, Pigments 
Department, E. I. duPont de Nemours and Co., Inc., Wilmington, Del. 

In this paper, the authors have made a new and valuable contribution 
to the metallurgy of nickel which will undoubtedly benefit the nickel 
industry. While conducting similar research on 70-30 brass, it was my 
privilege to be associated with the authors while their work was being 
done. There is no doubt that the careful experimental technique used by 
them is reflected in their results. The results of my work on brass (to 
be published soon) are in general agreement with those of the authors. 
In the case of brass, it was found that the recrystallized grain size was 
dependent upon the initial grain size and amount of deformation, but was 
independent of the temperature of recrystallization. It was also found 
that the heat of activation for recrystallization of brass decreased with 
increasing prior deformation and decreasing initial grain size. This may 
be explained by considering the heat of activation to be an energy barrier 
over which atoms must pass from the unstable (cold-worked) state to the 
stable (annealed) state. If the barrier is at a constant energy level, and 
there is an increase in the energy level of the unstable state (as a result 
of increased deformation), the amount of additional energy (heat of 
activation) required for atoms to pass over the barrier is decreased. The 
authors have shown that the heat of activation extrapolated to zero de- 
formation is in close agreement with the experimentally determined heat 
of activation for grain growth. It is interesting to note that the same 
correlation was observed in brass. 

On the basis of the approximate relationship between enthalpy and 
heat of activation for self-diffusion, the authors have concluded that the 
heat of activation for grain growth may be taken as the heat of activation 
for self-diffusion. It seems that this conclusion is justifiable for the case 
of unalloyed material, but for brass the process of grain growth consists 
of mutual diffusion of both copper and zinc atoms so that no simple 
relationship exists between self-diffusion and grain growth. 


Authors’ Reply 


The authors are grateful for the discussion submitted by Dr. Channon 
and are pleased to know that the observations noted in his investigation 
on brass are in agreement with the conclusions presented in this paper. 

The assumption that an energy barrier exists which atoms must over- 
come in passing from the unstable (cold-worked) state to the stable state 
(annealed) appears reasonable. Recently Cagle and Eyring® have used this 
assumption in applying reaction-rate theory to the process of annealing. 





hordes 


2F. Wm. Cagle, Jr., and Henry Eyring, ‘“‘An Application of the Absolute Reaction-Rate 


ne a Problems in Annealing”, Journal of Applied Physics, Vol. 22, No. 6, June 








A RECORDING DILATOMETER FOR 
HIGH TEMPERATURES 


By W. R. ApBLettT AND W. S. PELLINI 


Abstract 


A novel method is described which permits extension 
of dilatometry to temperatures considerably in excess of 
the present practical limits of 1800 °F (980 °C) with con- 
comitant flexibility of heating rate. The method consists 
of electrical resistance heating of a small rod-like speci- 
men. Temperatures and resulting dilations are recorded 
by means of thermocouples and SR-4 clip gages respec- 
tively; these are affixed to the specimen and suitably con- 
nected to high speed response recording instruments. 
Heating rates of 500 °F per second are readily attainable 
by this method. 

Data are presented of the linear expansion of various 
high temperature alloys to 2400°F (1315 °C), molybde- 
num to 3000°F (1650°C), and tungsten to 4760 °F 
(2630 °C). The applicability of the dilatometer to trans- 
formation studies over a wide range of temperatures 1s 
likewise demonstrated. 


INTRODUCTION 


URING the past decade a need for data on the dimensional 

changes of materials at high temperatures has increased mark- 
edly. This need has been felt by both science and industry, informa- 
tion being required relative to dimensional changes involving thermal 
expansion and phase transformations. In the case of the latter the 
indication of dimensional changes serves the further purposes of de- 
tecting the occurrence of transformation, measuring its temperature 
range and relation to the heating and cooling conditions. The con- 
tinuing trend to higher operating temperatures for power plant com- 
ponents, problems of weld cracking in near-fusion weld zones, etc., 
have brought in sharp focus the meagerness of data at temperatures 
above 1600 °F (870°C). : 

Unfortunately, the various types of dilatometric methods in gen- 
eral use are limited by practical difficulties to a maximum of approxi- 
mately 1800 °F (980°C). Such methods as may be used to attain 
this temperature are moreover limited in the heating rates which may 

A paper presented before the Midwinter Meeting of the Society, held in 
Pittsburgh, January 31 and February 1, 1952. Of the authors, W. R. Apblett 
is metallurgist, and W. S. Pellini is head, Metal Processing Branch, Metallurgy 


Division, Naval Research Laboratory, Washington, D. C. Manuscript received 
April 2, 1951. 
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be applied. It thus appears. that a radical departure from the con- 
ventional methods would be required to permit extension of dilatom- 
etry to temperatures considerably in excess of 1800°F (980 °C) 
with concomitant flexibility of heating rate conditions. 

This paper describes the development and initial use of a dilato- 
metric method for which the maximum temperature range is limited 
only by the availability of temperature measurement techniques. The 
expansion of tungsten to 4700 °F (2595 °C) has been followed by 
this method. 


THEORY AND CONSTRUCTION OF HIGH TEMPERATURE DILATOMETER 
Design Requirements 


The following requirements were considered essential for an 
apparatus to be used for measuring dilation over a wide range of 
temperature : 

(a) The unit for measuring dilation should be simple and me- 
chanically rugged. It should be linked to the specimen in such a 
fashion as to be removed from the heat zone. y 

(b) The dilation and temperature indicating devices should give 
a continuous recording, have high speed response and be of high 
precision. 

(c) The means of heating the specimen should be rapid, easily 
controlled and exactingly reproducible. 

(d) The specimen should be of simple design and so supported 
as to have a minimum of applied load. 

An electrical method of heating the specimen appeared to have 
the promise of satisfying the requirements. There are a number of 
well-known methods which might be used, such as high frequency 
induction coils or resistance heating. It was thought that the latter 
method would be best suited, as it would not require any apparatus 
to surround the specimen and thus this space could be used for the 
dilation measuring device. This was accomplished by mounting the 
specimen between the power taps on a 1250-ampere welding trans- 
former which supplied the necessary current. To satisfy the require- 
ment of minimum applied load the specimen was suspended vertically 
from a copper bus bar, and another copper bar. floating in a mercury 
well was attached to the lower end of the specimen. Fig. 1 shows a 
general over-all view of the dilatometer and associated recording 
instruments. 


Test Specimen 


The specimen used is essentially a rod 4 inches in length and 
% inch in diameter. In preparation for the dilation measurements 
the center 1 inch of the specimen is accurately determined and a 
0.040-inch diameter piece of tungsten % inch long is resistance- 
welded to the specimen, the center lines of the tungsten being exactly 
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Fig. 1—-General View of the Dilatometer. 


1 inch apart. A small piece of alundum tubing is then slipped over 
the tungsten, serving to electrically insulate the dilation measuring 
device from the specimen. The thermocouple for determining the 
temperature of the specimen is then attached. 









Dilation Measurement 


The use of resistance wire strain gages for detecting minute 
dimensional changes is well known. Recently, a relatively simple 
device known as a clip gage has been described by Marin (1). 
A clip gage consists of a channel-shaped phosphor bronze strip to 
which SR-4 electric strain gages are cemented on the upper and 
lower surfaces of the clip gage bridge. By means of this arrange- 
ment, temperature compensation and increased sensitivity are ob- 
tained. Such a device is ideally suited for measuring the dilation of 
the specimen in that it removes the SR-4 strain gages from the im- 
mediate vicinity of the specimen and also reduces the relatively large 
dilation to a small measurable strain in the SR-4 gages. Type A-5 
gages having a nominal resistance of 120 ohms and requiring nitro- 
cellulose cement for application are used in the operation of the clip 
gage. The use of a thermal shield (to be described) permits this 

: gage to function satisfactorily for a period of approximately 20 
seconds on specimens reaching temperatures as high as 4000 °F 
(2205 °C). For the scope of the present investigation such a time 
limitation is acceptable; however, if it is desired to lengthen the 
period of observation, gages requiring phenol-resin cement for mount- 


















1The figures appearing in parentheses pertain to the references appended to this paper. 
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Fig. 2—View of the Specimen and Associated Apparatus. 


ing would be better suited to the construction of the clip gage in that 
moderate heating would be permissible. 

The SR-4 gages are suitably connected into a bridge circuit the 
output of which is recorded on a photoelectric potentiometer having 
a 2-millivolt full-scale deflection. In operation the gage is placed 
between the contact points on the specimen. Since it is necessary 
to have a certain amount of force exerted by the clip gage on the 
contact points, a counteracting spring was constructed to balance out 
this force. Fig. 2 shows a close-up view of the specimen, the clip 


gage and the counteracting spring. Fig. 3 shows the electrical circuit 
diagram. 


Temperature Measurement 


Extensive precautions are taken to insure that the thermocouple 
is reading the correct temperature of the specimen. No. 32-gage 
chromel-alumel thermocouple wire is used throughout the investiga- 
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tion except in one series of experiments where No. 26-gage platinum/ 
platinum—13% rhodium couples are used. To insure that the thermo- 
couple junction would be reproducible from specimen to specimen, a 
technique was developed for producing a small bead having a diam- 
eter twice that of the wire used. A hole of this diameter is drilled 
in a copper block and the wires inserted to extend slightly above the 
surface. An inert gas shielded tungsten arc torch is used to fuse the 
wires together into a bead the diameter of the drilled hole. The 
thermocouple bead is then flash-welded to the bottom of a small hole 


RECORDER 
( TEMPERATURE) 


L U 
AC. POWER SOURCE te x 
(TRANSFORMER) BRIDGE BALANCING UNIT 


Fig. 3—Electrical Circuit Diagram. 


(No. 70 drill) at the midpoint of the specimen drilled to a depth of 
0.032 inch to assure good thermal contact. To reduce the heat loss 
from the junction, the wires are formed close to the specimen for 
approximately 34 inch. The junction is covered with a thin coat of 
Sauereisen cement. A thermal shield of highly polished stainless 
steel is then placed in close proximity to the specimen. This shield 
serves a two-fold purpose: (a) it protects the clip gage and lead 
wires from thermal radiation and (b) it places the thermocouple 
junction and the wires near the junction in a space which is heated 
very rapidly by radiation, thus reducing the temperature gradient in 
the wire near the junction. The thermocouple wires are led out to a 
32 °F cold junction from which leads go to a high speed recording 
photoelectric potentiometer having a 50-millivolt full-scale deflection. 
This scale permits runs to 2200 °F (1205 °C) when using chromel- 
alumel thermocouples; runs to 2400 °F (1315 °C) were followed by 
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the use of a bucking potential of 5 millivolts, thus retaining a high 
precision of measurement. A 20-millivolt full-scale range is used 
with platinum/platinum—rhodium couples. 


Calibration 


The recording photoelectric potentiometers used with this equip- 
ment are calibrated for use on a number of full-scale deflections rang- 
ing from 0.2 millivolt to 500 millivolts, full-scale deflection being 
obtained in slightly better than 0.2 second. For temperature meas- 
urements it is necessary only to check the calibration by feeding in 





Fig. 4—Clip Gage Calibrating Device. 


known millivoltages and then converting the recorded output of the 
thermocouple to temperature by referring to standard conversion 
tables. 

Calibration of the clip gage is accomplished by using a microm- 
eter slide having an accuracy of 0.00005 inch. Two tungsten points 
similar to those used on the test specimen are mounted on the 
micrometer slide and the gage placed between them. The microm- 
eter slide is driven at a constant rate by means of a small synchronous 
motor, Fig. 4. Two points so spaced as to correspond to 0.03-inch 
travel of the micrometer slide are mounted on the driven wheel and 
actuate a microswitch which in turn energizes a marker pen recording 
on the chart paper. Knowing the length of chart paper corresponding 
to 0.03-inch dilation and the speed of travel of the potentiometer chart 
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drive, a dynamic calibration curve is obtained which closely simulates 
the test conditions. During actual dilation runs the marker pens on 
both the temperature and dilation recorders are simultaneously ener- 
gized by the main power switch. This places a reference mark on 
the chart paper that can later be used as a reference point of zero time. 

In order to detect any change in calibration which might occur 
due to repeated usage of the clip gage, the calibration is checked 
several times during the experimental tests. Throughout the duration 
of the tests described, no change in calibration of the clip gage was 
noted. 

Accuracy of the Apparatus 


Measurements of the distance between the contact points on 
numerous specimens indicated that the spacing was accurate to 
+ 0,005 inch. 

The chart of the temperature recorder can easily be read to 0.25 
millivolts on the 50-millivolt range and to 0.10 millivolt on the 20- 
millivolt range. The maximum error introduced from this source 
accordingly does not exceed + 20 °F. 

With the voltage used on the bridge circuit of the clip gage full- 
scale deflection of the dilation recorder corresponded to 0.033 inch. 
This dilation can easily be read with an accuracy of + 0.00015 inch. 
The over-all accuracy of the dilation measurements is estimated at 
+ 0.0003 inch, considering possible calibration errors. 


EXPERIMENTAL MEASUREMENTS 
High Temperature Alloys 


A number of typical high temperature alloys were selected to test 
the adaptability of the equipment to the purposes for which it was 
designed. The alloys and chemical compositions are presented in 
Table I. During these tests the specimens were heated at a rate of 
approximately 200°F per second. This rate varied slightly from 
specimen to specimen, due to differences in the resistance of the 
various materials. Actually the rate decreased slightly as the tem- 
perature increased, due to increased radiation losses at the higher 
temperatures. 

All of the materials were run through a complete cycle of heating 
and cooling in the range of 70 to 2400 °F (21 to 1315 °C). Dilation 
data were recorded on the heating cycle only. Because of incipient 
melting which occurred in some of the alloys in the range of 2200 to 
2400 °F (1205 to 1315 °C), it was thought advisable to conduct initial 
runs to a maximum of 2200°F (1205°C). When sufficient data 
were obtained in the range of 70 to 2200°F (21 to 1205 °C) the 
specimen was then heated to slightly above 2400 °F and if incipient 
melting did not occur the data were considered acceptable for the 
2200 to 2400 °F (1205 to 1315 °C) range. 
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Table I 
Chemical Composition, Per Cent 


a 9 — $$$ $$$ 


Ce Re Wm Ti Ne Fe 








Material Cc Mn Si Cr Ni 
N-155 0.17 1.67 0.66 21.0 20.5 50:2. Bae aa eas oes) OED: Bat. 
19-9 DL 0.29 1.00 0.82 19.2 9.0 sa ag LE De ale See wees 0.014 Bal. 
Inconel X 0.05 0.48 0.48 14.5 74.5 ; Soa ee 862.5” secu eae 
M.E. 0.15 0.52 0.57 19.5 12.2 ch Vein ne seee” .... 0.327 Bal. 
524 0.26% see 0.83: 38.0 26.5. ees. Tce es CO1.36 =... Bal. 
16-25-6 0.10* 1.68 0.50* 16.3 25.2 4.) oer... ..... O130 Bal 
S-590 0.46 eee ee ee ee ee ee ee ees. ww ee) OM 
HU 0.48 =e ee ee «6G. «O29 Oe a  ee.Ci«w.. 0.041 Bal. 
HW 0.66. San Sa Se ee O27 eas eeeeCisw.. +=20.039 Bal. 
Vitallium 0.220 eee ee ee” A a ee ka. tee. twee 0.7* 
Melybdenum .... * csuy. Stas Seen 00652 se0u BOE tees ene tees teens yl 
Tungsten an 6 oben ee Sit ee 0 0 aie ba ia Reine ee 


*Nominal Composition. 





The length of the specimen before and after each run was checked 
by mounting a small dial gage on the equipment with the sensing arm 
contacting the lower bus bar. Length changes were noted in only 
three of the alloys when heated to 2200 °F (1205 °C) and allowed 
te cool to room temperature. These alloys were the cast materials 
HU, HW and Vitallium. The HU and HW contracted while the 
Vitallium increased in length. This increase in length in an alloy 
such as Vitallium could have been brought about by precipitation 
reactions. The contraction of the HU and HW alloys (16-25-6 and 
N-155 also contracted when heated to 2400 °F) was due to incipient 
melting at the grain boundaries. During the expansion studies on 
these alloys it was noted that the recorded temperature curves would 
flatten out, i.e., the heating rate was reduced, and the dilation curve 
would become very erratic prior to the point where melting was 
expected to occur; i.e., at the same time many small exudations would 
appear on the surface of the specimen. A specimen covered with 
many small exudations is shown in Fig. 5. This figure serves to 
point out an important fact pertinent to the reliability of the reported 
data. It will be observed that the distribution of the exudations is 
quite uniform and extends for a considerable distance beyond the 
contact points, thus indicating that the temperature between the con- 
tact points is-uniform. To check this observation, thermocouples 
were flash-welded to the specimen at the contact points and also at 
several locations between these points. Comparison of the data sub- 
stantiated the fact that the temperature was uniform over the test 
area, being within the limits of accuracy discussed previously. The 
temperature was also checked through the thickness of the specimen 
by placing thermocouples on the surface and at a depth of 0.125 inch. 
The latter couple indicated a temperature 40 °F higher than the sur- 
face couple at 2200°F (1205°C). It is believed that the higher 
center temperature is at least partly due to the increase in resistance 
of this section as a result of the hole drilled to accommodate the _ 


TRANSACTIONS OF THE A.S.M. 


Fig. 5—Photograph of Specimen Exhibiting 
Exudation Indicating Incipient Melting. Speci- 
men is cast HU alloy. 


thermocouple. Thus, it may be concluded that if temperature gradi- 
ents between surface and center are present in the solid bar the order 
of magnitude does not exceed the + 20°F accuracy of temperature 
measurement. 

Three or more dilation determinations were made on each test 
material. The resulting expansion curves are shown in Fig. 5; these 
are plotted as averages of the data obtained. Table II lists the ther- 
mal expansion coefficients that were calculated from the curves for 
each of the test materials. 

The reproducibility of the data over a series of subsequent runs 
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Table Il 
Thermal Expansion Coefficients of High Temperature Alloys 


———Avverage Coefficient x 10-¢ Inch/Inch /° F—————————__, 
70to 70to 70to 70to 70 to 70 to 70 to 70to 70to 70 to 
600 800 1000 1200 1400 1600 1800 2000 2200 2400 
HU —7.4 7.5 8.1 8.4 8.8 9.3 9.4 9.8 10.0 aes 
Inconel X 7.6 7.8 8.1 8.5 9.0 9.7 10.3 10.6 10.8 11.3 
H 7.3 8.1 8.6 9.2 9.7 10.2 10.7 11.2 11.6 iaole 
Vitallium 8.1 8.7 9.3 9.6 10.2 10.6 11.0 11.2 11.6 12.1 
19-9 DL 9.1 9.4 9.8 10.2 10.4 10.7 11.1 11.3 11.6 12.0 
N-155 9.1 9.5 9.7 9.8 10.2 10.5 10.9 11.4 11.7 cade 
S-590 7.8 8.4 9.3 9.8 10.4 11.0 11.6 12.2 12.7 13.0 
16-25-6 9.0 9.4 9.6 10.2 10.8 11.7 12.0 12.4 13.0 ao 
E.M.E. 9.4 10.1 10.8 11.4 11.9 12.4 12.9 13.2 14.0 14.5 
*Incipient melting occurred. 





depended on the type of material being tested, being relatively poorer 
for the cast materials which are prone to segregation. For the HU 
and HW castings the deviation from the average was as high as 
+0.002 inch at 2200 °F (1205 °C). For a material such as 19-9 DL 
the deviation from the average was + 0.0004 inch. Slight changes 
in the rates of expansion occurred at temperatures where it is known 
that solution of some of the constituents of the test materials takes 
place, and where grain growth is suddenly accelerated. However, no 
attempt was made to relate these deviations with structural changes. 

The results of the thermal expansion measurements indicate that 
E.M.E., 16-25-6 and S-590 have the highest linear expansion. The 
curves for the HW, Vitallium, Inconel X, 19-9 DL and N-155 are all 
essentially similar. The HU alloy has the lowest linear expansion 
of any of the alloys investigated. The curves do not show any gross 
differences or decided transition points in the expansion characteris- 
tics of the materials. 

Generally, these data indicate good correspondence with estab- 
lished data to 1200 °F (650°C); for 19-9 DL good correspondence 
was indicated to 1500°F. Comparison of these data with data ob- 
tained by investigators using standard dilatometric techniques (2) 
should take into consideration the gross differences in the heating 
rates employed. Materials involving transformations such as phase 
changes, precipitation reactions, recrystallization, etc., may be ex- 
pected to show differences due to heating rates per se. The difficulty 
of conducting tests at temperatures in excess of 1500°F (815 °C) 
with standard methods should also be recognized—creep effects in 
particular provide serious problems of interpretation and such data 
are generally considered suspect. 


MoLYBDENUM AND TUNGSTEN 


The linear expansion characteristics of molybdenum were deter- 
mined to 3000 °F (1650°C). In this experiment a different tech- 
nique of attaching the clip gage contact points was necessary, since 
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satisfactory resistance welds could not be obtained between the tung- 
sten points and the molybdenum. A 0.039-inch diameter hole was 
drilled to a depth of 3% inch at each of the gage points and the 0.040- 
inch tungsten was forced into this hole. A 26-gage platinum/ 
platinum—rhodium couple was then flash-welded to the midpoint of 
the specimen. It was necessary to increase the heating current by 
about one-third in order to obtain heating rates comparable to those 
used with the high temperature alloys. 


Thermal Expansion Curves of the Test Materials | 
| c 
The Zero Abscissa for Each Curve | | | | 2400 
is Room Temperature 2400 2400 / 
2400 asop 























0.030 






¢ Established Data 2400 blo | 








Expansion - inches per inch 


ella °F 


Fig. 6—Thermal Expansion of the Test Materials. High temperature alloys pre- 
sented in increasing rate of expansion. 


The striking difference between the expansion rate of molybde- 
num and that of the high temperature alloys is illustrated in Fig. 6, 
where it can be seen that the molybdenum has a linear expansion 
of about one-third that of the high temperature alloys up to 2400 °F 
(1315°C). Fig. 7 shows the results of four subsequent runs on the 
same specimen. A limited amount of established data was available 
for comparison. Reference data sheets (3) list the expansion co- 
efficient of molybdenum to approximately 1000 °F (540°C) as 3.1 
< 10°* as compared with a value of 2.7 « 10°* obtained in this 
investigation. 

It is also interesting to note that the molybdenum was run 
through several cycles from 70 to 3000 °F (21 to 1650°C) under 
ordinary atmospheric conditions with a loss of only 0.0015 inch on 
the diameter due to oxidation. 

The linear expansion characteristics of tungsten were determined 
up to the melting point of molybdenum (4760+ 100°F). In this 
experiment satisfactory welds. were obtained between the contact 
points and the tungsten by utilizing a protective atmosphere of weld- 
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ing grade argon while making the weld. The data to 3000 °F (1650 
°C) were established by using a platinum/platinum—rhodium thermo- 
couple after which a single point was obtained at 4760 °F (2630 °C). 
Temperature measurement was accomplished by welding a small 
(0.015-inch diameter) molybdenum wire to the surface of the speci- 
men and placing this in series with a voltage source applied to the 
temperature recorder. When the molybdenum wire was melted, the 


0.015 
Molybdenum 

§ rT 
5 © Run No.! (Cr-Al to 2200°F) 
a O.0IOF—-4 Run No.2 (Cr-Al to 2400°F) 
° x Run No.3 (Pt-Pt-Rh to 3000°F) 
S O Run No.4 (Pt-Pt-Rh to 3000°F) 
2 A 
% 0.005 
So 
4 
uJ 





O 400 800 1200 1600 2000 2400 2800 
Temperature °F 
Fig. 7—Thermal Expansion Curve for Molybdenum to 3000 °F. 












Tungsten 
(Commercial Purity) 


inflection Point 
(1O060°F) 
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100 200 400 1000 10,000 
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Fig. 8—Thermal Expansion Curve for Tungsten to 





4760 ° 
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circuit was interrupted and an indication of this temperature was 
obtained. The linear expansion of tungsten to 4760 °F (2630 °C) 
was thus determined to be 0.0182 inch, which corresponds to a mean 
linear coefficient of expansion of 3.9 & 10° in./in./°F. The data are 
plotted in Fig. 8. 

Goucher (4) has shown evidence of a discontinuity in the 
expansion properties of tungsten wires at 1090 °F (590°C). This 
experiment clearly showed a distinct discontinuity at 1060°F (670 
°C). Up to this temperature the data are in good agreement with 
that of Goucher and also Hidnert and Sweeney (5), the value of the 
mean linear coefficient of expansion being 2.4 « 10-*° compared with 
2.5 & 10°* as determined by these investigators. At 1880 °F (1025 
°C) the value of 2.8 & 10°* compares favorably with 2.9 x 10° as 
determined by Worthing (6). Table III lists the mean linear co- 
efficients of expansion of molybdenum and tungsten as calculated 
from these data. 











Table lil 
Expansion Coefficients of Molybdenum and Tungsten 


aes x 10-6 


oo 86¢(0—$ $$ $ $a 

600 800 1000 1200 1400 1600 1800 2000 2200 2400 2600 2800 3000 4760 
Mo 2.4 2.4 2.5 oo @4 ° 29 - a? 30 632 3.4 3.4 3.5 mae ves 
W 2.4 2.4 2.4 2.5 2.6 2.7 2.8 2.9 3.0 3.1 3.1 3.2 3.3 3.9 








STEEL TRANSFORMATIONS 


As a check on the adaptability and reliability of the high tem- 
perature dilatometer to transformation studies, an investigation was 
made on a steel for which established data were available. 

The steel selected for study was a low carbon manganese-nickel 
steel (0.10% C, 3.52% Mn, 2.34% Ni, 0.52% Mo, 0.17% Cr, 0.19% 
Si, 0.15% V) used in another study conducted at this laboratory 
(7). The sample was prepared from a 34-inch bar forged from a 
large ingot. 

The studies conducted indicated that austenite began to form at - 
1215 °F (650°C) at heating rates of 250 and 500 °F (120 and 260 
°C) per second. These data are presented in Fig. 9. The M, tem- 
perature was determined as 610°F (320°C). The average cool- 
ing rate between 1300 and 600°F was 80°F per second. These 
values are in close agreement with the values of 1220 °F for the A, 
and 630 °F (330°C) for the M, for this steel reported in the refer- 
ence paper. Apparently the A, temperature in this steel is un- 
affected by the heating rate, at least in the range from 35 °F per 
minute reported in the reference € paper to 500 °F (260 as per second 
used in this investigation. 
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SUMMARY AND CONCLUS!ONS 


A high temperature dilatometer using a clip gage constructed 
from wire resistance strain gages has been developed and proved. 
Heating is accomplished by passing high currents through the speci- 
mens, the rate of heating depending upon the current used. An 


Transformation of Low-Carbon 
Mangoanese-Nickel Steel 


0.010 


Dilation — inches per inch 
Oo 
oO 
O 
oO 





O 400 800 1200 i600 
Temperature °F 


Fig. 9—Dilation Study of the Transforma- 
tion of a Low Carbon Manganese-Nickel Steel. 


average rate of 200 °F per second was used during this investigation. 
It has been shown that the apparatus provides a means of measuring 
the dilation characteristics of conducting materials to extreme tem- 
peratures, the maximum range of which is limited only by the avail- 
ability of adequate thermocouples. The linear expansion of various 
high temperature alloys to 2400 °F (1315 °C), pure molybdenum up 
to 3000 °F (1650 °C), and tungsten to 4760 °F (2625 °C), are re- 
ported. Transformation studies on a low carbon manganese-nickel 
steel showed close agreement between critical points as determined 
with this apparatus and standard dilatometric methods. 
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THE SOLUBILITY OF CARBON IN MOLTEN IRON AND 
IN IRON-SILICON AND IRON-MANGANESE ALLOYS 


By JouN CurpMan, Rosert M. ALrrep, Lester W. Gort, 
RicHarD B. SMALL, DuNcAN M. Witson, C. Napier THOMSON, 
DonaLp L. GUERNSEY AND JAMES C. FULTON 


Abstract 


A simple experimental method is described in which 
molten metal in equilibrium with a graphite container 1s 
quenched in a water-cooled copper mold. The data on the 
solubility of carbon in iron may be expressed as a linear 
function of temperature between the eutectic [1153 °C 
(2110 °F), 4.27% carbon] and about 2000 °C (3630 °F). 
At higher temperatures, irregularly higher solubilities 
were observed. 

The solubility 1s increased by manganese and dimin- 
ished by silicon. At 21 to 23% silicon a second solid 
phase appears. Data are presented for the temperature 
range 1290 to 1690 °C (2355 to 3075 °F) for alloys con- 
taining up to 20% silicon or 70% manganese. 


INTRODUCTION 


NCERTAINTIES and inconsistencies in the iron-carbon equi- 

librium diagram are being gradually eliminated, yet little work 
has been done in the past thirty years on the liquid portions of the 
system. The early investigations of the solubility of graphite in liquid 
iron produced results which agreed poorly among themselves. More 
recent studies on the effect of silicon and manganese on graphite 
solubility have been no more satisfactory. 

The earliest systematic study of the solubility of graphite in 
liquid iron was that of Ruff and Goecke (1).1 Their results (Fig. 1, 
curve II) showed a maximum solubility corresponding to the hypo- 
thetical compound FesC and a change in slope at the composition 

1The figures appearing in parentheses pertain to the references appended to this paper. 

_ A paper presented before the Midwinter Meeting of the Society, held in 
Pittsburgh, January 31 and February 1, 1952. The senior author, John Chip- 
man, is professor of. metallurgy, Massachusetts Institute of Technology, Cam- 
bridge, Mass. The co-authors are as follows: R. M. Alfred, Rode Co., Woburn, 
Mass.; L. W. Gott, Captain, Ordnance Corps, Watervliet Arsenal, Watervliet, 
N. Y.; R. B. Small, California Research and Development Co., Berkeley, Calif. : 
D. M. Wilson, American Brake Shoe Co., Rochester, N. Y.; C. N. Thomson, 
Cremorne, N.S.W., Alistralia; D. L. Guernsey, research associate, and J. C. 


Fulton, research assistant, Department of Metallurgy, Massachusetts Institute 
of Technology, Cambridge, Mass. Manuscript received April 16, 1951. 


1215 




















1216 TRANSACTIONS OF THE A.S.M. Vol. 44 


Fe;C. Their procedure employed small graphite crucibles holding 
25 to 30 grams of metal. The charge was heated for 20 to 30 
minutes after which the crucible and melt were quenched in ice water. 

Hanemann (2) also used small graphite crucibles, heated for 
about 30 minutes, and poured the melt into water or a copper mold. 
His results (Fig. 1, curve I) showed a lower carbon solubility; no 
attempt was made to go beyond the composition corresponding to 
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2800 
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5 2000 
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© 
Qa 
—€ !800 
a 
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IZ Ruer and Biren 





Carbon, % 
Fig. 1—Solubility of Carbon in Iron. 


To decide between these two curves, Ruer and Biren (3) con- 
ducted a very careful study. Again small melts were used which 
were cast into copper molds for temperatures up to 1800 °C (3270 
°F). It was known from early observations of Moissan (4) and 
from Ruff and Goecke’s work that the melt became increasingly 
viscous at higher temperatures. Accordingly, melts made at tem- 
peratures above 1800 °C (3270 °F) were cooled in the furnace. The 
results of this study (Fig. 1, curve IJI) agreed fairly well with 
Hanemann’s, but failed to confirm the anomalous behavior above 
1800 °C (3270 °F) reported by Ruff and Goecke. 
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Schichtel and Piwowarsky (5) studied the effects of silicon, 
phosphorus and nickel on graphite solubility. Their determinations 
of the solubility in pure iron up to 1800 °C (3270°F) agreed well 
with those of Ruer and Biren. 

This paper contains data drawn from three Bachelor’s theses 
written by undergraduate students at the Massachusetts Institute of 
Technology in 1941 and 1942. Also, it contains observations on the 
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Fig. 2—Induction Furnace Used for Iron- 
Carbon Equilibrium Melts. 


solubility of graphite in liquid iron —silicon alloys which were inci- 
dental to several recent studies of slag-metal equilibria. 


THE SOLUBILITY OF GRAPHITE IN Ligurp IRoNn 


Experimental Work by Robert M. Alfred and Lester W. Gott (6) 


Apparatus—Preliminary experiments confirmed the observation 
that the melt becomes very viscous at high temperatures. Therefore, 
different schemes were used for quenching the normal fluid melts and 
those that were viscous or pasty. | 

The apparatus pictured in Fig. 2 was used to make melts up to 
1965 °C (3570 °F), i.e., in the fluid range. This consisted mainly 
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of an induction-heated graphite crucible with a hole in the bottom. 
A graphite plug fitted into the hole and extended above the top of 
the crucible into the cooler zone so that if the nickel wire attached 
to it had broken, the plug could easily have been pulled with tongs 
to pour the melt. The plug itself was drilled, the hole extending 
down far enough so that it was certain that the temperature readings 
taken therein corresponded to the middle of the melt. A graphite 
wall extended 4%4 inches above the crucible proper to allow for a 
greater amount of lamp-black insulation. The melt was protected 
by a cover that fitted around the plug and down on the crucible 
itself. To obtain an immediate quench, the melt was poured into a 
copper mold of % by 1 inch inside dimension. During the time of 
the heat a nitrogen atmosphere was maintained in the top of the 
furnace. The commercial nitrogen was purified (deoxidized) by 
passing it through copper shavings maintained at about 300°C (570 
°F). In some heats this was replaced by a mixture containing 10% 
hydrogen and 90% nitrogen. The bottom of the furnace was sealed 
off with a pan of lamp-black. This was replaced by the mold just 
at the time of pouring, at which time a strong nitrogen current was 
run up through the bottom to prevent any possible oxidation of the 
melt. 

In order to quench the melts in the viscous range, it was neces- 
sary to quench crucible and all. A smaller crucible was used and a 
drilled plug was again inserted to provide a black body for temper- 
ature readings. The crucible sat on a graphite stand and was low- 
ered at the time of quenching. The quenching medium was molten 
tin, since experience showed that water caused severe decarburization. 
Again, a nitrogen atmosphere was maintained throughout the furnace 
during the time of the heat. 

Temperature readings were taken with a new type Leeds and 
Northrup optical pyrometer through the glass sight cover. The com- 
bination of pyrometer and sight glass was checked against an optical 
pyrometer calibrated by the Bureau of Standards. 

Procedure—In making a melt in the lower range, the crucible 
was charged with 80 grams of electrolytic iron and graphite equal 
approximately to 80% of the carbon content predicted at the desired 
temperature of the melt; this to prevent undue corrosion of the cru- 
cible. The melt was quickly brought up to temperature, held for 
60 minutes, and then poured into the copper mold by pulling the plug. 

In the upper range, each small crucible was charged with 40 to 
50 grams of electrolytic iron and 8 to 10% graphite. The melt was 
again brought quickly up to temperature, held for 60 minutes, and 
then quenched in liquid tin by lowering the graphite stand, seizing 
the crucible with tongs and immersing it. Temperature readings 
were taken at regular intervals by sighting on the bottom of the hole 
in the plug. 
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Fig. 3—Solubility of Carbon in Iron. 


The metal obtained in both cases was broken to pass through a 
20-mesh screen and analyzed for carbon by the combustion method. 
Finer grinding was intentionally avoided and the entire sample was 
passed through the screen. 

Results—The first 37 melts were required to learn two experi- 
mental facts: 

(a) Direct quenching into water severely decarburizes the 

specimen ; 

(b) Heating for periods of 10, 30 and 60 minutes at 1450 °C 
(2640 °F) gave substantially identical results, hence the 
hour generally allowed was more than enough to reach 
equilibrium. 

The results of heats 38 to 57 are given in Table I and those 
below 2000 °C (3630 °F) are plotted in Fig. 3. In the temperature 
range 1175 to 1800 °C (2145 to 3270 °F), the results are in remark- 
ably good agreement with those of Ruer and Biren. Three points 
due to the work of Small and Wilson (10), which will be discussed 
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Table I 
Solubility of Carbon in Liquid Iron 
Temperature 
No. “Cc °F % Carbon Notes 
50 1175 2150 4.41 2 
49 1265 2310 4.57 2 
48 1360 2480 4.90 2 
45 1455 2650 5.04 2 
47 1585 2885 5.39 2 
38 1615 2940 5.54 1,6 
44 1710 3110 5.65 2 
39 1735 3155 5.76 1 
46 1810 3290 5.90 2 
51 1965 3570 6.37 2 
53 2065 3750 13.8 3 
41 2135 3875 12.8 1 
54 2205 4000 23.5 3 
42 2215 4020 11.8 5 
55 2325 4220 24.2 4 
56 2390 4335 23.8 3 
57 2550 4620 31.2 3 
52 2720 4930 22.2 5 





Notes: 1—Cast in copper mold under He + Ne 
2—Cast in copper mold under Ne 
3—Crucible quenched in tin 
4—Crucible quenched in water 
5—Cooled in furnace 
6—Reached 1925° then dropped to 1615° 








in the next section, are in exact agreement. Our results up to 1965 
°C (3570 °F) fit a straight line whose equation is: 


% C = 1.34 + 2.54 K 10°*t (°C) 


Ruer and Goerens (7) found the iron-graphite eutectic at 4.25% 
carbon and 1152 °C (2110°F). Schichtel and Piwowarsky (5) re- 
ported the temperature as 1153 °C (2110°F). These temperatures 
are substantially higher than that used in the Metats HANpDBooxk (8), 
but: the higher value of 1153 °C (2110°F) has recently been con- 
firmed by Darken (9). At this temperature our line yields a eutectic 
composition of 4.27% carbon. 

At temperatures above 1965 °C (3570°F) the new results are 
entirely different from any of the older data. No attempt will be 
made at this time to explain them other than to remark in passing 
that they indicate the probable formation of a new phase not present 
at the lower temperatures. Further work in this region is obviously 
needed ; the present data are not comparable in accuracy with those 
at lower temperatures and are omitted from Fig. 3. 


EFFECT OF SILICON ON THE SOLUBILITY OF GRAPHITE 
IN Ligurip [RON 


Experimental Work by Richard B. Small and 
Duncan M. Wilson (10) 


Method—For studies ofthe ternary system, the apparatus de- 
scribed in the foregoing section was remodeled. A slightly larger 
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1690°C 


1490°C 


1290°C 
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Fig. 4—Solubility of Carbon in Iron-Silicon Alloys. 


graphite block was used in which four holes were drilled to serve as 
four crucibles, all held at the same temperature. A central hole drilled 
to the same depth as the crucibles served as a black body for optical 
temperature measurements. Each crucible cavity was provided with 
a graphite stopper rod so arranged that all four could be pulled 
simultaneously. Four graphite tubes beneath this assembly conducted 
the metal to a four-parted copper mold. 

Temperatures. were read with an optical pyrometer sighted at 
the bottom of the central hole with the sight window removed so that 
no correction was required. The pyrometer was checked against a 
noble-metal thermocouple in a globar tube furnace at 1400 and 1500 
°C (2550 and 2730 °F). This furnace was adequately equipped with 
baffles or radiation shields to assure black-body conditions. The 
pyrometer was found to read 10 degrees high at both temperatures, 
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Table Il 
Solubility of Graphite in Fe-Si Alloys 


Temperature 
< °F 


No. % Carbon % Silicon Notes 
38 1290 2355 o.38 3.74 

39 1290 2355 2.54 7.13 

40 1290 2355 gi ect ess 1 
41 1290 2355 4.58 0.09 

42 1490 2715 2.78 7.95 

43 1490 2715 3.89 3.87 

44 1490 2715 5.06 0.21 

45 1490 2715 1.33 14.00 

46 1690 3075 5.58 0.15 

47 1690 3075 4.08 4.97 

48 1690 3075 2.76 9.80 

49 1690 3075 “nile alk 1 
50 1290 2355 1.16 13.40 

51 1490 2715 1.45 13.60 

52 1690 3075 1.85 13.60 


Note 1—Discarded due to heavy graphite precipitation 





hence this correction was applied in the range 1300 to 1700°C 
(2370 to 3090 °F). 

Results—Early runs were held at temperature for 15 minutes. 
Results were erratic and it was concluded that a longer time was 
required to reach equilibrium. The results shown in Table II are 
for heats held at temperature one hour. Each heat was chill-cast, 
ground to pass a 20-mesh screen and analyzed for carbon and silicon. 

Fig. 4 shows the carbon solubility as a function of silicon content 
at three temperatures. The curves were extrapolated to zero silicon 
and the results plotted in Fig. 3. The agreement with the curve for 
the binary system is excellent. 

Previous studies of the solubility of graphite in iron-silicon alloys 
include the work of Honda and Murakami (11) at “about 1500 °C 
(2730 °F)”. The data fall on both sides of the 1490 °C (2715 °F) 
line of Fig. 4 and serve as approximate confirmation. The more 
accurate data of Schichtel and Piwowarsky (5) will be discussed in 
a later section along with some more recent observations. All of 
these data are in agreement with the curves of Fig. 4. 


EFFECT oF MANGANESE ON THE SOLUBILITY OF GRAPHITE 
IN Liourp [Ron 


Experimental W ork by C: Napier Thomson (12) 


The apparatus used in the experiments of Small and Wilson was 
redesigned in several details, the most important of which was the 
substitution of a water-cooled copper mold. The alloys employed 
were made up from Armco iron, graphite and standard ferromanga- 
nese or electrolytic manganese. The latter are recognizable in Table 
III as those with zero silicon content. One hour was allowed at 
temperature for the attainment-of equilibrium. 

The results are summarized by the analyses recorded in Table 
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Table Ill 
Solubility of Graphite in Iron-Manganese Alloys 

Temperature % Carbon, 

No. =; °F % Manganese % Carbon % Silicon Corrected 
1 1290 2355 17.9 5.28 0.26 5.40 
2 1290 2355 34.9 5.54 0.51 5.77 
21 1290 2355 47.4 5.75 0.63 6.03 
3 1290 2355 55.8 5.89 0.75 6.21 
30 1290 2355 70.8 6.62 0.00 6.62 
34 1290 2355 95.0 5.01 0.00 5.01 
5 1490 2715 20.5 5.64 0.25 5.74 
13 1490 2715 27.3 5.83 0.38 5.97 
6 1490 2715 37.0 6.00 0.51 6.19 
14 1490 2715 48.9 6.22 0.63 6.46 
7 1490 2715 58.0 6.33 0.75 6.60 
18 1490 2715 64.5 6.44 1.00 6.81 
19 1490 2715 79.8 7.68 0.00 7.68 
20 1490 2715 94.1 5.89 0.00 5.89 
11 1690 3075 17.9 5.90 0.25 6.00 
10 1690 3075 35.2 6.25 0.50 6.43 
y 1690 3075 54.4 6.80 0.75 7.07 
26 1690 3075 71.7 6.88 0.00 6.88 
28 1690 3075 81.3 7.26 0.99 7.62 
6.72 0.00 6.72 


32 1690 3075 93.3 








1690°C 


Carbon, % 





Fig. 5—Solubility of Carbon in Iron-Manganese Alloys. 


III. It is noteworthy that while manganese increases the solubility 
of carbon in iron, the solubility of carbon in pure manganese is less 
than in the 80% alloy. The results above about 70% manganese are 
erratic and the data in this region should not be regarded as con- 


clusive. Alloys containing little or no iron decrepitated to a brown 
powder on standing. 


| 
| 
I290°C 
; 4o- Thomson 
0 - Alfred and Gott 
0 1O 20 30 40 50 60 70 80 90 
Manganese, % 
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In order to correct the carbon solubility to a silicon-free basis, 
it was assumed that the effect of a small amount of silicon in the 
alloys was the same as in liquid iron. The correction was estimated 
from Fig. 4 and the results are recorded in the “C, corrected” column. 

The solubility of graphite in silicon-free iron-manganese alloys 
is plotted in Fig. 5. The curves are drawn to agree with the data 
of Alfred and Gott (6) for the binary system iron-carbon. 

The solubility of graphite in liquid alloys of iron, manganese and 
silicon was studied by Herty and Royer (13). Their data include a 


1800 
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0 - Thomson 
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Fig. 6—Solubility of Carbon as a Function of Temperature at Constant Manganese: 
Iron Ratios. 


number of heats that were substantially free of silicon and these 
results can be compared with those of the present study. Their 
samples were taken successively fronr larger heats of supposedly con- 
stant ratio of manganese to iron. The individual samples were ana- 
lyzed only for carbon and the other constituents were assumed to 
remain unchanged. For comparison with their results at several 
values of the ratio Mn:Fe, points at constant ratio were read from 
the curves of Fig. 5 and replotted against temperature in Fig. 6. 
The solubility line for the binary is included. The agreement at the 
highest manganese ratio is very good, but at lower ratios and in the 
binary system it is rather poor 
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RECENT DATA ON THE IRON-SILICON-CARBON SYSTEM 
Experimental Work by James C. Fulton 


Several recent papers on the distribution of sulphur between 
blast furnace slag and metal have described conditions of equilibrium 
between slags, metal and graphite. Since analyses were reported on 
many metal samples for carbon, silicon and manganese, these data 
are comparable with those reported in the foregoing sections. This 
line of work is continuing and the most recent data will be included. 


Hatch I425°C 
Hatch 1500°C 
Troili 525°C 
Fulton 1600°C 
Schichtel and 
Piwowarsky |600°C 


Carbon, % 





I525°C 
1600°C 
0 ! 2 3 + 5 6 7 8 > 
Silicon, % 


Fig. 7—Solubility of Carbon in Iron-Silicon Alloys in the Low Silicon Range. 


The work of Hatch and Chipman (14) included samples con- 
taining up to 7% silicon and data at 1425 and 1500°C (2590 and 
2730 °F). The points are plotted in Fig. 7. The few points reported 
by Grant, Troili and Chipman (15) at 1525°C (2770°F) are in- 
cluded. These data represent routine analyses in which the primary 
effort to obtain precision was aimed at sulphur. The scatter is, 
therefore, a little greater than would be desired. The sulphur con- 
tent of all samplés was low enough to be of insignificant effect and 
the curves probably represent the carbon-silicon relation at the three 
temperatures quite well. The curve for 1490 °C (2715 °F) in Fig. 4 
is closely parallelsto that for 1500°C (2730°F) in Fig. 7 and is 
lower by about 0.02% carbon. This is just about the temperature 
dependence required by Fig. 4. 
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Table iV 
lron-Silicon Alloys Melted in Graphite Under SJags at 1600 °C (2910 °F) 


Time at c—— Metal Analysis——, 
Temp., Hrs. % Carbon % Silicon 
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The recent studies of Grant, Kalling and Chipman (16) included 
samples containing up to 6% manganese. Silicon was also present 
to the extent of 1 to 2% and the data are therefore not directly 
applicable to the iron-manganese-carbon system. When allowance is 
made for the effect of silicon there is fair agreement with the 1490 °C 
(2715 °F) line of Fig. 5. 

The most recent experimental work has been a study of iron- 
carbon-silicon alloys melted in graphite crucibles under lime-silica 
slags. The apparatus and sampling methods have been adequately 
described elsewhere (14). The crucible was the modification used 
by Grant, Kalling and Chipman (16). 

The charge was calculated on the basis of 50 cubic centimeters 
of metal and 100 cubic centimeters of slag which yielded between 
250 and 300 grams of each. The metal phase consisted of Armco iron 
and refined silicon. The impurities of the latter were: 1.50% alumi- 
num and 0.14% titanium. Mixtures of two prefused, crushed and 
dried master slags were combined to give the desired compositions. 

Both metal and slag were placed in the crucible and heated to 
1600 °C (2910 °F) in a carbon monoxide atmosphere. Slag samples 
were solidified on the end of an Armco iron rod and metal samples 
were drawn up in a Vycor tube with an aspirator bulb. Slag and 
metal samples were crushed to pass a 100-mesh screen prior to 
analysis. An optical pyromettr, which had been calibrated against 
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a standard instrument of the same type and also against a platinum, 
platinum-rhodium thermocouple, was used to measure the temperature. 

Carbon and silicon analyses of 13 experimental runs are given 
in Table IV. The heats were held at temperature from 4 to 24 hours, 
primarily to obtain equilibrium between silicon in the metal and 
silica in the slag. 

A comparison of all the data at silicon concentrations up to 8% 
is shown in Fig. 7. The two solid lines at 1500 and 1600 °C (2730 
and 2910 °F) are interpolated from the work of Small and Wilson. 
The first of these is seen to be in complete agreement with Hatch’s 
data, the second with those of Fulton (Table IV). Troili’s data at 
1525°C (2770°F) and Hatch’s at 1425°C (2600°F) conform 
fairly closely to the two broken lines which are also interpolated from 
Fig. 4. Schichtel and Piwowarsky did not publish their individual 
observations but only a series of curves at several silicon levels up 
to 5%. Interpolation on their graph at 1600°C (2910°F) yields 
the points shown. The agreement with our 1600 °C (2910 °F) line 
is rather poor, most of the points falling on the average about 0.2% 
below the line, except at zero silicon where the agreement was perfect. 

In order to extend the solubility data to higher concentrations 
of silicon, three additional heats were made without slag addition. 
The metal was held at temperature in an argon atmosphere for one 
hour before sampling. The temperatures used by Small and Wilson 
were selected to facilitate comparison. The results are shown in 


Table V. 


Table V 


Additional Experiments on Fe-Si-C Alloys 
Temperature 
Run No i °F % Carbon % Silicon 
18-1 1490 2715 0.34 21.92 
18-2 1690 3075 0.47 23.64 
18-3 1290 2355 0.15 20.53 
19-1 1490 2715 0.008 44.48 
19-2 1690 3075 0.015 43.69 
19-3 1290 2355 0.049 44.99 
20-1 1490 2715 0.64 19.37 
20-2 1290 2355 0.31 19.56 
20-3 1690 3075 0.69 20.43 


A very interesting observation was made during run No. 18. 
The charge contained 30% silicon but the samples contained only 
20.5 to 22.6%. A solid crust was formed on the bath, its solubility 
being temperature-dependent as shown in Table V. These three 
samples represent the limiting silicon concentration which can remain 
in stable equilibrium with graphite. An analogous behavior was 
observed in the slag-metal equilibrium series (Table IV). Heats 14 


and 15 of this series were aimed at 26% silicon and dropped to 
about 22 to 23%. 
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Fig. 8 includes all data for concentrations of silicon above 10%. 
The extremities of the three lines of Fig. 4 and the highest experi- 
mental points of Small and Wilson are included. With the exception 
of two points which deviate by 0.1% carbon, the agreement among 
the three sets of data is excellent. The two lower curves are drawn 
parallel to the upper two whose shape is fairly well fixed by the data. 

Above the monovariant line at 21 to 23% silicon no reliable re- 
sults have been obtained. The formation of a second solid phase 
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Fig. 8—Solubility of Carbon in Iron-Silicon Alloys in the High Silicon Range. 


places a limit on the compositions which may exist in stable equi- 
librium with graphite, and the terminal line of Fig. 8 represents 
saturation with the two solid phases. The solubility of the second 
solid phase is represented schematically by a broken line based on 
the results at 45% silicon. 


SUMMARY 


The data here presented on the solubility of graphite in liquid 
iron are in substantial agreement with older data of Ruer and Biren 
in the range 1175 to 1800°C (2150 to 3270°F). Up to 1965 °C 
(3570 °F) they are fitted by the linear equation: 


% C = 1.34 + 2.54 x 10*t (°C) 
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Table VI! 
Summary of Graphite Solubility in Fe-Si and Fe-Mn Alloys 


= % Carbton——_——__—_——.., 
1300 °C 1400 °C 1500 °C 1600 °C 1700 °C 
% Silicon 2370 °F 2550 °F 2730 °F 2910 °F 3090 °F 
0 4.65 4.90 5.16 5.41 5.66 
2 3.92 4.19 4.48 4.73 4.99 
4 3.36 3.62 3.88 4:13 4.36 
6 2.83 3.07 3.32 3.56 3.81 
8 2.37 2.59 2.78 3.02 3.25 
10 1.92 2.11 2.30 2.52 2.73 
12 1.48 1.66 1,83 2.02 2.23 
14 1.05 1.21 1.36 1.54 1.71 
16 0.70 0.84 0.98 1.14 1.30 
18 0.45 0.57 0.69 0.84 0.97 
20 0.27 0.38 0.48 0.62 0.73 
% Manganese 
5 4.92 5.13 5.35 5.57 5.79 
10 5.12 5.31 5.51 5.71 5.90 
20 5.44 5.61 5.79 5.97 6.15 
30 5.69 5.85 6.02 6.20 6.39 
40 5.91 6.08 6.26 6.45 6.64 
50 6.15 6.32 6.49 6.68 6.88 
60 * 6.37 6.55 6.73 6.93 7.12 
70 6.60 6.78 6.96 7.16 7.36 


For a eutectic temperature of 1153°C (2110°F) this places the 
composition of the liquid at 4.27% carbon. At higher temperatures 
irregularly higher solubilities were observed and the data are of 
doubtful accuracy. Above 2000 °C (3630 °F) no two observers are 
in agreement. 

The solubility of graphite.in iron-manganese and iron-silicon 
alloys has been determined in the temperature range 1290 to 1690 °C 
(2355 to 3075 °F). At 21 to 23% silicon (depending on the tem- 
perature) a second solid phase appears and above this the solubility 
of graphite could not be determined. 


The data are summarized in Table VI which was interpolated 
from Figs. 4, 5 and 8. 
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DISCUSSION 


Written Discussion: By Daniel J. Girardi, metallurgist, The Timken 
Roller Bearing Company, Canton, Ohio. 

This paper is a welcome addition to the literature on the solubility 
of carbon in liquid iron and in liquid iron-silicon and iron-manganese 
alloys. Painstaking, basic experimental work of this type is constantly 
placing more science in the art of molten iron. 

A footnote in Table II indicates that a couple of runs in the iron- 
silicon series were discarded due to heavy precipitation of graphite. This 
raises the question as to whether graphite precipitation was a serious 
experimental problem in the -iron-silicon alloys. 

When extrapolated to zero silicon contents, the carbon solubility data 
for the iron-silicon alloys showed good agreement with the binary system. 
However, in the case of the iron-manganese alloys shown in Fig. 5, the 
1290 °C (2355 °F) curve required a fair amount of adjustment in the lower 
manganese range in order to bring about agreement with the binary data. 

Aside from the results in the iron-carbon system above 2000°C (3630 
°F), the high degree of over-all consistency of the data in this paper 
should be very encouraging to individuals carrying out experimental work 
in liquid iron who are faced, at times, with results that resemble bird-shot. 


: 
i 
i 
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Written Discussion: By J. E. Rehder, foundry engineer, Mines 
Branch, Department of Mines and Technical Surveys, Ottawa, Ontario, 
Canada. 

Accurate work on iron-carbon-silicon alloys is not abundant in the 
literature, and this paper provides a welcome addition in this category. 
From the viewpoint of workers in the field of cast iron metallurgy, where 
silicon contents of less than 3.5 to 4.0% are of maximum interest, it is 
disappointing that more experimental determinations were not made in 
this region, but it is realized that it is frequently impractical to cover a 
wide range of compositions and also a detailed study of a restricted field 
in the same paper. 

The data on solubility of carbon in iron, as affected by temperature, 
are satisfying and can apparently be accepted with some confidence. These 
include the noted eutectic temperature of 1155 °C (2110°F) and eutectic 
carbon content of 4.27%. 

From the iron foundry point of view, the data on the effect of man- 
ganese content on carbon solubility are interesting in a negative way, in 
that the effect of manganese (in the ranges normally used in cast irons) 
on carbon solubility is negligible or within the normal limits of accuracy 
of carbon determinations. 

In the study of the effect of silicon content on carbon solubility, the 
well-known anomaly in the region of 6 to 8% silicon has been ignored, 
and the data given are not spaced closely enough to show whether there 
should actually be a slightly curved line as drawn in the paper in Fig. 4, 
or two straight lines intersecting in the region of 6 to 8% silicon. It is 
interesting to note that, if straight lines are drawn through the first two 
points on each of the temperature lines, the slopes are closely similar and 
have a value very close to 0.30, i.e., each increase of silicon content by 
1.0% decreases the solubility of carbon in the alloy by 0.30%. This factor 
has been used in practice for many years. A further point is that the 
temperature coefficient is unchanged. 

Therefore, for iron-carbon-silicon alloys of less than 4% silicon con- 
tent, which is the region of great practical importance to the iron founding 


industry, the solubility of carbon apparently can be represented by the 
formulas . 


% C = 1.34 + 2.54 x 10° (t °C) —0.3 x S Si 
or % C= 1.34 +4 1.40 x 10° (t °F) —0.3 x % Si 


Written Discussion: By R. V. Riley, research manager, The Staveley 
[ron and Chemical Co., Ltd., Derbyshire, England. 

I have read with considerable interest the paper under the authorship 
of John Chipman et al. 

I have been particularly interested in the experimental work reported 
by R. M. Alfred and L. W. Gott on the solubility of graphite in liquid iron. 
The agreement between their results for carbon solubility and those of 
Ruer and Birens, up to a temperature of 1700°C (3090°F), is good. Dr. 
Chipman’ has shown previously, by calculation, that the figures quoted by 
Ruer and Birens wére’ probably correct up to at least 2300°C (4170 °F) 


. *John Chipman, “Application of Thermodynamics to the Deoxidation of Liquid Steel’’, 
RANSACTIONS, American Society for Metals, Vol. 22, 1934, p. 385. 
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and my own experimental work* has confirmed some of the points on this 
solubility curve. 

The present authors, however, depart from the Ruer and Birens’ curve 
in the direction of a slightly greater carbon solubility over the range 1700 
to 2000°C (3090 to 3630°F), and possibly to a much greater carbon 
solubility over the range 2000 to 2600 °C (3630 to 4710 °F). 

Can the authors prove that their values are more reliable than those 
quoted previously? It is stated that decarburization took place when 
molten iron was quenched in water from a high temperature; this is 
probably correct, but some of the carbon figures which I found to agree 
with Ruer and Birens’ curve were from experimental melts cooled in 
vacuo. Might I suggest that the experimental conditions adopted by the 
authors would tend toward carbon solubility figures which might be too 
high. The viscous melts at 1800°C (3270°F) and upward are pasty be- 
cause of the presence of particles of carbon in suspension. Therefore, on 
rapid cooling and subsequent chemical analysis of the crushed ingot, the 
total carbon would include not only graphite dissolved in the iron but 
particles floating in the melt circulating in the ingot due to the high fre- 
quency eddy current convection system. 

In view of the present results, it would be interesting to know 
whether Dr. Chipman abandons his earlier view that when carbon dis- 
solves in molten iron it does so as FesC or some other carbide phase. 


Authors’ Reply 


Heavy graphitization was a serious problem only in the few samples 
where this is indicated. Of course, many samples in certain composition 
ranges were graphitic despite drastic quenching. Nevertheless, analyses 
for total carbon represent the true solubility. 

The data above 2000 °C (3630°F) are not believed to be at all accu- 
rate. They are presented only as evidence of the great difficulty encoun- 
tered in this temperature range. It is noted that the three sets of data 
which have been published for this range are in complete disagreement 
with one another. This constitutes a challenge to those who would like to 
extend our knowledge of the iron-carbon system to higher temperatures. 

Insofar as carbon solubility data are concerned, there is no anomaly 
whatever in the region of 6 to 8% silicon. Any peculiarities characteristic 
of this range should more properly be attributed to solid-phase phenomena. 

The implication that FesC exists as discrete molecules in the liquid 
phase receives no support from the data here presented. 


8R. V. Riley, “Factors Affecting the Solubility of Carbon in Iron”, Paper No. 997, 
presented to the 48th Annual Meeting of the Institute of British Foundrymen, June 1951. 
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sigma phase formation. ..549-559 


Chromium-vanadium system 
phase boundaries 


Clad molybdenum 
for elevated temperature service 
characteristics of bare molyb- 
denum cladding metals 
investigated ........178,187 
elevated temperature properties 
creep properties ...... 

‘ins avant 180, 191-192, 194 
diffusion characteristics 
193-195 

oxidation resistance ... 
180, 191-195 
estimate of service life.195-197 
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Clad molybdenum (cont.) 


for elevated temperature service 
limitations to use 177 
method of cladding ....178-179 
effect of rolling temper- 
ature 
joining and edge pro- 
tection 
molybdenum-nickel phase 
diagram 
nickel for best cladding .. 197 
possible methods of pro- 
tecting molybdenum .176-177 
room temperature properties 
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bend ductility ......... 
pidatitch «i 179, 183, 185-187 
bond strength ..179, 187-188 
tensile properties ..... 
vaiskie odin a indiedanen 179, 184-188 
thermal shock resistance 
ads Paseesy ies 179-180, 188 
stress-strain relationships 
sia Sh dpi n'y Sis Wn eal 182-184 © 
structure of clad molyb- 
WEE -ciua> «eavkena 181-182 


thickness of cladding ..188-189 
loss at elevated temper- 


atures «niiseais. casi 195-196 
types of molybdenum in- 
vestigated ....177, 184-185 
mechanical properties 184-185 
most promising types.. 198 
welding studies ......... 180 
Cobalt-chromium 
equilibrium diagram ....... 437 
Cobalt-iron-vanadium 
phase diagram .......... 467-469 
Cobalt-iron-vanadium alloys 
age hardening .......... 469-472 
dependence on composi- 
Ws bitin ck eos vers 469 
effect of aging tempera- _ 
Cee suaksn si vennene 470-472 


effect of aging time. ...470-472 
COUMTLUNEEEE oss ca web ee owes 462 

thermal analysis ..462-465, 469 

X-ray diffraction analysis 


ch ep owe eee oe 465-467, 469 
magnetic properties ..... 472-477 

effect of composition on. 
iPad is o xa pwaiiets een 473-476 


effect of aging tempera- . 
CONE 5 kaa os hae ca wou 473-475 
effect of aging time... .473-475 
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Cobalt-iron-vanadium alloys (cont.) 


SEFURURTS. i xio vives bene 477-480 
effect of aging tempera- 
ture and time....... 477-480 
transformation temperatures 464 
hysteresis of a-Y trans- 
fommentsem {iwi . ccwes 464-465 


Coefficient of expansion 
of titanium-vanadium alloys 
998-1001 
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Cold work 
brass, 70-30 
effect on Mever hardness 
relation 
effect on tensile behavior 
936-941 
effect on tensilé strength 
936-938 
influence on fatigue strength 
942-944 
theoretical relations to fa- 
tigue 


Concentration-penetration data 
chromium in alpha cobalt- 


CN i iti ita a ae 441-442 


Constitution diagrams 
See Phase diagrams. 


Copper 
creep curve at 300°C ....658-659 
cutting data for single-point 
metal cutting process .718-719 
comparison of effective 
stress and strain for cut- 
ting operation and ten- 
Oe 2008  koscsnweaaus 718-719 
flow stress tendency .649-650, 658 
effect of various heat 
treatments 
strain aging..... 647-652, 658-659 
stress and strain character- 
istics at fracture ...... 714-717 
stress-strain curves 
interrupted by various heat 
treatments at no load .647-651 
yield point tendency .649-650, 658 
effect of various heat treat- 


ee ee ae 649-650 
Corrosion resistance 
of tin-plate steels ..... 1076-1077 
Creep 


copper tested at 300 °C...658-659 


Creep (cont.) 
stress — secondary creep rate 
relationship to tensile 
strength — tensile strain 


SU 1iaidd oe tek «5 nau 918-920 
typical curve ........... 903, 909 
stages of creep ....... 903, 909 
Creep data 
correlation with tension test 
E+ hdc cals Stes. 922-924 


aluminum-copper alloys .923-924 
aluminum-magnesium alloys 


OE Kase naka es aie os oat 922 
aluminum-zinc alloys .. 923 
seaieee factor o... 0 eee k: 924 


Creep properties 
of Al-6% Mg base alloys .339-345 
binary ferrites 
effect of alloying elements 
898-900 
Cr (21%) — Ni (9%), HF-type 
alloys 
effect of recovery 
aluminum-copper alloys .925-926 
aluminum-magnesium alloys 


925-926 
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lead 
effect of recrystallization 
oeEKE ons ¥aencecies 897-898 
of 16-25-6 alloy. See also Chro- 
mium-nickel-molybdenum 


steel. 
effect of time of test...89-112 
Creep rates, secondary ...... 


siecientees 903, 909-912, 918-920 
as a function of stress. ..903, 909 

aluminum-copper alloys .909-911 

aluminum-germanium alloys 
909-910, 912 
aluminum-magnesium alloys 
909-910 


aluminum-silver alloys 
909-910, 912 
aluminum-zine alloys ..909-911 


Creep resistance 
alpha solid solutions of alu- 


WOE A cede seca ce o's 896-927 
Creep strain 
as a function of time..... 903-908 
SE ee 903 
aluminum-copper alloys 905 
aluminum-germanium alloys 
a Es 9 tities 907 






Creep strain (cont.) 
as a function of time 
aluminum-magnesium alloys 


is oie aathin h wiki wees ae 904 
aluminum-silver alloys 908 
aluminum-zince alloys . 906 

Critical points 
SAE 2340 
effect of variation in cool- 
ee 793-795 


SAE 5140 steel 
effect of variation in cool- 
er: TOGGS OF 4... 4s 793-794 
Crystal structure 
Of “Bee be sk veils eer eWee 508-512 


Deformation 
effect on grain growth in high 
purity iron. See Grain growth. 


Delay time for yielding 


GEM 856 > c ctiecs 3. o> tA ee 726 
Delayed yield phenomenon 

in annealed steels ....... 726-741 
procedure for determining 

et ae kee ne 727-732 

rapid-load tension tests 732 

static tension tests ..731-732 

test specimen ......... 727-728 

treateMmentes, dead. dsei 727-730 

rapid-load tests ......... 737-739 


delay time versus stress at 
—75° F and 75 °F..737-738 


annealed material ..... 737 
wet-hydrogen-treated 
CERN a 737 


wet-hydrogen-treated and 
recarburized material 
wet-hydrogen-treated and 


738 


renitrided material .. 738 
static tension tests ....... 
hint ahy dala 733-736, 739-741 


static stress versus strain 
at —75°F and 75°F 
733-736, 739-741 


annealed specimens 733 
effect of carbon content 
4 we OU aale 6 ae ane’ 740-741 
effect of nitrogen con- 
SO ns then ees 68 740-741 
empirical constants .739-740 
wet-hydrogen-treated 
SRPMINUES . o0ikca' icc 734 





wet-hydrogen-treated and 
recarburized specimens 735 
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Delayed yield phenomenon (cont.) 


static tension tests 
stress vs. strain 
wet-hydrogen-treated and 


renitrided specimens. 736 
Density 
Cr (21%) - Ni (9%), HF-type 
Oi tinted dvnntilcwe 72 
hase is. Bie ieei se. 950, 952 
steel, Type 430 ........... 762 
SUNN shan die «dtr e Oa 950, 952 
Diffraction data 
FO” rte deo co onda bes eee 
Diffusion 
anisothermal 
carbon in austenite ....452-460 
comparison of calculated 
and experimental de- 
terminations ...... 456-460 


mathematicalanalysis 453-457 
interstitial. See Interstitial 
diffusion. 


Diffusion coefficient 
chromium in alpha cobalt- 
CPOE 6k nccasats 442-447 
comparison of values cal- 
culated by Grube and 
Matano methods ....443-444 
relationship to concentra- 


Sis aca het cocuueee 443-444 
relationship to reciprocal 

of temperature ..... 444-447 

copper in gold ............ 446 


Diffusion constant 


for grain growth of nickel.. 1197 
Diffusivity 
chromium in alpha cobalt- 
chromium .......... 436-448 
concentration-penetration 
CUNT ioc an¥eeitveve 441-442 
Dilatometer 


for high temperatures .1200-1213 
accuracy of apparatus ....1206 
COTE ogo fotki 1205-1206 

clip gage calibrating de- 
vice 
design requirements ..... 
dilation measurement . 1202 
electrical circuit, diagram 1204 


general view ........ 1202-1203 
temperature measurement , 

bch + gOS «wd 1203-1205 
test specimen ....... 1201-1203 
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Dilatometer (cont.) 
use in determining gamma loops 
in iron-chromium system 


Vi.dies Gaia ebaabers 1035-1037 
in iron-titanium system.. 

Sicevepgliius « seine maine 1082-1035 
in iron-titanium-chromium 

SYRGOUR: nc cks ct nnaas 1037-1039 


use in determining titanium- 
vanadium system.992, 998-1001 


Dislocation theory 


applied to fracture ........ 31 
Ductile cast iron 

Que dds’. «occ ctanaae 301-303 

hardenability ........... 299-302 


mechanical properties 
compared with those for 
normal cast iron . - 298-299 
effect of grain size on. .292-294 
effect of graphite nodule 


Se OUR. \-acue damien 294 
graphite size vs. section 
SR ni 6d a.b oe haus oe he 292 


effect of matrix structure on 
austenitic with chromium 288 
austenitic without chro- 


mium ....287-288, 295-296 
bainitic and martensitic 
stkeekead 290-291, 296-298 
We. ee oes og 289-290, 296 
GGESUEEC sc naasses 290, 296-298 
effect of section thickness 
Gaba es ceuayes com 287-291 


effect of tempering tem- 
perature on ......... 297-298 
effect of type of melting 
Ew. blace 0 te 2 286, 288-289 


graphite shape effects.... 295 
as controlled by section 

GE kn cue nnncee une 295 

SE FD oc 4 00a Ghee 299-301 


massive carbide effects .294-295 
reproducibility in commer- 


cial production ...... 303-305 
similarity to those for 
MEE» o 00 KaGiés sean 290-298 
microstructures ......... 292-293 
compared with normal cast 
echt aa» a See 283-284 


range of cooling rates ... 
285-286, 289 
obs sabe vesen 284-285 


Ductility 
at elevated temperatures 


of Cr (21%) -Ni (9%) 


Nat th oe uiathnese ¥ eave « 70-71 
effect of flowline direction- 
Se, QRS ols PUTRI 33-34 


Dushman-Langmuir equation 447 
Elastic limit 
effect of retained austenite 
6 6 006 vad Ok Mees Ot 253-254 
of plain carbon steels ..1151-1156 
Election of officers .......... 21 


Electrical resistivity 
apparatus for measuring .957-959 
me FSS 00 See co a6 bis 957-961 
method for studying phase 
transformations in metals 1158 
of titanium-vanadium alloys 
996-998 
iawainte oo 5-2 956-961 
Electron microscope study 
of 16-25-6 alloy 
to explain change in room 
temperature properties 
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Pie es Uawied< aetne 101-106 

to explain creep resistance 
otis Debs s Wwe eb teow 101-106 

of temper-brittle steels. See 


Temper brittleness of steel. 


Electron photomicrograph 
chromium-nickel steel 


NS es nota ss 0s 640 
Electrolytic etching 
sigma phase steels ...... 566-596 
procedure for investigating 
eGR Eee sek hese 567-569 
stainless steel .......... 566-596 
etching films .......... 569-574 
RON OG cece ncn sees 569-573 
eee OE Sei cc eli se 573-574 


hydroxide solutions ...575-585 
ammonium hydroxide 
575-577, 583 
578-579, 583 
mechanism of etching.. 
584-585 


barium hydroxide 


potassium hydroxide 
Cas nuke 00h.s% 578, 580-583 
microstructure . 571-572, 574 
nonhydroxide electrolytes 
585-589 
. ..586-588 


cadmium acetate 


Electrolytic etching (cont.) 
stainless steel 
nonhydroxide electrolytes 


lead acetate ....582, 585-587 

potassium ferricyanide 
PE tte ean im ack 585-586 

potassium thiocyanate 

586, 589 
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Elevated temperature alloys 
Al-6% Mg base ........ 336-347 
See also under Aluminum al- 
loys. ; 
carbide reactions in ..... 113-137 
See also Carbide reactions. 


86.00 ‘ehlow eos. OS... 130 
Tea a WAG Seiwa. 130-131 
modified Vitallium alloys 

er PE 2 > oa 127-130 
aR Ne bess ohR so paces 131 
SR ee. os acces ces 131-133 

clad molybdenum. See Clad 

molybdenum. 


Cr (21%) -Ni (9%) alloy. See 
Chromium-nickel cast alloys. 
16% Cr-25% Ni-6% Mo alloy 
creep and rupture strength 
effect of extended time 
Oi evs 0 aaa geet e 89-112 
See also under Chromium- 
nickel-molybdenum steel. 


Elevated temperature properties 
of Cr (21%)-Ni (9%) cast 


SOU, Ars. 0a de oe es 63-68 
of Cr (26%) - Ni (12%) cast 
SN: be stimu bus 4 ake 4 65-66 


Elevated temp. tensile properties 
at high heating rates ....689-704 
aluminum alloy 14S-T6 
synthetic stress-strain curves 
at various tempera- 
tures 703 
heat rate determination .694-696 
rupture temperature de- 
termination ........ 694, 696 
stress-temperature relation 
at 0.2% offset and rup- 


CS hi wat whe ced 697-703 
aluminum alloys 

DOA. Naa cade ee 700, 702 

Be BA a SOKA 701, 702 

Pee kbs 6.4% 702 
annealed AISI C1020 steel 

CSCR4e SAEs ewe 697, 701 
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Elevated temp. tensile prop. (cont.) 
at high heating rates 

stress-temperature relation 
cold drawn AISI C1020 

etegh ia esis 698, 701-702 

hardened AISI 4130 .699, 702 

normalized AISI 4130 .698, 702 

temperature-elongation 


COTE «aid 0's Sake 6nd 695 
testing apparatus ....... 690 
test procedure ........ 690-696 


accuracy of method ... 
696-697, 699-700° 


time-elongation curve ... 694 

time-temperature curve 694 
Embrittlement 

of pure iron during hydrogen an- 
nealing 


cause of brittleness. .1102-1105 
influence of moisture . 
+ makes Hae aalek 1102-1105 
grain size effects ....1097-1098 
hammer-bend test for de- 


termining ...... 1098-1099 
appearance of fractured 
ee ete 1100 


effect of oxygen ..1101-1102 
effect of temperature 
hehe ees ab aa 1100-1101 
effect of time ..... 1101-1102 
results of tests ...1099-1102 
impact evidence for. .1097-1098 


Enameling of gray cast iron 
causes of gassing 
changes occurring during 
ground coat firing .315-317 
deleterious effect of heavy 
ground coat ..314, 316-317 
need for adequate firing 316 
dry process employed. .311-313 
effect of atmosphere ..319-322 
atmosphere controlling 
PbanCe: ic. KA 319-320 
gassing effect of carbon .317-319 
gassing effect of iron oxide 
319-321, 325-327 
hydrogen from pickling and 
electrolytic treatments 
SiwGunah en gbiduiet.% 327-329 
hydrogen gassing ..... 322-324 
procedure variables affecting 
effect of firing tempera- 
OO. ike dkukies ideo 
enameling cycles 


314 
...-313-314 
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Enameling of gray cast iron (cont.) 
causes of gassing 
procedure variables affecting 


exnmeees *. cee ei 314-315 
time gassing occurs 314 
tests on chilled iron 
visual observation furnace 
«s bbs oe CNS LEBIES 815-316 


End-quench test 
comparison of cooling 1-inch 
1045 steel round and several 
Jominy bar positions ..828-829 
correlation curves for bar 
WE cha < Spe wav 841-842 
correlation curves for iden- 
tical cooling times in 
Jominy bar and round 
Oe. s cinwect 811-813, 816-819 
effect of coolant velocities 
811-813, 816 
effect of segregation 819 
errors produced in predicting 
as-quenched hardness .816-818 
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End-quenched test 
correlation of results with hard- 
ness and cooling charac- 
teristics of rounds ...803-834 
fixtures for quenching rounds 
at various velocities 805-807 
procedure 
correlation positions for steels 
_ 9445 and 1045 
effect of alloy content. .826-829 
effect of coolant velocity 


Ge aris isis ow Bite ake 828-829 
effect of surface condition 
Fille thé 69 bie swe ba 826-829 
effect of alloy content on 
cooling curves ........ 827, 829 
effect of alloy content on 
cooling rate ......s.e6. 827, 829 


effect of surface condition on 
cooling curves of 2-inch 


eee: Duin vss se bee 824-828 
Se SOO ic sae ces 825-827 
NGS. oo caeacamunl 824-826 
effect of coolant velocities 

Ba Ud Hi eis ia VkSROAE 825-828 


effect of terminal temperature on 
limits of errors in predictin 

hardness -810 
“H” values computed by La- 
mont’s method ......... 

831-832, 836-837 


End-quenched test (cont.) 
“H” values computed 
comparison of error in hard- 
ness prediction with that 
of correlation curves ... 
832, 836-837 
hardness comparison of scaled 
vs. nonscaled rounds. . .823-824 
steel 1045 
time to cool from 1350 °F 
to various terminal tem- 
peratures 
steel 9435 
' comparison cooling of 3- 
inch round and equiva- 
lent J-distance ...... 830-831 
cooling curves for 2-inch 
ES ere 822-823 
steel NE 9445 
time to cool from 1350 °F 
to various terminal tem- 
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EE colina scat esd e'eoce.e 6 809 
steel 9447 
average cooling time 
SEL, Sonia ini tah wx metas 821-823 


steel 9450 
effect of longitudinal seg- 
regation 
comparison of cooling curves 
of a 2-inch round and 
equivalent Jominy bar 
SN 4. 50a 's's co x 822-823 
theoretical cooling curves .821-822 
time-temperature relation- 


Cues. cies ned 837-838 
effect of specimen length 
leis Meals 25s bobo es 837-838 


Energy absorption 
in tension 
effect of retained austenite 
Be ened cnme duane 0 be e 251-253 


Equilibrium diagrams 


titanium-nitrogen system .. 1006 

titanium-oxygen system ... 1005 

titanium-silicon system .525, 533 

titanium-vanadium system. 994 

Fatigue 

SAE 4140 steel ............ 799 

surface-hardened notched 
specimens .......... 667 -683 


assumed distribution of 
stress and strength . .687-688 
effect of case depth ...679-681 





Fatigue (cont.) 
surface-hard. notched specimens 
effect of heating 


mtttiede2. saws ies 680-681 
effect of surface 
hardening .......... 677-680 
examination for distortion 673 
hardened by gas heating 
webbed Bile’ 671-6738, 675-677 
hardness values for 
SHOCIMIONS Sigs donot 676 


photomacrographs showing 
. hardness pattern .... 675 
scatter in hardness 
TOs. s2atk,7- e: 676-677 
setup for hardening . 671 
superheat burners for .. 672 
hardened by induction 
heating ....670-674, 676-677 
hardness values for 
specimens 676 
photomacrographs showing 
hardness pattern . 674 
scatter in hardness 
results 
setup for induction 
hardening .......... 
hardness determinations 
y+ suka a Cone hs 673-674, 676 
illustrative failures ...... 679 
photomicrographs of typical 
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SISUETIED N05 66s s esd en 678 
wpecten* 6.5 cabxe ae 668-669 
cracks in ....675-676, 685-687 
testing machine ....... 672-673 
theoretical relations to cold 
OE Dp i: skp FSi oe dc 942 


Fatigue machine 
Krouse cantilever beam. .886, 889 


calibration curve ........ 889 
IR Oi, ks sw o's 886 
Fatigue properties 
binary alpha solid solutions 
of aluminum ........ 882-895 
copper equivalent ..... 893-894 


correlation with maximum 
strain for various number 
of cycles to failure .893-894 

strain hardening equiva- 
lency of various solute 







elements based on... 893 
correlation with tensile 
eregmiiee 3.3655... 894-895 
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Fatigue properties (cont.) 
binary alpha solid solutions 
effect of alloying elements 
on maximum strain to 
induce failure at various 


CHGS iivicie Hed GAEES 890-892 
effect of copper ......... 890 
effect of germanium ..... 891 
effect of magnesium ..... 890 
effect of silver .......... 892 
offset: 08 SWIC Hi hei i cee 891 

correlation with plastic 
properties ....882-885, 893-894 
correlation with tensile 
WOOUINETE 5 0 dc cunns 883, 892-895 
Fatigue strength 
of binary ferrites ........ 884-885 
comparison with tensile 
SORMNNTEN 25s: 6053 ts 283 884-885 


brass, 70-30 
influence of cold work on 
bi Pubes sCRdee Vablde dd « 942-944 
influence of grain size on 
ov bdRe be Cutie’ calle 942-944 


Ferrite formation associated with 
carbide precipitation 


chromium-nickel steels ..621-631 
literature review ...... 621-623 
microstructures ....... 624-626 


after reheating at 1800°F 626 
as-received from service 

CRMOGMTO 56 hie SSS 624-662 

mode of formation ....629-631 


Flow stress 
copper, annealed 
true stress-strain curves 714-715 


correction factors ......... 
‘eee a's 706-708, 711-713, 716 
ORR os a ete haan 706, 711 


comparison of observed with 
those from Bridgman’s 
empirical curve ..712-713, 716 

Siebel-Davidenkov’s 


sie sene Scaaio anak taal 706-707, 711 
determination from a tensile 

SPOCHOR 8.01050 S 705-718 

pragsagume ss cc ices te cr 707 


effect of test temperature 913-917 
aluminum-copper alloys 914-916 
aluminum-germanium alloys 
aluminum-magnesium alloys 

pebieweS ewes dvUTE Ue eee 914, 916 


917 











Flow stress (cont.) 
effect of test temperature 


aluminum-silver alloys 917 
aluminum-zinc alloys .... 917 
relationship between uniform 
flow stress and true 
Stree Si SUS Sk A 706-708 
correction factor ...... 706, 708 
OGUREIGNE EH 625 SSK 706-707 


steel, SAE 4140 
true stress-strain curves. 709-713 
stress distribution in the neck 


of a tensile specimen . .706, 708 
Fracture behavior of metals 

bend test study of ......... 47-52 

brittle vs. ductile .......... 82 


influence of structure 39-44, 53 
influence of temperature 


and strain rate ........ 50-51 
ductility vs. flowline 
directionality ........... 33-34 
effect of strain rate ..35-36, 50-51 
effect of temperature ...... 50-51 
flow and fracture stress 
related to strain ......... 32 
fracture appearance vs. 
OUNNE * 5. iihg CGR bic oo 0a 41-48 
fracture of molybdenum ...47-52 
initiated by carbides ..... 51-52 
internal ruptures ........ 51-52 
fracture of pearlitic steels ..38-41 


initiated in carbide lamellae 


fracture initiated by aluminum 
GS. oka ck bs ick. seen 45-48 


fracture initiated by ferrite 43-44 
fracture initiated by sulphide 

inclusions 
fracture strength 
grain boundary effects 

influence of orientation 

Sao e nei e ak orn 36-37, 48-51 

influence of temperature .34-36 

relationship to softening 


temperature ......... 34-36, 42 

six possible fracture paths.. 41 
Fracture characteristics 

a ict tata 714-717 

i ed 714-717 


~ 


Gamma loop 
in iron-chromium system 
Acs transformations. .1035-1037 
dilation study 
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Gamma loop (cont.) 








in iron-chromium system 
gamma loop curve 

in iron-titanium system 
Acs transformations. .1034-1035 
dilation study ....... 1032-1033 
gamma loop curve 1035 

in iron-titanium-chromium system 
Acs transformations. .1037-1039 
dilation study 1037 


Gas evolution 
during enameling of gray iron. See 
Enameling of gray cast iron. 


Gas heating 
surface-hardened fatigue 
specimens ....671-673, 675-677 


Grain boundaries of metals 
fracture behavior vs. 


temperature ............34-36 
influence of orientation on 
properties ........ 36-37, 48-51 


Grain growth 
in high purity iron 
effect of time, temperature 
and deformation on . 
eR pe Pre 1132-1137, 1142 
equation for ........ 1142-1143 
function of average grain 


is een ch hake’ 1142-11438 
hardness vs. per cent 
DE Pak < ois baanen 1131 


hardness vs. time and temper- 
ature .1132-1133, 1135-1137 
a function of decarburi- 
Sarre 1134-1137, 1142 
limiting grain size 1133 
methods of measuring grain 


eer. Fa UIREL, 1130-1132 
microstructures ......... 
es Se ewee 1130-1131, 1138-1141 
in nickel. See Nickel. 


Grain size 
brass, 70-30 
effect on hardness ..... 934-935 
effect on Meyer hardness 


SURO iss ti oss d%. 932-933 
effect on tensile behavior 

pies Wet Pi aid Hi wal 936-941 
effect on tensile strength 

Pee. MM eT. 936-938 
influence on fatigue strength 

Sn Vee etic ee es Haws vubee 942-944 
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Grain size (cont.) 
brass, 70-30 
influence on intercept yield 


CR aid a + « wed smm-csnun 940-941 
influence on work hardening 
ERE. ns 0:90 Gide ene 940 
in high purity iron. See Grain 
growth. 
Graphite 


solubility in molten iron 1217-1229 
at various temperatures 
sos welke-« £6 4> ok eee 1223-1224 
effect of manganese on 
it waaeee 1222-1224, 1226, 1229 
effect of silicon on 
co ieenes ; 1220-1222, 1225-1229 
Gray iron 
gas evolution during enameling. 
See Enameling of gray cast iron. 


Grube interface ............. 441 
Hafnium 
GUE ohn ine heie eae . 950, 952 
electrical resistivity ..... 957-961 
melting pOtst... ...<d6sivind 953 


modulus of elasticity 950, 952-953 
specie. Beet aa 6 eens £0s'3 954-955 
thermoelectric properties 954-957 
Hammer-bend test 
for determining embrittlement 
of pure iron during hydro- 


gen annealing ....... 1098-1102 
Hardenability 
effect of specimen size ...776-779 
SAE BRR iii ss. oi TIT-T79 
SAE SHH ii shk oe cas’ 777-779 
SAR MG  . .Jiiesasdicw 777-779 
end-quench curves 
a. ne er 817-818 
co  . a  e 817-818 


end-quench test 
comparison of scaled vs. non- 


scaled rounds ....... 823-824 
eas 2s. oS 775-785 
SAE 2340 


cooling curves super- 
imposed on TTT-curve 
eee es << akan 778, 781-782 
SAE 5140 
cooling curves super- 
imposed on TTT-curve 
- 778-779, 781-782 
standard and subsize speci- 
mens 


éanes 776-779, 797-798 


Hardenability (cont.) 
end-quench test 
standard and subsize specimens 


SAM IOS eh. is 777-778 
BAS BOG a Siue. LR. 

.. 776-778, T9T7-798, 801-802 
SAB BID... COS 


..776-778, 797-798, 801-802 
steel 9450 
end-quench curves 808, 819-821 
effect of longitudinal 


segregation ....... 819-821 
effect of transverse 
segregation ....... 808, 819 
Hardening 


of 12% Cr steel. See under 
Chromium stainless steel. 
Hardness 
annealed chromium steels 557-558 
effect of subsequent heat 
COMETS NE © Eo eee 557-558 
brass, 70-30 
effect of grain size on. .934-935 
of high purity iron 1131-1137, 1142 
indium-antimony alloys 545 
microhardness of carbides in 
high speed steels. See 
High speed steel. 
of nickel, during recrystallization 


dete 4a ks pn 6.0 ae 1188-1190 
Rockwell C —- Vickers conversion 

COREE a cticnnntoecihe> dee 350 
of titanium-chromium alloys 

omnis semaine 506-508, 987-988 


of titanium-iron alloys ...987-988 
of titanium-silicon alloys 534-535 
of titanium-vanadium alloys 
> 0 Ahad ane nee 996-997, 999-1000 
vs. temper brittleness 1065 
Heat of activation ......... 855-856 
| er eee ee 
for grain growth of nickel 
oinn setnk-s id tes 6 ee 1194-1197 
for recrystallization of nickel 
din « Be 66s wien able +e 1191-1193 
Heat-resistant castings ...... 57-88 
See also Chromium-nickel cast 
alloys. 
Heterogeneity of metals 
effect on fracture behavior. .33-50 
six possible fracture paths 41 
HF-type heat-resistant castings 


See Chromium-nickel cast alloys. 
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High speed sieel 
microhardness of the major 
carbides 
carbides in high vanadium 
types 
hardness of carbides .351-356 
hardness of matrix .... 355 
hardness of tungsten 
cathide . osissciis 351, 355 
photomicrographs ..... 
dieatadin secateie 352-354, 359-360 
relative quantities and 
distribution ....... 356-360 
carbides in tungsten and 
tungsten-molybdenum 


Crees vn. odie ck ded 356-360 
hardness of carbides.359-360 
photomicrographs ...357-358 
relative quantities and 

distribution ....... 356-360 

differentiation of carbides 
ppd ake +0 bi dies ae 350-351 
Eberbach microhardness tester 

MOGE i b. cuxiivc kod Oa 350 
Rockwell C-— Vickers con- 

version chart ....... 350 


grindability of tungsten and 
tungsten-molybdenum 


SPS. 8. cab nedewss seve 362 
grindability of high vanadium 
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steéis tested... on ..< sue 349 


High temperature alloys 
See also Elevated temperature 


alloys. 
linear expansion ...... 1206-1209 
thermal expansion coefficients 

i vinthhs (sch cmahee 1208-1210 


High temperature oxidation 
accelerated. See Accelerated 
oxidation. 


High temperature tests 


Bs bcs dH aaa oe 652-657 
rate sensitivity ........ 656-657 
WINS nk nck coememes 657 
Io ctetn es iGtin ae 656 
stress-strain curve ...... 656 


stress vs. aging time for 
three testing rates ..... 657 


Hot hardness 
Cr (21%) — Ni (9%), HF-type 
alloys 


Hurlbut counter 
for measurement of phases in 
high temperature alloys 124-127 


Hydrogen 
gassing effect in enameling 
gray iron ..... 322-324, 327-329 


Hydrogen annealing 
embrittling effect on pure iron. 
See Embrittlement. 


Hydrogen purification train .. 728 


Impact energy 
as a function of quenching 


PONE. Peles cc ote 782-784 
MS. a oes oe ke 783-784 
EU. sso 'cSé5 c caee 783-784 

as a function of tempered 

NSS 8. ie 782-784 
BAe S000 5 783-784 
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effect of slack quenching.782-784 
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0 Se eee 783-784 
Impact, notch 
SAE 2340 steel .......... 782-784 
SAE 5140 steel .......... 782-784 
Impact tests 
use in evaluating temper 
brittleness .......... 1060-1066 


Impact values 
Charpy V-notch 
for ferritic steels ...... 227-234 
for notched SAE 2340 steel 
effect of decomposition of 
retained austenite on. 
See Austenite. 


Inclusions 
in Type 347 steel ........ 877-881 
ee oo nae alg 880 
diffraction angles ....... 879 
diffraction patterns ....879-880 
photomicrographs of .... 878 
Inconel 
as cladding material for 
molybdenum 
for elevated temperature 
ES 5 din a:0 gaia 176-203 
Indium-antimony 
phase boundaries ....... 539-545 
procedure for determining 
paiebes scornidigesite tard nad 539-540 
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Indium-antimony alloys 
hardness 
microstructures 


Indium-antimony system 


Nee 5. winced Ge 4s vo 539, 541-544 
lattice parameter. .539, 541, 542 
microstructure ........ 543-544 

Indium-sodium system ....546-547 


Induction heating 
surface-hardened fatigue 
specimens ....671-674, 676-677 
Interstitial diffusion 
of carbon in austenite 
activity diffusion coefficient 
fugacity relationship .385-386 
independent of concentration 
Simian 386, 392-396, 399-400 
relation to free energy of 
activation ..iesiisiws 399-400 
values for ...... 390-392, 394 
carbon activity 
as a function of concentra- 
Ce. 0k oo 6 ace eee oie 388-392 
as function of time and 
GREED nici een és 386-387 
diffusion constants governing 
si tabaies ook ® eee < 397 
place change coefficient 
ete ees tae 399, 401-403 
diffusion equations 
activity equation ....385-386 
carbon atom movements 
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Fink Tews <.24i. ey 383-385 
place change coefficient 
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step-by-step method of 
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jump process ........... 398 
energy of activation of 

oie 5 ince. eines 398-400 
jump frequency ..... 399-400 


steady-state diffusion data 
Wa We ess & 05a zie ok Hel 392-394 

discrepancy between ob- 

served and predicted 


ROE he 393, 395 
plotted in terms of activ- 
ID. . v ckth.scene 892, 394 


Iron 
chromium system 


gamma loop study. See Gamma 
loop. 


Iron (cont.) 
embrittlement in hydrogen. 
Embrittlement. 
grain growth 
in high purity iron. 
growth. 
in titanium-iron alloys. See 
Titanium. 
titanium-chromium system 
gamma loop study. See Gamma 
loop. 
titanium system 
gamma loop study. 


See 


See Grain 


See Gamma 


loop. 
Iron-chromium 
phase diagram, partial ..... 550 
Iron-chromium alloys 
ferrite/ferrite plus sigma 
boundary ........553, 561-562 
Iron-chromium system 
phase boundaries ......... 487 
Iron-chromium-vanadium system 
phase boundaries ........ 489-490 
phase relationships in ...484-492 
SUING MOOR 5c cnicness <s 491-492 
crystal structure ........ 491 


variation of axial ratio with 
chromium or vanadium 
COMTOIE ca. cineca dened 491-492 
variation of lattice parameter 
with chromium or vana- 
dium content ....... 491-492 
Iron-manganese alloys 
solubility of carbon in ..... 
stig io oes 1222-1224, 1226, 1229 
as a function of temperature 
at constant manganese: 
wom satioe .. icf 8 1224 
at various temperatures 
srth.s uu 4 1223-1224 
Iron, molten 
solubility of carbon in. .1215-1220 


equation ...... 1220, 1228, 1231 
SCRE ia ceed. ix 1215-1217 
Iron oxide 
gassing effect in enameling 
gray iron ..... 319-321, 325-327 


Iron-silicon alloys 
solubility of carbon in ..... 
aetna 1220-1222, 1225-1229 
at various temperatures 
ka Ste Gane ays 1221-1222, 1225-1228 
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Iron-vanadium system 


phase boundaries ........ 487-488 
lattice parameter vs. com- 
SOGON sta 487-488 


Isothermal transformation 
in Cr (12%) steel ........ 146-153 
nickel-chromium-molybdenum 
SUGGR cc eke + + 6 heat 870-876 
velocities of transformation of 


various steels ....... 874-876 
influence of carbon ....874-875 
influence of chromium ... 875 
influence of nickel ..... 875-876 

Lattice constants 
ee Bata 6. nncceale eee 518 
Lead 


creep properties 
effect of recrystallization 


ce egabasttess deceaas 897-898 
Linear expansion 
high temperature alloys ... 
aprery Deg gayebays, 5 ey 1206-1209 
Low temperature tests 
alloy 61S 
yield point phenomena .. 
bicininvn > ania 651-654 
effect of prior strain .651-652 
Machinability 


Cr (21%) —Ni (9%) alloys.. 
Magnetic permeability 
chromium-nickel steels 
variation during heating and 
SOOM © hiscswds ies Kae 627-629 
of Cr (21%) -—Ni (9%), HF- 
type alloys ....62-63, 65-69, 71 
of Cr (26%) - Ni (12%), HH- 


75 


Se Mas eenne cn ads 62-63 
Magnetic properties 
cobalt-iron-vanadium alloys 
geke las i eN ey de bien 472-477 


Manganese 
effect on transition tempera- 
tures of pearlitic steels... 
ne ee 230, 232-233 
Manganese banding 
effect on mechanical proper- 
ties of steel plate... .845-852 
procedure for determiningy 
846-847 


Manganese-nickel steel 
dilation study ......... 1212-1213 


Mechanical properties 

of Cr (21%)-Ni (9%) cast 
alloys 

of Cr (26%) -—Ni (12%) cast 
PE it 5 as ctw miei 61-63 

of ductile cast iron. See Ductile 
cast iron. 

of steel 
effect of flowline direction- 

Se er set os oh cere 33-34 


Melting point 
of Cr (21%) -Ni (9%), HF- 
type alloys 

ET ccc cn aun a di 953 
zirconium 


Metal powder 
particle size analysis. 
Powder. 
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See 


Meyer constants 
for work-hardened 
nealed 70-30 brass 


and an- 
Akl 932-934 


Meyer hardness relation 
brass, 70-30 
effect of cold work on .932-933 
effect of grain size on. .932-933 


Microhardness 
of carbides in high speed steels. 
See High speed steel. 
Rockwell C — Vickers conver- 
sion chart 
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Microscopic examination 
of carbide reactions 
in high temperature alloys — 
modified Vitallium, 74J, 
S-816, N-155, and 422-19 


eo Wise 64 a higd & 0 60 121-127 

for particle size analysis of 
OTE. o cvs's sae ba 9 372-374 

Microstructure 

cobalt-iron-vanadium alloys 
PERN cs neie4 Rae Got ae ore 477-480 

of Cr (21%)-Ni (9%) cast 
NN he os 75-78, 84-85 

of ductile cast iron ........ 
ispheoas (een ae 283-284, 292-293 


end-quench test 
effect of specimen size .779-781 


rs 779-781 
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of high purity iron ........ 
oe ae 1130-1131, 1138-1141 
. indium-antimony alloys .542-544 
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Microstructure (cont.) 

of 16-25-6 alloy 

after prolonged creep tests 

102-106 
of surface layers of tin-plate 

OE ink «canis cme 1082-1087 
of titanium-chromium 

alloys 
of titanium-iron alloys ..985-986 
of titanium-silicon alloys .524-529 
of titanium-vanadium alloys 
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..147-150, 152, 155-156, 159-160 
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Modulus of elasticity 
Cr (21%) -Ni (9%) alloys. .72-73 
hate: a5s-<ess » ee 950, 952-953 
zirconium 952-953 


Molybdenum 
cladding for elevated temperature 
service. See Clad molybdenum. 
effect on accelerated oxidation 
at high temperatures: See 
Accelerated oxidation. 
linear expansion character- 
isttee wo. sseueew ee ae 1209-1212 
thermal expansion curve ...1211 


Nickel 
as cladding material for molyb- 
denum 
for elevated temperature 
service 
effect on transition temperatures 
of pearlitic steels ..230, 232-233 
influence in Cr-Ni cast alloys 
59-60 
recrystallization and grain growth 
determination of grain size 
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isothermal grain growth 
diffusion constant for.. 1197 
effect of deformation on 
1192-1193 
effect of specimen thick- 
MEGS. Gm *45 Cie ws 11938-1194 
heat of activation for.. 
1194-1197 
isothermal anneal .1187-1188 
recrystallization of ; 
activation energy for.1191-1193 
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Nickel (cont.) 
recrystallization of 
effect of deformation on. 


o ie We ae Peheaae 1190-1191 
hardness vs. time and 

temperature ...... 1188-1190 
isothermal anneal ....... 1187 


Nickel-chromium-molybdenum steel 
isothermal transformation of 


ROtOTOO. HA va vo deen cas 870-876 
microstructures ........... 873 
7 Re os th ainkes 872-874 


Nickel-chromium steels 
sigma formation at 1200°F 601-618 


composition limits ....601-618 
effect on properties ..... 610 
effect of steelmaking ele- 
MORE 6 dé sed HRA Ke 608 
in the 18:8 region..... 605-607 
phases present ........ 607 
phase diagram .......... 605 
previous work ........ 602-603 
procedure for determining 
x viens ole aie eatin 603-604 
sigma-forming tendencies at 
1200 °F 
effect of manganese 
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effect of molybdenum 
SIE 0 wee ccs cone 614-617 
effect of silicon additions 
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Nitrogen 
effect on transition temperatures 
of pearlitic steels........ 233 
influence in Cr-Ni cast alloys 
» bE Seka A oe es oo 6 Om 8 59-60 
scaling of titanium in ..1019-1021 
Normalizing 
of 12% Cr steel...... 153-157, 165 


Notch properties 
obtained in slow-bend test 
effect of retained austenite on. 
See Austenite. 


Notch toughness 
of tempered SAE 2340 steel 
effect of decomposition of re- 
tained austenite on. See 
Austenite. 


Oxidation 
acceleration at high temperatures. 
See Accelerated oxidation. 
of titanium in air. See Scaling. 
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Oxidation resistance 
of Cr (21%)-Ni (9%) cast 


Se es VET a 71-72 
Oxygen 
gassing effect in enameling 
Seay NUE oes sé cane bed 319-322 


scaling of titanium in. .1019-1021 


Palo-Travis analyzer 
for particle size analysis of 
PE okt caceehew kas 369, 374 
Particle size analysis 
of metal and inorganic powder. 
See Powder. 
Phase boundaries 
chromium-vanadium system 489 


iron-chromium system .... 487 
iron-chromium-vanadium 
CRORE 2 6 siinnccn ie mn’ aha 489-490 
iron-vanadium system ..... 487 
lattice parameter versus 
composition ........ 487-488 
titanium-chromium system 
cnt nak e-y.o ok Diba bie a aie 495-506 
Phase diagrams 
chromium-nickel .......... 639 
cobalt-chromium .......... 437 
cobalt-iron-vanadium 467-469 
indium-antimony ......... 541 


titanium-chromium system. 
498, 977, 979 
titanium-iron system ..... 984 
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Phase transformations 
electrical resistance appara- 
tus for studying. ..1158-1162 
accuracy of method ..... 1163 
transformations in precipita- 
tion hardening stainless 
CNERS ss ceneae ss 1163-1167 
changes in resistance during 
heating and cooling . 1164 
effect of rate of cooling 


OR idle ction 1165-1166 
effect of solution tem- 

perature on ..... 1164-1166 
reason for changes in 

resistance ...... 1165-1167 


typical procedure ...1162-1163 


Phosphorus 
effect on transition temperatures 
of pearlitic steels ..... 23T-233 
Photelometer 
for particle size analysis of 
Rae s. . ka a cs 368, 370-374 


Physical properties 
of Cr (21%)-Ni (9%) cast 
SO 5 6a CO ARGki ws sdk 71-75 


Pickle lag 
of tin-plate steels 
cause of..1079, 1082, 1088-1089 
definition of ........ 1076-1077 
effect of annealing ...... 
1078, 1087-1088 
evaluating degree of 
depth of pickle lag layer 


Sta teuned 1079-1080, 1088 
weight loss method ... 1079 
factor controlling final 
pickle rate ........ 1078-1079 
for evaluating ccrrosion 
resistance ........ 1076-1077 
hydrogen evolution test 
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microscopic study 
after different pickling 
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of steels with no pickle 
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of types of acid attack 
Saket oie = 6s 1082-1083 
potential method of 
measuring .1080-1082, 1094 
advantages ....... 1081-1082 
disadvantage ..... 1082, 1091 
typical results ........ 
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weight loss in acid test.. 1077 
composition of dissolved 
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typical results ........ 
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Pickling rate test 
for tin-plate steels. See 
Pickle lag. 


Plain carbon steel 
See Carbon steel. 


Plastic deformation 
as explained by dislocation 
theory 


Plastic strain 
initiation in plain carbon steels 

determined by intermittent 
method of stressing. 1151 

advantages of method. 
1153-1154 
effect of prestrain .... 1154 
effect of structure .1153-1156 
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Plastic strain (cont.) 
initiation in plain carbon steels 
determined by stressing 
elastic limit and yield 
strength values. .1151-1156 
results compared with con- 
tinuous loading ..1151-1152 
in tapered AISI 2340 tensile 
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as a function of distance 
from fracture ....... 751 
effect of tempering tem- 
eer erry 751 


Point counting 
for measurement of phases in 
high temperature alloys .124-127 
Powder 
sub-sieve particle size analysis 
dispersion of powder in liquid 
by spatulation technique 


ee 369-370, 374-375 
factors affecting ....375-377 
liquid medium ........ 370 


most accurate methods .368, 374 
cause of discrepancies .371-374 
comparison of results .3872-374 

standardized procedure for 
tungsten powder ...... 374 

with Andreasen pipette 
a sedimentation method 369 
COCGERE ... cute che ake 372-374 
with microscope 
correlation with other 
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a sedimentation method 369 
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Pressure welding apparatus .. 439 
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of plain carbon steels 
effect on elastic limit and 
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Prestressing 
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Quenching characteristics 
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assumptions made for a 
mathematical solution 
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coGiagy sates. .ees ee. 766-768 
comparison of actual and 
computed rates ...767-768 
determination of film 
coefficients ......... 764-766 
film coefficients ......... 
biseiAese 764-766, 771-773 
as a function of tempera- 
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oath... .. <n. i 2a 765-766 
effect of bath tempera- 
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equation ....... 765, 771-772 


factors influencing .... 764 
procedure for determining 
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effect of agitation of 
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perature on ....... 762-764 
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Rate sensitivity ........... 645-646 
alloy 61S-T 
effect of testing tempera- 
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Gomi 8s. ibaa ei. 646 
Recrystallization 
of nickel. See Nickel. 
Refrigeration 


effect on retained austenite 
and mechanical properties 
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Retained austenite. See Austenite. 
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Rheotropic brittleness (cont.) 
of SAE 1340 steel 
effect of testing tempera- 
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Roller analyzer 
for particle size analysis of 
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Rupture strength 
of 16-25-6 alloy. See also Chro- 
mium-nickel-molybdenum 
steel. 
effect of time of test....89-112 
Rupture time 
as a function of stress...909-912 
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